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Stellingen

Het onderzoek aan metastabiele, kristallijne, metalen verdient, zowel vanuit het
oogpunt van de ontwikkeling van materialen met voor de praktijk betekenis
hebbende bijzondere eigenschappen als vanuit het hergebruik van schroot,
tenminste evenveel aandacht als het onderzoek aan amorfe metalen.

:

R.W. Cahn, Int. J. of Rap. Sol. 1(1984)81-84.

Dit proefschrift

De door snel uit de smelt afschrikken verkregen mikrokristalliniteit van
aluminiumlegeringen is ter verkrijging van gunstige mechanische eigenschappen in
de praktijk belangrijker dan de eveneens optredende oplosbaarheden van
toegevoegde elementen groter dan de evenwichtswaarden.

Dit proefschrift.

De eenvoudig te bepalen mechanische eigenschap "hardheid" wordt thans te vaak als
karakteristiek voor het materiaalgedrag gepresenteerd.

In de door Brown en Pratt uitgevoerde berekening van de op de regulaire benadering
gebaseerde interactieparameter voor het systeem AIMg blijkt de gasconstante niet te
zijn verdisconteerd;daardoor {s de door hen gevonden waarde ongeveer een factor 2 te
klein.

J.A. Brown and J.N. Pratt, Met. Trans. 1(1970)2743-2750.

Op basis van de door Donoso gehanteerde theorie is door het aanpassen, aan de
gemeten waarden, van het aangenomen verband tussen de opgeloste fraktie
precipitaatdeeltjes in de matrix en de gloeitijd slechts de verhouding van de pré-
exponentiéle reactiesnelheidsconstante en het kwadraat van de deeltjesgrootte te
bepalen en niet ieder van deze factoren afzonderlijk, zoals door deze onderzoeker ten
onrechte is aangenomen.

E. Donoso, Mat. Sci. and Eng. 74(1985)39-46.

In de verschillende rapporten aan de club van Rome, waarin een beschrijving wordt
gegeven van de huidige en toekomstige mondiale milieuproblematiek, en tevens
wordt gepoogd een aantal oplossingen te formuleren, wordt voorbijgegaan aan het
feit dat de beschreven problematiek primair een religieuze achtergrond heeft; het
formuleren van oplossingen op uitsluitend rationele basis is derhalve onmogelijk.

D. Meadows, D. Meadows, J. Randers en W. Behrens, "De grenzen aan de groei”, Het
Spectrum, Utrecht/Antwerpen, 1973.

M. Mesarovic en E. Pestel, "De mensheid op een kruispunt”, Agon Elsevier,
Amsterdam/Brussel, 1974.

E. Pestel, "Voorbij de grenzen aan de groei”, Meulenholf Informatief, Amsterdam,
1988.
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De kwaliteitseisen die worden gesteld aan hen die in het openbaar bestuur betrokken
zijn bij de voorbereiding van het beleid , in casu de ambtenaren, dienen ook van
toepassing te zijn op degenen belast met de controle daarvan; ontkoppeling van
deskundigheid en verantwoordelijkheid kan leiden tot democratisch
oncontroleerbare machtsuitoefening.

R. Crince le Roy, "De Vierde Macht”, derde druk, VUGA, s-Gravenhage, 1976.

A.D. Belinfante en J.L. de Reede, Beginselen van Nederlands Staatsrecht, Samsom,
Alphen aan den Rijn, 1983.

In de wetgeving regelende de samenstelling en werkwijze van de gemeentelijke
vestigingscommissie huisartsen is onvoldoende onderkend dat het een relatief
machtige beroepsgroep betreft. Via participatie in zowel de selektiecommissie van
bovengenoemde commissie als die van de plaatselijke huisartsenvereniging, alsmede
via het hanteren van stringente privaatrechtelijke gedragsregels door de
beroepsgroep, kan laatstgenoemde een onevenredig grote invloed op het lokale
benoemingsbeleid uitoefenen.

In het door de Raad voor het Jeugdbeleid aan de regering uitgebrachte advies
“Ouderschap zonder onderscheid” wordt ten onrechte geimpliceerd dat de overheid als
neutraal, objektief normstellend orgaan kan optreden.

Raad voor het Jeugdbeleid, "Ouderschap zonder onderscheid”,een beleidsadvies over
de belangen van kinderen bij verantwoord ouderschap en kunstmatige
voortplanting, Ministerie van Welzijn, Volksgezondheid en Cultuur, Rijswijk,
september 1988.

Bij het onderzoek naar het hechtingsgedrag van kinderen beneden de twee jaar, dit in
relatie tot kinderopvang, wordt dit hechtingsgedrag ten onrechte als een geisoleerde
onderzoeksparameter gehanteerd.

M. van Rooyen
Delft, 3 november 1988



“Hij heeft ieder ding schoon gemaakt op zijn tijd; ook heeft Hij de
eeuw in hun hart gelegd, zonder dat een mens het werk, dat God
gemaakt heeft, kan uitvinden, van het begin tot het einde toe."

Prediker 3 :11

Ter nagedachtenis van mijn vader

Aan mijn moeder
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Introduction

The first results on rapid solidification of metals (quenching of the melt)
were published in the early sixties [1,2]. This initiated a large number of
studies devoted to this alternative route of formation of a solid from the liquid
state.

Apart from the obvious interest in the theoretical background of liquid-
quenching a great effort involved the development of a manifold of rapid
solidification techniques (dependent on the method utilized, at present
cooling rates in the range of 103-10° K/s can be achieved [3]). The latter
experimental developments were largely due to the potential importance of
rapid solidification for practice: liquid-quenching in principle allows the
production of new metallic materials possessing special properties (based on
either a crystalline or an amorphous structure) and which may not be
produced in a conventional way.

This thesis is concerned with metastable, crystalline, liquid-quenched (by
melt-spinning) AIMg and AlSi alloys before and after consolidation by hot
extrusion.

Within the entire field of research on rapidly solidified materials a relatively
small amount of work deals with crystalline alloys. For instance, in a review on
the fifth international conference on rapidly quenched metals (Wirzburg, FRG,
September 3-7, 1984) Cahn observed that more of 80 % of the papers were
devoted to amorphous materials [4]. Further, it was noted: "Unless some way is
found of effectively forcing the pfactical aspects......ooeeuees eventuallly rapid
quenching research will die away and its bright promise will be denied". In
particular, an investigation into possible applications of rapidly solidified
crystalline alloys is desired{4].

For obtaining a high cooling rate at least one of the dimensions of the liquid-
quenched product is necessarily very small and therefore it has an
unfavourable geometry from a technical point of view; in general the as-liquid-
guenched materials can not be directly put in practice. Hence, the
applicability of liquid-quenched alloys is strongly dependent on the con-
solidation after rapid solidification.

The importance of aluminium alloys can be demonstrated by considering
the world production: 15.5 million tonnes in 1986; compare this with 9.85
million tonnes for copper, 5.47 million tonnes for lead and 6.65 million
tonnes for zinc; see Reference 5. Favourable properties of aluminium alloys are
their relatively high specific strength and their relatively high corrosion
resistance.

A disadvantage of the use of aluminium is the very large amount of energy
required for its production. In the last decades there has been a growing
interest in the recycling of aluminium alloys since remelting of scrap

1



consumes only 5 % of the energy needed to produce the same weight of
primary aluminium from the ore bauxite[5]. On the other hand, remelting of
aluminium alloys in general leads to inferior products, unless a costly refining
has been performed. This restricts the usefulness of scrap material as source
material to foundry castings, which may contain a limited amount of this
secondary aluminium. Hence, apart from allowing the production of new
aluminium alloys with special properties, rapid solidification processing could
also make possible a wider use of scrap material, because by liquid quenching
undesirable, e.g coarse, microstructures can be suppressed.

As compared with conventionally cast alloys, crystalline alloys produced by
rapid quenching from the melt can show [ 6,7 |:

- a decreased grain size, enhancing both strength and ductility [8,9];

a higher concentration of lattice imperfections (including quenched-in
excess vacancies);

an increased chemical homogeneity;

an alloying-element solid solubility larger than that according to the
equilibrium phase diagram.

Because of these consequences of rapid solidification it is anticipated that
also the precipitation behaviour of liquid-quenched (LQ: rapidly solidified)
alloys is different from that of solid-quenched (SQ; quenched after solution
heat treatment) alloys as the precipitation sequence and the’ precipitation
kinetics are influenced by, among other factors, amount and type of lattice
defects and the supersaturation. With a view to practical applications this is of
utmost importance, because tuning of the properties of (conventionally cast)
aluminium alloys is achieved by applying, appropriate, carefully determined
(and frequently standardized) heat treatments, performed after alloy
production.

AlSi and AlMg alloys may be considered as model systems, showing
extremes of precipitation behaviour. In the case of AlSi alloys a direct
precipitation of silicon from the supersaturated solution takes place, whereas
decomposition in AlMg alloys proceeds via preprecipitates (Guinier-Preston
zones) and intermediate precipitates. The maximal equilibrium solid solubility
of Si in the Al lattice equals 1.58 at.% Si at 850 K[10], whereas in the case of
Mg 18.9 at.% Mg can be dissolved at 723 K{11].

Within the scope of this thesis the effects of rapid solidification upon the
morphology and microstructure of AlSi and AlMg alloys have been examined by
light microscopy, X-ray diffraction and transmission electron microscopy .



Differential scanning calorimetry has been employed as the principal
technique for the analysis of the heat effects and kinetics of precipitation in
LQ alloys of both systems. For comparison also SQ alloys with corresponding
compositions have been investigated (see Chapter 1).

Many consolidation processes can be utilized in principle for the
compaction of powder materials[12]. A widely used consolidation process is
extrusion . Extrusion is usually performed at elevated temperature (hot
extrusion), because at room temperature impracticably large extrusion forces
are required for obtaining sufficiently intimate metallic contact between the
(rapidly solidified) particles.

It is often claimed that liquid-quenched aluminium alloys must be subjected
to a degassing treatment before hot extrusion (or any other processing of
liquid-quenched material involving elevated temperatures) can be performed.
The reasoning is as follows. In the atmosphere aluminium and aluminium
alloys are normally covered with an oxide layer {13]. Most oxides are
hygroscopic, which implies the bonding of H,O-molecules from the
atmosphere to the surface of the material. In the case of rapidly solidified
products the surface area/volume ratio can be very high, and, hence, a very
large amount of H,O-molecules can be adsorbed. These HyO-molecules are
enclosed in the product obtained by a consolidation immediately subsequent to
liquid-quenching. A following heat treatment (to establish a desired
microstructure) then induces the formation of Hy within the material
according to the overall reaction:

24l + 3Hy0 —  AlOg + 3H, T

Blisters can be generated in the consolidate and eventually delamination of the
material takes place.

A degassing procedure prior to consolidation could remove the adsorbed
H,O-molecules. The degassing temperature and time are mainly dependent on
the adhesive force between the layer of HyO-molecules and the oxide layer. In
this thesis it is shown that a separate degassing procedure is not always
necessary, in particular for AlSi alloys, and in fact, can be disadvantageous as
material properties can deteriorate by degassing, e.g. by coarsening of the
microstructure (see Chapter 2).

Before the degassing procedure is carried out the as-liquid-quenched
products (flakes, ribbons or frozen droplets) are often precompacted.
Precompaction is employed to obtain a specimen manageable for
consolidation. In order to maintain a sufficient gas permeability (for degassing)
of the precompact the density to be attained usually equals not more than 85
% of the theoretical density [14-17].



Obviously, annealing after liquid-quenching can have detrimental effects on
the microstructure and associated mechanical properties; at elevated
temperature recovery, precipitation and coarsening of the matrix grains and
second-phase particles can occur.Therefore, the selected combination of
liquid-quenching and consolidation methods and of subsequent heat treatment
will mostly involve a compromise.

Microstructural steering to prevent as well as possible loss of the gain in
(mechanical) properties, achieved by liquid-quenching alone, is desired. In
this respect,in the present research project the effect of addition of Sr to AlSi
alloys is investigated. It will be shown that in this way an extremely fine
microstructure can be obtained with an associated limited coarsening during
hot extrusion. As compared to conventionally cast alloys, the ultimate tensile
strength and the ductility can be improved with 85 % and 300 % respectively.
The present research thereby indicates that development of dedicated alloys
opens the Rapid Solidification Processing route for (crystalline) aluminium
alloys (see Chapter 3).
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RELATION BETWEEN SOLIDIFICATION MORPHOLOGY AND TEXTURE OF MELT-SPUN A1 AND A1-ALLOYS

M. van Rooyen, N.M. van der Pers, L. Katgerman*, Th.H. de Keijser and E.J. Mittemeijer.

Laboratory of Metallurgy, Delft Univ. of Techn., Rotterdamseweg 137,2628 AL Delft,The Netherlands.

Al, AlMg- and Al1Si-alloys were liquid quenched by melt-spinning. The microstructural morphology in
cross-sections of the ribbons, as revealed by light-microscopical analysis, was related to the
preferred orientations as detected by X-ray diffraction analysis. The present results, in
combination with previous data, lead to a model description of the solidification process of melt-

spun ribbons.

1. INTRODUCTION

By rapid quenching from the melt retastablie:
crystalline alloys can be obtained with in-
creased supersaturation and/or a very fine
microstructure’. Rapid quenching is freguently
achieved by the melt-spinning technique, vield-
ino cooling rates of about 107 X/s. The hetero-
geneous microstructure of melt-spun ribbons is
still only fragmentarily known2'4. This paper
reports on the relation between preferred orien-
tations and solidification morphology-of meit-
spun pure Al, AlMg~ and AlSi-alloys applying X-

ray diffraction and light-microscopical analyses.

2. EXPERIMENTAL

A1, AIMg (3.2, 5.6, 11.2 and 16.5 at% Mg)-
and A1S1 (1.0, 2.3, 4,4, 7.2, 11.4 and 20.2 at%
Si)-ribbons (thickness of 25-50 um and a width
of about 2 mm)were prepared from 99.998 wt% Al,
99.38 wt% Mg and 99.99 wt% Si by impinging a
Jet of molten alloy onto the cylindrical surface
of & rotating copper wheel (circumferential ve-
Tocity: 23.1 - 46.2 m/s). Melt-spinning was per-
formed in air and the temperature of the melt
before ejection was chosen 100 - 150 K above the
equilibrium liguids temperature. Light micro~
scopical analysis (phase and interference con-
trast, conical illumination) was performed on
longitudinal sections of the ribbons using a

Neophot-2 microscope (Carl Zeiss, Jena). Pole
figures were determined according to the Schulz
reflection technique using a Siemens Liicke-type
texture goniometer. The intensities were correc-
ted for background and defocusing. Specimens
were composed of pieces of ribbon with paraliel
spinning directions and exposing either all
wheel or all upper sides to the X-rays.

3. RESULTS

According to X-ray diffraction analysis the
AiMg-alloys are single-phase, whereas in the
A1Si-alloys both a Si-rich and an Al-rich phase
are present [cf. Ref. 2]. Melt-spinning resulted
in a very fine microstructure. The grain size
decreases with increasing alloy content; the
smallest grains occur in the AlSi-alloys. Ac-
cording to the dendrite-arm spacing measurements
{cf. Ref. 5) the cooling rate of the central
region of the cross-section (where dendrites
could be observed) was about 106 K/s.

The pole figures indicate that all textures
are symmetrical with respect to a plane through
the ribbon axis and perpendicular to the ribbon
surface. The wheel-side pole figure is different
from that of the upper side. Pole-figure inter-
pretation shows that some textures are such that
simple crystallographic directions are somewhat
tilted with respect to the spinning direction.

*Now with ALCAN Internatignal Ltd. Banbury Laboratories, Banbury, Oxon, England OX 167 SP
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There is a strong tendency for absence of such
a tilt for the wheel-side material. The volume
fraction of randomiy oriented crystallites in-
creases with increasing alloy content and sub-
strate velocity (in particular for the A1Si-

alloys). Randomly oriented crystallites are es-
pecially evident in the toplayer of the ribbons.

3.1, Aluminium

As illustrated by Fig. 2 very small crystal-
lites are present at the wheel side with grain
boundaries approximately perpendicular to the
wheel surface. The major part of the cross-sec-
tion shows columnar grains inclined forward
with respect to the spinning direction.

The preferred orientation of wheel-side crys-~
tallites is different from that of upper-side
crystallites (Fig. 2): {110}<110> vs {100}<110>
with « = 7° (for definition of planes and
directions see Fig. 1).

upper side . .
normal to ribbon surface

normal
to {hk1} ol

<uvw>

spinning direction

wheel side

FIGURE 1. Texture {hkl}<uww>; offset o (a not
specified means o = 0; denotes

fibre texture).

3.2. Aluminium-Magnesium

For Mg-contents > 11.2 at% three zones are
present (Fig. 3): At the wheel side small grains
occur with grain boundaries approximately per-
pendicular to the wheel surface. The central
zone, comprising a major part of the cross-sec-
tion, consists of columnar grains inclined for-
ward with respect to the spinning direction; at
the ends of the columns the.grain boundaries
tend to be perpendicular to the ribbon surfaces
(S-shaped boundaries, cf. Fig. 3). At the upper
side a zone of small equiaxed crystallites oc-

curs; this zone increases in thickness with in-
creasing Mg-content. For small Mg-contents

(< 3.2 at% Mg) no equiaxed crystallites were
observed.

Texture analysis (Fig. 3) showed that at the
wheel side {111}-planes tend to be aligned par-
allel to the surface. In particular for small
Mg-contents a tendency to fibre texture is ap-
parent. At the upper side the presence of ran-
domly oriented crystallites is evident. For
increasing Mg-content interpretation of the
pole figures became increasingly difficult.

3.3. Aluminium-Silicon

For large Si-contents the microstructure is
such fine that a morphological description in
terms of distinct zones, as with the AlMg-~al-
loys, is difficult to give. The micrograph of
an A1Si (7.2 at% Si)-alloy (Fig. 4) enables the
observation of a featureless zone at the wheel
side, a central zone contai. ‘ng fine dendrites/
columns inclined forward with respect to the
spinning direction and a top layer of very
small, possibly equiaxed, grains. The latter
layer increases in thickness with increasing
Si-content. For small Si-contents second-phase
Si-rich particles along dendrite boundaries can
be discerned (cf. Fig. la in Ref, 4).

Texture analysis of the Al-rich phase (Fig.
4) shows that at the wheel side {110}~ and
{100}-planes tend to be aligned parallel to the
surface. The top layer consists of randomly
oriented crystallites; most pronounced at large
Si-contents. For increasing Si-content the in-
terpretation of the pole figures became increa-
singly difficult.

According to the pole figures of the Si-rich
phase, both for wheel and upper side, the Si-
rich phase is randomly oriented.



Solidification morphology and texture of melt-spun Al and Al-alloys

Upper side Al {111}
upper side pole wheel side x
figures
{100} 70
<110>
{110}
<100>
Whee s1d”em ————spinning direction———»
FIGURE 2. Optical micrograph , pole figures (highest intensity black) and schematic texture of
melt-spun pure Al ribbons.
Upper side 11.2 at% Ma
[ 5.6 at% Mg 11.2 at% Mg 16.5 at% Mg
Random Random Random
{110} 4 30
{111} a0 <110> ?
{111} {111}
<110>

-

Wheel side

FIGURE 3. Optical micrograph of AlMg (11.2 at% Mg) and schematic texture of melt-spun

ATMg-ribbons as a function of Mg-content.

Upper side 7.2 at% Si

2.4 at% Si

{100}
~15°

{100} {110}

<110> <100>

{1

{100}

7.2 at% Si
Random
00} 2%

{100}

2159
<100>
<110>

> 11.4 at% Si

Random

Wheel side

FIGURE 4. Optical micrograph of AISi (7.2 at% Si) and schematic texture of melt-spun

A1Si-ribbons as a function of Si-content.
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4, DISCUSSION

It can be shown from calculations based on
thermodynamics and solidification kinetics that
A1Si, as compared with AlMg, is a relatively
difficult alloy system to achieve complete
solid solubility by Tiquid quenching®. This
agrees with the observation of single-phase
AIMg- and two-phase A1Si-alloys in this inves-
tigation.

Obviously, the highest cooling and solidifi-
cation rates occur at the wheel side {chill
zone). This leads to very small crystallites in
this region (showing a sometimes even "feature-
less" light-microscopical appearance), and the
largest amount of dissolved alloying element
(for the AlSi-alloys cf. Ref. 2, 4). Also, the
structural imperfection as determined by X-ray
diffraction line-broadening analysis is largest
in the chill zonea. Further, the nearby pre-
sence of the heat sink induces a local thermal
gradient perpendicular to the wheel surface and
this serves to explain an initial development
of grain boundaries perpendicular to the wheel
surface.

The wheel-side texture in general is not a
fibre texture, as one may intuitively expect,
but it is symmetrical with respect to the longi-
tudinal section of the ribbon. This could hint
at the presence of mechanical stresses during
solidification.

The uni-directional heat flow condition in
the puddle leads to columnar grains. It was
shown (7, 8) that the thermal gradient in the
puddle has an inclination in the reverse direc-
tion, whereas the gradient of maximal constitu-
tional undercooling has a forward inclination.
This could explain the occurrence of columns
inclined forward with ;espect to the spinning
direction.

The presence of equiaxed crystallites in the
top layer is ascribed to a relatively slow
heat transfer, This leads to nucleation in the
1iquid {constitutional undercooling). In combi-
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nation with convection in the Viquid, equiaxed
grains develop, which are randomly oriented.

The above ideas for the solidification his-
tory of melt-spun ribbon, showing the three-
zone morphology, imply that segregation of
alloying element occur in particular in the
central region, as was demonstrated recentlyd.

The increased fineness of microstructure,
the increase of the amount of randomly oriented
crystallites and the decrease of distinctness
of preferred orientation with increasing alloy-
ino element content can be due to the hindrance
of preferred growth by micro-segregation (AlMg)
and/or second-phase particles (A1Si), both at
grain boundaries.
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PRECIPITATION OF GUINIER-PRESTON ZONES IN ALUMINIUM-
MAGNESIUM; A CALORIMETRIC ANALYSIS OF LIQUID-QUENCHED AND
SOLID-QUENCHED ALLOYS

M. van Rooyen, J. A. Sinte Maartensdijk* and E.J. Mittemeijer

Laboratory of Metallurgy, Delft University of Technology, Rotterdamseweg
137, 2628 AL Delft, The Netherlands.
* Now with Kemira B.V., Moezelweg 151, 3198 LS Rozenburg,
The Netherlands

A calorimetric analysis of precipitation in liquid-quenched (LQ; rapidly
solidified) and solid-quenched (SQ; quenched after solution heat
treatment) AIMg alloys was made. Nonisothermal annealing {(constant
heating rate) experiments (differential scanning calorimetry) were
performed using specimens of various compositions (12-17 at% Mg) aged
at fixed temperatures (293-353 K) during variable times (up to 3 years).
Constraints to be imposed on the heating rates to be applied were dis-
cussed. Attention was paid in particular to the formation on ageing and
dissolution on subsequent annealing of Guinier-Preston (GP) zones.
Quantitative analysis of the heat of dissolution of GP-zones led to estimates
for the GP-zone solvus and the enthalpy of formation of GP-zones. The
kinetics of formation and dissolution of GP-zones can be interpreted in
terms of nucleation and excess-vacancy enhanced diffusion of magnesium.
Rates of formation and dissolution of GP-zones are higher for SQ-alloys
than for LQ-alloys, which is caused by a higher amount of excess vacancies
retained after drastic SQ as compared to LQ by melt spinning where
cooling in the last part of the quench can be relatively slow. The activation
energy of GP-zone dissolution is generally smaller than that of GP-zone
formation, which is interpreted in terms of a precipitation model where
vacancy voids/loops, formed during quenching and/or in the beginning of
ageing, become unstable at temperatures where the GP-zones dissolve. As
compared to the precipitation of GP-zones, the precipitation of f'/f
particles showed an “opposite" kinetic behaviour: it starts earlier in the
LQ-alloys than in the S$Q-alloys, which is ascribed to heterogeneous
nucleation at structural heterogeneities (as grain boundaries) present with
a higher density in the LQ-alloys.
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1. Introduction

Ageing of an aluminium-rich matrix
{face centred cubic) supersaturated with
dissolved magnesium, can ultimately lead to
the precipitation of p (Al;Mg,: face centred
cubic) particles (see phase diagram'').
However, a number of metastable phases,
which can occur before the emergence of the
equilibrium phase (), have been reported.

There is general agreement concerning
the occurrence of an intermediate §' (Al;Mg,:
hexagonal) phase immediately preceding the
B phase. But no consensus exists with respect
to possible preprecipitates. Guinier-Preston
(GP) zone formation can occur during ageing
at relatively low (e.g. room) temperature of
AlMg alloys homogenized at elevated
temperature and subsequently quenched
(denoted as solid-quenched (SQ) alloys).
Some authors report that at least about 10
at% Mg should be dissolved for GP-zone
formation to occur at room temperature>¥,
whereas others claim that this critical
amount equals about 5 at% Mg “" Enhanced
ageing may lead to a more stable
intermediate phase (as derived from a shift
to a higher temperature of the endothermal
DSC (Differential Scanning Calorimetry)
peak ascribed to the GP-zone dissolution on
non-isothermally heating (constant heating
rate) an aged alloy). This phase has been
interpreted as an ordered "GP-zone" (denoted
as §"'" or §") possibly with a L1,-type
superstructure (Al;Mg) *7.

Only a few data exist about the ageing of
aluminium alloys prepared by rapid
solidification from the liquid state (denoted
as liquid-quenched (LQ) alloys). As compared
to SQ-alloys, in general one may expect that
the initially high cooling/ solidification rate
for LQ-alloys has large effects on the ageing
kinetics. This has been demonstrated by
recent experiments with AlSi-alloys and was

122

ascribed to a relatively high amount of
excess vacancies and a very fine grain
structure'®. However, in some cases
relatively low values have been reported for
the excess-vacancy concentration after
liquid-quenching'
presented in this paper).

The purpose of this paper is to.
investigate by calorimetric analysis heat
effects and kinetics of the formation and
dissolution of preprecipitates in both LQ and
S@Q AlMg-alloys. Important stimuli for this
work are the following: (i) the totally dif-
ferent precipitation behaviour expected for
LQ AlMg-alloys as compared to the
previously investigated LQ AlSi-alloys™ (no
preprecipitates or intermediate phases have
been reported for AlSi); (i) the role of the
type of quenching performed; in the only
previous work known to us on precipitation
in LQ AlMg alloys it was claimed that no GP-
zone formation occurs!',

(see also results

2. Experimental procedure
2.1. Preparation and ageing of alloys

Liquid-quenched (LQ) AlMg-alloys
containing 12.1, 12.8, 15.9, 16.1 and 17.2 at%
Mg were prepared by melt-spinning (for
details see Reference 12). Solid-quenched
(SQ) material was obtained by annealing
melt-spun ribbons in a hydrogen atmosphere
(flow rate 40.7 cm/min) during 5 minutes at
723 K succeeded by quenching in ice water.

X-ray diffraction analysis (Debije-
Scherrer photographs) demonstrated that all
magnesium was in solid solution
immediately after liquid or solid quenching;
a second phase could not be detected.

Ageing experiments were performed at
room temperature and at temperatures up to
353 K in a thermostatically controlled oil
bath (Tamson, type TC (V), temperature
control within 1 K).



2.2. Calortmetry

After  ageing the ribbons were cleaned
with trichloroethylene and ethylalcohol.
Thereafter they were chopped into small
pieces. The calorimetric measurements were
performed with a differential scanning
calorimeter (Perkin-Elmer, DSC-2). Both the
sample and the reference holder were made
of graphite. A protective gas atmosphere of
pure argon was employed.

For determination of the enthalpy
changes in all the cases a heating rate of 20
K/min was used (temperature range from 310

-until 723 K (= eutectic temperature of AIMg)).

For determination of the activation
energy of the dissolution of the GP-zones the
so-called Kissinger analysis was applied,
using heating rates of 5, 10, 20 and 40 K/min
{for a justification of the applicability of the
Kissinger analysis to heterogeneous
reactions in the solid state , see Reference
27).

Per sample two DSC-runs were
successively performed; the second run was
carried out in order to obtain the baseline.

3. Constraints for the heating rate

Consider the schematic phase diagram
presented in Figure 1l{a). On ageing at
temperature Tg,,, an aluminium matrix
initially supersaturated with magnesium
(composition x,), GP-zones develop. After a
certain time of ageing, t, the composition of
the matrix has decreased and become x;. By
performing subsequently {nonisothermal)
annealing experiments in a calorimeter
(Differential Scanning Calorimetry) both the
enthalpy change associated with and the
kinetics. of the dissolution of the GP-zones
formed by ageing at Ty, can be analysed
from the corresponding endothermic effect.
Only for a limited range of heating rates
reliable data can be obtained. During the
anneal, with constant heating rate, a path in
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Fig. 1.
(a). Schematic presentation of the path fol-
lowed by the AlMg-matrix composition in
the AlMg phase diagram (Al-rich side) on
heating from Tgp, to Tgy;en @5 @ function of
heating rate ®. It holds: ®4 > ®o > &3 > Py,
where the subscript corresponds with the
path followed.x, , x, and x_ denote the Al-
matrix composition after ageing times o, t
and « at the start temperature.
(b). Schematic presentation of the corres-
ponding DSC-scans.

E—: rate of heat generation).

the phase diagram for the composition of the
matrix can be indicated: the heating rate
increases for the paths indicated in Figure
1(a) in the order 4-3-2-1.

3.1. Analysis of enthalpy change

If the decomposition process of the
matrix on ageing at Ty, has not been
completed, a (small) exothermic effect can
occur in a subsequent anneal with a
relatively low heating rate, as a consequence
of continued GP-zone formation, before the
large endothermic effect corresponding to
GP-zone dissolution occurs {see path 4 and
corresponding DSC-curve in Figures 1(a) and
(b). Hence, for the analysis of the enthalpy
change of GP-zone dissolution, the heating
rate should be at least as large as that cor-
responding to path 3 in Figure 1(a): vertical
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path for T < Tgplx,), thus avoiding GP-zone
formation on annealing. This minimal
heating rate is the smaller, the smaller x,
(because the driving force for GP-zone
formation decreases on continued ageing).

For heating rates larger than or equal to
the minimal one, the start temperature of the
endothermic peak is equal to or larger than
Tgplxy. The minimal heating rate required
for a vertical path in the phase diagram
below the GP solvus {x = x;; T < Tgplx,)) may be
that large that for T > Tgp(x,) the path
followed does not necessarily coincide with
the GP-solvus, but it could be located above it.
Hence, the end temperature of the endother-
mic peak for the minimal heating rate can be
equal to or larger than Tgplx,).

For heating rates smaller than or equal
to that corresponding to path 3, such that the
GP-solvus is followed at least for the late
stages of GP-zone dissolution, the end
temperature in the DSC-curve for the GP-
zone dissolution peak equals the GP-solvus
temperature corresponding to the gross
content x, (Tgplx,); Figures 1(a) and (b)).

3.2. Analysts of the activation energy

In order to analyse the (Arrhenius)
kinetics of the GP-zone dissolution process,
the heating rate should be that large that this
dissolution process is governed by the atomic
mobility; at least, the matrix composition
should not follow the GP-zone solvus (see
also References 14 and 15).

For heating rates smaller than or equal
to that of path 3 the rate of GP-zone
dissolution can be determined by the course
of the matrix composition along the GP-
solvus; the rate of GP-zone dissolution then
is governed by the slope of the GP-zone
solvus.

For heating rates well above that of path
3 (see paths 2 and 1 in Figure 1(a)) atomic
mobility can be rate limiting for the
dissolution. Then the DSC-peak signal shifts
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to higher temperatures (see Figure 1).
However, a very high heating rate induces
large thermal gradients within the speci-
mens leading to kinetical inhomogeneity. In
practice rates in the range 5-40 K/min are
employed.

4. Heat effects
4.1.General interpretation
All magnesium was in solid solution

immediately after liquid quenching (cf.
section 2.1.). Ageing at room temperature led

_to GP-zone formation. In Figures 2(a) and 2(b)

DSC-scans of liquid-quenched (LQ) AIMg
alloys, recorded after the indicated number
of hours of ageing at room temperature, are
presented. Both the first scan and the rescan
of each alloy are shown. The endothermic
peak with a maximum at about 370 K is
ascribed to the dissolution of GP-zones
formed on ageing. The rescan, recorded
immediately after cooling from the .

maximum temperature reached in the first

run, indeed does not show the endothermic
effect. It is noted that the peak temperature
increases with ageing time at a constant
ageing temperature (see Figure 3). This may
be attributed to coarsening of GP-zones
during ageing, causing retardation of the
dissolution of the GP-zones on
nonisothermal annealing with constant
heating rate, which leads to a higher peak
temperature. (Larger GP-zones are more
stable (Gibbs-Thomson effect) and require
more time to dissolve). '
The exothermic peak at about 530 K in
both the first scan and the rescan
corresponds with the precipitation of B'/8
particles, while the following endothermic
effect is caused by the subsequent dissolution
of these precipitates. A rescan recorded after
slowly cooling (20 K/min; Figure 2(a)) from
the maximum temperature reached in the
first scan, only exhibits the endothermic
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* {a). DSC scan and rescan of LQ AlIMg (12.8
at% Mg) aged for 1200 h at room temperature
(specimen weight 6.020 mg).

(b). DSC scan and rescan of LQ AlIMg (17.2
at% Mg) aged for 168 h at room temperature
(specimen weight 7.960 mg).
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effect due to the dissolution of the '/ phase
precipitated during the cooling process,
whereas a rescan recorded after fast cooling
(about 320 K/min; Figure 2(b)) shows the
exothermic and endothermic effects due to
the precipitation and dissolution
respectively of the $'/p phase.

In all rescans the start temperature of
the B'/fB peak was shifted to a higher
temperature as compared to the first scan.
This suggests that the amount of structural
heterogeneities facilitating nucleation (like

dislocations/vacancy loops (see below) and
grain boundaries) had decreased during the
first anneal {light-microscopical analysis
indeed showed a very significant grain
growth for 5 min. annealing at 723 K. see
Figures 6(a) and (b).

The onset of the f'/p peak was
independent on the presence or absence of
the endothermic GP-zone dissolution peak.
Further, in all cases (except for an ageing
temperature of 353 K, which is discussed
later) no overlap of, but a clear separation
instead between, the peak due to the
dissolution of GP-zones and the peak due to
the precipitation of B'/p could be discerned.
Both observations indicate no direct relation
between GP-zones and subsequent B'/B
precipitates; on annealing the GP-zones
dissolve before B'/B precipitates. These
results can be consistent with the following
precipitation model: after quenching
clustering of both dissclved atoms (GP-zone
formation) and of vacancies (void/loop-
formation) occurs. On ageing ordering within
and growth of the GP-zones can take place.
On subsequent annealing the vacancy
voids/loops can still exist at temperatures

where the GP-zones are dissolved already"®;

Tk

2 —

=
T

=~ tis}

Fig. 3.

Peak temperature, Tj, of the GP-zone
dissolution peak as a function of ageing time,
t, at 313 K for L@ AlMg (15.9 at% Mg): & = 20
K/min.
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see also TEM data in Reference 17. These
vacancy voids/loops then can serve as
nucleation sites for semi- or incoherent '/
precipitates. Hence the present results do not
support a precipitation model"® where a
gradual transformation occurs of a GP-zone
into a §'/f particle at the same location in the
specimen.

4.2. Liquid-quenching versus solid-
quenching

1. GP-zone formation

Solid-quenched material was prepared
by annealing melt-spun ribbons during 5
minutes at 723 K succeeded by quenching in
water (273 K). It should be noted that in this
way an unusually high cooling rate for solid
quenching is achieved as a consequence of
the small ribbon thickness (about 30 um).

Comparison of the heat effect of LQ AlMg
with that of SQ AIMg shows that the rate of
formation of GP-zones was much higher in
the case of SQ AIMg: e.g. one half hour of
ageing at room temperature of SQ AIMg (16.1
at% Mg) corresponded with an endothermic
effect equal to that after 2800 hours of ageing
of the analogous LQ-alloy. Further, the peak
of the endothermic dissolution process
occurred at about 348 K for the SQ-alloy in
contrast with that at about 379 K for the LQ-
alloy (heating rate: 20 K/min).

These results strongly suggest that the
amount of quenched-in excess vacancies was
significantly larger after the present
{extreme) method of solid quenching than
after liquid quenching by melt spinning.
This interpretation is corroborated by
'actlvation-energy data given in section 7.2.
Excess vacancies initially -retained after
liquid quenching may be annihilated or pre-
cipitate as vacancy loops as a consequence of
the, melt-spinning inherent, relatively slow
cooling rate in the lower temperature region
of the quench* and/or, realizing that grain
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boundaries can act as vacancy sinks, the
relatively large grain-boundary area in LQ-
alloys may also lead to a relatively small
excess-vacancy concentration.

*  In a previous paper ['¥ the presence of equi-axed
crystals in the top layer of the melt-spun ribbons was
considered as a (possible) result of incomplete
solidification at the moment the (partly solidified)
ribbon got off the spinning wheel, which also suggests a

relatively slow cooling rate in the last stage of cooling.
2. B'/B precipitation

DSC-scans recorded from LQ and SQ
AlMg-alloys containing 12.8 and 16.1 at%
Mg and aged at room temperature during
times indicated are presented in Figures 4
and 5. The exothermic B'/B-precipitation
peak recorded from LQ AlMg (12.8 at% Mg)
appears to be the composite of two over-
lapping peaks. The rescan, measured after
fast cooling (320 K/min) from the maximum
temperature in the first scan, shows a single
exothermic precipitation peak at about the
location of the apparent second peak in the
composite peak of the first run (Figure 4). The
exothermic precipitation peak recorded from
the corresponding SQ AlMg (12.8 at% Mg)
alloy is identical to that of the discussed
rescan of the LQ AlMg (12.8 at% Mg) alloy.
(The B'/P precipitation-peak area in the
rescan after fast cooling of the LQ -alloy is
smaller than that of the first scan, because
the precipitation starts at a higher
temperature in the rescan implying a
smaller amount of precipitated phase in the
latter case (cf. phase dlagram); as a
consequence the area of the subsequent
dissolution peak is smaller too in the
rescan).

The exothermic B'/B-precipitation peaks
in the first scan and the rescan recorded
from LQ AIMg (16.1 at% Mg) as well as that in
the scan recorded from the corresponding
SQ-alloy all appear to be the composite of



two mneighbouring peaks. The B'/8-
precipitation heat effect starts earliest in the
first scan of the LQ AlMg(16.1 at% Mg)alloy;
the peak temperature in the scan of the SQ
AlMg(16.1 at% Mg)alloy is about the same as
that in the first scan of the corresponding
LQ-alloy.

These results can be interpreted as
follows. As compared to S@ AIMg alloys, the
precipitation of B'/f starts at a lower
temperature in the LQ AIMg alloys because
the amount of structural heterogeneities
providing easy nucleation sites for
precipitates is clearly larger after LQ than
after SQ (compare also first scans and
rescans and see discussion in section 4.1.);
for TEM evidence demonstrating the
preferential nucleation of §' and B particles
on dislocations and grain boundaries:
Reference 17. Optical microscopy confirmed
- that the amount of grain-boundary area is
much larger in LQ-alloys than in SQ-alloys;
cf. Figures 6(a) and 6(b). Then, in particular
for the LQ-alloy, the precipitation sequence '
- B can be expected which can be consistent
with a precipitation peak in the DSC-scans
composed of two overlapping peaks (see also
discussion of Figure 8 in section 5). In view of
its higher degree of structural perfection, a
larger driving force for precipitation is
needed in the case of the SQ-alloy. In
combination with a relatively small amount
of dissolved magnesium, as in the alloy
containing 12.8 at% Mg, this could lead to
precipitation at a higher temperature such
that a direct occurrence 'of § phase is
possible, corresponding to a single peak at
the location of the second peak in the
composite peak discussed for the LQ-alloy
[see Figure 4 for AIMg (12.8 at% Mg)).
However, if a large amount of dissolved
magnesium occurs, the driving force may be
that large that relatively easy nucleation is
still possible leading to the precipitation
sequence f'- Band a composite peak in the
DSC-scan occurs {see DSC-scans for SQ AlMg
(16.1 at% Mg) in Figure 5).

5. Heat of dissolution and solvus of GP-zones

The heat of dissolution of the ageing-
induced GP-zones is shown as a function of

~ ageing time at the temperature indicated in
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Fig. 4.

DSC scan of both LQ (aged for 4700 h at room
temperature) and SQ(aged for 0.5 h at room
temperature) AIMg (12.8 at% Mg} (specimen
welght LQ: 16.920 mg and specimen weight
SQ: 13.850 mg).
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Fig. 5.
DSC scan of LQ as well as SQ AlMg (16.1 at%

Mg), both aged for 0.5 h at raom temperature
(specimen weight LQ: 18.730 mg and
specimen weight $SQ: 13.940 mg).
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Figures 7(a) through (d) for LQ AlMg
containing about 16 at% Mg (composite of
the curves is represented in Figure 7(g)) and
in Figures 7(e) and (f) for LQ AlMg-alloys
containing about 12 at% Mg. After an
incubation time of ageing (depending on
composition and ageing temperature), the
endothermic dissolution effect was observed.
Eventually a plateau for the heat of
dissolution was reached, indicating a
completed GP-zone precipitation (for the
ageing at 353 K see below). The height of this
plateau increased with decreasing ageing
temperature and increasing magnesium

Fig. 6. ,
‘Longitudinal section of AIMg (15.9 at% Mg)-

ribbons (etched with Keller and Wilcox's
reagent; optical micrograph: bright field; oil
immersion):

a. As liquid quenched.
b. After annealing for 5 min. at 723 K.
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content, which is consistent with a shape
and location of the GP-zone solvus as
indicated in Figures 1 and 10.

Ageing at 353 K led to an anomalous
behaviour for the heat of dissolution (Figure
7(d)). After about 10°s of ageing the initially
single GP-zone dissolution peak (peak
maximum at about 380 K} is apparently
composed of two overlapping peaks (see
Figure 8). This may be ascribed to the
occurrence of an ordering process in the GP-
zones which could happen after long times of
ageing according to literature data'*®, At this
stage an overlap between the GP-zone
dissolution peak and the B'/B-precipitation
peak develops (this overlap hinders an
accurate determination of the heat of
dissolution; see Figure 8); such an overlap
was not observed in all other experiments
(see section 4.1.). The overlap suggests that an
ordered GP-zone may be conceived as a
precursor for a B'-precipitate, in contrast
with the unordered GP-zone. In this
connection it may be remarked that for long
times of ageing a clear splitting of the B'/f-
composite peak into a §' and a B-peak occurs
(Figure 8)" which may be considered as a
consequence of the suggested association of
an ordered GP-zone with B'-precipitate. In the
rescan no splitting of the B'/B-peak occurs
(Figure 8) which is consistent with the above
picture, since the specimen used for the
rescan obviously does not contain ordered
GP-zones (for further discussion see at the
end of this section).

Aged AlMg (15.9 at% Mg)-ribbon material was
annealed up till appearance of the first or the second
maximum of the B'/B composite peak. Subsequent X-ray
diffraction analysis of these specimens demonstrated
that the second peak can be ascribed unambiguously to
precipitation of B-phase particles; the first peak is likely
to be due to B' precipitation since weak diffraction lines
arc observed consistent with the presence of B'Aphase

particles.



The value of the plateau for the heat of
dissolution after completed GP-zone
precipitation at room temperature (implying
ageing times over more than 3 years), Is
plotted versus the gross magnesium content
of the alloy in Figure 9. A linear relation
exists between the heat of dissolution and the
gross magnesium content. From the graph it
follows that the minimum magnesium
content in order to accomiplish GP-zone
formation at room temperature equals 10
at%. In earlier work™ it was found that an
increase in hardness of AlMg-alloys
occurred at room temperature if the
magnesium content was larger than about 10
at% Mg, which is consistent with the above
interpretation of the calorimetric results. In
Reference 4 no GP-zone formation could be
detected by DSC-analysis in an AlMg (5.1
at% Mg) alloy, in agreement with the present
data; however, in Reference 20 an extremely
small endothermic effect was observed for an
AlMg (5 wt% Mg) alloy which was tentatively
ascribed to dissolution of GP zones formed by
ageing.

The GP-zone solvus may now be
estimated as follows. To assess the {ree
enthalpy of mixing a modified regular
solution model introduced by Hillert'®" can
be fitted to experimental data of the stable
solvi of both the Al-rich and the Mg-rich side
of the phase diagram. Further, for the calcu-
lation of the coherent binodal and the
coherent spinodal a strain energy term as
given by Cahn®” s added (See Appendix for
details of calculation). From the above
discussed experimental data it is concluded
that the point (10 at% Mg, room temperature)
belongs to the GP-zone solvus. Then,
conceiving the coherent binodal as the
elfective GP-zone solvus, it can now be calcu-
lated by taking Young's modulus of the solid
solution such that the point (10 at% Mg,
room temperature] lies on the coherent
binodal. This occurs if Young's modulus is
taken as 66% of the value which holds for

pure aluminium in the <100> direction {the
latter taken as 63.7 x 10° N/m? ®*). In this
connection the following remarks can be
made: (i) for aluminium <100> is the
direction of the least dilatational elastic
coeflicient; (i) it is well known that Young's
modulus decreases significantly on alloying
with magnestum™® (This could tmply that, as
compared with the above estimate, both the
coherent binodal and the coherent spinodal
should be located at somewhat higher
temperatures for magnesium contents
appreciably larger than 10 at%) and (iii)
other factors in the strain energy (cf.
Appendix) are only slightly dependent on
composition,

The coherent binodal estimated as
described above and the corresponding

~~coherent spinodal are shown in Figure 10;

the composition and corresponding ageing
temperatures of the alloys considered in this
study are also indicated. In any case, the
alloys dealt with have been aged outside the
coherent spinodal. This implies that the for-
mation of GP-zones in these alloys occurs by
a process of nucleation and growth (see also
discussion of activation energy in section 7).
The location of the two alloys outside the
estimated coherent binodal (taken as GP-
'zone solvus) may be ascribed to crudeness of
the model for the calculation of the coherent
~binodal and the values taken for its
parameters. Further, any solvus for GP-
zones has a relative meaning: (i) on ageing
some stabilization (e.g. by
ordering/coarsening} of the GP-zones occurs
as indicated by a shift to higher temperatures
of the GP-zone dissolution peak {Figure 3),
and (if) continued ageing at elevated
temperature may lead to dissolution of the
GP-zones formed initially in favour of g8'
precipitates (see Figures 7{d) and 8 and
discussion above). It may be concluded that
the GP-zone solvus changes of position in the
phase diagram during ageing. Only for those
ageing experiments where a plateau for the
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a. Enthalpy change for GP-zone dissolution,
AH, a5 for LQ AIMg (17.2 at% Mg) aged at
room temperature as a function of ageing
time t.

b..Enthalpy change for GP-zone dissolution,
AH ... for LQ AlMg (15.9 at% Mg) aged at 313
K as a function of ageing time t.

c.. Enthalpy change for GP-zone dissolution,
AH .5 for LQ AIMg (16.1 at% Mg) aged at 333
K as a function of aging time t.

d.. Enthalpy AH ... for LQ AlMg (15.9 at%
Mg) aged at 353 K as a function of ageing time
t.

e.. Enthalpy change for GP-zone dissolution,
AH .. for LQ AIMg (12.8 at% Mg) aged at
room temperature as a function of ageing
time t.

f..Enthalpy change for GP-zone dissolution,
AH | ns, In LQ AlMg (12.0 at% Mg) aged at 333
K as a function of ageing time t.

g.Enthalpy change for GP-zone dissolution,
AHeqs. for LQ-alloy (15.9 - 17.2 at% Mg) as a
function of ageing time at room temperature,
313 K, 333 K and 353 K. (Presentation of
curves only; for data see Figures 7(a) to

(d).
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heat effect occurs (Figures 7(a) through (c), {e)
and (f)) a stable position for the GP-zone
solvus is reached.

6. Enthalpy of formation of GP-zones

The dissolution process of the GP-zones
can be described as:

o+ P-o (1)

where o and o' indicate the AIMg solid
solution before and after GP-zone
dissolution, respectively. The mass balance
of this reaction can be expressed as:

(ﬂ)a + ’-‘-X)GP =0 @
z-y 2y

where the atom fractions x, y and z indicate
the magnesium contents of o', @ and GP.
Then, the enthalpy change corresponding to
this reaction and as measured by DSC,
AH .. [t = ), can be written as:

it = D D

where Hy, Hy and Hgp denote the enthalpy
per mole o, a and GP respectively.

Adopting the {(modified) regular solution
model (see Appendix) for the enthalpy of
mixing, it follows:

Hy = Q1% + (1-gHy, + xHy, 4

Hg = Qy(1-y) + (1-y{Hy + yHyg (6)

where Hy) and Hyy, are the enthalpies of Al
and Mg respectively and Q is the interaction
parameter. According to the definition for
the enthalpy of formation of GP-zones, AHgp,
it holds:

Hgp=AHgp+ (1-3Hy +2Hyg 6)

At standard temperature and standard
pressure Hy, and Hy, are taken equal to zero
and HGP = AHGP'
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After substitution of eqs. (4) through (6)
into eq. (3) the enthalpy of formation of the
GP-zones is obtained as:

AHgp = @i-) Qx(1-x) - (xi:iy)ny(l-y)_

(i—%) AHmeas (t = ) )

A linear relation between AH ., (t = ) (=
negative of the heat of dissolution of GP-
zones) and x was found experimentally such
that AH .. {t = «)/(x-y) = constant =c (Figure
9). Then Eq. (7) can be rewritten as:

A b = Qy-z)x + C ®
with C = Qz(1-y) - {z-y)e.

The interaction parameter Q is only slightly
dependent on composition and temperature
{see Appendix). Hence, the enthalpy of
formation of GP-zones is a linear function of
the gross magnesium content dissolved.

For the temperature range where the
dissolution occurs (peak temperature of the
heat effect at about 368 K) it follows for Q:
14.4 kJ/mole (see Appendix). A reasonable
estimate for the GP-zone composition, z,
appears to be: 0.25*%. Further, y and c follow
from Figure 9. Finally, it is obtained for the
enthalpy of formation of GP-zones:

AHgpl) =-2160-x + 1932 J/mole ©)

In principle, this enthalpy of formation
holds at the dissolution temperature(~368 K).
However, if the rule of Kopp and Neumann

is valid (i.e. the heat capacity of GP is equal
to the atomic-fraction weighted average of
those of Al and Mg) this enthalpy of
formation also corresponds to that at the
temperature of ageing (room temperature).
On increasing x the instability of the GP-
zones, as indicated by AHgp, decreases (AHgp
becomes less positive, whereas the
instability of the solid solution, as indicated



by the enthalpy of mixing (= Qx(1-x}},
increases (Q is positive; x < 0.5).

7. The kinetics of formation and dissolution
of GP-zones

7.1. Isothermal ageing: formation of GP-
zones

The formation of GP-zones can be traced
by measuring the fraction formed as a
function of ageing time. To this end the
fraction formed, f, is expressed as

AH_ s

0 =3

(10)
where -AH[ .4¢(t) and -AHp.,(t = =) are the
heats of dissolution after ageing times t and
-, respectively. Experimental data for
AH, . (1) are presented in Figures 7(a} to (D.

It will be assumed that the fraction f is
fully determined by the state variable B:

B =kt = kgt expl-Q/RD) (11)

where Q is the activation energy and k,. R .
and T denote the pre-exponential factor, the
gas constant and the absolute temperature
respectively. Without recourse to any specific
kinetic model a value for .the activation
energy can be obtained from the ageing
times, t; and t,, corresponding to two fixed
stages of transformation, f; and f,, measured
at a number of temperatures. It follows

kit - tr ) = By, - B = constant and thus™:

ln(tf2 - tf‘) = -l-\,Q—T+constant (12)

Hence, the activation energy can be derived
from the slope of the straight line obtained
by plotting ln(tf2— tc ) versus 1/T.

Application of {he above procedure to the
experimental data obtained for the LQ AIMg-
alloys containing about 16 at% Mg (Figures
7a-c) yields the following results:

f,=02and £, =0.5; @ = 133 kJ/mole:
regression coefficient = 0.973.
f,=05and f,=0.8; @ =136 kJ/mole;
regression coefficient = 0.997.
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According to literature data™ the activation
energy for volume diffusion of magnesium in
aluminium equals about 130 kJ/mole. The
distances which could be covered by volume
diffusion of magnesium are much too small
to bring about appreciable GP-zone
precipitation at the ageing temperatures
applied (for example, adopting x? = 2tD, exp
(-@/RT), where x and D, denote "diffusion
distance” and pre-exponential factor
respectively, it follows with D, = 1 cm?/s, Q=
130 kJ/mole, T = 295 K and t = 10° s (see
Figure 7(a)): x = 4.10°2 nm). In accordance
with the results and the discussion presented
in section 4 it can be expected that quenched-
in excess vacancies facilitate the diffusion of
magnesium atoms, in particular at the start
of ageing. This would be associated with a
(minimal) activation energy equal to about
that for migration of vacancies in
aluminium {= 60 kJ/mole”®). Hence, it is
concluded that the nucleation of GP-zones
corresponds with a significant contribution
to the effective activation energy operative at
the ageing temperatures applied.

7.2, Nonisothermal annealing of aged
alloys: dissolution of GP-zones; comparison
of liquid-quenched and solid-quenched
alloys

Adopting JMA-kinetics, it has been
shown that for a series of experiments, each
with its own constant heating rate @, it
holds“s' 271:

Ti2 Q
In (E) = '-q—.r-'+mrﬂant 13)

where Tj denotes the temperature where an
inflection point occurs on the curve of f
versus T (+ t}, Le. the temperature where the
maximal transformation rate is experienced
during annealing. Hence, the activation
energy can be determined from the slope of
thzT.QSraight line obtained on plotting

In{ --) versus T If the nonisothermal
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annealing with constant heating rate is
performed in a DSC-apparatus the
temperature corresponding to the peak of the
heat effect can be taken as an estimate for Tj.
The ‘error made is usually small and,
furthermore, a correction can be
calculated™,

A series of experiments was devised to
assess the effect of the quenching procedure
and the ageing treatment on the kinetics of
dissolution of the GP-zones, as exhibited in
the activation energy determined on the
basis of eq. (13). The results obtained for
AIMg (16-17 at% Mg) can be summarized in
order of increasing activation energy as
follows:

(1) SQ (from 723 K); aged for 0.5 h at room
temperature.

Q = 70 kJ/mole; regression coefficient =
0.997. '

(ii) LQ; aged at room temperature (for all
times investigated up to two years).

Q = 92 kJ/mole; regression coefficient =
0.999.

(iii)  SQ (from 423 K); aged for 360 h at
room temperature.

Q = 92 kJ/mole; regression coefficient =
0.994.

(iv) LQ; aged for 21 h at 333 K.

Q = 110 kJ/mole; regression coefficient =
0.991.

(v) LQ; aged for 1 h at 423 K in the DSC-
apparatus, slowly cooled (20 K/min) to 333 K
followed by ageing at that temperature for 18
h.

Q = 133 kJ/mole; regression coefficient =
0.997.



The above result for experiment (i)
forcefully suggests that the amount of
quenched-in excess vacancies, facilitating
GP-zone dissolution, was much larger after
the present, drastic, method of solid
" quenching than after liquid quenching by
melt spinning (implying that diffusion of
magnesium is rate determining for the GP-
zone dissolution). This is fully consistent
with results discussed in section 4.2. where a
possible explanation has been proposed too.
In this context it is striking to see that the
experiment where the equilibrium
concentration of vacancies at the considered
ageing temperature has probably been
attained most nearly (experiment (v})), yields
an activation energy approximately equal to
that reported for volume diffusion of
magnesium in aluminium (about 130
kJ/mole™ as could be expected. As a
consequence the amount of vacancies in the
specimens investigated is thought to decrease
in the order (i) - (v) given above.

It should be realized that the activation
energy for formation of GP-zones is not
equal to that for dissolution of GP-zones:
nucleation contributes to the activation
energy found for GP-zone formation (see
section 7.1.).

Apart from vacancy annihilation at
permanent sinks as grain boundaries,
significant condensation of vacancies
leading to vacancy loops occurred during
cooling after rapid solidification by melt
spinning and on ageing (see also section 4.2.}.
The relatively small values for the activa-
tion energy reported above for the
dissolution of GP-zones in LQ-alloys (see

experiments (ii) and (iv)} could then be
ascribed to emitting of vacancies by such
‘vacancy- loops, because, the dissolution
occurs at a relatively high temperature ( 370-
380 K. see section 4.1.), where the loops
become unstable. Thus, the vacancy loops are

conceived as temporary sinks”® ;see also

Reference 10.

8. Conclusions

(i) All results obtained in the present work on
annealing AlMg-alloys, quenched and aged
at temperatures below 353 K, are consistent
with the following precipitation model:

(a) on ageing clustering of dissolved
magnesium atoms (GP-zone formation) and
of vacancies (void/loop formation) occurs;
(b) on subsequent annealing the GP-zones
dissolve before B'/B precipitates develop; the
B'/B particles can nucleate at structural
heterogeneities as grain boundaries and
vacancy voids/loops which are more stable
than the GP-zones.

(i) On ageing GP-zone formation
(homogeneous nucleation) proceeds more
rapidly in SQ-alloys than in LQ-alloys
because of the larger amount of excess
vacancies retained after {drastic) SQ than
after L@ (melt spinning).

(iii) On annealing B'/B precipitation
(heterogeneous nucleation) starts at a lower
temperature in LQ-alloys than in $Q-alloys
because of the larger amount of structural
heterogeneities (grain-boundary area) in LQ-
alloys.

(iv) From the dependence on magnesium
content of the heat of dissolution of GP-zones
for alloys fully aged at room temperature it
follows that at least 10 at% Mg should be
dissolved in order that GP-zones form at
room temperature. This leads to an estimate
for the GP-zone solvus by adopting
established ‘models for the chemical and
strain contributions to the free enthalpy of
mixing.

(v) Quantitative analysis of the heat of
dissolution of GP-zones and applying a
modified regular solution model for the free
enthalpy of mixing, indicates that the
enthalpy of formation of GP-zones depends
linearly on gross magnesium atomic
fraction, x, (AHgp(x) = -2160-x + 1932 J/mole).
(vi) The kinetics of the formation  of the GP-
zones are governed by the process of
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nucleation and excess-vacancy enhanced
diffusion of magnesium.

(vii) The kinetics of the _dissolution of the
GP-zones are governed by diffusion of
magnesium. Values found for the activation
energy are smaller than those for volume
diffusion of magnesium. This can be
explained by emitting of vacancies from
vacancy volds/loops, which become unstable
at the temperatures where the GP-zones
dissolve.

(viii) Values obtained for the activation
energy of GP-zone dissolution in SQ-alloys
are significantly smaller than those for LQ-
alloys. This indicates that the amount of
excess vacancies retained after SQ (whether
or not in condensed state) is larger than after
LQ, in agreement with conclusion (ii).
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Appendix: Coherent phase diagram of AIMg
The chemical free enthalpy of mixing, GI<™,
of a solid solution can be described by the
following expression®” (based on a regular
solution model for the enthalpy of mixing, but
with a composition and temperature
dependent interaction parameter, and Gibb's
expression for the entropy of mixing):

GEX™ _ (@ + bx - €T)x(1-X) + RT{xInx + (1-x)In(1- X))
(A1)

where x = atomic fraction of solute, T =
absolute temperature and R = gas constant.
Values for the constants a, b and ¢ can be
determined from two (known) isothermal
sections of the incoherent AIMg phase
diagram. Data for the solvus at the Al-rich
side and that at the Mg-rich side are given in
Reference 1. It was derived:

a=14590 J/mol ; b = 1104 J/mol ; ¢ = 0.9364 J/mol
K.

Both the chemical binodal ("incoherent
miscibility gap”} and the chemical spinodal
can be calculated, applying the common
tangent construction and

82 ehem
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- 0, respectively.

For construction of the coherent binodal
("coherent miscibility gap") and the coherent
spinodal the expression for the free enthalpy
of mixing must be extended with a strain-
energy term (approaching equilibrium the
gradient-energy contribution becomes
negligible, implying decomposition with
composition fluctuations of "infinite
wavelength"). Then, the coherent free
enthalpy of mixing, Gf&};. can be given as®?



coh chem
Gmix = Gmix +

PExV,, A2

where n = fractional change of Ilattice
parameter per unit composition change, E' =
E/(1-v) with E and v as Young's modulus and
Poisson's ratio, respectively. V is the molar
volume and x, is the composition of the
homogeneous alloy considered. Note that eq.
(A-2) implies that, on analysing decompo-
sition behaviour, the dependence of Gf,f.’f,'( on x
changes if the gross content x5 changes.

The construction of the coherent binodal
can occur in principlé by application of the
common tangent rule to Gc,;&. The
compositions thus found for the coherent
binodal are unchanged if a constant term and
a term linear in x are added to G according
to eq. (A-2). Therefore the common tangent
rule can equally be applied to:
(G =G +1PEV 28 a3
implying that, in contrast to the coherent free
enthalpy of mixing, the location of the
coherent binodal does not depend on gross
content x, of the solute in the alloy.

The coherent spinodal follows from:

GacH

—z = 2, (A4)
Values form, Vy, and v were derived from
References 1 and 23:

1=0.11051
Vi =9.993x 10 m®
v=0.345

For the value of Young's modulus used see dis-
cussion in section 4. The resulting coherent
and incoherent binodals and spinodals are
shown in Figure 10.
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PRECIPITATION OF SILICON IN ALUMINIUM-SILICON;
A CALORIMETRIC ANALYSIS OF LIQUID-QUENCHED
AND SOLID-QUENCHED ALLOYS

M. van Rooyen and E.J. Mittemeijer

Laboratory of Metallurgy, Delft University of Technology,
Rotterdamseweg 137, 2628 AL Delft, The Netherlands

A calorimetric analysis of silicon precipitation in liquid-quenched (LQ;
rapidly solidified) and solid-quenched (SQ; quenched after annealing the
solid at elevated temperature) AlSi alloys was made. Nonisothermal an-
nealing (with constant heating rate} experiments (differential scanning
calorimetry) were performed using specimens of various gross silicon con-
tents (1.3-19.1 at% Si). Initial and resulting microstructures were charac-
terized by X-ray diffraction and transmission electron microscopy.
Quantitative analysis showed that heat production in LQ alloys is due to
precipitation of dissolved silicon and coarsening of silicon particles already
present in the as liquid-quenched state, whereas heat production in SQ
alloys can be solely ascribed to precipitation. The kinetics of silicon
precipitation are affected by the presence of quenched-in excess vacancies
(both LQ and SQ alloys). The solidification start temperature and the
amount of grain-boundary area as a function of gross silicon content are
discussed in terms of their effect on vacancy annihilation and the resulting
effective activation energy.

1. Introduction

By rapid solidification solid solubilities
and vacancy concenfrations larger than the
equilibrium ones can be achieved, in associa-
tion with a very fine micro(grain)structure'".
Such effects have been observed for AlSi
alloys'**; also the composition where a
completely eutectic solidification occurs shifts
to a higher silicon content',

Consequently, the precipitation behaviour
of alloys quenched from the melt (liquid

quenching) can be quite different from that of

alloys quenched in the solid state after an
anneal at elevated temperature(solid
quenching]. Only a relatively small number of
investigations has been devoted to
precipitation processes in LQ Al-base alloys,
for example see References 4-6; in particular
analyses of changes in energy {enthalpy;
calorimetry) are rare (see References 7 and 8).
For the study of precipitation in Al-base al-
loys, the AISi and AlMg systems provide two °
extremes. In the case of AlSi alloys a direct
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precipitation of silicon from the super-
saturated solid solution takes place, whereas

decomposition in AIMg alloys proceeds via '

preprecipitates (Guinier-Preston zones) and
intermediate precipitates. In a previous
study' the precipitation behaviour of both
liquid-quenched (LQ) and solid-quenched (SQ)
AlMg-alloys was analysed employing
differential scanning calorimetry (DSC);
striking differences between LQ and SQ alloys
were observed. The purpose of this paper is to
present a quantitative analysis of the heat
production and the kinetics of processes
occurring on precipitation in both LQ and SQ
AlSi-alloys.

2. Experimental procedure
2.1. Sample preparation

Liquid-quenched (LQ) AlSi-alloys contain-
ing 1.3, 4.4, 7.2, 11.4, 13.9 and 19.1 at% Si were
prepared by melt-spinning (for a detailed
description see Reference 10). Solid-quenched
(SQ) material was obtained by annealing melt-
spun ribbons of the indicated compositions in
a hydrogen atmosphere (flow rate 40.7
cm/min) during 5 minutes at 823 K succeeded
by quenching in ice water.

The gross silicon content of the alloys was
determined by chemical analysis (gravimetry).
The amount of silicon in solid solution in the
Al-rich phase was derived from the lattice
parameter of the Al-rich phasem as determined
by X-ray diffraction analysis (Debije-Scherrer
photographs'sl).

2.2. Differential Scanning Calorimetry (DSC)

The calorimetric analysis was performed
with a differential scanning calorimeter
(Dupont, type DSC 910). Both the sample pan
and the reference pan were made of alu-
minium. The sample pan was filled with
chopped ribbons and subsequently sealed with
an aluminium cover. The reference pan was
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provided with two aluminium covers in order
to obtain a heat capacity comparable with that
of the sample. A protective gas atmosphere of
pure argon was employed (gas flow: 50
ml/min).

For determination of the heat production
and the activation energy of the precipitation
process a serles of experiments with heating
rates of 2.5, 5, 10, 20, 30 and 40 K/min were
performed.

Per sample two DSC-runs were performed
successively; the second run was carried out in
order to obtain the baseline (cf. section 4.1).

2.3. Transmission Electron Microscopy (TEM)

Thin electron-transparent regions of the
ribbons (in both the LQ and SQ conditions; cf.
section 2.1.) were Investigated using a Philips
EM 400 electron microscope. In order to
analyse the growth of second-phase particles
during the nonisothermal annealing with
constant heating rate, specimens of LQ AlSi
were annealed up to the temperature where the
exothermic peak has been completed in the
DSC scan and thereafter quenched.

3. The amount of dissolved silicon after solid
and liquid quenching

The amount of silicon dissolved in the Al-
rich phase after solid quenching can be read
from the solvus of the Al-rich phase in the
equilibrium AlSt phase diagram''' at the
quench temperature. Cbviously the content of
dissolved silicon does not depend on the gross
silicon content of the AlSi alloy. '

An opposite behaviour is found for the AlSi
alloys after liquid quenching: the amount of
silicon dissolved in the Al-rich phase depends
on the gress silicon content of the alloy (Fig. 1
and Table 1; based on lattice-parameter data
recorded from the present LQ AlSi alloys; see
also Reference 5). A maximum solid solubility
occurs at a gross silicon content of 13-14 at%.
This agrees with our earlier data for LQ AlS{



a]loyslzl and can be interpreted as a result of a
metastable extension on liquid quenching of
the liquid-solid two-phase region towards
lower temperatures for the Al-rich side of the

AlSi-phase diagram, leading to a metastable ‘

eutectic at 13-14 at% Sl (see also Reference 3).

1.3 0.9
4.4 1.4
7.2 2.5
11.4 3.3
13.9 3.3
19.1 2.9

Table 1

Gross silicon content, z, and compeosition, x, of
the Al-rich phase of the investigated LQ AlSt
alloys. The composition of the Al-rich phase of
the SQ AlSi alloys after quenching from 823 K
was 1.25 at% Si.

4, Heat effects
4.1. General description

On heating a SQ or LQ AlSi specimen the
silicon initially dissolved in the Al-rich
matrix precipitates. )

The exothermic peak observed in a DSC
scan of a S@ AlSi (2.3 at% Si) specimen in the
temperature range 400-630 K (Fig. 2; 20 K/min}
is due to this precipitation process. On
continued heating an endothermic effect is ob-
served for temperatures larger than about 650
K; this consumption of heat can be ascribed to
the dissolution of silicon particles (cf. the
phase diagram for AISt"").

After the (first) DSC scan has been com-
pleted (T = 823 K], the specimen is slowly cooled
to room temperature (with about 10 K/min}
and all silicon precipitates (again; at room
temperature the equilibrium solid solubility of
silicon in aluminium is negligible!""). Then a
second DSC scan will abviously not shaw the
exothermic effect (due to silicon precipitation)
but only the endothermic effect (due to silicon
dissolution). Because in this work only the

7] . 2 adf SQ AlSi (23at%Si)
L; 3t 3 @ =20 K/min
x 5
o Q2
b | °
[ ] ' 0
T e
~Q2
1 i 1 i — 1 1 1
0o : 5 10 15 20 Y400 500 600 700 800
- 2 (at%Si) = T (K)
Figure 1, Figure 2.

The composition of the Al-rich phase, x, as a

function of the gross silicon content, z, of L@
AlSi~alloys_ :

DSC scan (rate of heat generation, dq/dT (per
unit of mass and per degree Kelvin), versus
temperature) of SQ AlSi (2.3 at% Si).
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precipitation process is analysed, net calori-
metric curves are shown {apart from the one in
the above discussed Fig. 2) as obtained by
removing the endothermic effect employing
the second (= re)scan for base-line
construction.

In the DSC scans of the LQ AlSi alloys a
second exothermic effect, immediately fol-
lowing and overlapping with the first,
exothermic, precipitation effect, was dis-
cerned, in particular for relatively large gross
contents of silicon: see the DSC curve in Fig. 4b
for LQ AlSi (11.4 at% Si). This heat production
is ascribed to coarsening of the silicon parti-
cles: in the LQ AlSi alloys the major part of the
silicon is usually not dissolved in the Al-rich
matrix immediately after LQ (cf. Table 1), but is

present as very small silicon particles (Fig. 6a).
The occurrence of coarsening during precipita-
tion is illustrated by a comparison of silicon
particle size before annealing and just after
annealing up to the temperature where the
exothermic peak has been completed in the
DSC scan (~ 630 K) (Figs. 3a and b; TEM micro-
graphs: note the difference in magnification
between the micrographs); for the example
shown the decrease of Si/Al-rich matrix inter-
facial area is about 80%. This Interpretation
will be substantiated by quantitative analysis
of the total heat production (see section 5.2).

4.2. Liquid quenching versus solid quenching

DSC curves obtained from LQ and SQ AlSi
alloys can be compared in Figs. 4a and 4b for
gross silicon contents of 1.3 and 11.4 at%,
respectively.

The shape and temperature range of the
exothermic effect did not depend significantly
on gross silicon content for the SQ alloys. This
can be understood realizing that for specimens
prepared by SQ from the same annealing
temperature the amount of silicon dissolved in
the Al-rich matrix is independent of gross sili-
con content, implying a constant
supersaturation (related to the driving force
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Figure 3a.

Transmission electron micrograph (bright
field) of LQ AlSi (7.2 at% Si)-ribbon. As liquid-
quenched condition.

Figure 3b.

Transmission electron micrograph (bright
field) of LQ AIlSi (7.2 at% Si) ribbon. After DSC
run (heating rate 20 K/min) from 303 up to 630
K. (Note difference in magnification between
Figs. 3a and b).
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DSC scan of both LQ and SQ AlSi (1.3 at% Si).
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Figure 4b.
DSC scan of both LQ and SQ AlSi {11.4 ai% Si).

for precipitation) and a constant heat pro-
duction per mole Al-rich phase due to
precipitation.

The amount of silicon dissolved in LQ AlSi
alloys is in general larger than in SQ AlS{
alloys (especially for gross silicon contents
larger than the maximal amount of silicon
dissolvable in equilibrium: 1,58 at% St at 850
K" see Table 1 and Section 3). Therefore the
heat effect can be much larger for LQ alloys
than for SQ alloys (see Fig. 4b). Since the
driving force for precipitation can then be
larger for LQ alloys, due to the larger
supersaturation, the heat production starts at

lower temperatures in the DSC scan (see Fig.
4b). This is consistent with the observation
that the peak temperature of the heat effect for
the LQ alloys decreases for an increasing
amount of dissolved silicon (Fig. 5). In this
context it is noted that for the AlSi alloys with
a gross silicon content of 1.3 at% the amount
of silicon dissolved in the Al-rich matrix is
larger for the SQ alloy than for the LQ alloy
(1.25 at% Sivs. 0.9 at% Si; cf. Table 1), which,
in accordance with the above discussion,
implies that for this particular case silicon
precipitation on heating starts at a lower
temperature for the SQ alloy (see Fig. 4a).

As demonstrated by TEM micrographs the
silicon particles present in the as-quenched LQ
alloys are very much smaller than the silicon
particles in the SQ alloys (cf. Figs. 6a and 6b):
sizes of the order of 1 nm vs. sizes of the order
of 1 pm. The size of the silicon particles in the
SQ alloys is determined by the annealing
during 5 min at 823 K hefore SQ (cf. section
2.1.). The size of the silicon particles in the LQ

- X (at%Si)

Figure 5.

Peak temperature of the exothermic peak, Tp.
as a function of the composition of the Al-rich
phase of the LQ AlSi alloys, x, for a constant
heating rate {40 K/min). The exothermic peak
temperature for the S@Q AlSi alloys has been
indicated by the vertical bar.
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Figure 6a.

Transmission electron micrograph (bright
field) of LQ AISi (11.4 at% Si) ribbon. As
~ liquid-quenched condition.

Figure 6b.

Transmission electron micrograph (bright
field) of SQ AISi (11.4 at% Si). As solid-
quenched condition. (Note the difference in
magnification between Figs. 6a and b).

alloys is very small because these particles
develop during rapid solidification (LQ fs ini-
tially related with a cooling rate of about 10°
K/s"") or precipitate during the cooling
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immediately after the solidification
(indications exist that a relatively slow
cooling rate occurs in the low temperature
region of the quench®). It may then be antici-
pated that for the LQ alloys significant
reduction of Gibbs free energy results by
coarsening of the silicon particles (see quanti-
tative data in section 5.2). The side maximum
at the high-temperature side of the total
exothermic peak of, for example, the LQ AlSi
(11.4 at% Si) alloy (Fig. 4b) may be thus
explained. For smaller gross contents of sili-
con the effect will be less distinctly visible in a
DSC scan because (i) the precipitation process
occurs at a higher temperature range (due to a
smaller supersaturation; see above discussion)
and (ii) less silicon particles are present in the
as-quenched condition in proportion to the
silicon content dissolved in the Al-rich matrix
(see Table 1): cf. the DSC curves for the LQ
alloys in Figs. 4a and 4b.

5. Heats of precipitation and coarsening
5.1. Precipitation {SQ alloys)

The heat produced in the temperature range
400-630 K (exothermic peak in the DSC scan)
can be expressed as the heat produced, Q Al

gi on precipitation of silicon in one mole of
the“Al-rich phase with an initially dissolved
atomic fraction x of silicon (see eq. (A-3) in the
Appendix). Data obtained for Qa1 s are
shown as a function of x in Fig. 7 Io¥ the SQ
alloys*: it can be concluded that a linear
relationship occurs, implying that for the SQ

*
To determine the relationship between Q Al g andx
1-x"'x

for the S@ alloys (Fig. 7), in addition to the SQ alloys
indicated in section 2.2. {all with 1.25 at% Sf in solid
solution) $Q alloys were prepared from AlSi alloys with
a gross content of sflicon of 7.2 at% by quenching after
annealing for 5 min at 723 and 793 K leading to 0.46 and
0.92 at% Sf in solid solution.



alloys the heat produced during precipitation
of one mole silicon, QSi' does not depend on

silicon composition of the Al-rich matrix (se€ "

eq. (A-7) in the Appendix). From the value cut
from the abscissa by the straight line it follows
that after the reaction has been completed an
atomic fraction y corresponding to about 0.15
at% Si remains dissolved in the Al-rich
matrix; this value agrees well with the
equilibrium value of dissolved silicon at about
the end temperature of the exothermic peak:
0.17 at% Si''"l.

Applying eq. (A-7) (see Appendix), the value
for the heat production in the S@ alloys on
precipitation of one mole silicon, Qg7 can be
calculated from the slope of the straight line in
Fig. 7.

QSS? = 58 kJ/mole Si

An estimate for the heat of (solely) precip-
itation can be derived from known data for the
equilibrium solvus of the Al-rich phase, as

follows. For the equilibrium constant, K%riec'

of
s’ 5 s

where Si? and SfP denote dissolved and pre-
cipitated silicon, it holds

gpree L35P_ 1 o
Si  a _d
st %

where a denotes activity and y and x indicate
the activity coefficient and composition of the
Al-rich phase, and where it has been realized
that the precipitated phase can be conceived as
pure silicon"V (ag® = 1). Further, for the small
amounts of silicon dissolved in equilibrium in
the Al-rich matrix, Henry's law can be applied,
implying that y can be taken as constant.
According to chemical thermodynamics

prec
Si

prec

= -AHg,

prec

RT In K +TASSl ,

prec
=-8Gsy

H

- Qa0 (JMole)

SQ aloys

:

3

8

1 ) 1
as 12

— X (at%Si)

Figure 7.

The heat of silicon precipitation, Q AL Six (per
mole Al-rich phase), as a function of the
composition of the Al-rich phase, x, for SQ
AlSi alloys.

where AGgrlec' AH%’}EC and Aspsrie © are the

changes in Gibbs free energy. enthalpy and
entropy for the above precipitation reaction,
and R and T are the gas constant and the abso-
lute temperature. Then it is obtained from eq.
(1) for Kgx;ec

prec , _prec
AHgy  ASg;
Inx= R~ R -Iny @

if AH%riec, Asgriec and y do not depend sig-

nificantly on temperature, a plot of -In x
versus 1/T yields_a straight line with slope
-AHgiec/R. Using data from Reference 11, such
a plot is shown in Fig. 8. As a result it is ob-
tained

prec
-AHS {

= 54 kJ/mole Si

Comparm% éhe experimental data for heat
production, Qgy, with the predicetgd value for
the heat of precipitation, -AH'gy ", it can be
concluded that, within experimental error (see
Figs. 7 and 8), Qg and _Anglec agree well.
Hence, the heat production in the SQ alloys can
be ascribed entirely to precipitation of the
silicon initially dissolved.
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5.2. Precipitation and coarsening (LQ alloys)

If for the LQ alloys all heat produced in the
temperature range 400-630 K would be fully at-
tributed to precipitation of silicon from the Al-
rich matrix, the heat produced per mole
precipitated silicon would be approximately
60% larger than that for the SQ alloys. A
comparison of the DSC curves for the LQ and

the SQ alloys and the microstructural changes'

observed during the precipitation reaction (see
section 4) suggest that this surplus in heat pro-
duction for the LQ alloys may be due to the
appreciable coarsening of the very small sili-
con particles present in the as-quenched
condition.

For quantitative interpretation the heat
due to the actual precipitation process has to be
subtracted from the total observed heat pro-
duction. Per mole alloy the heat production
due to only precipitation, QpAlelczSIZ' can be
obtained from the (now known; see above) heat
production per mole precipitated silicon,
Qgiec, according to (cf. eq. (A-6) in the
Appendix):

prec _ (1-z)(x-y) _prec
QAL _st, =TTy Bi (3)

and the surplus heat production per mole
alloy, Q Al St, I8 obtained from

LQ. surplus _IQ prec
Oal S, =OAl,,S1, A1, st @)

L

where QA? Si is the measured heat
1-z97z

production per mole alloy. Then, the surplus
heat production in terms of the heat
production by the coarsening process per mole
initially present silicon particles, chc;a S, can
be given by (cf. egs. (A-1) and (A-2) in the
Appendix):

LQ. surplus zx _coars
GAl,.SI, =Tx i (5)

. 1
Data obtained for QIAQI sgg) us (egs. (3)eand (4)

- c
where Qg7 has been taken for QpSl ; see
section 5.1.) are shown as a function of
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(z-x}/(1-x} In Fig. 9. For the hypo-eutectic

alloys (up to 14 at% Si: section 3) a linear
. surplus

relation between Q Al, _Si and (z-x)/(1-x)

1-z9%2

is observed, implying a constant value for

Qg?ars, (@ slope of straight line):
h
Qg(i)ars( ypo) =13 kJ/mole.

For the hyper-eutectic alloy (19.1 at% Si) it
follows:

Qg?ars(hyper) = 4.3 kJ/mole

In the coarsening process two contributions
for the gain in energy can in principle be dis-
cerned: (i) misfit-strain relaxation and (ii)
reduction of the Si-particle/Al-rich matrix
interfacial area, which will be discussed
successively.

The significant difference between atomic
volumes (of in particular silicon, in the pre-
sent case) for second-phase particles and
matrix can induce appreciable strain devel-
opment in matrix and second-phase particles
during precipitation (for a quantitative dis-
cussion see Reference 6). As long as the volume
misfit is accommodated fully elastically, the

_associated total misfit-strain energy, W™,

induced in a specimen composed of a misfit-
ting particle B of volume vp in a matrix A can
be calculated from (cf. Reference 13 and see
also Reference 14):

3K
B 2
W"=6G, - 3x=74G, VB B/A ©

where G and K denote shear and bulk moduli
and ¢ is the linear misfit parameter. This
equation holds for either coherent or inco-
herent B-particles of spherical shape. (It is
already remarked here that the Si particles in
the LQ alloys before and after annealing are of
approximately spherical shape: Figs. 3a,b and
6a and see Reference 16), Then, the misfit-
strain energy per mole silicon, wrsni /Al of a
specimen containing Si-precipitates in an Al-
matrix can be given by



3K A

st

WSi/m1=6 Gy 3Kg1+ 4 0al pg
]

Ssi 2
Esw\]

where A and p are atomic weight and specific
density. Using literature data for G, K, A and p
{see Reference 15) and taking the value for ¢
given in Reference 16, it is obtained

Wsi/al = 6 kJ/mole St

If during the precipitation on annealing, in
the DSC apparatus, a full relaxation of the
misfit strains induced initially by the precip-
itating particles occurs, no net effect of the
associated misfit-strain energy on the total
amount of heat produced results. Previous
analyses of lattice-parameter behaviour
during precipitation suggest that strains
evoked by the precipitation process of initially
dissolved silicon are fully (L@ alloys) or
largely (SQ alloys) relaxed during the precip-
itation for "normal" precipitation times and
temperatures'®'®'”. It may, however, be sug-
gested that no complete misfit-strain
relaxation occurs during LQ for those Si-
particles which precipitate in the low-
temperature region of the quench (see section
4.2). Therefore, part of the surplus heat pro-
duction in the LQ-alloys may be due to such
strain relaxation; cf. the above given values for

coars
Qsy and Wg:/Al'

For spherical Si-particles of radius I, in
an Al-matrix, the interfacial energy per mole
silicon, W;UA]' is given by

Agy

W3y/a1= 3 og; Tsi Osval ®

where og; /; denotes the interfacial energy per
unit area interface. A reasonable estimate for
Osi/A]l appears to be 1.5 J/m hel, As an
example the change in interfacial energy
WS Si/AY is estimated for the initially presen't
Si-particles in the LQ AlSi (7.2 at% Si) alloy
during the nonisothermal annealing treat-

‘ment. TEM analysis leads to the following

a
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Figure 8.

-Ln x, where x = composition of the Al-rich
phase, as a function of the reciprocal of the
solvus temperature, T. Data taken from Table 3

of Reference 11.

8 4 = hypo-eutectic alloys| ¢
£ o = hyper-eutectic al
= 1200l
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Figure 9.

The surplus heat production in LQ AlSi-alloys,
LQ. surplus

Q Al St {per mole alloy) as a function of
(z—x) /1 1-:’5 where z = gross silicon content and x

= composition of the Al-rich matrix.

assessment of average values for rg, before and
after the annealing treatment (see Figs. 3a and
3b): 4 nm and 20 nm. Then, using literature
data for Ag, and Pgi - it is obtained

AWZi/Al =11 kJ/mole Si
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Figg%llys,(}%c}&?anng the experimental value
for Qs i with the predicted values for
WISI: /Al and Awgi /Al it can be concluded that
coarsening of the Si-particles initially present
in the LQ AlSi alloys can explain the surplus
heat production observed for the LQ alloys, as
compared to the SQ alloys; reduction of inter-
facial area and misfit-strain relaxation can in
principle contribute significantly. The smaller
value for the surplus heat production in the
hyper-eutectic alloy, as compared to the hypo-

eutectihall?ys (cf. above[ 1ven) results for
S
c?ar PO versus &f;)ars yper: Fig. 9), can

be ascribed to the presence of primary and
consequently relatively coarse Si-particles in
the as-quenched hypereutectic alloy.
6. Kinetics of precipitation
Consider the variable 8 defined as

t t
Bt) = J‘kdt: Ikoexp{-EA/R’I‘}dt 9)

o o
where E, is an effective activation energy

describing the overall process and t, ko, R and
T dencte the annealing time, the pre-expo-

nential factor, the gas constant and the abso- -

lute temperature, respectively. For
nonisothermal annealing T, and thus k,
depends on t. For nonisothermal annealing
with a constant heating rate it was recently
derived that, if 8 is adopted as a state variable
for the {solid-state) transformation concerned
(this is for example compatible with Johnson-
Mehl-Avrami kinetics}), the following relation
between the temperature for a fixed stage of
transformation, Ty, and the activation energy,
E,. 2holds“9l
Tf- Ea

In—=37-+In g8
nq) f

f 10

where ® denotes heating rate. Hence, for a
series of experiments each with a different
heating rate, the activation energy can be
determined from the slope of the straight line
obtained by plotting In{Tp/®} versus 1/Tp. It
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can be shown that the stage of transformation
where the maximal rate of transformation
occurs, is approximately independent on the
heating rate'’”. In a DSC experiment the
temperature where the maximal heat effect is
observed can be taken as approximately equal
to the temperature of maximal reaction rate (a
correction, if necessary, can be performed: see
Res. 1 in eq. (13) of Reference 20). Thus, in the
present work, for activation-energy analysis
Ty in eq. (10) has been taken equal to T, the
peak temperature as observed in the DSC
experiment. For this specific stage of maximal
transformation rate the procedure described
resembles the so-called Kissinger analysis™"
and variants thereof?”. However, the latter
methods have been derived for homogeneous
reactions only, whereas solid-state
transformations usually are heterogeneous
reactions (see general treatment in Reference
19).

Data obtained for the activation energy of
silicon precipitation in the LQ AlSi alloys are
plotted in Fig. 10 as a function of the compo-
sition of the Al-rich phase. Precipitation of
silicon requires diffusion of silicon atoms. All
values found for the activation energy are sig-
nificantly smaller than the value correspond-
ing with volume diffusion of silicon in
aluminium (about 130 kJ/ moleml).

« hypo-eutectic alloys .
| o hyper-eutectic alloy

—p E, (kJmoie)

1
3

- X (2t %Si)

Figure 10.

The activation energy of silicon precipitation,
E,, in LQ AlSi-alloys as a function of the
composition of the Al-rich matrix, x.



It is likely that after liquid quenching
excess vacancles occur in the Al-rich phase

(e.g. see References 4, 9). The activation energy ~

for volume diffusion of silicon can be con-
ceived as the sum of the contributions due to
formation and migration of a vacancy, which
both amount to about 62 kJ/mole™!. It can
then be expected that in the presence of excess
vacancies the effective activation energy of
silicon precipitation will be in the range 62-
124 kJ/mole, as observed (cf. Fig. 10).

It is striking to note that the activation
energy for the LQ alloys increases with an in-
creasing content of dissolved silicon (Fig. 10).
In accordance with the above discussion it is
thus suggested that the excess vacancy con-
centration (relative to the amount of dissolved
silicon) decreases for an increasing amount of
dissolved silicon. This result can be discussed
in several ways. For example, realizing that
the Al-matrix grain size decreases if the gross
content of silicon increases'™, annihilation of
excess vacancies during annealing can be more
pronounced for larger gross contents of sili-
con. Also, realizing that on liquid quenching
solidification begins at a relatively high
temperature for a (hypoeutectic) AlSi alloy
containing a relatively small gross content of
silicon (for the hypoeutectic AlSi alloys a
larger gross content of silicon leads to a larger
amount of dissolved silicon; see Fig. 1 and the
corresponding discussion in section 3), a rela-
tively large amount of {excess) vacancies can be
retained after liquid quenching for a relatively
small gross content of silicon as the
equilibrium amount of vacancies increases
with temperature.

The present activation-energy data for LQ
alloys have been obtained by nonisothermal
annealing experiments and can be compared
with previous data'™ derived from isothermal
annealing experiments. The peak maximum of
the DSC curves used here for activation-energy
analysis by nonisothermal annealing occurs
at a temperature 50-100 K higher than the
temperatures used earlier for isothermal

annealing. This could explain a somewhat
larger value for the effective activation energy

“as obtained in the present work because of a

more pronounced
annihilation.

No significant dependence of the activation
energy for silicon precipitation on {gross) con-
tent of silicon was found for the SQ alloys.
This is consistent with the above discussion
for the LQ alloys, because the SQ alloys were
annealed at the same temperature before SQ,
implying identical vacancy concentrations
{and identical amounts of dissolved silicon).

The average value of the activation

energy for the SQ alloys equals:
89 kJ/mole. Thus the present method of
(drastic) SQ (see section 2.1 and Reference 9)
involves that after SQ an amount of (excess)
vacancies is retained which is comparable
with that after LQ.

stage of vacancy

7. Conclusions

(i) The precipitation of silicon starts
generally earlier in LQ than in SQ alloys
because of a larger driving force due to a larger
silicon super-saturation.

(i) The total exothermic heat effect for the
LQ alloys is caused by two processes:
precipitation of silicon initially dissolved in
the Al-rich phase and coarsening of the Si
particles already present after liquid
quenching.

(iii)  The heat produced by precipitation of
silicon has been determined from the experi-
ments with the S@Q alloys as 58 kJ/mole
silicon (initially dissolved).

(iv) The surplus heat production for the LQ

alloys equals 13 kJ/mole silicon (initially
present particles}. It can be ascribed
primarily to reduction of the amount of

interfacial area between Si particles and Al-
rich matrix (calculated as 11 kJ/mole silicon)
and possibly also to relaxation of the misfit
strains due to the atomic volume difference for

silicon as second-phase particle
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(precipitated in the low temperature region of
the quench) and as dissolved element
(calculated as, at most, 6 kJ/mole silicon).

W) Activation enefgies for silicon precipi-
tation in both LQ and SQ alloys are smaller
than that for volume diffusion of silicon in
aluminium because of the presence of
quenched-in excess vacancies. The activation
energy for the (hypoeutectic) LQ alloys
increases with the amount of silicon
dissolved initially. This Is ascribed to a
solidification start temperature on liquid
quenching that decreases for an increasing
gross content of silicon and/or an Al-matrix
grain size that decreases for increasing gross
content of silicon; both effects can lead to a
decrease of the excess vacancy concentration
(relative to the amount of dissolved silicon).

Appendix: Calculation of heat production

Consider an AlSi alloy composed of an Al-
rich matrix containing an atomic fraction x of
dissolved silicon and dispersed silicon
particles. The {(hypothetical) formation of this
two-phase system out of the homogeneous one-
phase alloy containing an atomic fraction z of
dissolved silicon can be described by

Al S, S pAl LS+ gSi (A-1)

Conservation of mass requires

1-z ZX
and =% (A-2)
It thus follows that the heat produced on
precipitation of silicon from the Al-rich
matrix per mole Al-rich matrix, i.e. QAll Siy
-X

can be derived from the measured heat pro-
duction per mole alloy, i.e. Q AlLSt, according
to

1-x
Qa1 5% = TZ S8t (A-3)
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The precipitation reaction in the Al-rich
matrix can be expressed as

Aly Sty S TALL Sl + sSI (A-4)

where y denotes the (equilibrium) atomic
fraction of silicon dissolved in the Al-rich
matrix after completed precipitation.
Conservation of mass requires

r=2X and s (A-5)

Ty I-y

Consequently, p.s moles of silicon pre-
cipitate per mole alloy (eqs. (A-1) and (A-4)).
Hence, the heat produced per mole precipitated
silicon, 1i.e. QSi‘ can be derived from the
measured heat production per mole alloy, l.e.
Q AL L,SL, according to

_ 1-x)(1-y)
Qg = TZX-y) 'gAll-sz (a-6)

Obviously, it follows immediately from egs.
(A-4) and (A-5)

_xy '
9a1, 484" Ty Osi (A-7)

and, if Qq, does not depend on x, a plot of Q

Si Alj.
S, Versus x yields a straight line with a slope
governed by QSi’
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CONSOLIDATION AND RESULTING TENSILE STRENGTH
OF MELT-SPUN AlIMg AND AlSi ALLOYS

M. van Rooyen, J.A. van der Hoeven, L. Katgerman* , P. van Mourik,
Th.H. de Keijser and E.J. Mittemeijer

Laboratory of Metallurgy, Delft University of Technology,
Rotterdamseweg 137, 2628 AL Delft, The Netherlands
*Now with ALCAN Int. Ltd. Banbury Laboratories,
Banbury, Oxon, England, OX 167 SP

Al, AlMg (0-16.5 at% Mg) and AlSi (0-20.2 at% Si) alloys were
rapidly quenched by melt-spinning. After precompaction of the ribbons,
a part of the densified material was degassed. Both degassed and
undegassed materials were consolidated by hot extrusion. The
microstructural morphology was examined by light-microscopical
analysis. Tensile properties of the extruded bars were determined both
in longitudinal and transverse directions. For comparison such tensile
testing was also applied to extruded conventionally cast materials of
identical compositions. In general, as compared to the conventionally
cast materials, melt-spun AlIMg alloys showed an inferior mechanical
behaviour, whereas melt-spun AlSi alloys exhibited an improved
mechanical performance. In the case of relatively large alloying-element
contents, degassing before extrusion led to inferior mechanical
properties. The main advantage of the rapid-solidification technique
appears to be the resulting ultrafine grain size and the very fine second-
phase dispersion. This offers possibilities for the processing of
aluminium based {(automobile) scrap.

1. Introduction

At present improved strength and/or
processing of aluminium-based scrap are
pursued in aluminium-alloy development.
By rapid quenching from the melt
metastable aluminium alloys can be ob-
tained, which, as compared to convention-
ally cast materials, can show'*™:

- decreased grain size;
- increased chemical homogeneity

(including extended alloying-element

solid solubilities);

- increased densities of lattice
imperfections (including quenched-in
excess vacancies).

Many techniques for liquid quenching have

been developed®. The relatively easily

accessible melt-spinning technique ylelds

cooling rates of the order 10° K/s. A

description of the microstructure of melt-

spun aluminium alloys is provided in

References 6 to 10.
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In general melt-spun ribbons (with a
thickness of 25-50 um and a width of about 2
mrn) cannot be used directly in practice. The
ribbons should be bonded together to obtain
a sound product. This process step of
consolidation should bring about intimate
contact between the ribbons (cf. "pressure
welding") such that the resulting density
(nearly) equals the theoretical density. (Hot)
extrusion could meet this requirement. In
such a process the main problem is to
preserve the profitable properties gained by
rapid solidification.

One of the advantages of the rapid
solidification technology discussed above
can be the ability to process aluminium-
based (automobile) scrap with no refining
and/or diluting steps. As a first step towards
understanding the rapid solidification
processing behaviour of commercial
aluminium’ alloys, binary AIMg and AlSi
alloys have been investigated in this work.

In the present paper we only present
results on tensile testing after consolidation.
A detailed description of the microstructure
before and after consolidation will be
presented elsewhere; however, in the present
discussion the basic microstructural
findings will be related to the tensile-testing
results.

2. Aspects of consolidation by extrusion of
aluminium alloys

2.1. Precompaction

To obtain a manageable specimen, pre-
compaction of melt-spun ribbons |is
necessary. For a rapid degassing after
precompaction, the utmost density to be
attained by precompaction equals about 85%
of the theoretical value (e.g. see References 11
to 14}. In the case of uniaxial compaction
friction between the press cylinder and the
ribbons can lead to undesired heterogeneity
of the density after precompaction'¥,
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2.2. Degassing

Aluminium-alloy specimens are nor-
mally covered with an oxide layer. These
oxides can be hygroscopic implying bonding
of HoO molecules to melt-spun ribbons of
aluminium alloys. Heat treatment could
cause release of H,O molecules and subse-
quently a reaction of the type

2 Al+ 3 HpO—AlO3+3Hy T

might occur, This could lead to blisters and,
eventually delamination of the extruded
product (e.g. see References 11, 13, 15 to 17).
An analogous problem occurs on sintering
aluminium powder (SAP)'*'® Degassing
until pressures in the range of 107-10°° atm
are reached, can avoid blister formation {(e.g, .
see Reference 20). However, at the
corresponding degassing temperature
microstructural changes can be induced
causing loss of mechanical strength.

2.3. Ram speed, extrusion ratio and
temperature

In general a load limitation and a tem-
perature limitation can be recognized. These
operating constraints can be represented in a
limit diagram, which, for example, can be
obtained by plotting (the logarithm of) the
maximal extrusion ratio as a function of
preheating (billet) temperature for specified
ram speeds”" (Figure 1). Note that speed,
deformation and temperature are interde-
pendent extrusion parameters.

The following remarks can be made:

- At a relatively low temperature upper
bounds for both extrusion ratio and ram
speed (in combination) exist as a conse-
quence of the finite press pressure
available: sticking in the extrusion con-
tainer should not occur. )

- At a relatively high temperature upper
bounds for both extrusion ratio and ram
speed {in combination) exist as a conse-
quence of heat production by energy dissi-
pation provoking undesired microstruc-



tural changes (e.g. excessive coarsening).
Ultimately, melting might occur, leading
to the “firtree cracking” appearance'??,

- An increase of ram speed decreases the
possible maximum extrusion ratio for any
temperature.

In practice temperature control of billets
to within (20-50) K is possible. Preheating
(billet) temperatures of (50-100) K below the
solidus temperature are employed®® Nor-
mally the ram speed cannot be precisely con-
trolled, in contrast with the extrusion ratio.
In poly-phase materials a high extrusion
ratio, but satisfying the constraints dis-
cussed above, leads to large deformation
gradients across the phase boundaries, pos-
sibly causing internal cracks. For
consolidation of melt-spun ribbons a low
extrusion ratio could imply insufficient con-
tact between the ribbons, cauéing porosity.
Extrusion ratios in the range of 10-50 are
employed 11, 15 to 17, 23, 24]

3. Experimental procedure
3.1. Melt-spinning

AlMg (0-16.5 at% Mg) and AlSi (0-20.2
al% Si) alloys were prepared from 99.998
wi% Al, 99.38 wt%Mg and 99.99 wt% Si.
Specimens in the form of ribbons {(thickness
25-50 um; width about 2 mm) were made by
melt-spinning in an air atmosphere. The
melt-spinning equipment (Figure 2) con-
sisted of a graphite crucible in a quartz tube
and a rotating copper wheel (diameter 294
mm; circumferential velocity 23.1-46.2 m/s).
The metal was melted by induction heating
and ejected through an orifice in the bottom
of the crucible (diameter 0.8 mm) onto the
cylindrical surface of the rotating wheel by
‘an overpressure (0.08 atm) of argon. The
molten metal temperature was chosen 100-
150 K ahove the equilibrium liquidus
temperature. The composition of the ribbons
produced was determined by chemical
analysis.

—= tn {extrusion ratio)

toad imitation

| —
extrusion impossible E,—_
N—

LUm temperature limitation
bad extrudate I

(cracks ; incipient melting)

at load available
|

field of extrudabitity

~—e preheat temperature

Fig. 1.

Limit diagram for extrusion. The load and
temperature limitations indicated hold for a
certain ram speed.

g quartz tube
94— argon
7 thermocouple
| Y
E E—'; graphite’ crucible
% melt
3

— ——= ribbon

wheel

Fig. 2.
Melt-spinning equipment.

3,2.VPrecompaction and canning

Precompaction of the ribbons was per-
formed by cold pressing in a steel cylinder
yielding cylindrical billets having densities
63-76% of the theoretical value. From each
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alloy at least 4 billets were produced.
Canning implied insertion of two billets in a
container made of AA6082 (0.7-1.3 wt% Si,
0.6-1.2 wt% Mg, <0.2 wt% Zn, <0.1 wt% Fe,
<0.1 wi% T4, balance Al).

3.3. Degassing

One of the canned billets for each alloy
investigated was degassed by vacuum
annealing, Degassing temperatures applied
were about 715 K and 730 K for the AIMg and
the AlSi alloys respectively. Degassing was
continued until pressures smaller than 2 x
107 atm were reached. After cooling to room
temperature enclosure of the billet was
achieved by electron-beam welding of a lid
onto the container.

3.4. Extrusion

Canned, degassed and undegassed, billets
as well as some uncanned undegassed billets
were hot extruded. Extrusion temperatures
employed were about 675 K and 725 K for the
AlMg and AISi alloys respectively.
Preheating of the specimens in the extrusion
container was applied to achieve a homoge-
neous temperature distribution within the
billets before extrusion. In particular for the
canned specimens it appeared necessary to
employ preheating times of at least 30 min. A
preheating time of 40 min. was employed
usually. The extrusion ratio usually
employed was 25 (with an extrusion speed of
about 1 m/min. corresponding to a ram speed
of about 7 cm/min.); in some cases an extru-
sion ratio of 44.4 was applied. After extru-
sion air cooling of the extruded bars
occurred.

For comparison conventionally cast
material® was extruded under analogous
conditions.

Specimens were prepared from Al, Mg and Si of
purity as indicated in section 3.1. by gravity-die
casting followed by annealing for 65 h at about 710 K
and 815 K for the AIMg and AlSi alloys respectively.

as

P#10mm

Fig. 3a.
Transverse-tensile specimen.

side-view

€

e —— . E

T

L 50mm
R:A5mm
€
- €
n
Fig. 3b.

Gripping jaw for transverse-tensile testing.

extrusion direction -—

500mm J

[ ribbon material
OZZZ2 canning material

Fig. 4.

Distribution of canning and ribbon
material; longitudinal section of extrudate.
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Transverse section of initial part of extru-
date showing poor bonding between ribbons.
Uncanned precompacted AlMg (2.3 at% Mg)
ribbons extruded with an extrusion ratio of
44 .4; optical micrograph.

3.5. Tensile testing

After removal, by machining, of the can-
ning material from the extruded bars, speci-
mens were prepared for tensile testing in
longitudinal and transverse directions.
Longitudinal-tensile specimens were
prepared according to DIN 50125 with a
length/diameter ratio equal to 10. Because of
the small diameter of the extruded bar
(usually 6 mm), transverse-tensile specimens
could not be made according to a standard as
mentioned above. Instead transverse-tensile
specimens were prepared following the
design presented in Figure 3(a);

Fig. 6b.
Transverse section of last part of extrudate
showing pores. Uncanned precompacted Al
ribbons extruded with an extrusion ratio of
44.4, optical micrograph.

corresponding gripping jaws for the tensile-
testing machine were made according to
Figure 3(b). An Instron tensile-testing
machine (Model TTCML MI 1.4.6.) was
applied. For each strength value presented
about 4 tensile experiments were performed.

4. Extrusion process

In the case of canned billets at the start of
the extrusion easy slip is possible between
can and billet. As a result the initial part of
the extrudate contains a relatively large
amount of ribbon material. At the end of the
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extrusion, as the ram approaches the die, the
"dead-metal region" is broken up and the
extrudate contains a relatively large amount
of canning material (Figure 4).

On extruding at first a compaction of the
(already precompacted) ribbons takes place
corresponding to a non-linear increase of
load. Poor bonding between the ribbons
occurs (Figure 5(a)).

In the final stages of the extrusion the
deformation can be that large that shear
along the interfaces between a ylelding, soft
(aluminium) matrix and unyielding, hard
second-phase (e.g. oxide/precipitate)
particles leads to porosity (Figure 5(b)).

At intermediate ("quasi-static”) stages of
extrusion the deformation process is such
that a continuous creatfon and destruction
of bonds between ribbons takes place,
accompanied by breaking up the oxide layers
at the ribbon surfaces, until normal shear
processes occur finally. To achieve a coher-
ent product on extruding ribbons, the redun-
dant work® for the extrusion will be larger
than that for the extrusion of massive con-
ventional castings.

Other energy terms involved are the work of
homogeneous deformation (characterized by the
logarithm of the extrusion ratio} and the work done
by the (extrusion-geometry dependent) friction
forces.

Longitudinal section of extrudate showing
reminiscences of former ribbon surfaces.
Canned precompacted AlSi (2.3 at% Si) rib-
bons extruded with an extrusion ratio of 25;
optical micrograph.
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The billets before extrusion exhibit a
random arrangement of the ribbons. During
extrusion the ribbons are stretched and
aligned roughly parallel to the extrusion
direction. This is suggested by lines parallel
to the extrusion direction in optical micro-
graphs of longitudinal sections which may
arise from fragmented remnants of oxide
films by etching (e.g. Figure 6). Furthermore,
the ratio of the ribbon thickness before
extrusion to the distance between these
parallel lines is approximately equal to the
square root of the extrusion ratio (Figure 7).
According to the process of homogeneous
deformation, this finding indicates that the
distance between the parallel lines can be
interpreted as the "ribbon thickness" after
extrusion.

The ribbon-straightening effect can be
considered as a consequence of a metal flow
in the longitudinal direction which is inho-
mogeneous over the transverse section, while
maintaining the ribbon morphology
(imagine tangled threads of wool being spun).

El ® Al
= & AlSi{10at % Si)
@ + AlSi(23at % Si)
&£ x AlMg (23at % Mg)
I 0 & AlMg(56at% Mg) + 4
5F
« 2
[ ]
0 L n
0 5 10
— degiclum)
Fig. 7.

The measured "ribbon thickness" after
extrusion, dmeas' versus the calculated one,
d.qice @s obtained from the division of the
ribbon thickness before extrusion by the
square root of the extrusion ratio.



Fig. 8.
Transverse section of extrudate showing
large recrystallized grains in surface layer.
Uncanned precompacted Al ribbons extruded
with an extrusion ratio of 44.4; optical
micrograrh.

Two undesired effects caused by
inappropriate extrusion conditions should
be indicated:
~ A surface layer of large recrystallized

grains may occur (Figure 8). In metals with
a high stacking-fault energy, such as
aluminium, recovery processes occur
during hot extrusion (dynamic recovery).
This recovery can be most distinct in the
surface region (also recognizing that the
extrusion-induced temperature rise is
largest in the surface region; cf. section
2.3.). Immediately after extrusion static
recrystallization occurs and large grains
develop at the surface (small residual
deformation].

Transverse section of extrudate showing a
micro-structure suggesting melting during
extrusion (see text). Uncanned precompacted
AlMg (16.5 at% Mg) ribbons extruded
employing a preheat temperature of about
725 K and an extrusion ratio of 44.4; optical
micrograph (phase contrast).

- Melting may occur. Energy dissipation
during extrusion could ultimately lead to
melting of the material to be extruded {cf.
section 2.3.). An example is shown in
Figure 9: precompacted AlMg (16.5 at% Mg)
ribbon material was extruded employing a
preheat temperature of about 725 K
(whereas the corresponding solidus
temperature equals about 740 K). After
extrusion no reminiscences of ribbon sur-
faces are discernable; the grains are equi-
axed and of about the same size. Also, the
load to be applied during extrusion was
relatively small.
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5. Tensile strength

The ultimate tensile strength in both the
longitudinal and the transverse direction
of the extruded bars, denoted by
oisand ojrs TESPEctively, is presented in
Figures 10(a)-(b) and 11(a)-(b) as a function
of the alloying-element content for the
AlMg and the AlSi system respectively. By
plotting c/d—rsversus GIJst an impression of
the anisotropy of the tensile strength is
obtained (Figures 12(a) and (b)). Each
tensile-strength value is based on about 4
testings; the corresponding standard
deviations are in the range (1-9) % with the
larger values occurring for the transverse
tensile strengths.

5.1. Strength as a function of alloying-
element content

AlMg alloys:

From the X-ray diffraction analysis (Debije-

Scherrer photographs) it followed:

- AlMg melt-spun ribbons were single-
phase: all Mg in solid solution.

- AIMg extrudates of only the alloy with the
largest amount of Mg of this investigation
(+16.5 at% Mg) clearly showed the
presence of a second phase (). This holds
for both melt-spun and conventionally
cast materials.

The initial increase of c’é—rs for AIMg as a )

function of Mg-content can therefore be
interpreted as due to solid-solution
strengthening. The precipitation of B-phase
particles during extrusion for large Mg-con-
tents has a detrimental influence on ¢'{rs
(Figure 10(a)).

The microstructure of the consolidated
ribbons, as revealed by optical microscopy,
showed that significant recrystallization
had occurred within the ribbons; only rarely
a recrystallized grain had grown across a
ribbon boundary, implying a deficient con-
tact between the constituents of the consoli-
dated product. Thus the ribbon boundaries,
‘composed of oxides (electron-microprobe

analysis indicated O presence and, as com- '

AlMg
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Ultimate tensile strength in longitudinal
direction, G/JTS, versus alloying-element
content for extruded AIMg alloys prepared
from either undegassed melt-spun ribbons,
or degassed melt-spun ribbons or conven-
tional castings.
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Ultimate tensile strength in longitudinal
direction, Glé-rs. versus ultimate tensile
strength in transverse direction, GLJ}TS. for
extruded AIMg alloys prepared from either
undegassed melt-spun ribbons, or degassed
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direction, Gt'rs' versus alloying-element
content for extruded AlSi alloys prepared
from either undegassed melt-spun ribbons,
or degassed melt-spun ribbons or
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melt-spun ribbons or conventional castings.
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pared to the matrix, Mg enrichment), can be
considered as weak places in the consoli-
dated product. Further the ribbons were
straighténed in the longitudinal direction
during extrusion (cf. section 4). Hence, the
qirs values for consolidated ribbons are
smaller than those for extruded
conventional castings (Figure 10(b)). Also the
precipitation of B-phase particles at rib-
bon/grain boundaries, for both melt-spun
and conventional material, particularly
affects °1ﬁ-rs (cf. Figure 10(a) vs. 10(b)). These
effects lead to marked anisotropy for the
tensile strength as indicated by Figure 12(a).

AlSt-alloys:

From the X-ray diffraction analysis (Debije-

Scherrer photographs) 1t followed:

- AlS{ melt-spun ribbons were two-phase:
an Al-rich phase (matrix) and a Si-rich
phase (finely dispersed particles). We have
shown earlier that by melt spinning a
maximal amount of 5 at% Si can be dis-
solved locally (at thin regions) of the rib-
bons produced (see Figure 3 of Reference 6).

- AlS|1 extrudates were two-phase such that
the Al-rich matrix contained an amount
of Si in solid solution approximately
equal to the maximal amount dissolved in
equilibrium at the preheating
temperature (+ about 0.5 at% Si).

The Increase of o’d-m for AlSi as a function
of Si-content can therefore be interpreted as
due to dispersion strengthening. As com-
pared to solid-solution strengthening (cf. the
above discussion for the AIMg extrudates),
dispersion strengthening is not only depen-
dent on composition but also on particle size
and spacing. This could serve to explain the
tendency for a plateau in the c/lfm curve, in
particular for extruded conventionally cast
material (Figure 11(a)}.

As a result of extrusion the grain size of
the matrix and the second-phase particle size
increased. However, compared to extruded
conventional castings, a smaller grain size
of the matrix and a smaller second-phase
particle size occurred in consolidated rib-
bons. This leads to a tensile strength for con-
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solidated melt-spun material which is sig-
nificantly larger than that for extruded
conventlonally cast material: improvements
as large as 50% occur (at about 20 at% Sf;
Figure 11(a)).

Oxide layers at melt-spun ribbon surfaces
were much less developed for AlSi alloys
than for AlMg alloys. It may therefore be
understood that, as compared to consoli-
dated AlMg ribbons, recrystallization across
ribbon boundaries had occurred more
frequently in consolidated AlSi ribbons,
implying a more intimate contact between
the constituents of the consolidated product
(cf. section 1). Therefore, with reference to
the transverse-tensile strength of extruded
conventional castings, the transverse-
tensile strength of consolidated ribbons can
be better for the AlSi alloys than for the
AlMg alloys. Further, analogous to the dis-
cussion of olde, the relatively small size of
the matrix grains and the second-phase
particles even can contribute to céTs values
larger for consolidated AlSi ribbons than for
extruded conventional AlSi castings (cf.
Figures 11(b) and 10(b); see also section 5.2.
for small Si-contents). In addition the
anisotropy of the tensile strength for
consolidated AlSi ribbons can be less out-
spoken than for consolidated AlMg ribbons
{cf. Figures 12(a) and (b)).

Fig. 13.
Longitudinal section of extrudate after heat
treatment showing pore development.
Uncanned (undegassed), precompacted AIMg
(2.3 at% Mg) ribbons extruded with an
extrusion ratio of 44.4; preheating time of 5
min. at 675 K; heat treated after extrusion
during 2 h at 705 K; optical micrograph.



5.2. Role of degassing

With respect to porosity ascribed to Hy

development (cf. section 2.2.) the following

observations were made:

- Extrudates of degassed melt-spun ribbons
did not show any porosity:

- Extrudates of undegassed melt-spun rib-
bons did not show any porosity in the case
a preheating time of 40 min. (cf. section
3.4.) was employed.

- Aheat treatment (e.g. 2 h at about 675 K)

after extrusion of both degassed and

undegassed ribbons did not cause porosity in

the case a preheating time of 40 min. was

employed'. However, in the case of a

preheating time of 5 min. severe porosity was

provoked (cf. Figure 13). .

It can be concluded that preheating before

extrusion can replace a (costly) degassing

procedure.

Some porosity was found in consolidated Al and AlSi
alloys with small amounts of Si (1.0 at% Si}.

Transverse section of extrudate from
undegassed AlSt ribbons. Canned, precom-
pacted AlSi (11.4 at% Si) ribbons extruded
with a extrusion ratio of 25; optical
micrograph.

Obviously porosity has a detrimental
effect on tensile strength. In accordance with
the above observation (see footnote),
improvement of {(in particular transverse!)
tensile strengths by degassing is expected
only for consolidated melt-spun Al and AlSi
alloys with small amounts of* Si. This
corresponds with the experimental result
(Figure 11(b)). The larger tensile-strength
values, ¢'grs and °zly-rs' for consolidated
degassed melt-spun ribbons of pure Al, as
compared to extruded conventionally cast
pure Al, may be due to oxides at the ribbon
boundaries (dispersion strengthening; cf.
Sintered Aluminium Powder].

The heat treatment corresponding to the
degassing procedure can lead to growth of
matrix grains and to precipitation and
coarsening of second-phase particles (e.g. see

Figure 14). Thus the degassing-induced

reduction in tensile strength experienced for
consolidated ribbons can be understood
(Figures 10(a) and 11(a)).

Transverse section of extrudate from
degassed AlSi ribbons. Canned, precom-
pacted AlSi (11.4 at% Si) ribbons extruded

-with an extrusion ratio of 25; optical micro-

graph. The degassing procedure implied a
heat treatment of 5 h at 725 K. Note the
coarser Si-rich phase particles, as compared
{o the specimen of Figure 14(a).
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6. Conclusions

1)

(11)

(111)

(iv)

v)

(vi)

(vii)

As compared to the extrusion of
massive conventional castings,
additional redundant work during
quasi-static extrusion is required to
achieve a coherent product from melt-
spun ribbons.

During extrusion the ribbons are
stretched and aligned roughly parallel
to the extrusion direction.

The ratio of the ribbon thickness
before extrusion to the ribbon
thickness after extrusion is
approximately equal to the square root
of the extrusion ratio, as prescribed by
the process of homogeneous
deformation.

Increases of tensile strengths of AIMg
and AlS1 extrudates, included by
increasing alloying-element contents,
are dominantly due to solid-solution
and dispersion strengthening
mechanisms respectively.

Infimate bonding between: the ribbons
by extrusion is less well obtained in
consolidated AlMg ribbons than in
consolidated AlSi ribbons. This is
considered as a consequence of the
difference in thickness of the oxide
layers occurring at the surfaces of the
ribbons.

The tensile strength of consolidated
AlMg ribbons is smaller than that of
extruded conventional AIMg castings.
This holds in particular for the
transverse-tensile strength; see also
conclusion (v).

The tensile strength of consolidated
AlSi ribbons can be significantly
larger (up to 50%) than that of extruded
conventional AlSi castings. This is
ascribed to the smaller matrix-grain

(viii)

(ix)

(x)

size and the finer dispersion of second-
phase particles occurring in the
consolidated ribbons.

The tensile strength of consolidated,
degassed (see conclusion (ix)) ribbons of
pure Al is significantly larger than that
of an extruded conventional pure Al
casting. This is caused by the oxides at
the ribbon boundaries (dispersion
strengthening).

Preheating before extrusion can -
replace a vacuum degassing procedure
normally applied to precompacted
billets of melt-spun ribbons.
Improvement of (transverse) tensile
strength as a result of degassing was
only observed for consolidated melt-
spun Al and AlSi alloys with small
amounts of Si.

Vacuum degassing at high temperature
leads to growth of matrix grains and/or
precipitation and coarsening of
second-phase particles. This has
appreciably detrimental effects on
tensile strengths.

Acknowledgements

The authors are indebted to Professor

B.M. Korevaar for stimulating discussions.

Mr

. P.F. Colijn assisted with the light-

microscopical analysis. Financial support

by

the Foundation for Fundamental

Research of Matter (FOM) is gratefully
acknowledged.



References

H. Jones, J.Mater Sci.. 19(1984)1043.
R.E. Maringer, SAMPE Q 12(1980)30.
R.E. Maringer and C.E. Mobley in: "Rapid
Solidification Processing"; Principles
and Technologies, R. Mehrabian, B.H.
Kear and M. Cohen (eds.}, Proc.Int.Conf.
on RSP, Reston, Virginia, USA, 1977, p.
208.

R. Delhez, L. Katgerman, Th.H. de
Keijser, E.J. Mittemeijer, P. van Mourik,
N.M. van der Pers, M. van Rooyen and
W.E. Zalm, Met.Powder Rep.
38(1983)450.

S.J. Savage and F.H. Froes, J.Metals
36(1984)20.

A. Bendijk, R. Delhez, L. Katgerman,
Th.H. de Keijser, E.J. Mittemeijer and

N.M. van der Pers, J.Mater.Sci.
15(1980)2803.
R. Delhez, Th.H. de Keljser, E.J.

Mittemeijer, P. van Mourik, N.M. van
der Pers, L: Katgerman and
W.E. Zalm, J.Mater.Sci. 17(1982)2887.
J.A. van der Hoeven, P. van Mourik and
E.J. Mittemeijer, J.Mater.Sci. Lett.
2(1983)158.

M. van Rooyen, N.M. van der Pers,
L. Katgerman, Th.H. de Keijser and
E.J. Mittemeijer in "Proc. 5th Int. Conf.
Rap. Quenched Metals", Wirzburg, West-
Germany; September 3-7, 1984, S. Steeb
and H. Warlimont, eds., p. 823.

10.

12.

13.

14.

15.

16.

17.

18.

19.

20.

21.
22,

24.

P. van Mourik, Th.H. de Keijser and
E.J. Mittemeijer, ibid, p. 899

. D.P. Vos, Research Report FB 79-34,

DFVLR, Cologne {1979).

T. Sheppard and P.J.M. Chare, Powder
Metall. 15(29)(1972)17. '

J.T. Morgan, H.L. Gegel, S.M. Dovaivelu,
L.E. Matson, LLA. Martorell and J.F.
Thomas, Jr. in "High-Strength Powder -
Metallurgy Aluminium Alloys" edited by
M.J. Koczak and G.J. Hildeman (TMS-
AIME, 1982)p. 193.

H.G. Paris, J.W. Mullins and T.H.
Sanders, Jr., ibid, p. 277.

J.P. Lyle and W.S. Cebulak, Met.Trans.
6A[1975)685.

M. Lebo and N.J. Grant, Met.Trans.
5(1974)1547.

J.P.H.A. Durand, RM. Pelloux and
N.J. Grant, Mater.Scil.Eng. 23(1976)247,
E.M. Modl-Onitsch, Aluminium
37(1961)724.

E.M. Modl-Onitsch, Powder Metall.
4(1959)120.
S.G. Roberts,
October, 1973.
T. Sheppard, Met.Technol. 8(1981)130.
J.N. Harris, "Mechanical working of

AMMRC CTR 73-33,

metals", Int.Ser. on Mat.Sci. and
Technol. vol. 36 (Pergamon Press,
Oxford, 1983).

. C.E. Mobley, A.H. Clauer and B.A.

Wilcox, J.Inst. Metals 100(1972)142.
O. Hunderi and T. Save, Scand.J. of
Metallurgy 10(1981)231.

57



Morphology and mechanical properties of
melt-spun and conventionally cast aluminium,
AlMg and AIlSi alloys before and after hot
extrusion

M. VAN ROOYEN, P. F. COLIUN, TH. H. DE KEIJSER, E. J. MITTEMEIJER
Laboratory of Metallurgy, Delft University of Technology, Rotterdamseweg 137,
2628 AL Delft, The Netherlands -

Rapidly solidified aluminium, AIMg (0 to 16.5at% Mg) and AIiSi (0 to 20.2at% Si) alloys
were produced by melt spinning. The AlMg ribbons were single-phase, whereas the AISi rib-
bons were dual-phase. In the ribbons of both alloy systems the fineness of the microstructure
increased with increasing alloying element content. The melt-spun ribbons were consolidated
by hot extrusion. For comparison, conventionally cast alloys of corresponding compaositions
were extruded analogously. During the extrusion process in AIMg (16.5at% Mg) and in the
AlSi alloys precipitation occurred. The consolidation of the ribbons was markedly influenced
by the oxide layer on the ribbon surfaces: in the AiSi consolidates a more intimate contact
between the ribbons was apparent than in the aluminium and AIMg consolidates. {n the
extrudates of the conventionally cast alloys the grains and second-phase particles were much
larger than in the consolidates. The observed dependence on alloy composition of hardness,
ultimate tensile strength and elongation at fracture of both consolidated ribbons and extruda-
tes of the conventionally cast alloys are discussed in terms of matrix grain size, solute content
of the matrix, amount and size of second-phase particles and recrystallization behaviour. Far
all compositions of the alloys the Vickers hardness of the as-melt-spun ribbons was higher
than that of the consolidated products, owing to recrystallization and precipitation provoked

-.by the hot consolidation process. The ultimate tensile strength as well as the elongation at
fracture of both consolidated ribbons and extruded conventionally cast alloys did not differ
significantly for AIMg. However, due to a finer microstructure and a stronger inter-ribbon
bonding, for AISi alloys with a high silicon content the rapid solidification processing route
did yield a product with significantly improved mechanical properties as compared with the
extruded conventionally cast alloys.

Various strengthening mechanisms can be utilized to
improve the mechanical properties of metallic mat-
erials [2]. Commonly one distinguishes

1. Introduction
Although there is a strong and global interest in rapidly
quenched metals, it has been stated recently [1]: “Unless
some way is found of effectively forcing the practical
aspects . . . eventually rapid quenching research will
die away and its bright promise will be denied”. In
particular, an investigation into possible applications
of rapidly solidified crystalline alloys is desired.

This paper deals with metastable crystalline liquid-

(a) work hardening,

(b) strengthening from grain refinement,
(c) solid-solution hardening,

(d) precipitation or age-hardening and
(€) dispersion hardening.

quenched (melt-spun) AlMg and AlSi alloys before-

and after compaction by hot extrusion. The mor-
phology and mechanical properties have been studied
and compared with those of conventionally cast
alloys.

By rapid quenching from the melt, aluminium alloys
can be obtained which exhibit, as compared to con-
ventionally cast alloys [3, 4],



(a) decreased grain size,

(b) increased chemical homogeneity,

(c) enhanced supersaturation of alloying elements
and vacancies and

(d) retention/appearance of non-equilibrium crystal
structures.

Hence, with reference to the strengthening mechanisms
mentioned, rapid-solidification technology can be
applied to the production of materials with improved
mechanical properties. However, rapid quenching
unavoidably leads to (half) products which are small
in at least one dimension. Consequently, the utiliz-
ation of liquid-quenched materials requires a con-
solidation process after solidification. Such a process
implies mechanical and/or thermal treatment, which
may cause deterioration of initially useful properties
of the material.

Hot extrusion is a frequently applied compaction
process. Then, in advance, a number of operations can
be carried out in succession:

(a) precompaction (to avoid an excessively large
extrusion chamber),

(b) degassing (occassionally necessary to prevent
development of hydrogen from adsorbed water) and

(c) preheating.

The extrusion process is controlled by many par-
ameters; the most important are

(a) extrusion ratio,

(b) working temperature,

(c) speed of deformation (ram speed) and

(d) frictional conditions at the die and container
wall.

A discussion of the pretreatments and the extrusion
process itself can be found elsewhere [5, 6).

The behaviour of the oxide layer on the ribbon
surfaces during the deformation process is of crucial
significance for the quality of the final product. In the
case of an ideal consolidation the oxide layers are
broken up and the oxide particles are finely dispersed
in the compact. This causes a strengthening effect [5].
The degree of dispersion obtained depends on the
adherence of the oxide layer to the ribbon surface; too
high a bond strength leads to an insufficient breaking-
up of the layer. This prevents intimate contact between
ribbons and diffusion welding across the boundaries is
impeded; a strong anisotropy of the mechanical
properties will result.

Hot working accelerates diffusion and recovery/
recrystallization processes. These processes affect the
structure and mechanical properties of the extrudates.

It is well understood that more complicated multi-
component (aluminium-base) alloys may show proper-
ties appropriate for special applications (e.g. [7]).
However, until now, the rationale for understanding
the relation between treatment and properties is
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generally lacking, and optimization is pursued in an
empirical way. In the present research project binary
AlMg and AISi alloys have been chosen as model
systems. These alloy systems allow evaluation of the
effectiveness of solid-solution strengthening and
dispersion  strengthening in rapid-solidification
processing.

2. Experimental details
2.1. Production and processing of melt-spun
ribbons

Melt-spun ribbons (thickness 25 to 50 um, width
about 2mm, cooling rate about 10°K sec™') were
prepared from pure aluminium, AIMg (2.6, 3.2, 5.6,
11.2 and 16.5at % Mg) and AlSi (1.1, 2.4, 4.6, 7.2,
11.4 and 20.2at % Si) using aluminium (99.998 wt %),
magnesium (99.38 wt %) and silicon (99.99 wt %).

Extrusion was performed at about 675K for the
AlMg alloys and at about 725K for aluminium and
the AlSi alloys, employing a preheating time of about
40 min. The extrusion ratio was 25 and the extrusion
speed was about 1 mmin~' (when taking into account
the associated densification this corresponds to a ram
speed of about 7cmmin~").

For comparison, conventionally cast aluminium
and alloys of corresponding compositions (AlMg: 3.2,
5.8, 11.2 and 17.0at% Mg; AlSi: 1.0, 2.3, 4.4, 8.0,
10.9, 14.4 and 19.0at% Si) were extruded under
identical conditions. For further details (melt-spinning
equipment, precompaction and canning) see van
Rooyen et al. [5].

2.2. Microscopy

Light microscopy (phase and interference contrast,
conical illumination and bright field) was performed
on longitudinal sections of the ribbons and on both
longitudinal and transverse sections of the extrudates,
using a Neophot-2 microscope (Carl Zeiss, Jena).
Depending on the type of alloy the specimens were
etched with Keller and Wilcox's reagent or electrolyti-
cally polished (Bath D2, Struers).

Scanning electron microscopy was applied using a
JEOL JXA 50A instrument.

Transmission electron microscopy was performed
with a Philips EM400 apparatus. Thin electron-
transparent regions of the ribbons were investigated.
Samples taken from the extruded bars were jet-electro-
polished (in a bath of 20% perchloric acid and 80%
ethanol) before examination in the microscope.

2.3. X-ray diffraction

Lattice parameter determinations were performed
using the Debye—Scherrer technique. For details see
Mittemeijer et al. (8].



TABLE | Alloying-clement (silicon) content of liquid-quenched
AISi alloys. Gross content determined by chemical analysis; dis-
solved content determined by lattice-parameter measurements

Gross content In solid solution

{at %) (at %)
1.1 0.9
24 1.2

1.2
7.2 20
1. 2.7
20.2 23

2.4, Hardness measurements

Hardness measurements were performed according to
DIN 50133 applying a Leitz Durimet micro-Vickers
hardness tester. The hardness measurements were
carried out on longitudinal sections. To obtain reliable
hardness values the distance between the centre of the
indentation and the nearest edge of the specimen
should be at least 2.5 times the average length of the
diagonals of the diamond indentation. Therefore,
when testing sections of the thin ribbons, a load of
only 10g was applied. Consolidates of aluminium,
AlMg and AlSi alloys were tested on longitudinal
sections of the extruded bars using loads of 50 and 25 ¢
respectively.

2.5. Tensile testing

After removal by machining of the canning material
from the extruded bars, specimens were prepared for
tensile testing. The (longitudinal) tensile specimens
were prepared according to DIN 50125 with a length/
diameter ratio of 10. At least four specimens of each
alloy were tested on an Instron tensile-testing machine
(Model TTCML MI 1.4.6.).

3. Results and discussion

In a preceding paper [5] attention was paid to the
extrusion process itself, including a (geometric) des-
cription of the bonding, stretching and alignment of the

10 um

TA

Figure 2 Longitudinal section of an AlMg (11.2at % Mg) ribbon
(etched with Keller and Wilcox's reagent: optical micrograph:
bright field). Arrow indicates spinning direction.

ribbons. Further, the benefits of an (in practice costly)
degassing procedure (see Introduction) were examined.
It was found that, under the present conditions. the
preheating procedure applied was sufficient to obtain
a sound product. An additional degassing in fact led
to deterioration of the mechanical properties [5].
Therefore, in this paper results are reported only on
undegassed materials.

3.1. Composition of ribbons and extrudates
The melt-spun AIMg ribbons were single-phase: all
magnesium was in solid solution. However. the melt-
spun AlSi ribbons were dual-phase (see Table 1 for the
amount of silicon dissolved in the aluminium matrix).
From a theoretical point of view it can be expected
that the critical cooling rate above which the alloy
solidifies as a single phase is higher for AlSi than for
AlMg [9].

In the extruded AlMg alloys (both melt-spun and
conventionally cast) with about 3 and Sat % Mg, no

Figure 1 Longitudinal section of a pure aluminium ribbon (elec-
trolyticaly polished; optical micrograph with interference contrast).
Arrow indicates spinning direction.

Figure 3 Longitudinal section of an AIMg (16.5at % Mg) ribbon
(etched with Keller and Wilcox’s reagent; optical micrograph:
bright field). Arrow indicates spinning direction.
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Figure 4 Longitudinal section of an AlSi (7.2 at % Si) ribbon (etched
with Keller and Wilcox's reagent; optical micrograph: conical
illumination). Arrow indicates spinning direction. Note zone of
ultrafine columns in central region of the section.

trace of a second phase could be found. Optical micro-
graphs of extrudates of AIMg alloys with about
11at% Mg clearly showed small precipitates at grain
boundaries (e.g. Figs 9¢ and | 1c below). These grain-
boundary precipitates are thought to develop during
cooling of the extruded bars. In all extrudates of the
16.5at % Mg alloy a homogeneous precipitation was
observed by optical microscopy (see Fig. 9d below).
X-ray diffraction demonstrated the presence of the f§
phase (about Al;Mg;). According to the phase diagram
and the extrusion temperature applied for this alloy, the
B phase already starts to precipitate during extrusion.

The aluminium-rich matrix of the AlISi extrudates
of both melt-spun and conventionally cast materials
contained a small amount of dissolved silicon (about
0.5at %). Apparently, at the extrusion temperature,
precipitation had occurred until the equilibrium solu-
bility was reached.

3.2. Morphology of the melt-spun ribbons
Typical examples are shown in Figs | to 4. In general,
three zones can be discerned in the ribbons:

(i) Chill zone. Obviously, the highest cooling and
solidification rates occur at the wheel side. This leads
to very small crystallites in this region (showing
light-microscopical

sometimes an even “featureless”

’h‘?\‘:ﬁ
?’

uf“

fe?fi,.,
¢
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appearance) and the largest amount of dissolved
alloying element (e.g. {10, 11]). Also. the structural
imperfection as determined by X-ray diffraction line-
broadening analysis is largest in the chill zone [12].
Further, the nearby presence of the heat sink induces
a local thermal gradient perpendicular to the wheel
surface, and this serves to explain an initial develop-
ment of grain boundaries in the direction of the wheel-
surface normal (Fig. 2).

(ii) Columnar grain zone. The unidirectional heat

flow condition in the puddle leads to columnar grains.
It has been shown [13, 14] that with respect to the
spinning direction, the thermal gradient in the puddle
has an inclination in the reverse direction whereas
near the solid-liquid interface the gradient of con-
stitutional undercooling has a forward inclination.
This could explain the occurrence of columns inclined
forward with respect to the spinning direction. This is
supported by Figs | to 3: in the case of (almost pure)
aluminium there is (almost) no constitutional under-
cooling and therefore (almost) no column inclination,
whereas for the AIMg ribbons the inclination increases
with increasing magnesium content (i.e. increasing
width of the solidus-liquidus gap). This columnar
zone is also present in the AlSi ribbons, but can hardly
be recognized because of the ultrafine grains (Fig. 4).

(ii1) Equiaxed grain zone. The presence of equiaxed
crystallites in the top layer is ascribed to a relatively
slow heat transfer. This leads to nucleation in the
liquid. In combination with convection in the liquid,
equiaxed grains develop which are randomly oriented.
Consistent with this conception, Fig. 5 shows that a
slow heat transfer (because of an air bubble between
the ribbon and the cooling wheel) indeed leads to a
relatively thick layer of equiaxed crystallites.

Constitutional undercooling will also play an
important role in the formation of the top layer of
equiaxed crystallites [10]. Within this context Fig. |
serves as an additional indication: in pure aluminium
no constitutional undercooling occurs, and no top
layer of equiaxed grains is observed.

The solidification history of melt-spun ribbons,
showing the three-zone morphology, implies that
segregation of alloying elements occurs in particular
in the central region. This was demonstrated recently
{10}

":@;\wgyz «\é@
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Figure 5 Longitudinal section of
an AlMg (16.5at % Mg) ribbon
<, © (electrolytically polished; optical
micrograph: bright field). At the
w1 location where an air bubble was
n,“‘ ; ’,%v;;m‘ enclosed (arrow) between ribbon
LRSS and wheel, the chill zone is absent.



Figure 6 Transmission electron micrograph (bright field) of an AlSi
(4.6a1 % Si) ribbon, viewed in the direction of the surface normal.
Note the small silicon particles.

The increased fineness of microstructure, the increase
of the amount of randomly oriented crystallites and the
decrease of distinctness of preferred orientation with
increasing alfoying element content can be due to the
hindrance of preferred growth by micro-segregation
(AlIMg) and/or second-phase particles (AlSi), both at
grain boundaries.

The microstructure of the AlSi ribbons is much finer
than that of the AIMg ribbons (cf. Figs 2 and 4): the
second-phase silicon particles are very effective struc-
~~ture refiners (see also Fig. 6).

3.3. Morphology of the extrudates

3.3.1. Aluminium

Optical and transmission electron micrographs of
extruded pure aluminium ribbons are shown in Figs
7a and b, respectively. Under the present conditions of
extruding aluminium ribbons, the oxide layer, orig-
inally present on the ribbon surfaces, remains more or
less intact (Figs 7a and b). The slightly fragmented
oxide layer hinders intimate contact between the
metallic bodies of the ribbons during extrusion. As a
result, grain-boundary migration rarely occurred
across the ribbon interfaces. In later stages of grain
growth the grain boundaries within the ribbons
extended from ribbon interface to ribbon interface
and advanced in lateral directions (Fig. 7a).

As indicated by the oxide layers at the ribbon inter-
faces, during extrusion the ribbons are stretched and
aligned roughly paralle!l to the extrusion direction
(Fig. 7a, see also van Rooyen et al. [S]).

The oxide-layer barrier to grain growth is obviously
absent for the conventionally cast aluminium, and
hence very large crystals develop (Fig. 8; note the
difference in magnification between Figs 7a and 8). It
can reasonably be expected that on hot extrusion of
both melt-spun and conventionally cast aluminium
dynamic recovery occurs [15], and thus the observed
recrystallization/grain growth was dominant during
cooling after extrusion.

3.3.2. Aluminium-magnesium

Micrographs of extruded AiMg ribbons are shown in
Figs 9a to d. As compared to extruded ribbons of pure
aluminium, AIMg has thicker oxide layers at the rib-
bon interfaces: electron microprobe analyses showed
that at these locations a large amount of oxygen is
present and that the Mg/Al ratio is significantly larger

Figure 7 (a) Longitudinal section of consolidate of pure aluminium ribbons (electrolytically polished; optical micrograph: interference
contrast). (b) Transmission electron micrograph (bright field) of consolidate of pure aluminium ribbons. Arrows indicate oxide layer.
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than in the bulk. (In view of the oxide layer thickness
and the microprobe spot size only semi-quantitative
analyses were possible.) The latter observation agrees
with results obtained in an investigation of the oxi-
dation of conventionally cast aluminum alloys [16]. It
can be concluded that during extrusion of AlMg
ribbons no sufficient fragmentation of oxide layers
occurred to establish a predominantly metallic contact
between the ribbons.

In particular, for magnesium contents larger than
about 3at% dynamic recrystallization occurred
during extrusion (a further discussion is given in
Section 3.4.1.2.). The grain growth was generally
restricted to within the (former) ribbon surfaces, as a
consequence of the presence of the oxide layers. Grain
growth is retarded by the solute-drag effect: the larger
Figure 8 Longitudinal section of extruded conventionally cast pure the amount of magnesium atoms dissolved, the smaller
aluminium (electrolytically polished: optical micrograph: inter- the final grain size (Figs 9a to d). This distinct effect is
ference contrast). also clearly apparent in the microstructures of the
extruded conventionally cast alloys (Figs 10a to d). In
the latter case the grain growth is obviously not
impeded by oxide layers.

=

Figure 9 Longitudinal sections of consolidates of AlIMg ribbons. (a) 2.6at % Mg; etched with Keller and Wilcox’s reagent; Optigul
micrograph: interference contrast. (b) 5.6at % Mg; electrolytically polished: scanning electron micrograph. (c) {1.2a1 % lMg: el.Ched with
Keller and Wilcox's reagent; optical micrograph: conical illumination. (d) 16.5at % Mag;: electrolytically polished: optical micrograph:
interference contrast.
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figure 10 Longitudinal sections of extruded conventionally cast AIMg alloys. (a) 3.2at % Mg; electrolytically polished; optical micrograph:
mlgrference contrast. (b) 5.8at % Mg; elecirolytically polished; optical micrograph: interference contrast. {c) 11.2a1 % Mg; electrolytically
polished; optical micrograph: interference contrast. (d) 17.0at % Mg; electrolytically polished; optical micrograph: interference contrast.

Figure 1] Transmission electron micrograph (bright fieid) of con-
solidate of AlMg (3.2at% Mg) ribbons. Note contrast due to
dislocations.

The development of numerous second-phase par-
ticles during extrusion of the AlMg (16.5at % Mg)
alloy (see Section 3.1) provides an additional grain-
growth impeding factor as evidenced by a comparison
of grain-size differences between Figs 10a to ¢ and
Fig. 10d.

In contrast with the aluminium ribbons, the AIMg
ribbons exhibit after extrusion more X-ray diffraction
line-broadening (Debye-Scherrer phtographs) than
before. This corresponds with the presence of many
deformation-induced dislocations (cf. Fig. 11 and
Fig. 7b). The dissolved magnesium atoms form effec-
tive obstacles to dislocation movement.

3.3.3. Aluminium-silicon

Micrographs of extruded AlSi ribbons are shown in
Figs 12a to d. As in the case of the ribbons, all
extrudates are dual-phase: silicon particles at grain
boundaries and within grains of the aluminium matrix
are clearly visible (see also Fig. 13). With reference to
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the melt-spun ribbons, the size of the silicon particles
in the extrudates is much larger (cf. Figs 6 and 13). Rib-
bon interfaces are only slightly visible after etching,
implying that, as compared with the AlMg alloys, a
much more intimate contact between the ribbons was
established by extrusion. (In this connection it can be
remarked that oxidation of AIMg leads to porous,
thick oxide layers, whereas oxidation of AlSi results in
seclusive, thin oxide layers [16].) Furthermore, the
grain size of the AISi consolidates decreases with
increasing silicon content and is much smaller than
that of the AIMg consolidates. This result can be
ascribed to grain-boundary pinning by second-phase
particles during extrusion, whereas the AIMg alloys
were single-phase during extrusion (except the AIMg
(16.5at % Mg) alloy).

Obviously, the matrix grain sizes and the second-
phase particles are much larger for the extruded con-
ventionally cast than for the extruded liquid-quenched
AlSi alloys (Figs 14a to d). In the conventionally cast
AlSi (20.2at % Si) alloy, very large taceted primary
silicon particles are present (Fig. 14d). During the
deformation process the interaction between these
relatively hard and brittle particles and the relatively
soft and ductile matrix can lead to porosity at the
interfaces, as can be seen in Figs [4d and 15.

3.4. Mechanical properties
3.4.1. Aluminium-magnesium
3.4.1.1. Hardness. The hardness of the melt-spun
AlMg ribbons as a function of magnesium content is
presented in Fig. 16. All magresium is in solid sol-
ution after liquid quenching (Section 3.1). Hence, the
increase of hardness with increasing magnesium con-
tent can be ascribed to solid-solution strengthening.
Guinier-Preston (GP) zone formation during ageing
at room temperature can contribute to the enhanced
hardness increase observed for the AlMg (16.5at %
Mg) alloy. This GP-zone formation occurs significantly
for magnesium contents larger than about 10at %
(1.

The increase of the flow stress, At, due to misfitting
solute atoms, can be represented [18} by

At = LpeC'?

where p = shear modulus, ¢ = linear misfit par-
ameter and C = solute atom concentration. The
hardness is proportional to the flow stress [19]. Then,
in the case of solid-solution hardening, a linear relation
would occur between hardness increase and the square
root of solute atom concentration. This is indeed
observed for the AIMg ribbons, where no significant
GP-zone formation occurred (Fig. 17). The deviation
observed for the AIMg (16.5at % Mg) alloy can be
due to the presence of GP zones (see above discussion).

The AlMg ribbon extrudates are dominantly single-
phase, except for the AIMg (16.5at % Mg) alloy (see
Section 3.1). Thus solid-solution strengthening again
explains the hardness increase observed on alloying
(Fig. 16). However, as compared with the liquid-
quenched state, the pronounced increase of grain size
provoked by extrusion (cf. Figs 2 and 9¢c) leads to a
general decrease of hardness (Fig. 16). This hardness
decrease is most pronounced for the AIMg (16.5at %
Mg) alloy, which is attributed to the precipitation of
(coarse) f particles in (only) this alloy during extru-
sion (cf. Figs 3 and 9d).

3.4.1.2. Tensile properties of extrudates. The ultimate
tensile strength as a function of magnesium content is
shown in Fig. 18. In accordance with the discussion in
Sections 3.1 and 3.3 the initial increase in tensile
strength is ascribed to solid-solution strengthening. At
higher magnesium contents, precipitation of f par-
ticles at (former) ribbon/grain boundaries (Fig. 9d)
affects the tensile strength. As discussed in Section
3.3.2, hardly any grain growth across the original
ribbon surfaces had occurred, implying an insufficient
bonding of the constituents in the consolidated
product. As a consequence the tensile strength of the
consolidated ribbons is not better (and in transverse
directions even worse [5]) than that of the extruded
conventional castings (Fig. 18).

The elongation at fracture is presented in Fig. 19
as a function of magnesium content. Initially, the
elongation decreases with increasing magnesium con-
tent and a minimum occurs at about 3at % Mg. For
larger magnesium contents the elongation increases,
reaches a plateau value, and eventually declines rapidly.
This peculiar behaviour may be explained as follows.

-In pure aluminium, recovery processes occur during

hot extrusion (dynamic recovery). This has been

ascribed to a high stacking-fault energy [15]. As a
result a relatively high ductility is observed. Indi-
cations exist that alloying with magnesium lowers
the stacking-fault energy [20] (but see discussion in
Sheppard et al. [21]). It can then be anticipated that a
less pronounced recovery occurs during extrusion
(compare Figs 11 and 7b). Consequently, the ductility
after hot extrusion continuously decreases with
increasing magnesium content. Apparently the
decrease of grain size on alloying with magnesium
compensated only partly for this effect. Ultimately, on
increasing the magnesium content, dynamic recrystal-
lization is provoked which corresponds with an increase
of the ductility. The appearance of B particles at
ribbon/grain boundaries after extrusion at high mag-
nesium contents is obviously accompanied by a low
ductility.



Figure 12 Longitudinal sections of consolidates of AlSi ribbons. (a) 1.1 at % Si; electrolytically polished and subsequently etched with Keller
and Wilcox's reagent; optical micrograph: interference constrast. (b).4.6at % Si; electrolytically polished and subsequently etched with
Keller and Wilcox's reagent; optical micrograph: interference contrast. (¢) 11.4at % Si; electrolytically polished and subsequently etched
with Keller and Wilcox's reagent; optical micrograph: interference contrast. (d) 20.2at% Si; unetched; optical micrograph: conical

illumination.

Figure 13 Transmission electron micrograph {bright field) of con-
solidate of AISi (I.3at % Si) ribbons.

3.4.2. Aluminium=-silicon

34.2.1. Hardness. All AlSi ribbons are dual-phase
after liquid quenching. The maximal amount of dis-
solved silicon occurs at about the eutectic composition
(Table I and Bendijk er al. [11]). Both solid-solution
and dispersion strengthening mechanisms explain the
hardness increase observed on alloying with silicon,
with a relatively important contribution of solid-
solution strengthening for the lower silicon contents
(Fig. 20).

For ribbon extrudates, the amount of silicon dissol-
ved in the aluminium matrix is approximately equatl to
the maximal amount dissolved in equilibrium at the
preheat temperature (equal to about 0.5at % Si; see
Section 3.1.). Consequently, as compared with the
liquid-quenched state, the contribution of solid-solu-
tion strengthening to the observed hardening is much
smatler. Further, a coarsening of the dual-phase
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Figure 14 Longitudinal sections of extruded conventionally cast AlSi alloys. (a) 2.3 at % Si; etched with Keller and Wilcox's reagent; optical
micrograph: interference contrast. (b) 8.0at % Si; etched with Keller and Wilcox's reagent; optical micrograph: interference contrast. (c)
14.4at % Si; etched with Keller and Wilcox's reagent; optical micrograph: interference contrast. (d) 19.0at % Si; etched with Keller and
Wilcox's reagent; optical micrograph: interference contrast. Arrow indicates void; sce also Fig. 15.

microstructure is induced by extrusion (cf. Figs 6 and
12b). Both effects serve to explain the general decrease

of hardness observed after extrusion (Fig. 20).

Figure 15 Longitudinal section of extruded conventionally cast AlSi
(19.0at % Si) alloy (etched with Keller and Wilcox's reagent; optical

micrograph: interference contrast). Note the porosity.

3.4.2.2. Tensile properties of extrudates. The ultimate
tensile strength is shown in Fig. 21 as a function of
silicon content. As discussed above for the dependence
of hardness on silicon content, strengthening in the
AlSi extrudates mainly stems from the dispersed silicon
phase; only 0.5at % Si is dissolved in the matrix after
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Figure 16 Microhardness of (a) ribbons and (M) consolidates of
AlMg as a function of gross magnesium content.
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extrusion. In contrast with the AIMg extrudates, for
the AISi extrudates (in particular those with a high
silicon content) the tensile strength of extruded rib-
bons is significantly larger (up to 50%) than that of
extruded conventionally cast material. This difference
between AlMg and AISi extrudates originates (see
Section 3.3.3.) from

(1) the moderate coarsening of the AlSi microstruc-
ture on extrusion, where the final microstructure of
the AlSi extrudates is much finer for the ribbon material

and 14d; note the difference of magnification); and
(i) a strong bonding between the consolidated
ribbons.

The elongation at fracture of the consolidated
materials decreased on alloying with silicon. The
elongations at about 20at % Si were 12 and 4% for
the extruded ribbons and the extruded conventionally
cast materials, respectively. This difference, too, can
be considered as a result of the relatively small grain
size occurring in the consolidated ribbon material (see

than for the conventionally cast material (cf. Figs 12d  above).
T T T
©
o
=
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©
N Figure 18 Ultimate tensile strength, oyrs.
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extruded conventional castings of AIMg as
a function of gross magnesium content.
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Figure 19 Elongation at fracture, &,. of (B)
1 consolidated ribbons and (@) extruded
conventional castings of AIMg as a func-
tion of gross magnesium content.

Mg (at %)

4. Conclusions
4.1. Composition

1. In the as-liquid-quenched condition the AlMg
alloys were single-phase, whereas the AlSi alloys were
dual-phase.

2. After consolidation the composition of the
aluminium-rich phase of the AlMg and AIlSi ribbon
material corresponded with the equilibrium solid
solubility of the alloying element at the extrusion
temperature.

3. Oxide layers at the ribbon surfaces were more
pronounced for AIMg than for AlSi.

4.2. Morphology

1. As a combined result of heat-flow conditions and
constitutional undercooling, in general the melt-spun
alloys exhibited a three-zone morphology.

2. On extruding ribbon material, coarsening of the
microstructure occurred with the growth of grains
(AIMg and AlSi) and second-phase particles (AISi).
Grain growth was restricted mainly to within the
original ribbon surfaces.

3. The microstructure became finer with increasing
alloying-element content. This can be ascribed to
solute-drag effects (in particular for AIMg) and the
pinning of grain boundaries by second-phase particles
(in particular for AISi).

4. Second-phase particles as in AlSi are very effective
structure refiners.

5. The microstructure of extruded ribbon material
was much finer than that of extruded conventionally
cast material of corresponding composition.
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4.3. Hardness

1. The hardness of the AlMg ribbon material
increased with increasing magnesium content as a
result of solid-solution strengthening, implying a
linear relation between the hardness and the square
root of solute-atom concentration. The extrusion-
induced increase of grain size contributed to a signifi-
cant decrease in hardness.

2. The hardness of the AlSi ribbon material increased
with silicon content as a result of both dispersion
strengthening and solid-solution strengthening. The
extrusion-induced increase of grain size and the
progress of precipitation/coarsening of the second
phase contributed to a drastic decrease in hardness.

4.4. Tensile properties

1. The increase of the tensile strength of consoli-
dated AlMg and AlSi ribbon material with increasing
alloying-element content is predominantly caused by
solid-solution and dispersion strengthening respect-
ively.

2. Relatively thick oxide layers (as with AlMg)
hinder an intimate metallic contact between ribbons
on extruding, which affects the tensile strength.

3. The decrease and subsequent increase of the
elongation at fracture on increasing the alloying-
element content in extruded AIMg alloys is ascribed to
the predominance of either dynamic recovery (below
about 3 at % Mg) or dynamic recrystallization (above
about 3at % Mg).

4. In contrast to the extruded AIMg ribbon material,
the tensile strength of extruded AlSi ribbon material
was significantly larger than that of extruded conven-
tionally cast material of corresponding composition.
This difference was most pronounced at higher
amounts of alloying element (tensile-strength improve-
ment of 50% at about 20at % Si).
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ABSTRACT

The effect of the addition of strontium on
the morphology, microstructure and hardness
of melt-spun Al-Si ribbons as well as on the
morphology, hardness and tensile properties
(in both the longitudinal and the transverse
directions) of the ribbon consolidates (hot
extrusion) was investigated.

Longitudinal sections of Al-Siribbons both
without strontium and with strontium showed
three zones: a chill zone at the wheel side with
primary aluminium dendrites grown more or
less perpendicular to the wheel surface, a
central zone consisting of a submicroscopic
eutectic with randomly distributed primary
aluminium dendrites and a top zone of a sub-
microscopic eutectic with primary silicon
crystallites. For the ribbons with strontium,
the primary aluminium dendrites were coarser
while, in the chill zone of the ribbons without
strontium, silicon particles were identified.

Optical microscopy and X-ray diffraction
analyses indicate that the addition of stronti-
um led to a much finer and more homogeneous
structure with-respect to grain size, preferred
orientation, lattice defects and solid solubility.

The mechanical properties of the consoli-
dates were examined by tensile testing and
hardness measurements. Chopping of the
ribbons and subsequent extrusion eliminated
the anisotropy of mechanical properties; that
is, the transverse properties were substantially
improved. Ultimately, structure refinement
" due to liquid quenching in conjunction with
strontium modification led to both an increase
of about 85% in tensile strength and an in-
crease of about 300% in ductility compared
with extruded conventionally cast material
with a corresponding silicon content. However,
it is probable that, because of the process of
consolidation, about half of the innate strength
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improvement reached as a result of rapid
solidification and strontium modification has
not been utilized yet.

1. INTRODUCTION

The mechanical properties of metallic
materials can be improved in various ways.
Grain refinement can in principle bring about
an increase of both strength and ductility
[1, 2}

Rapid quenching from the melt of alumin-
ium-based alloys, as for example achieved by
melt spinning, praduces very fine grains as a
result of a large undercooling on solidification
[3, 4]. However, as a consequence of the high
cooling rate required, at least one dimension
of the rapidly quenched product is very small.
For practical purposes a subsequent compac-
tion treatment is necessary. Consolidation can
be obtained by (hot) extrusion. Then, because
of the elevated temperatures involved, an
undesired coarsening of the microstructure
can occur, leading to a partial loss of the initial
gain of mechanical strength. Nevertheless, the
alternative route of manufacturing by rapid
solidification processing has potentials for a
net improvement of the mechanical properties
compared with those of conventionally cast
material; for example, an increase of 50% in
the ultimate tensile strength was obtained for
Al-20at.%Si [5, 6].

It is well known that the mechanical per-
formance of conventionally cast Al~Si alloys
can be enhanced by adding a very small
amount of strontium to the melt [7]. This
so-called modification arises from the refine-
ment of the microstructure.

The present study proposes a combination
of “chill modification” (by melt spinning) and
“impurity modification” (by the addition of



strontium) as a means of enhancing progres-
sively the microstructural refinement and thus
the mechanical properties of the alloys.

Melt spinning and subsequent extrusion of
the as-melt-spun ribbons leads to extrudates
exhibiting significant anisotropy of the me-
chanical properties [5]. In the present work,
isotropic mechanical properties are aimed at
by chopping the melt-spun ribbons before
extrusion.

2. EXPERIMENTAL PROCEDURES

2.1. Production and consolidation of
melt-spun ribbons

The Al-18.7at.%Si-0.031at.%Sr alloy was
prepared from 99.998 wt.% Al, 99.99 wt.% Si
and the master alloy Al-3.5wt.%Sr. Melt
spinning was performed in an air atmosphere;
the metal was melted in a graphite crucible
by induction heating and ejected through an
orifice in the bottom of the crucible (diameter,
0.9 mm) onto the cylindrical surface of a
rotating copper wheel (diameter, 294 mm;
circumferential velocity, 30.8 m s™1). For
further details, see ref. 5. A granulator was
used for chopping a part of the ribbons into
small pieces with an average length of about
5 mm.

The unchopped ribbons were precompacted
to billets with a relative density of about 67%.
Before extrusion, preheating occurred in the
extrusion chamber for 30 min at 725 K. A
degassing procedure was unnecessary; it would
cause the properties to deteriorate (by coars-
ening) [5]. Extrusion was also carried out at
725 K with an extrusion ratio of 25. The ex-
trusion speed was about 1 m min~?, which
corresponds to a ram speed of approximately
7 em min~L. The chopped ribbons were put
in the extrusion chamber immediately after
chopping; preheating and extrusion were
executed as for the unchopped material.

2.2. Characterization of the microstructure

2.2.1. Microscopy

Optical microscopy analysis was performed
on longitudinal sections of ribbons and extru-
dates using a Neophot-2 microscope (Carl-
Zeiss, Jena). For etching, a modified Keller
and Wilcox’s reagent was applied (2%HCI-
4%HNO;-1%HF-H,0). )

Scanning electron microscopy was per-
formed with a JEOL JSM 840 instrument.

2.2.2. X-ray diffractometry

Specimens for X-ray diffraction analysis con-
sisted of a number of ribbons placed parallel
to each other, parallel to the spinning direction
and with either all wheel or all upper sides
exposed to the X-rays. The small effective
penetration depth of the X-rays with respect
to the total ribbon thickness allows detection
of differences between the microstructure of
the wheel sides and that of the upper sides of
the ribbons.

{111} pole figures of the aluminium-rich
phase were determined according to the
Schulz reflection technique using a Siemens
Licke-type texture goniometer, applying Cu
Ko radiation.

Line profiles were recorded using a Siemens-
type D500 diffractometer (Cu Ka) and a
Siemens-type Fw diffractometer (Cr Ka), both
equipped with a graphite monochromator in
the diffracted beam. The radiation applied
was chosen so that large-angle reflections of
the silicon- and aluminium-rich phases could
be analysed. Instrumental aberrations affecting
the broadening and peak position were cor-
rected by applying standard specimens of
silicon and aluminium with no deformation
and of high purity.

For the ribbons the line-broadening param-
eters were derived from the A1{222} reflec-
tions (Cr Ka) and Si{311} reflections (Cu K«)
using the Voigt deconvolution method [8].
The lattice parameters were obtained from the
Al{222} reflection (Cr Ka), after correction
for background and after elimination of the
o, component; the peak position was deter-
mined by fitting a parabola to the top of the
ay profile.

Further, longitudinal sections of the extru-
dates were investigated. For the aluminium-
rich phase both the line-broadening parameters
and the lattice parameters were derived from
A1{420} reflections (Cu Ka), while for deter-
mination of the line-broadening parameters of
the silicon-rich phase the Si{531} reflection
(Cu Ka) was analysed.

2.3. Differential scanning calorimetry

The precipitation behaviour of the melt-
spun material was analysed with a Perkin-
Elmer DSC-2 differential scanning ¢alorimeter.
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The effective activation energy was deter-
mined by application of the Kissinger [9]
method employing heating rates of 5, 10, 20
and 40 K min™. For a justification of the
application of the Kissinger method to solid
state transformations, see ref. 10.

2.4. Mechanical properties

2.4.1. Hardness

The hardness was measured from longitudi-
nal sections of ribbons and extrudates using a
Leitz Durimet Vickers microhardness tester.
The measurements were performed according
to DIN Standard 50133 [11], employing a
load of 10 gf. For each hardness value, at least
ten measurements were made.

2.4.2. Tensile strength

Tensile specimens in both the longitudinal
and the transverse directions of the extruded
bars were prepared by machining. The longi-
tudinal test bars were made according to DIN
Standard 50125 [12] with a length-to-diam-
eter ratio of 10. The preparation of the trans-
verse test bars is described in detail in ref. 5.
All tensile tests (about four for each value
presented) were performed on an Instron
tensile-testing machine (model TTCML MI
1.4.6).

3. MELT-SPUN RIBBONS

3.1. Morphology

In the Al-Si ribbons both with and without
strontium, three zones are present (Fig. 1): a
chill zone adjacent to the wheel with primary
aluminium-rich dendrites (approximately)
perpendicular to the wheel surface; a central
zone with primary aluminium-rich dendrites
embedded in a very fine submicroscopic eutec-
tic matrix (the density of the primary alumin-
ium-rich dendrites decreases with increasing
distance to the wheel surface (decreasing
undercooling)); a top zone consisting of pri-
mary silicon-rich particles also embedded in
a submicroscopic eutectic matrix. However,
apart from the morphological similarities along
the main lines indicated, distinct differences
in morphology between the Al-Si ribbons
with strontium and those without strontium
do occur (cf. Figs. 1(a) and 1(b)). In the chill
zone of the ribbons with strontium no primary
silicon-rich particles are present, in contrast
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Fig. 1. Bright field optical micrographs of (a) a longi-
tudinal section of an Al-Si ribbon and (b) a longitudi-
nal section of an Al-Si~Sr ribbon (both etched with
modified Keller and Wilcox’s reagent).

with the chill zone of the ribbons without
strontium. Further, in the ribbons with stron-
tium, the primary aluminium-rich dendrites in
both the chill and the central zone appeared
to be coarser than in the ribbons without
strontium. So, even after rapid solidification
by melt spinning, the addition of strontium
to a hypereutectic Al-Si alloy does result in

a change in the solidification morphology.



TABLE 1

Microsti’UCture of the ribbons as revealed by X-ray diffraction

Alloy Sicon- Thick- Ribbon
tent ness  part
(at.%)  (um)

Texture Integral linewidth  ap, xgi
of Al-rich 20 (deg) {222} (at.% Si)
Pphase ~————  Crku

Al-rich  Si-rich (nm)
phase, Dphase,

{222} {311}

Cr Ka Cu Ko

Al-20wt.%Si 20.2 40 Upper side
without Sr

Al-20at.%Si 20.2 40 Wheel side
without Sr

Al-18.7wt.%Si 18.7 56 Upper side
with 0.03 wt.% Sr

Al-18.7wt.%Si 18.7 56 Wheel side

with 0.03 at.% Sr

Random 1.59 0.44 0.404400 3.05
Weak 2.13 0.65 0.404380 3.17
Random 1.98 0.53 0.404510 2.41
Random 1.79 0.53 0.404505 2.45

a,), lattice parameter of the aluminium-rich phase at 298 K; xg;, composition of the aluminium-rich phase
obtained from a,; and ag for pure aluminium as measured according to refs. 15 and 16 (ap = 0.404 930 nm at

298 K).

This change in morphology agrees with solidi-
fication theories based on experiments with
conventional cooling rates. By the addition
of strontium to Al-Si alloys the (skewed)
coupled zone in the phase diagram is shifted to
higher silicon contents [13, 14). This implies
that, in the solidification of hypereutectic

Al-Si alloys with strontium, a smaller under-
" cooling is required for the growth of primary
aluminium-rich dendrites and also that, for the
same degree of undercooling, a finer eutectic
matrix might develop compared with that in
Al-Si alloys without strontium.*

*A direct verification of the refinement of the
eutectic could not be obtained from optical micros-
copy because of the submicroscopic morphology;
however, the different appearance of the primary
aluminium-rich and silicon-rich phases in the ribbons
with and without strontium indirectly evidenced the
refinement (see Section 3.1). Scanning electron
microscopy also failed to detect the fineness of the
eutectic because of preparation problems. Estimation
of particle size from X-ray diffraction line broadening
was not possible because (i) the reflections of the
aluminium-rich phase originated from both the pri-
mary dendrites (relatively large crystals) and the
eutectic structure (the same holds for the silicon-rich
phase) and (ii) not only the finite crystallite size but
also lattice imperfections and concentration variations
contributed significantly to the line broadening;
separation of these contributions caused very large
uncertainties. '

3.2. Microstructure

As revealed by X-ray diffraction, the micro-
structures of the ribbons with and without
strontium are slightly different. The most
striking point is that in the absence of stronti-
um the upper and wheel sides have different
textures, different amounts of crystal imper-
fections and different lattice parameters of
the aluminium-rich phase (and therefore dif-
ferent silicon contents). No such differences
were observed in the presence of strontium
(Table 1). Hence, strontium reduces the differ-
ences between the microstructures of the
wheel and upper sides of the ribbons.

The average lattice parameter of the alumin-
ium-rich phase in the ribbons with strontium
differs significantly from that in the ribbons
without strontium (0.40451 nm vs. 0.40439
nm; see Table 1). This cannot be ascribed to
the fact that strontium is dissolved in the
aluminium-rich phase. According to the equil-
ibrium phase diagram, strontium is almost not
dissolvable in aluminium [17]. Furthermore,
additional experiments indicated that the
lattice parameter of the aluminium-rich phase
in a melt-spun alloy containing as much as
1 gross at.% Sr was only 20 X107 nm larger
than the lattice parameter of pure aluminium,
(If Vegard’s law is adopted, this corresponds
to about 0.01 at.% Sr dissolved in the alumin-
ium-rich phase.) Consequently, the difference
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in lattice parameter must be due to a differ-
ence in the silicon content of the aluminium-
rich phase in the ribbons with and without
strontium (see Table 1). As suggested by the
ribbon thickness (Table 1), the relatively low
silicon content of the aluminium-rich phase
in the ribbons with strontium is probably
coupled with a relatively low average cooling
rate [15] and not with the presence of stron-
tium.

Differential scanning calorimetry analyses
of the melt-spun Al-Si ribbons with strontium
and those without strontium resulted in activa-
tion energies for precipitation of 87 kJ mol™
and 99 kJ mol™! respectively. According to
refs. 18 and 19, the activation energy for
diffusion of silicon in aluminium is about
130 kJ mol™L. The low activation energy for
the melt-spun ribbons could be due to the
presence of excess vacancies [16].

3.3. Hardness

The Vickers microhardness of the ribbons
with strontium is significantly larger than
that of the ribbons without strontium, i.e.
249 HV 0.01 vs. 182 HV 0.01 (see Table 3). So
also after rapid solidification of Al-Si alloys
by melt spinning, the addition of strontium
leads to a significant improvement in the
mechanical strength. Just as for convention-
ally cast alloys, this improvement is undoubt-

_edly due to the refinement of the eutectic
phase by strontium (see Section 3.1 and its
footnote).

The ribbons with strontium experienced a
lower solidification rate than those without
strontium (see Section 3.2). In general, for
the same alloy (fixed composition) a lower
solidification rate results in a lower silicon
content of the aluminium-rich phase and in
a coarser microstructure, and therefore in
poorer mechanical properties. Despite the
relatively low cooling rate the ribbons with
strontium still have a higher hardness than the
ribbons without strontium. This emphasizes
the potential of strontium addition in the
improvement of mechanical properties of
Al-Si alloys.

4. CONSOLIDATES

4.1. Morphology and microstructure
Longitudinal sections of the extruded bars
for the different consolidates prepared from
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as-liquid-quenched Al-Si ribbons, as-liquid-
quenched strontium-modified Al-Si ribbons
and as-liquid-quenched strontium-modified
and subsequently chopped Al-Si ribbons
respectively are shown in Figs. 2(a), 2(b) and
2(c).

The original ribbon boundaries cannot be
discerned. This indicates a good bonding
between the constituents of the extrudates
(see also the discussion in refs. 5 and 6). Phase
contrast microscopy revealed that silicon par-
ticles frequently occupy the grain boundary
junctions, and thus the interparticle distance of
the dispersed silicon phase appears to govern
the ultimate matrix grain size. This may ex-
plain why the much larger size of the silicon
particles in a conventionally cast Al-Si alloy
with the same amount of silicon, leads to a
much larger matrix grain size after extrusion
(Fig. 3; the difference in magnification from

. those of Figs. 2(a)~2(c) should be noted). It

should also be noted that the silicon particles
in the liquid-quenched material exhibit a
much more globular morphology than those
of the conventionally cast material (Figs. 2
vs. Fig. 3).

The larger silicon particles, as made visible
by optical microscopy (Fig. 2), could have
developed by coarsening during extrusion
from the initial silicon particles present after
liquid quenching, whereas the small amount
of significantly smaller silicon particles, as
shown by scanning electron microscopy (Fig.
4), could be mainly due to precipitation from
the minor amount of silicon originally dis-
solved in the matrix (cf. Section 3.2).

From a comparison of Fig. 2(a) with Figs.
2(b) and 2(c), it is concluded that a smaller
average silicon particle size (finer dispersion)
results for the material with strontium added.
This is consistent with the observation of a
finer microstructure in the as-liquid-quenched
strontium-modified material (see Section 3.1).

It has been shown earlier [16, 20, 21] that
strains develop in dual-phase Al-Si alloys on
cooling, as a consequence of the difference
between the thermal shrinkage of the alumin-
ium matrix and that of the dispersed silicon
particles. Compared with the unstrained con-
dition, an increase in the lattice parameter of
the aluminium matrix (and a decrease in the
lattice parameter of the silicon particles) and
the development of microstrains take place.
The values observed after extrusion of the



SRS Rt 4
5 N

I3

& 10 pm 9L

WA

§‘;VFW, 4 ;3
XE@“’

Fig. 2. Bright field optical micrographs of (a) a longi-
tudinal section of a consolidate of Al-Si ribbons
without strontium, (b) a longitudinal section of a
consolidate of strontium-modified Al-Si ribbons and
(c) a longitudinal section of a consolidate of stronti-
um-modified and subsequently chopped Al-Si ribbons
(all unetched).

ribbon material for the lattice parameter of
the aluminjum matrix and the structural line
broadening (Table 2) can be explained semi-
guantitatively in the above sense (cf. caleula-
tions performed in refs. 16 and 21).

Fig. 3. Phase contrast optical micrograph of a longi-
tudinal section of an extrudate of conventionally
cast Al-Si (etched with Keller and Wilcox’s reagent).

Fig. 4. Scanning electron micrograph of a longitudinal
section of a consolidate of AI-Si~Sr ribbons (etched
with Keller and Wilcox’s reagent).

TABLE 2

Microstructure of consolidates as revealed by X-ray
diffraction

Alloy Integral linewidth BAY
26 (deg) {420}
————— Cu Ko
Al-rich Si-rich (nm)
phase, phase,
{420} {531}
Cu Ko Cu Ko
CC Al-Si 0.13 0.06 0.404930
LQ Al-Si 0.19 0.35 0.404990
LQ Al-Si~Sr 0.19 0.38 0.405090

Consolidates prepared from conventionally cast Al-Si
(CC Al-Si); liquid-quenched Al-Si ribbons (LQ Al-Si)
or liquid-quenched strontium-modified Al-Si ribbons
(LQ AI-Si-Sr).

a1, lattice parameter of the aluminium-rich phase at

298 K.
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A reduction in the interfacial area between
the dispersed phase and matrix contributes to
a decrease in the (thermal) microstrain values,
as indicated by results presented in refs. 16
and 21, This may explain the relatively small
value of the structural broadening, as observed
for the extruded conventionally cast alloy
where very large silicon particles occur.

4.2. Hardness

Microhardness measurements made on
longitudinal sections of the extruded bars
established that after extrusion the hardness
was homogeneous; no significant differences
were obtained between the microhardness
values measured in the surface regions and
those measured in the cores of the extrudates.

The average microhardness values for the
three types of extrudate have been collected
together in Table 3. The microhardnesses of
all the extrudates from the strontium-modified
alloys are equal, implying that chopping the
ribbons had no effect on the hardness of the
extrudates. Further, the microhardnesses of
the extrudates from the strontium-modified
alloy are much larger (about 70%) than the
microhardness of the extrudate from the pure
Al-Si alloy, which is attributed to the finer
microstructure obtained for the strontium-
modified alloy (see Section 4.1).

4.3. Tensile properties

The measured values of the tensile strength
and ductility parameters in both the longitu-
dinal and the transverse directions (denoted
by the superscripts / and 1 respectively) are
presented in Table 4. For comparison the
corresponding values for the extrudate of
conventionally cast material, as given in ref. 5,
have been included.

As discussed in a preceding paper [ 5], align-
ment of ribbons parallel to the extrusion
(longitudinal) direction leads to appreciable
anisotropy of the tensile strength: 0"/

Oy = 1.44. Clea.ly, this anisotropy is
eliminated by chopping the ribbons before
extrusion, so that 0,0yt = 0.97, while
retaining the improvement in (longitudinal)
tensile strength (see below).

It follows from Table 4 that liquid quench-
ing alone enhances the (longitudinal) uitimate
tensile strength by 50% and the elongation (at
fracture) by 150%. Modification by strontium
enhances tensile strength by a further 35%
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TABLE 3

Microhardness values for ribbons and ribbon consoli-
dates

Alloy Vickers microhardness
(HV 0.01)
Ribbon Consolidate
LQ Al-Si 182 61
LQ Al-Si-Sr 2492 103
LQ AI-Si-Sr chop 2382 103

Ribbons and ribbon consolidates prepared from
liquid-quenched Al-Si (LQ Al-8i), liquid~quenched
strontium-modified Al-Si (LQ Al-Si~Sr) or liquid-
quenched strontium-modified and subsequently
chopped Al-Si (LQ Al-Si-Sr chop).

The data given are average values obtained from at
least ten measurements.

2ldentical within experimental accuracy.

TABLE 4

Tensile properties for four types of consolidate

Consolidate 00_2” oud &l W C’\‘n.sl vt
from alloy (MPa) (MPa) (%) (%) (MPa) (%)

CC Al-8i 85 139 4 7 96 10

LQ Al-Si 112 206 10 20 166 7

LQ Al-Si-Sr 146 257 13 31 179 5

LQ AI-Si-Sr 143 253 16 29 261 10
chop

Consolidates prepared from conventionally cast Al-Si
(CC Al-S8i), liquid-quenched Al-Si ribbons (LQ Al-Si),
liquid-quenched strontium-modified Al-Si ribbons
(LQ AI-Si-Sr) or liquid-quenched strontium-modified
and subsequently chopped Al-Si ribbons (LQ Al-Si-
Sr chop).

//, parallel to the extrusion direction, l, perpendicular
to the extrusion direction; g2, 0.2% offset yield
strength, 0, ultimate tensile strength; €;, elongation
at fracture; Y, reduction in cross-sectional area at
fracture,

and the elongation at fracture by a further
150% of the original values. The modification
by strontium is ascribed to the finer micro-
structure of the extrudate compared with the
extrudates of liquid-quenched unmodified
material (see Section 4.1).

It is anticipated that the mechanical proper-
ties of the present extrudates produced from
melt-spun strontium-modified Al-20wt.%Si
alloy ribbons already suggest commercial
application. However, a full use of the poten-



tials of the as-liquid-quenched microstructure
has not yet been achieved. Hot extrusion
inevitably affects the inherent mechanical
properties as a consequence of precipitation
and/or coarsening processes which occur at
the extrusion temperature. The fraction lost
of the innate values of mechanical strength
may be assessed in the following way.

Tensile strength is proportional to hardness
[22]. The ratio of the microhardness value
of the extrudates to that of the as-liquid-
quenched ribbons for the strontium-modified
material equals 103/249 = 0.41 (see Table 3).
This implies that more than half of the im-
provement in mechanical strength attained by
liquid quenching is lost during extrusion. (This
loss may be even larger because the ratio of
tensile strength to hardness is relatively large
for a strained material [23], as it is for melt-
spun ribbons; see Section 3.3.)

Cold compaction could provide an alterna-
tive. However, cold compaction can be im-
peded by a large, but not available, extrusion
pressure. It should also be realized that a very
significant temperature increase of the material
occurs during (even cold) extrusion [24].
Further study should be devoted to tempera-
ture control and deformation processes occur-
ring during extrusion.

5. CONCLUSIONS

5.1. As-liquid-quenched material

(1) The fineness of the microstructure of
melt-spun Al-Sialloys is significantly enhanced
by the addition of strontium. This is exempli-
fied by a hardness value which is 35% larger.
Hence, as in a conventional casting process,
strontium modification is possible in a rapid
solidification process also.

(2) The addition of strontium improves the
homogeneity of the microstructure; there is
no preferred orientation and no significant
differences occur between the solid solubilities
and the amounts of crystal imperfections at
the wheel and the upper sides of the ribbons.

5.2. As-extruded material

(1) Modification by the addition of stron-
tium leads to a finer microstructure of the
extrudates of liquid-quenched material com-
pared with extrudates of liquid-quenched
unmodified material. This is exemplified by

a hardness value which is 70% larger and a
tensile strength which is 24% larger.

(2) Anisotropy of mechanical properties
in extrudates of melt-spun ribbons can be
eliminated by chopping the ribbons before
extrusion.

(3) The joint effect of liquid quenching and
strontium modification leads to an increase
of 85% in the tensile strength and of 300%
in the ductility over the corresponding values
for conventionally cast material. This suggests
that rapid solidification processing can be used
for commercial application of Al-20wt.%Si
alloys.
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Summary

This' thesis involves a number of publications concerned with the
morphology, microstructure and precipitation behaviour of melt-spun
AlMg(12.1-17.2 at% Mg) and AlSi(1.3-19.1 at% Si) ribbons. The structure and
mechanical properties of the melt-spun ribbons after hot extrusion were also
investigated, while further in the case of AlSi alloys the influence of Sr
addition was analysed.

With light microscopy three zones were observed in the ribbons. First, at the
wheelside a chill zone appears with grain boundaries initially perpendicular to
the wheel surface. Then a central zone of columnar grains caused by a
unidirectional heat flow in the freezing metal. Finally, a top layer consisting of
equiaxed grains, which can be ascribed to a combination of a relatively slow
heat transfer (constitutional undercooling) and convection in the liquid.

X-ray diffraction analysis showed that all AIMg alloys were single-phase,
whereas the AlSi alloys were dual-phase. By texture analysis a decreasing
distinctness of preferred orientation with increasing alloying-element content
was observed.

The heat effects and kinetics of precipitation in liquid-quenched (LQ;
rapidly solidified) AIMg and AlSi alloys were examined with differential
scanning calorimetry (DSC). For comparison, also solid-quenched (SQ;
quenched after annealing the solid at elevated temperature) AIMg and AlSi
alloys of identical compositions were investigated.

In the case of AIMg the results were consistent with the following
precipitation model:

(1) on aging preprecipitates (Guinier-Preston zones) and clusterlng of
vacancies (void/loop formation) occurs;

{(2) on subsequent annealing the GP-zones dissolve before f'/8 precxpxtatxon
develops.

In SQ alloys the GP-zone formation proceeds more rapidly than in LQ alloys
due to a larger amount of excess vacancies retained after (drastic) S@ than
after LQ (melt-spinning). On annealing $'/f precipitation (heterogeneous
nucleation) starts at a lower temperature in LQ alloys than in SQ alloys because
of the larger amount of structural heterogeneities (grain-boundary area) in L@
alloys. The GP-zone solvus was estimated by adopting established models for
the chemical and strain contributions to the free enthalpy of mixing.
Quantitative analysis of the heat of dissolution of GP-zones demonstrated a
linear relation between the enthalpy of formation of GP-zones and the
dissolved magnesium atomic fraction x:

AHgp (x) = -2160-x + 1932 J/mole.

Analysis of the kinetics of the formation of GP-zones showed that this is
governed by the process of nucleation and excess-vacancy enhanced diffusion
of magnesium. The dissolution of GP-zones is controlled by the diffusion of
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magnesium.Values found for the activation energy of dissolution are smaller
than those for volume diffusion of magnesium, which can be explained by the
emitting of vacancies from vacancy voids/loops; the latter becoming unstable at
the temperatures where the GP-zones dissolve. The values for the activation
energy of GP-zone dissolution in SQ alloys are significantly smaller than in LQ
alloys.This also indicates that the amount of excess vacancies retained after SQ
is larger than after LQ.

For AlSi the precipitation of silicon starts in LQ alloys at lower temperatures
than in SQ alloys; this is due to a larger driving force caused by a higher
supersaturation. Another significant difference between LQ and SQ alloys is
also observed. In LQ alloys the total exothermic heat effect is caused by
precipitation of silicon initially dissolved in the supersaturated Al-rich phase
and by coarsening of the silicon-particles already present after rapid
solidification. The heat of precipitation in SQ alloys equals, within the
experimental accuracy, that of dissolution of silicon in the Al-rich phase (the
latter calculated from the equilibrium phase diagram). The surplus heat
production for the LQ alloys is mainly ascribed to reduction of the amount. of
interfacial area and possibly also to the atomic volume difference for silicon as
second-phase particles (precipitated in the low temperature region of the
quench) and as dissolved element. For both LQ and SQ AlSi alloys the
activation energies for silicon precipitation are smaller than that for volume
diffusion of silicon in aluminium. This is due to a higher amount of quenched-
in excess vacancies. In the case of hypo-eutectic alloys the activation energy
increased with increasing silicon content, which can be explained by a
decreasing solidification start temperature and a decreasing Al-matrix grain
size with increasing alloying-element content, which cause a decrease of the
excess vacancy concentration.

Both melt-spun ribbons and conventionally cast materials of identical
compositions were consolidated by hot extrusion. ST
In general, compared to the extrusion of massive conventional castings,
additional redundant work during extrusion is required to achieve a coherent
product from melt-spun ribbons.

The hardness of the AIMg ribbons increased with increasing magnesium
content as a result of solid-solution strengthening, showing a linear relation
between the hardness and the square root of solute atom concentration.The
extrudates of the AIMg-ribbons demonstrated a significant decrease of
hardness, due to large increase of grain size.

The AlSi ribbon material also showed an increasing hardness with increasing
silicon content. This is ascribed to both solid-solution strengthening and
dispersion strengthening. The extrusion-induced increase of grain size and
the progress of precipitation/coarsening of the second phase contributed to a
drastic decrease of hardness of the AlSi-compacts.



The mechanical properties of extruded AIMg and AlSi alloys were
determined in both longitudinal and transverse directions, while also the
effects 'of degassing before consolidation were analysed. For comparison, the
mechanical properties of extruded conventionally cast materials of identical
compositions were also determined.

The increase of tensile strength of AIMg and AlSi extrudates on increasing
alloying element content is dominantly due to solid solution and dispersion
strengthening mechanisms respectively. The less intimate bonding between
the extruded AlMg-ribbons compared with that of AlSi can be ascribed to the
difference in thickness of the oxide layer occurring at the surfaces of the
ribbons.

In the case of AIMg the tensile strength of consolidated ribbons is smaller
than that of extruded conventional castings. This holds especially for the
transverse properties. The ductility, expressed by the elongation at fracture,
showed a decrease and subsequent increase on increasing the alloying-
element content in extruded AIMg alloys; this is ascribed to the predominance
of either dynamic recovery (below about 3 at.% Mg) or dynamic
recrystallization (above about 3 at.% Mg).

For the AlSi alloys the tensile strength of the ribbon extrudates was
significantly larger (up to 50 %) than that of the extruded conventional
castings.

Degassing before extrusion at high temperature leads to growth of matrix
grains and/or precipitation and coarsening of second-phase particles, which
has detrimental effects upon tensile strengths. It is shown that for many alloys
vacuum degassing can be replaced by preheating before consolidation.

The influence of addition of strontium to AlSi alloys upon the structure and
mechanical properties was also analysed. In the as-liquid-quenched ribbons
addition of Sr lead to a significantly improved fineness and homogeneity of the
microstructure. Also the microstructure of the extruded ribbons was refined
by Sr modification, while an increase of 85 % of the tensile strength and 300
% of the ductility (compared with extruded conventionally cast alloys) was
achieved. ‘

The main advantage of the rapid-solidification techniques appears to be the
resulting ultrafine grain size and the very fine second phase-dispersion.
Retention of the favourable mechanical properties, as obtained by rapid
solidification, requires alloy development to minimize microstructural changes
during subsequent consolidation.
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Samenvatting

Dit proefschrift omvat een aantal publikaties betreffende de morfologie,
mikrostruktuur en het precipitatiegedrag van geflitsgiete AlMg(12.1-17.2
at.%Mg) en AlSi(1.3-19.1 at.%Si) legeringen. Eveneens werden de struktuur
en mechanische eigenschappen van warm geéxtrudeerd geflitsgiet lint
bestudeerd. Verder werd de invloed van toevoeging van strontlum aan AlSi-
legeringen onderzocht.

Met lichtoptische mikroskopie werden in langsdoorsneden van de
geflitsgiete linten drie zones waargenomen. Aan de wielzijde een afschrikzone,
welke wordt gekenmerkt door kristallen, die in de beginfase van het
stolproces loodrecht op het-wieloppervlak uitgroeien. Vervoldens een centrale
zone van kolomvormige kristallen, ontstaan t.g.v. een wunilaterale
warmtestroom in het stollende metaal. Tenslotte, de toplaag aan de luchtzijde,
opgebouwd uit equi-axiale kristallen; deze kunnen worden toegeschreven aan
een combinatie van een relatief langzame warmteoverdracht (wat aanleiding
kan geven tot konstitutionele onderkoeling) en konvektie in de vioeistof.

Rontgendiffraktie toonde aan dat alle AlMg-legeringen éénfasig waren, de
AlSi-legeringen daarentegen tweefasig. Via textuuranalyse kon worden
vastgesteld dat de voorkeursoriéntatie van de kristallen in het geflitsgiete lint
afneemt met toenemend gehalte legeringselement.

Het warmte-effekt en de kinetiek van de precipitatieprocessen in
geflitsgiete AlMg- en AlSi-legeringen werden geanalyzeerd met behulp van
differentiéle kalorimetrische analyse (DSC]). Ter vergelijking zijn ook vast
afgeschrikte legeringen met identieke composities onder dezelfde
omstandigheden onderzocht.

Voor wat betreft AIMg waren de resultaten in overeenstemming met het
volgende precipitatiemodel.

(1) bij veroudering treedt er preprecipitatie (Guinier-Preston (GP) zones) en
clustering van vakatures (in de vorm van porién of ringen) op.
{2) bij voortgaande veroudering lossen de GP-zones op in de matrix, véérdat er

B'/B-precipitatie plaatsvindt.

In de vast afgeschrikte legeringen is de vormingssnelheid van GP-zones
groter dan in de geflitsgiete materialen. Dit wordt toegeschreven aan een
hogere concentratie overschot-vakatures in eerstgenoemde substanties; bij
vast afschrikken treedt in het lagere temperatuurgebied een hogere
afkoelsnelheid op dan bij het flitsgieten. Verder blijkt uit kalorimetrisch
onderzoek dat B'/8-precipitatie in geflitsgiet materiaal bij lagere temperaturen
optreedt dan in vast afgeschrikte legeringen; dit wordt veroorzaakt door een
grotere concentratie struktuurheterogeniteiten (groter kristalgrensoppervlak)
in geflitsgiet lint.

De ligging van de GP-zone solvus werd geschat door toepassing van bekende
modellen voor de chemische en elastische bijdragen aan de vrije



mengenthalpie. Kwantitatieve analyse van de oploswarmte van GP-zones
toonde een lineaire relatie aan tussen de vormingsenthalpie van GP-zones en
de atoomfraktie opgelost magnesium, x, volgens:-

AHgp= -2160-x + 1932 J/mol.

Bestudering van de kinetiek van de vorming van GP-zones toonde aan dat
deze wordt bepaald door zowel het proces van kiemvorming als de (t.g.v.
overschot-vakatures) versnelde diffusie van magnesium. Het oplossen van GP-
zones wordt beheerst door de (t.g.v. overschot-vakatures) versnelde diffusie
van magnesium. De aktiveringsenergie van het gplossen van GP-zones blijkt
lager te zijn dan die van volumediffusie van magnesium, wat kan worden
verklaard door de emissie van vakatures uit de vakature ringen/porién; de
laatsten worden instabiel bij temperaturen waar de GP-zones in oplossing gaan.
De aktiveringsenergie van het oplossen van GP-zones in vast afgeschrikte
materialen is lager dan die van geflitsgiete legeringen. Dit geeft eveneens aan
dat de hoeveelheid overschot-vakatures na vast afschrikken groter is dan na
flitsgieten.

Kalorimetrisch onderzoek van AlSi-legeringen toonde aan dat de
precipitatie van silicium in geflitsgiete legeringen bij lagere temperaturen
begint dan in vast afgeschrikte legeringen; dit is te wijten aan een grotere
drijvende kracht ten gevolge van een hogere oververzadiging in
eerstgenoemde materialen. Een ander signifikant verschil tussen geflitsgiete
en vast afgeschrikte legeringen is dat in geval van eerstgenoemden het totale
exotherme warmte-effekt wordt veroorzaakt door zowel precipitatie van sili-
cium uit de oververzadigde legering als vergroving van de siliciumdeeltjes, die
na de snelle stolling reeds in uitgescheiden vorm aanwezig zijn. Het
exotherme warmte-effekt van de vast afgeschrikte legeringen is, binnen de
meetnauwkeurigheid, gelijlk aan de m.b.v. het fasendiagram berekende
oploswarmte van silicium in de Al-rijke fase. Het surplus warmte-effekt van de
geflitsgiete legeringen kan voornamelijk worden toegeschreven aan de
verlaging van de hoeveelheid grensoppervlak (vergroving) en mogelijk ook aan
het verschil in atomair volume van silicium als tweede fasedeeltje
(geprecipiteerd in het lage temperatuurgebied tijdens het afschrikken) en van
silicium als opgelost element, beide t.o.v. aluminium.

Zowel voor de vast afgeschrikte als de geflitsgiete AlSi-legeringen is de
aktiveringsenergie van precipitatie lager dan die van volumediffusie van
silicium in aluminium. Dit wordt veroorzaakt door de aanwezigheid van over-
schot-vakatures. Verder vertoonden de hypo-eutektische geflitsgiete
legeringen een toename van de aktiveringsenergie met toenemend
siliciumgehalte, wat kon worden verklaard door een dalende
liquidustemperatuur bij stijgend siliciumgehalte en een afnemende
kristalgrootte van de Al-rijke fase; beide veroorzaken een verlaging van de
hoeveelheid overschot-vakatures.



De hardheid van het geflitsgiete AlMg-lint neemt toe met toenemend
magnesiumgehalte ten gevolge van oplosharding, wat zich manifesteert in een
lineair verband tussen de hardheid en de wortel van de concentratie opgeloste
atomen. Het geéxtrudeerde AlMg-lint vertoonde een daling van de hardheid
ten opzichte van die van het lint in geflitsgiete toestand, ten gevolge van een
sterke kristalgroei tijdens extrusie.

De geflitsgiete AlSi-legeringen vertoonden eveneens een toename van de
hardheid met toenemend gehalte legeringselement, wat wordt veroorzaakt
door zowel oplosharding als dispersieharding. De toegenomen kristalgrootte
van de primaire fase alsmede de precipitatie/vergroving van de tweede
fasedeeltjes leidden ook in dit geval tot een lagere hardheid van het
geéxtrudeerde lint t.o.v. het. geflitsgiete materiaal.

De mechanische eigenschappen van geéxtrudeerde AIMg- en AlSi-
~ legeringen werden zowel in longitudinale als transversale richting bepaald,
terwijl tevens de effekten van ontgassen v66r consolidatie werden
geanalyseerd. Ter vergelijking werden de mechanische eigenschappen van
geéxtrudeerde conventioneel gegoten materialen onder dezelfde
beproevingscondities onderzocht.

De toename van de treksterkte van zowel de AlMg- als de AlSi-legeringen
met toenemend gehalte legeringselement wordt voornamelijk veroorzaakt
door respektievelijk oploshardings- en dispersichardingsmechanismen. De
zwakkere binding tussen de geéxtrudeerde AlIMg-linten, vergeleken met die
van AlSi, wordt veroorzaakt door het verschil in dikte van de oxidehuid;
eerstgenoemde materialen hebben een grotere 1aagd1kte zodat een minder
--hecht metallisch kontakt mogelijk is.

Bij AIMg is de treksterkte van het geéxtrudeerde geflitsgiete lint lager dan
die van het geéxtrudeerde conventioneel gegoten materiaal. Dit geldt met
name voor de transversale treksterkte. De taaiheid, uitgedrukt door de
breekrek, vertoont een afname (met een minimum bij ca. 3 at.%Mg) en
vervolgens een toename met stijgend gehalte legeringselement in de geéx-
trudeerde AlMg-legeringen; dit wordt toegeschreven aan het overheersen van
dynamisch herstel (beneden circa 3 at.%Mg) of dynam1sche rekristallisatie (bij
gehalten groter dan 3 at.%Mg).

Het geéxtrudeerde AlSi-lint vertoonde een signifikante toename van de
treksterkte t.o.v. geéxtrudeerd conventioneel gegoten materiaal; dit ten
gevolge van de aanwezigheid van fijn gedispergeerde tweede fasedeeltjes in
het gekompakteerde lint.

Vacuum ontgassen op hoge temperatuur v6or consolidatie leidt tot
vergroving van de matrixkristallen en precipitatie en vergroving van tweede
fasedeeltjes, wat ongunstige gevolgen heeft voor de mechanische
eigenschappen. Aangetoond is dat voor vele legeringen het vacuum ontgassen
kan worden vervangen door voorverwarmen vaor consolidatie.
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De invloed van toevoeging van strontium aan AlSi-legeringen op de struktuur
en mechanische eigenschappen werd eveneens onderzocht. In het geflitsgiete
lint leidde toevoeging van strontium tot een belangrijke toename van de
fijnheid en homogeniteit van de mikrostruktuur. Het geéxtrudeerde lint bleek
eveneens een fijnere mikrostruktuur te vertonen ten gevolge van strontium
modificatie, terwijl de treksterkte en de breekrek een toename van 85 %,
respektievelijk 300 % t.o.v. de overeenkomstige eigenschappen van het
geéxtrudeerde conventioneel gegoten materiaal vertoonden.

De belangrijkste voordelen van snelle stolling blijken de zeer fijne kristallen
en tweede fasedeeltjes te zijn. Om de gunstige eigenschappen van materialen,
zoals d.m.v. snelle stolling verkregen, te behouden is ontwikkeling van
legeringen vereist, zodanig, dat er minimale mikrostrukturele veranderingen
optreden gedurende het na snelle stolling noodzakelijke consolidatieproces.
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