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Abstract

The growth of ferrite during the decomposition of supersaturated austenite in binary Fe~C alloys is studied using a numerical
model that allows non-equilibrium conditions at the moving a—y-interface. A numerical method is presented to account for
non-equilibrium interface conditions during diffusional growth, In this model, the driving force for interface migration is given by
the difference of the chemical potentials of the austenitic and the ferritic Fe-lattice at the interface. Carbon rearrangement,
resulting from the movement of the interface, affects the driving force for interface migration during the transformation, thus
establishing a mixed mode of growth control. The mode of control is predicted to vary from essentially a diffusion controlled
mode at very low undercooling towards essentially an interface controlled mode at deep undercoolings. The results from this
model are in good agreement with several sets of experimental growth rates and the carbon concentration profiles of partially

transformed Fe-C alloys. © 1997 Elsevier Science S.A.
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1. Introduction

The transformation y — « in Fe—C alloys and carbon
steels involves a change of the Fe lattice from an f.c.c.
symmetry (austenite, y) into a b.c.c. symmetry (ferrite,
). This phase transformation is a heterogeneous pro-
cess, starting mainly at austenite grain boundaries, and
results in a clearly distinguishable a—y-phase interface
during the transformation. If the carbon content of the
alloy exceeds the maximum solubility of carbon in
ferrite, the transformation involves a rearrangement of
carbon through carbon diffusion. In the literature, the
growth kinetics of pro-eutectoid ferrite formation in
Fe—C alloys and carbon steels is often modelled assum-
ing thermodynamic equilibrium conditions at the «—7y-
interface, the so-called local-equilibrium assumption
(e.g. Refs. [1-6]). In this case, the volume diffusion
velocity of carbon is rate limiting for the growth kinet-
ics. The interfacial reaction, which transforms the f.c.c.
lattice into the b.c.c. lattice, is assumed to occur at such
a rate that this process can be considered of no impor-
tance for the growth kinetics of the transformation. The
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growth kinetics is then said to be diffusion controlled.

The other extreme in modelling the yp— a-phase
transformation is to assume an infinitely fast diffusion
of carbon in austenite. In other words, no carbon
concentration gradients occur in the y-phase. The
growth is governed by the rate at which f.c.c. iron
transforms into bec iron, which is reflected in the
intrinsic mobility of the interface. The growth kinetics
is then said to be interface controlled.

In this work a mixed-mode model is proposed for
Fe-C steels, taking quantitatively into account both
the carbon diffusion and the interface mobility. Experi-
mental evidence exists, for instance recent in situ Trans-
mission Electron Microscopy observations [7], that the
ferrite growth rate involves various and continuously
changing displacement modes of the interface. The
interface clearly does not behave as the transparent,
highly flexible barrier the local equilibrium models as-
sume it to be. Such evidence indicates that a finite
interface mobility does play a role in the growth kinet-
ics. The mixed-mode model follows, in a one-dimen-
sional model system, the progress of the phase
transformation as a function of time, during which the
carbon concentration profile is evaluated continuously.
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The carbon concentration profile is determined by the
diffusion rate on the one hand, and the interface veloc-
ity on the other. The interface velocity in its turn
depends on the carbon concentrations on both sides of
the interface, since in the model it is assumed that the
interface velocity is a combined result of the intrinsic
interface mobility and the net driving force for the
transformation at the interface. In general, the present
approach leads to non-equilibrium conditions at the
interface. In the extreme cases of an infinitely large
interface mobility or an infinitely large carbon diffusiv-
ity, the mixed-mode model approaches the diffusion-
controlled or the interface-controlled model, respec-
tively. The accompanying carbon concentrations are
characterised by local equilibrium at the interface, and
the absence of carbon gradients in the austenite, respec-
tively.

In the paper, the results of model calculations are
compared with different types of experimental data on
the y — a-phase transformation. The overall agreement
is satisfactory, and is in the Discussion shown to be
significantly better than modelling under local-equi-
librium conditions would result in.

2. The mixed-mode model

2.1, Theoretical background

Ferrite exhibits a much lower carbon solubility than
austenite. If the alloy carbon content is larger than the
maximum carbon solubility of ferrite, the movement of
the a—y-interface during the formation of ferrite from
austenite involves the transfer of carbon atoms from
ferrite to austenite. The carbon rejected by the ferrite
and transferred into the austenite causes a carbon mass
flux J,_, across the interface, given by

Ja—»)v = (cy(-xint) - C“(Xim)) v, (1)

where ¢?(x) and ¢*(x) are the carbon concentrations of
austenite and ferrite as a function of the position x,
respectively. x;,, represents the position of the interface.
The interface velocity is given by v. Carbon diffusion in
the ferrite is assumed to take place at such a rate that
the carbon is homogeneously distributed, This assump-
tion is justified by the diffusion coefficient of carbon in
ferrite [8] being larger than that in austenite [9]. In the
austenite a diffusive carbon flux Jp occurs, described by
Fick’s first law:

de?
o= =D (a) @

where D is the diffusion coefficient of carbon in austen-
ite. The net carbon flux AJ at the interface is given by
the difference of the two fluxes;

de?
AJ = (c¥(x;) — ¢*) v+ D (—-——) . 3)
dx X=X

This equation reflects the interaction between carbon
diffusion and interface mobility that is taken into ac-
count in the mixed-mode model of the ferrite growth.
Note that the net carbon flux AJ is not necessarily zero
at all stages of the transformation. A non-zero value for
AJ results in a change in the carbon concentration at
the interface. The development of the carbon concen-
tration at the interface during the growth is thus deter-
mined by both the interface velocity and the diffusive
flux. In turn, both these quantities depend on the
carbon concentration at the interface. Eq. (3) therefore
gives the essentials of the present mixed-mode ap-
proach.

In Fig. 1 a schematic representation is given of the
carbon concentration profile during the transformation,
and of the manner in which it is influenced by the
interface velocity and the diffusivity. The dashed line
gives the concentration profile for infinitely fast carbon
diffusion in austenite. The carbon that is transferred
from ferrite to austenite due to the progress of the
interface, is redistributed instantaneously over the
austenite. Due to the finite dimensions of the austenite
grain, an overall increase of the carbon concentration
takes place. This increase causes a gradual decrease of
the growth velocity. The other extreme, the carbon
concentration profile in case of an infinitely large inter-
face mobility, is given by the dotted line in Fig. 1. At

faster diffusion
lower mobility :

carbon concentration

position

Fig. 1. Schematic carbon concentration profiles at the «-y-interface
for a finite austenite grain. The dotted line gives the profile for
local-equilibrium conditions (slow diffusion, high interface mobility),
the dashed line for interface-controlled transformation (fast diffusion,
low interface mobility), the solid line for the intermediate conditions
that the mixed-mode model takes into account.
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the interface the carbon concentration in the austenite
reaches its equilibrium value, and local-equilibrium
conditions are attained at the interface. The solid line in
Fig. 1 gives the more general case of mixed-mode
growth, as discussed in this paper. The carbon concen-
tration profile, including the carbon concentration at
the interface, is determined by both D and v. As is
indicated in the figure, the carbon concentration at the
interface decreases with increasing D and with decreas-
ing interface mobility. When the carbon concentration
gradient extends over the entire grain, the finite grain
size has a significant effect on the conditions at the
interface, thus influencing the growth kinetics. These
so-called soft-impingement effects are also adequately
taken into account in the model treated in this paper.

In the evaluation of the mixed-mode concept, infor-
mation on the diffusivity is readily available [9], but the
interface velocity v poses a potential problem. Accord-
ing to the theory of thermally activated growth [10], the
interface velocity is determined by the free energy gain
of the system. However, since the transfer of the inter-
stitial carbon from the forming ferrite to the austenite is
expected to be much faster than the lattice change of
the iron, we assume that the chemical potential differ-
ence between the Fe-lattice in the ferritic and in the
austenitic state constitutes the free energy gain that
determines the interface velocity. The interface velocity
is given by [11]

v= MAur., 4)

where M is the interface mobility and Aup, the chemical
potential difference of iron, which is given by

Aptpe = pfo(e?) — piel(c®). (5)

The chemical potentials u}, and u%, at the interface
depend on the local carbon concentrations in austenite
and ferrite, respectively, Both ¢” and ¢* are to be
evaluated at the a—y-interface. The simplicity of Eq. (4)
implies that a multitude of structural aspects that influ-
ence the mobility, like the degree of coherency of the
interface, pinning effects, build-up of stresses, or solute
drag, are united in a single mobility parameter M,
which is therefore to be interpreted as an effective
interface mobility. In this work, the chemical potentials
are described using the regular solution sublattice
model, originally due to Hillert and Staffansson [12],
using the parameters as determined by Gustafson [13].
The mobility of a disordered a-y-interface has recently
been estimated from an analysis of the heat effects
accompanying the y — « transformation in low-Mn Fe—
Mn alloys [11]. For low-alloy compositions, it was
found to be essentially independent of the alloy compo-
sition. The intrinsic interface mobility M is described by
an Arrhenius-type temperature dependence:
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Fig. 2. The chemical potential for Fe in y-Fe at T=1025 K as a
function of the carbon concentration in the austenite, The iron
chemical potential for «-Fe at the equilibrium carbon content is also
given,

E
M= M, exp( — ﬁ) (6)

From the work in Ref. [11], for the activation energy E
the value 140 kJ mol ~"' is used, and the pre-exponential
factor M, is taken as 58 mm mol (J s)~'. RT has its
usual meaning. The value for the activation energy is in
agreement with experimental observations in pure iron
[14]. The value of the pre-exponential factor M, is very
much lower than the value of 5000 m mol (J s)~!
obtained by Hillert [14]. The reasons for this apparent
discrepancy are twofold: (1) the observations by Hillert
mainly concerned grain growth or recrystallisation in a
single phase, and therefore transitions that do not
involve volume changes; (2) the influence of manganese,
which is known to have a strongly retarding effect on
the transformation.

Fig. 2 gives an example, at T=1025 K, of the
dependence of p}., on ¢’. The «-line gives the chemical
potential for «-Fe containing the equilibrium amount
of carbon at this temperature (¢*= 0.0009 = 0.2 mass%
C). The austenite phase is in equilibrium with this
ferrite for ¢”=10.0264 (=0.569 mass% C). If the
austenite concentration at the interface is lower than
the equilibrium value, a positive Aug, results, and the
ferrite grows. The interface velocity v is evaluated by
means of the Eqs. (4)—(6). Fig. 2 shows the two com-
petitive processes in the transformation: diffusion of
carbon from the interface to the bulk of the austenite
tends to reduce ¢” at the interface, but this increases the
interface velocity, and hence the supply rate of carbon
from the ferrite to the austenite at the interface.

As will be shown in the Discussion of this paper, the
dependence of both the interface velocity and the diffu-
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sive flow on the carbon concentration profile causes a
gradual formation of the profile during the growth
process, contrary to local-equilibrium models. This ef-
fect has a significant influence on the growth kinetics
as a function of the degree of transformation.

2.2. Numerical implementation

The model presented in the previous section is ap-
plied to the growth kinetics of pro-eutectoid ferrite in
supersaturated austenite. The ferrite is assumed to
grow by a flat a—y-interface. The former austenite
grain boundary is assumed to be entirely occupied
with ferrite nuclei, as is the customary assumption for
simple austenite geometry models [3].

The numerical model is one-dimensional, with the
x-direction (0 < x < 1/2d, with d the austenite grain
size) divided into N segments of width Ax. The choice
of the austenite grain size d and the number of seg-
ments N fixes the segment width Ax (N =500 in the
calculations with d =50 um, and N =2000 with d=
250 pm). As stated before, the carbon concentration
in the ferrite is assumed to be independent of x, and
equal to the equilibrium concentration at the tempera-
ture considered. The diffusion coefficient of carbon in
austenite is taken from Ref. [9], and increases with
increasing carbon concentration. In order to account
for the finite austenite grain size, a mirror image is
applied for 1/2d < x < d, which is implemented by the
boundary condition (9¢?/0x), - 42 = 0.

The procedure to calculate the migration of the a-
y-interface during the transformation starts with the
carbon homogeneously distributed throughout the
austenite grain. At ¢=0 the first segment is trans-
formed into ferrite, during which the surplus amount
of carbon is moved into the second segment. The
interface velocity is computed according to the Egs.
(4)—(6), where ¢* is taken either according to the o/
(« + y) phase boundary (above the A4,~temperature) or
the of(x+ @) phase boundary of the Fe-C diagram
(below the A;-temperature). The choice of ¢* has a
minor effect on Ay, [15]. The resulting velocity v
determines the time step through A¢=Ax/v. There-
fore, in the calculations Ax is constant, and At varies
according to the momentary interface velocity. Using
Eq. (3) for the interface and Eq. (2) for the interior of
the remaining austenite, the carbon flux in the austen-
ite is calculated, which results in the carbon concen-
tration profile after the time step Ar. Then, the ferrite
phase advances a step Ax, and the calculation loop is
repeated. This iterative process is continued until ei-
ther the austenite grain is completely transformed into
ferrite, or the interface velocity has reduced to zero.
In that case, as can be understood from Fig. 2, equi-
librium has been attained.

3. Experimental validation
3.1. Optical microscopy

Specimens of a high-purity Fe—C alloy with a nominal
carbon content of 0.20 4+ 0.03 mass% C were partially
transformed at an isothermal transformation tempera-
ture of 973 K after austenitising for 10 min at 1273 K.
To ensure a well-defined thermal cycle, the transforma-
tion experiments were carried out using a Béhr dilatome-
ter (type 805A, with a quenching equipment) with S-type
thermocouples spot-welded on the surface of the samples.
The samples were tubular shaped with a length of 10 mm
and a wall thickness of approximately 0.25 mm. Trans-
formation times of 3, 5 and 12 s were used, followed by
a quench to room temperature using He-gas. Typical
cooling rates during quenching were 200 K s~ '.

The thickness of the allotriomorphic ferrite layer in the
partially transformed specimens was determined by
means of a light-microscopical analysis of the microstruc-
ture, This analysis was carried out using a Leitz CBA
8000 quantitative image analysis system connected to a
Zeiss Jenavert microscope (equipped with 20 x 0.40 and
50 x 0.80 planachromatic objectives) through a colour
CCD camera (500 x 582 pixels). The samples were
ground and polished with 1 um diamond paste and
subsequently chemically etched with 1% Nital etchant for
a time of 10 s, Sample preparation was completed by the
deposition of a layer of ZnTe for use with monochro-
matic light (wavelength 550 nm). This treatment yielded
an enhanced optical contrast between the various con-
stituents of the microstructure. In Fig. 3 the average
thickness of the ferrite layers as a function of time, as
determined from the microstructure, are compared with
the interface positions as computed numerically for a
Fe—-0.20 mass% C alloy, with d = 50 um, and an isother-
mal transformation temperature of 973 K.
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Fig. 3. The average thickness of the ferrite layer as a function of time
during isothermal transformation at T=973 K of Fe-0.20mass%C,
determined by means of quantitative image analysis. The solid line
gives the result of the model calculations,
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Fig. 4. Thickening and lengthening of ferrite particles in Fe—0.11mass%C (a), Fe—0.23mass%C (b), Fe-0.42mass%C (c). The symbols give the
experimental data, taken from Bradley et al, [16], the lines represent the model calculations.

3.2. Ferrite growth perpendicular to and along austenite
grain boundaries

An extensive set of experimental growth data has
been reported by Bradley et al. [16] for the ferrite
growth kinetics in Fe alloys containing 0.11 mass%,
0.23 mass%, 0.42 mass% C, in the temperature range
973-1113 K. All samples had been austenitised at 1573
for 30 min, which resulted in a grain size of approxi-
mately 250 um. Bradley et al. distinguished the growth

kinetics perpendicular to the austenite grain boundary
(‘thickening’) and along the austenite grain boundary
(‘lengthening’). The evolution of the thickness S and of
the length L of a typical ferrite grain determined exper-
imentally as a function of time at different temperatures
[16] is given in Fig. 4. In order to enable a direct
comparison with the modelling of an advancing inter-
face, the data are given as S/2 and L/2, respectively.

The experimental data of Fig. 4 are compared with
the advancement of the a-y-interface calculated with
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the mixed-mode model. For the modelling of the thick-
ening data, the volume diffusion coefficient for carbon
in austenite [9] was used; for the modelling of the
lengthening data, grain-boundary diffusion of carbon
was assumed to be the dominant diffusion mechanism.
Since no experimental data for grain-boundary diffu-
sion of carbon in austenite are available in the litera-
ture, the diffusion coefficients are calculated using the
customary principle that the activation energy for
grain-boundary diffusion in metallic systems is half the
activation energy for volume diffusion. Lacking infor-
mation on the pre-exponential factor for grain-
boundary diffusion, we took it equal to the
pre-exponential factor for volume diffusion. The influ-
ence of these choices is limited, since at these high
diffusion rates it is the interface mobility that deter-
mines the growth rate. In agreement with the actual
grain size, in the modelling the grain size is set to 250
pm.

The curves in Fig. 4 give the results of the model
calculations. At all but the highest transformation tem-
peratures a reasonable agreement with the experimental
data is found for the thickening data. For most temper-
atures, the calculations slightly underestimate the
growth rate for the 0.42 mass% C alloy, and lead to an
overestimation of the growth rate for the 0.11 mass% C
alloy. The growth rate at the highest transformation
temperatures is strongly overestimated by the model.
The very strong reduction of the experimental growth
rate with increasing temperature seems to indicate that
the experimental temperatures are closer to the actual
As-temperature than theoretically calculated. The prob-
lem concerning the highest transformation temperatures
is also found in the lengthening data, In this case, for
the other temperatures the growth rate for the 0.11
mass% C alloy is best reproduced by the model,
whereas for the higher carbon contents a slight underes-
timation is found.

In conclusion, the mixed-mode growth model gives a
reasonable description of the experimental growth data
for iron with different carbon contents. The differences
between model and experiment are quantitative rather
than qualitative.

4. Discussion

4.1. Growth kinetics according to the mixed-mode
model

The development of the carbon concentration profile
during the transformation of a Fe—0.20mass%C alloy
at 1025 K is shown in Fig. 5. The carbon concentration
profile builds up during a considerable period of time.
The slowly increasing c¢? at the interface causes the
interface velocity to decrease continuously during a
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Fig. 5. Carbon concentration profiles computed at various transfor-
mation times for an Fe—-0.20mass%C alloy transforming at T = 1025
K. After 160 s equilibrium has been reached. The austenite grain size
in the calculations is 50 pm.

substantial part of the transformation (Fig. 6). Due to
this build-up of the carbon concentration profile, the
austenite grain size explicitly plays a role in the growth
kinetics as modelled by the mixed-mode model. When
the interface approaches the middle of the austenite
grain, the increased carbon concentration due to the
rejection of carbon by the growing ferrite stretches out
over the entire remaining austenite, as is beginning to
be visible in Fig. 5 at =40 s. This soft impingement
affects the carbon concentration profile, and thereby
the growth kinetics. Upon further growth of the ferrite,
the carbon concentration at the interface approaches
the equilibrium concentration, and the interface veloc-
ity drops to zero (Fig. 6). Eventually, the transforma-
tion comes to a complete stop when a profile like the
‘160 s’ curve in Fig. 6 has developed. Note that the
mass balance for carbon in this situation is mathemati-
cally identical to the lever rule for a binary alloy, and
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Fig. 6. The calculated interface velocity for two Fe-C alloys at
T = 1025 K. The figure shows the change in velocity in the course of
the transformation, and the influence of the austenite grain size d.
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Fig. 7. The calculated interface positions for an Fe-0.20mass%C
alloy as a function of the square root of the transformation time at
various temperatures (= 50 pm).

the system has therefore reached the equilibrium con-
figuration when it stops.

The temperature dependence of the growth kinetics
is rather complex. First, the driving force for interface
migration, Aup,, depends strongly on the temperature,
as well as on the carbon concentration at the inter-
face. In general, this aspect causes the growth rate to
increase upon decreasing temperature, i.e. upon larger
undercooling, Secondly, the interface -mobility itself
decreases with decreasing temperature according to
Eq. (6), and, thirdly, the carbon diffusivity in austen-
ite also decreases upon decreasing temperature. An
additional temperature-dependent factor is the temper-
ature dependence of the equilibrium fractions of
austenite and ferrite. Therefore, the temperature de-
pendence of the growth kinetics cannot be sum-
marised in a single relation. For the case of a
Fe-0.20mass%C system, the interface position at dif-
ferent temperatures is given in Fig. 7. For the austen-
ite grain size d=50 um is used, and the final
positions of the interface reflect the equilibrium state.
In Fig. 7 the interface position as a function of \/ t
shows a distinct linear part, especially in the curves at
low undercoolings. At large undercoolings this range
of parabolic growth is less pronounced. This is due to
the increasingly long initial phase of sub-parabolic
growth, during which the carbon pile-up at the inter-
face takes place. The deviation from parabolic growth
in the final stage of the curves is due to soft impinge-
ment elfects.

Finally, the overall carbon content of the material
has a significant effect on the transformation kinetics.
The composition dependence of the interface velocity
at T'=1025 K is exemplified in Fig. 6, which, besides
the velocity curves for Fe-0.20%C that were treated
before, the velocity curves for Fe—0.03%C for d = 50
pm and for d=250 um are given. Clearly, the lower
carbon concentration at the interface causes a larger
interface velocity (Fig. 2) in the low-carbon alloy.
Also, the effect of soft impingement manifests itself at
a later stage in low-carbon alloys,

4.2, Mixed-mode model versus local-equilibrium model

Probably the most frequently applied models for
transformation kinetics are the models based on the
assumption of local equilibrium at the interface. The
classical example is Zener’s paper of 1949 [1]. The
local-equilibrium assumption implies a diffusion-con-
trolled transformation, and the interface position x;,, as
a function of time is given by

X = 04/, ™

where « is a dimensionless factor that depends on the
equilibrium carbon concentrations, on the overall car-
bon content, and on the geometry assumed. The carbon
diffusivity in ferrite is assumed to be infinitely fast. Eq.
(7) is the reason to plot the interface position as a
function of \/ t, as we already did in Fig. 7. The
local-equilibrium model yields straight lines in such
plots (parabolic growth), whereas (see Fig. 7) the
mixed-mode model displays a time-dependent slope,
although during a substantial part of the transforma-
tion parabolic growth does occur,

It is particularly interesting to compare the adequacy
of both models with respect to the experimental growth
data from Bradley et al. [16] that were given in Fig. 4.
Fig. 8 shows both the thickening and the lengthening
data for Fe-0.23mass%C as a function of \/ t. The data
for the highest temperature have been left out. It is
clear that the local-equilibrium model strongly overesti-
mates the growth rate. Whereas in the thickening data
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Fig. 8. Comparison of the mixed-mode model and the local-equi-
librium model [1] using the data of Fig. 4b. The straight lines apply
to the local-equilibrium model, the curved lines to the mixed-mode
model.
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the difference is moderate, the lengthening data show a
marked difference. In fact, the grain-boundary diffu-
sion that plays a role in the lengthening is so fast that
a flat carbon concentration profile exists in the austen-
ite throughout the transformation. This means that the
growth kinetics for lengthening is essentially interface-
controlled, and the composition at the interface is far
from the local-equilibrium value. In the kinetics of the
thickening, the difference is less pronounced, since the
slower diffusion reduces the effect of the limited inter-
face velocity. Nevertheless, a significant discrepancy
does exist between the experimental data and the lines
for the local-equilibrium model. Fig. 8 shows that the
presently used mobility parameters, which were previ-
ously obtained for Fe—Mn alloys [11], give a more
reasonable account for the effect of the interface mobil-
ity for Fe~C alloys than the values for pure iron [14]
would. The mobility in pure iron, as reported in Ref.
[14], is so high that local equilibrium would be main-
tained throughout the transformation.

The effect of nucleation on the transformation kinet-
ics has not been taken into account in the present
calculations. The agreement between the experimental
data and the local-equilibrium model can be improved
by allowing an incubation time for nucleation 7, ~ 1 s,
and replacing ¢ in Eq. (7) by (t — t,). The results of the
mixed-mode model indicate that the apparent ‘slow
start’ on a \/ t-scale of the transformation that is
experimentally observed is not necessarily caused by
nucleation processes; it may very well be due to the
development of the concentration profiles early in the
transformation, as is shown in Fig. 8. Neglecting nucle-
ation in the mixed-mode model calculations has the
consequence that the mobility involved is a lowest
estimate of the actual mobility.

In conclusion, with the mixed-mode model both
thickening and lengthening data are reproduced with-
out adapting the values of the parameters that were
previously obtained. The model gives a reasonable re-
production of the growth kinetics in the entire range
from diffusion-controlled to interface-controlled trans-
formations. Research that will lead to a further quan-
tification of the interface mobility M (composition
dependence, temperature dependence) is currently in
progress.

5. Conclusions

The kinetics of diffusional growth of pro-eutectoid
ferrite during the decomposition of supersaturated
austenite in Fe—C alloys can be satisfactory described
using a mixed-mode interface migration model. In this
model, the migration of the «-vy-interface is driven by
the difference of the chemical potential of the austenitic

and the ferritic Fe-lattice at the interface. The austenite
carbon concentration at the interface varies with time.
This is due to the interaction between the intrinsic
o—y-interface mobility and the carbon volume diffusion
in the remaining austenite. This interaction results in an
apparent parabolic growth during more advanced
stages of transformation. For the interface mobility
parameters used (pre-exponential factor M= 58 mm
mol (J s)~! and activation energy E = 140 kJ mol —}),
good quantitative agreement between predictions and
experimental data for the ferrite growth rate and the
carbon concentrations at the interface is obtained, both
under conditions where diffusion control prevails and
under conditions where interface control prevails.
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