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a b s t r a c t 

A computational 3D model that accounts for both nucleation and interface migration is a very useful tool 

to monitor and grasp the complexity of microstructure formation in low-alloyed steels. In the present 

study we have developed a 3D mixed-mode multigrain model for the austenite-ferrite and the austenite- 

ferrite-austenite formation capable of following diffusional phase transformations under arbitrary thermal 

routes. This new model incorporates the solute drag effect of a substitutional element (in this case Mn) 

and ensures an automatic change in transformation direction when changing from heating to cooling and 

vice-versa. An analytical solution for calculating the energy dissipation of solute drag together with mul- 

tiple regression approximations for chemical potentials are proposed which significantly accelerate the 

computation. The modelling results are first benchmarked for an Fe-0.1C-0.5Mn (wt.%) alloy under differ- 

ent continuous cooling and isothermal holding conditions. The model revealed relatively large variations 

in transformation kinetics of individual grains as a result of interactions with neighboring grains. Then 

the model is applied to predict the transformation kinetics of a series of Fe-C-Mn alloys during cyclic 

partial phase transformations. The comparison with experimental dilatometer results nicely validates the 

predictions of this model regarding the change in overall transformation kinetics of the ferrite transfor- 

mation as a function of the Mn content. New features of this model are its efficient algorithm to compute 

energy dissipation by solute drag, its capabilities of predicting the microstructural state for spatially re- 

solved grains and the minimal fine tuning of modelling parameters. The code to implement this model is 

publicly available. 

© 2021 The Author(s). Published by Elsevier Ltd on behalf of Acta Materialia Inc. 

This is an open access article under the CC BY license ( http://creativecommons.org/licenses/by/4.0/ ) 
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. Introduction 

The kinetics of the austenite ( γ ) to ferrite ( α) phase transfor- 

ation in steels has been studied for decades using both experi- 

ental and modelling approaches [1,2] . More recently, an increas- 

ng interest in the kinetics of the ferrite-to-austenite transforma- 

ion has been observed, motivated by the design and production 

f advanced Mn-rich high-strength steels [3-5] . It is well known 

hat common substitutional alloying elements such as Mn, Ni and 

o strongly retard the interface migration during the austenite- 
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errite phase transformation [6,7] . This retardation effect is re- 

ected most noticeably by experimental observations of a stag- 

ant austenite-to-ferrite transformation where the ferrite fraction 

oes not change for a notable period of time in Fe-C-Mn, Fe-C- 

i, Fe-C-Mo and Fe-C-Mn-Mo alloys in case of reversion of cooling 

nto heating or vice-versa [8-14] . As can be seen in recent studies 

n cyclic partial phase transformations, the stagnant stage exists 

n both austenite-to-ferrite and ferrite-to-austenite phase trans- 

ormations [15,16] . The experimentally observed stagnant trans- 

ormation is generally considered to be caused by partitioning 

f substitutional elements in the vicinity of the migrating inter- 

ace. Due to the large difference in diffusivities of interstitial el- 

ments (e.g. C) and that of substitutional elements (e.g. Mn), the 

ransformation kinetics during linear cooling, isothermal anneal- 
c. This is an open access article under the CC BY license 
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ng or more complex thermal routes generally lies in between 

he predictions for local equilibrium (LE) and para-equilibrium 

PE). Understanding the effect of the slower diffusional substi- 

utional elements on the transformation kinetics is essential to 

e able to tune the microstructure. So far, it has remained chal- 

enging to predict and quantify the interface migration for an 

rbitrary imposed thermal profile involving both austenite and 

errite. 

There are two main approaches established to account for the 

ffect of substitutional elements on the interface migration. The 

rst approach uses the concept of an effective interface mobility 

hat considers the effect the alloying element would have on the 

haracter of interface mobility, resulting in a decrease in the value 

f the interface mobility compared to the value of intrinsic γ / α
nterface mobility [17-20] . This approach is demonstrated to be ef- 

cient in computations, but requires a good estimation of the in- 

uence on the effective mobility beforehand. As the effective in- 

erface mobility can vary with the steel compositions, the cool- 

ng rate and the transformation direction, the value of the pre- 

actor M 0 in the Arrhenius expression of the effective interface 

obility can vary over several orders of magnitude from 10 -10 to 

0 −6 molmJ −1 s −1 [21-24] . This wide range of values for the effec- 

ive interface mobility generally requires repeated trials before it 

an be used for accurate predictions. Therefore, the general appli- 

ation of this approach is limited. The alternative approach is to 

dopt the solute drag theory to account for the effect of a substi- 

utional element, while using the intrinsic interface mobility to ac- 

ount for the energy consumption by the interface friction [25-30] . 

n the solute drag theory, the substitutional element can segregate 

t the interface, causing energy dissipation by trans-diffusion in- 

ide the interface. The driving force for the phase transformation 

s potentially consumed by both the solute trans-diffusion inside 

he interface and the interface friction. As the intrinsic γ / α in- 

erface mobility can be derived experimentally from the massive 

hase transformation in binary Fe-X (X = Mn, Ni, Mo etc.) alloys, 

t could be regarded as generic for austenite-ferrite phase trans- 

ormations, regardless of the changes in nominal compositions and 

ooling/heating rates. A recent study on a series of Fe-Ni, Fe-Mn 

nd Fe-Co alloys provides a good reference for the parameters that 

etermine the intrinsic interface mobility [31] . One other parame- 

er one needs to know to calculate the energy dissipation due to 

olute drag is the binding energy of a specific substitutional el- 

ment, which describes the affinity of the solute species to the 

ustenite-ferrite interface. Although an accurate determination of 

he binding energy is not straightforward, this parameter can be 

stimated from detailed measurements of the composition profile 

cross the interface by atom probe tomography [32,33] or from 

rst-principles calculations [34] . The solute drag effect of different 

lloying elements can now be included and thus leads to a cou- 

led solute drag effect, which has been demonstrated to perform 

ell in the recent work on Fe-C-Mn-Mo alloys [13] . Therefore, the 

pproach that uses the solute drag theory to account for the effect 

f substitutional elements on interface migration shows a better 

ransferability than the one employing the effective interface mo- 

ility. 

As the transformation kinetics is not only controlled by inter- 

ace migration, but also by nucleation of the new phase, the evo- 

ution of the new and parent grain structure is a result of both 

ffects. Thus, the effect of alloying elements on the interface mi- 

ration cannot solely be studied by conventional continuous cool- 

ng or heating, or by isothermal holding experiments in which 

ucleation and growth of the ferrite phase occur simultaneously. 

n effective approach to circumvent this issue is to adopt the so- 

alled cyclic partial phase transformation, where the steel is ther- 

ally cycled between two temperatures, that both lie in the two- 

hase γ - α region, so that only the more energetically favored in- 
2 
erface migration takes place, rather than the simultaneous occur- 

ence of interface migration and nucleation of new grains [11] . 

his behavior has been observed by our recent neutron depolar- 

zation measurements, which demonstrate that new nucleation of 

errite grains is indeed absent and that the transformation kinetics 

s only controlled by the interface migration during cycling [35] . 

lthough all cycling experiments of Fe-C-Mn alloys (compositions 

ith 0.023-0.25 wt.% C and 0.17-2.1 wt.% Mn) show stagnant stages 

n the transformation of austenite to ferrite and vice versa, the cy- 

ling behavior is distinctly different. For example, in a lean Mn- 

lloyed Fe-0.023C-0.17Mn (in wt.%) steel an open loop of the ferrite 

raction is observed [11] , whereas a gradual net increase of the fer- 

ite fraction is present in an Fe-0.25C-2.1Mn (in wt.%) steel during 

ycling [35] . Another study on austenite formation during thermal 

ycling in a medium-Mn steel (Fe-0.2C-4.5Mn in wt.%) showed that 

he fraction of the newly formed austenite decreases in each suc- 

essive cycle, whilst the total amount of austenite increases during 

ycling [36] . These differences in behavior are due to the dynamics 

f the modifications of the local chemical compositions across the 

nterface, the element chemical potentials and the relative veloci- 

ies of the Mn diffusion and the moving interface. One of the best 

ays to clarify this complexity in dynamics is to develop models 

hat reveal the effects of local chemistry (including C and Mn) and 

hase structure at the same time under a mixed-mode interface 

ondition. To do this, in recent years extensive modelling stud- 

es have been conducted to investigate the kinetics of cyclic par- 

ial austenite-ferrite phase transformations using the solute drag 

heory [37-42] . However, given the heavy computational demands 

fter incorporating solute drag, most established models are lim- 

ted to 1D, with the exception of one 2D cellular automaton model 

41] , and all of these models only focus on the interface migra- 

ion itself. Although these studies provide a detailed insight into 

he transformation behavior during linear cooling, isothermal an- 

ealing and thermal cycling, two key parameters that need to be 

ncluded to make the step to model transformation kinetics in real 

3D) steels are still missing. Firstly, the 1D simulation provides no 

patial information and gives no insight into the variation in be- 

avior of different f errite grains. Secondly, the varying degrees of 

ucleation (i.e. degree of undercooling) of individual ferrite grains 

efore entering thermal cycling has been discarded, and as a re- 

ult the previous models contain no information on the grain size 

nd the grain size distribution. However, as pointed out in our pre- 

ious study [43] , the average grain size and the grain size distri- 

ution are essential information for a model to predict the mi- 

rostructure and shed light on the underlying physics. Therefore, 

t is very desirable to develop a model that not only incorporates 

olute drag, but also includes the spatial information in 3D to gen- 

rate a statistically relevant number of events for ferrite forma- 

ion. A model of this kind will also make it possible to study how 

he size distribution of ferrite grains formed before cycling affects 

he interface migrating back and forth in the presence of solute 

rag. 

In the present work, we have extended our previous 3D multi- 

rain mixed-mode model by coupling it with the solute drag the- 

ry. This new model accounts for ferrite nucleation based on the 

lassical nucleation theory and interface migration based on the 

alance in Gibbs free energies between the chemical driving force 

nd the energy dissipations due to interface friction and solute 

rag, all calculated locally for each moving interface. The mod- 

lling results are first benchmarked for an Fe-0.1C-0.5Mn ternary 

lloy under continuous cooling and isothermal holding. Next, this 

odel is applied to describe the transformation kinetics during 

yclic partial phase transformations of the same steel. Finally, the 

odel is applied to calculate the cyclic transformation behav- 

or as a function of C and Mn concentrations in the steels. The 

im is to develop a versatile and flexible modelling tool to pre- 
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ict the kinetics of austenite-ferrite phase transformations with a 

inimal number of fitting parameters. The more efficient method 

o compute the local energy dissipation due to solute drag pro- 

osed in the present work is also expected to provide inspira- 

ion for further 3D simulations of multigrain solid-state phase 

ransformations. 

. Model 

The starting structure in the model is a fully austenitic multi- 

rain structure produced by constructing Voronoi cells in a cu- 

ic box with a length of L b . The number density of austenite 

rains ( ργ ) is preset, resulting in an average austenite grain size 
¯
 γ = ( 6 /πργ ) 1 / 3 . The centers of the Voronoi cells are randomly 

roduced with an imposed minimum distance (d min ) to control 

he austenite grain size distribution. The corners of the Voronoi 

ells are regarded as the main potential nucleation sites for ferrite 

rains, as ferrite nucleation is found to predominantly take place 

t grain corners. Besides the grain corners, also edges and faces 

an act as potential nucleation sites with a lower probability [44] . 

nce a stable ferrite nucleus forms at one of the grain corners (or 

lternatively at a grain edge or at a grain face), the ferrite grain 

s assumed to grow isotropically into the austenite as a sphere. 

s shown in the micro-beam X-ray diffraction during austenite-to- 

errite and ferrite-to-austenite transformations [45,46] , the nucle- 

tion barrier is apparently higher than the kinetic energies. There- 

ore, it is reasonable to use classical nucleation theory (CNT) to 

ompute the number density of ferrite grains [47-49] . The migra- 

ion of the austenite-ferrite interface is controlled by the diffusion 

f both carbon and substitutional elements and by a lattice recon- 

truction. This is a so-called mixed-mode approach [1,3,18] and the 

elevant assumptions of the model as used are described in detail 

ater. The solute drag theory is applied to describe the energy dissi- 

ation due to the trans-diffusion of substitutional solute inside the 

nterface. A quasi-steady state is reached when the pressure im- 

osed on the moving interface is zero, indicating that the chemical 

riving force is balanced by the energy consumption by both inter- 

ace friction and solute drag. The above principle has been widely 

dopted in various modelling approaches and currently sets the 

tandard. However, the accuracy of the model depends on being 

ble to calculate the concentrations of the key interstitial and sub- 

titutional alloying elements at moving interfaces as well as in the 

arent phases the interface is moving towards. 

In a previous work we derived analytical expressions for the 

arbon (i.e. the interstitial element) concentration at the interface 

nd far away from the interface for non-overlapping and overlap- 

ing of diffusion fields (soft impingement). The base model also 

ccounted for the hard impingement of growing ferrite grains. 

hese expressions were shown to be correct regardless of transfor- 

ation directions (i.e. ferrite grains are growing or austenite grains 

re growing). 

.1. Ferrite nucleation 

In the simulations to be presented, ferrite nucleation was as- 

umed to take place only at the corners of austenite grains. The 

ode has however been generalized such that it can handle dif- 

erent nucleation sites, such as grain corners, grain edges and 

rain faces or mixtures of these. Dedicated simulations showed 

hat the choice of the dominant nucleation site had a marginal ef- 

ect on the transformation and does not to affect the main con- 

lusions of the present work (minor changes were only observed 

n the later stages of the transformation). The classical nucleation 

heory is used to describe the nucleation rate dN/dt in a se- 

ected volume. According to the CNT, the nucleation rate can be 
3 
ritten as: 

dN 

dt 
= AZ N 0 ( 1 − f α( T ) ) 

(
k B T 

h 

)

exp 

(
− Q D 

k B T 

)
exp 

(
− �

k B T ( �G V ( T ) − �G S ) 
2 

)
, (1) 

here A is a pre-factor, Z is the Zeldovich factor and nearly con- 

tant (Z ≈ 0.05), N 0 represents the number of potential nucleation 

ites when transformation starts, f α is the volume fraction of fer- 

ite phase, k B is the Bolzmann constant, T is the temperature in 

elvin, h is Planck’s constant, Q D is the energy barrier for diffusion, 

is a constant that comprises all the contributions of the shape of 

he critical nucleus and interfacial energy between the nucleus and 

he surrounding parent grains, �G V is the net difference in Gibbs 

ree energy per unit volume between ferrite and austenite, �G S is 

he misfit strain energy per unit volume. The critical nucleus size is 

 

∗ = 2 σαγ / ( �G V ( T) − �G S ) [49] , where σαγ is the interfacial en- 

rgy per unit area for γ / α boundaries and amounts to σαγ = 0.62 

m 

−2 [50] . In Eq. 1 the constant � is the most challenging parame- 

er to be determined precisely. However, high energy X-ray diffrac- 

ion studies monitoring the nucleation of ferrite or austenite sug- 

est that � in reality has a value of the order of 10 -8 J 3 m 

−6 [45] .

herefore, a value of � ≈ 5 × 10 -8 J 3 m 

−6 is used in the present 

ork. The �G S is calculated by �G s = 

2( 1 −ν) 
9( 1+ ν) 

μ( 2a 3 α/ a 3 γ − 1 ) 2 [51] , 

here ν is the Poisson’s ratio, μ is the shear modulus ( ν = 0.33 

nd μ = 60 GPa for pure iron). The lattice parameter of ferrite 

 α and the lattice parameter of austenite a γ both depend on tem- 

erature and carbon concentration, and are calculated according to 

52] . 

.2. γ / α interface migration 

The chemical driving force per mole of atoms �G 

chem 

m 

for the 

/ α interface migration after ferrite nucleation can be expressed 

s: 

G 

chem 

m 

= 

n ∑ 

i 

x 0 i 

[
μγα

i 

(
x 
γα
i 

)
− μαγ

i 

(
x 
αγ
i 

)]
, (2) 

here subscript i is the element in the alloy, n is the total number 

f elements, x 0 
i 

is the composition of element i transferred across 

he interface, the superscripts of γα and αγ correspond to the 

ustenite side and ferrite side on the interface, respectively, μ is 

he chemical potential and x is the mole fraction. For an inter- 

ace moving in a quasi-steady state the chemical driving force is 

alanced by the interface friction �G 

friction 
m 

and the dissipation of 

ubstitutional elements inside the interface �G 

diff 
m 

: 

G 

chem 

m 

= �G 

friction 
m 

+ �G 

diff 
m 

. (3) 

Such an approach to split the dissipation of the chemical driv- 

ng force into two contributions was first proposed by Hillert and 

oworkers [25,53,54] and is now a common approach (e.g. refs. 

13,30,37] ). Eq. 3 also indicates that long-range diffusion of a sub- 

titutional element (Mn in this case) in ferrite or austenite is not 

onsidered, although it may contribute to the Gibbs free energy 

issipation. According to [55] , it is not evident how to separate 

he energy dissipation due to trans-diffusion of substitutional el- 

ment inside the interface from the dissipation by the long-range 

iffusion. Since interstitial atoms diffuse much faster than substitu- 

ional atoms, it is reasonable to assume that there is a long-range 

iffusion of the interstitial element (C in this case) and a steady- 

tate condition of the substitutional element (Mn in this case) in 

nd across the thin interface region [56] , as is done in the current 

odel. 
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The interface friction depends on the interface velocity v int and 

he intrinsic mobility of the γ / α interface M int : 

G 

friction 
m 

= v int V m 

/ M int , (4) 

here V m 

is the molar volume of Fe and assumed to be the 

ame for austenite and ferrite, M int is expressed by M int = 

 0 , int exp ( −Q int / RT ) where M 0 , int is a pre-factor in molmJ −1 s −1 , 

 int is the activation energy and R is the gas constant. The use of 

he intrinsic interface mobility, rather than the effective interface 

obility, provides a substantial advantage in transferability of the 

odel from one steel composition to another. The dissipation en- 

rgy due to trans-diffusion of solute inside the interface �G 

diff 
m 

is 

alculated using the method proposed by Purdy and Bréchet [57] . 

s �G 

diff 
m 

depends on v int , which is related to the interfacial com- 

osition, the conventional way to derive the solution of v int is by 

alculating the values of the three energies ( �G 

chem 

m 

, �G 

diff 
m 

and 

G 

friction 
m 

) as a function of v int in the expected range. The inter- 

ection point between �G 

chem 

m 

and �G 

diff 
m 

+�G 

friction 
m 

is regarded as 

he solution of v int (when multiple intersection points are present, 

he minimum v int is adopted). Although this method is robust, it 

s computationally heavy as it needs to be calculated via numer- 

cal procedures for every moving interface while taking into ac- 

ount the local (thermal history dependent) chemical composition. 

n this work, we have derived an analytical solution for �G 

diff 
m 

, 

hich avoids the need to compute the Gibbs free energies as a 

unction of v int and allows one to directly compute the solution. 

hereby, the computation can be significantly accelerated enabling 

he model to be used in a multigrain setting. A detailed description 

n how to calculate �G 

diff 
m 

is presented in Appendix A . 

The interfacial carbon concentrations and diffusion profiles 

eed to be solved to derive v int . As the diffusivity of carbon in

errite D 

α
C 

is much larger than that in austenite D 

γ
C 

, we only con-

ider the bulk diffusion of carbon in austenite. This way, there is no 

arbon concentration gradient in ferrite and thereby the interfacial 

arbon concentration C 

α amounts to the equilibrium concentration 

 

αγ
eq . The diffusion profile of carbon in austenite is approximated by 

 second-order polynomial. This approximation yields mathemati- 

al simplicity and was found to give a good match with the limit- 

ng diffusional cases for which exact solutions exist. Details of the 

athematical treatment of the carbon diffusion are presented in 

ppendix B . For non-overlapping diffusion fields the rule of mass 

onservation of C results in: 

C 0 − C 

αγ
eq 

)
V α = 4 π

∫ L 

0 
( C ( r ) − C 0 ) ( r + R α) 

2 dr 

= −
2 π( C 0 − C 

γ ) 
(
L 3 + 5 L 2 R α + 10 LR 

2 
α

)
15 

, (5) 

here C 0 is the nominal carbon concentration, C 

αγ
eq is the equilib- 

ium concentration of carbon in ferrite, R α is the radius and V α is 

he volume of the ferrite grain, L is the diffusion length and r is the

istance, C 

γ is the interfacial carbon concentration at the austenite 

ide. As there is no carbon accumulated at the interface itself, the 

ollowing equation can be derived: 

 int 

(
C 

γ − C 

αγ
eq 

)
= 

2D 

γ
C ( C 

γ − C 0 ) . (6) 

C 0 − C 

αγ
eq 

)
V α = 4 π

∫ L 

0 

[
( C m 

− C 0 ) + ( C 

γ − C m 

) 

(
1 − r 

L 

)2 
]
( r + R α

= −
2 πL 

(
9 L 2 C m 

− 10 L 2 C 0 + L 2 C 

γ + 20R 

2 
αC m 

− 30R 

2
α

1

L 

4 
ow we can derive the solutions for the unknown parameters v int , 

 

γ and the diffusion length L by solving the set of Eqs. 2 - 6 . In

ection 2.3 we present how we solve this problem. 

For the overlapping diffusion fields (soft-impingement) the car- 

on concentration at the soft impingement point C 

γ
m 

increases. The 

ass conservation of carbon and the absence of accumulation of 

arbon at the interface still applies in this stage. Therefore, we 

ave: 

 

 10R 

2 
αC 

γ + 25L R αC m 

− 30L R αC 0 + 5L R αC 

γ
)
, (7) 

 int 

(
C 

γ − C 

αγ
e q 

)
= 

2D 

γ
C 

L 
( C 

γ − C m 

) , (8) 

 = L 0 − R α, (9) 

here L 0 is the distance where the carbon diffusion field of a fer- 

ite grain starts to contact with the diffusion fields of its neighbors. 

ow the solutions for v int , C 

γ , C m 

and L can be derived by solving 

he set of Eqs. 2 - 4 and Eqs. 7 -9. 

To distinguish whether soft impingement occurs, we first treat 

he diffusion of carbon without soft impingement and derive the 

iffusion length L. When the profile of grain j starts to intersect 

ith that of any neighboring grain k, the following condition is 

ulfilled: 

 α, j + L j + R α, k + L k = r jk ( j � = k ) , (10) 

here r jk is the distance between the centers of ferrite grains j and 

. At this moment the diffusion length L is taken as the maximum 

istance that carbon can diffuse for that grain. With the advance 

f the interface migration, the ferrite grains could be in physical 

ontact with neighboring grains, resulting in hard impingement. To 

ccount for this hard impingement effect, we use the same correc- 

ion as the one applied in our previous work [43] , for which the 

ource code now can be found at ( https://github.com/haixingfang/ 

D- mixed- mode- model ). 

.3. Simulation conditions 

The model is used to compute transformation kinetics under 

arious thermal conditions, including continuous cooling, isother- 

al holding and thermal cycling for a series of Fe-C-Mn alloys. 

his model is first benchmarked for continuous cooling at different 

ates and isothermal holding at a selected temperature for the Fe- 

.1C-0.5Mn alloy (see temperature profile in Fig. 1 a and 1 b). Then 

e focus on using this model for cyclic partial phase transforma- 

ions in the γ / α two-phase region between temperatures T 1 and 

 2 (see Fig. 1 c). Table 1 gives these temperatures and the corre- 

ponding equilibrium ferrite fractions calculated with Thermo-Calc 

oftware using the TCFE8 database. The two cycling temperatures 

ere chosen to be the same as in the reported experimental stud- 

es (for Fe-0.023C-0.17Mn [11] and Fe-0.1C-0.5Mn alloys [38] ) or 

hosen to ensure that the ferrite fraction is not too small and also 

ot too large at the end of isothermal holding (for the other alloys 

xamined here). For those alloys the cycling temperatures were 

hosen to show ortho-equilibrium ferrite fractions of f OE 
α (T 1 ) ≈ 0.70 

nd f OE 
α (T 2 ) ≈ 0.20. For alloys with 1.5 wt.% Mn or more the T 1 

as set as f α(T 1 ) ≈ 0.50 for the end of the isothermal stage and

 2 fulfills T 2 - T 1 ≈ 50 K. The reason for setting up a different

riterion for higher Mn alloys is that a substantial ferrite transfor- 

ation only occurs well below the transition temperature between 

https://github.com/haixingfang/3D-mixed-mode-model
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Fig. 1. Schematic temperature profiles for (a) continuous cooling, (b) isothermal and (c) cyclic partial phase transformations. All simulations start at A 3 (PE) and end at A 1e 

for continuous cooling and cyclic transformations, while the simulation does not end until there is negligible change of f α for the isothermal transformation. For simulations 

of the cyclic phase transformation, the primary cooling rate is set as 20 K/s, the isothermal time at T 1 is set as 30 min and the number of cycles is chosen to be 3. 

Table 1 

Compositions of the Fe-C-Mn alloys and the cycling temperatures T 1 and T 2 for each simulation. The ferrite fractions under 

ortho-equilibrium f OE 
α , the A 3 and A 1 temperatures under ortho-equilibrium (A 3e and A 1e , respectively), para-equilibrium 

temperature A 3 (PE) and PLE/NPLE temperature are also listed. 

Alloy (wt.%) T 1 (K) T 2 (K) f OE 
α (T 1 ) (-) f OE 

α (T 2 ) (-) A 3e (K) A 3 (PE) (K) A 1e (K) PLE/NPLE (K) 

Fe-0.1C-0.17Mn 1073 1127 0.70 0.20 1136 1132 994 1131 

Fe-0.1C-0.5Mn 1058 1115 0.71 0.20 1124 1118 983 1108 

Fe-0.1C-1.0Mn 1040 1095 0.70 0.24 1107 1096 966 1074 

Fe-0.1C-1.5Mn 993 1043 0.86 0.71 1092 1073 947 1039 

Fe-0.1C-2.0Mn 953 1003 0.91 0.82 1077 1051 926 995 

Fe-0.1C-2.5Mn 938 983 0.92 0.85 1063 1033 903 988 

Fe-0.25C-0.17Mn 998 1075 0.68 0.20 1091 1089 1091 995 

Fe-0.25C-2.1Mn 939 983 0.77 0.63 1045 1019 1045 938 

Fe-0.023C-0.17Mn 1133 1158 0.80 0.42 1166 1163 1166 994 

Fe-0.05C-2.0Mn 998 1062 0.82 0.45 1090 1064 1090 920 
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artitioning local equilibrium and negligible portioning local equi- 

ibrium (PLE/NPLE) according to preliminary simulation results. The 

LE/NPLE temperatures are also listed in Table 1 . 

The length of the cubic sample box is set as L b = 70 μm.

he average austenite grain size is chosen to be d̄ γ = 20 μm 

 ργ = 2.4 × 10 14 m 

−3 ) with d min = 12 μm. Given these dimen-

ions and two imposed cooling rates the model describes the col- 

ective and individual behavior of about 151 parent austenite grains 

nd about 58-204 emerging ferrite grains depending on the cool- 

ng rate. As the chemical potentials of all elements depend on both 

emperature and compositions, they must be calculated separately 

or each grain at each time step. To accelerate the computation, 

e use multiple nonlinear regression to approximate the depen- 

ency of the chemical potentials of Fe, C and Mn beforehand to 

void calls to the Thermo-Calc database. A detailed description is 

resented in Appendix B . Using this approximation, combined with 

he analytical expression derived for �G 

di f f 
m 

(shown in Eq. A4 in 

ppendix C ), the calculation of the transformation kinetics in 3D 

or a multigrain setting can be significantly accelerated and be re- 

lized in realistic computing times. 

The phase boundary lines of ( α+ γ )/ γ and α/( α+ γ ) are calcu-

ated with Thermo-Calc and fitted to a second-order polynomial 

or the temperature range of interest. The parameters for intrinsic 

nterface mobility proposed by Zhu and coworkers [31] are used in 

he present work. The diffusivity of Mn in the interface is taken 

s D 

Mn 
int 

= 

√ 

D 

γ
Mn 

D 

α
Mn 

. Except for the thermodynamic data, the val- 

es of all other parameters are kept constant independent of the 

lloy composition and thermal treatment. The modelling parame- 

ers are listed in Table 2 . The binding energy E 0 for Mn on the α/ γ
nterface is a very important parameter as it governs the Mn parti- 

ioning inside the interface, thereby strongly influencing the trans- 

ormation kinetics. Slightly different values for E 0 have been de- 

ived using different approaches: scanning Auger microprobe stud- 

es on austenite grain boundaries yielded E 0 = 8 ± 3 kJmol −1 [58] ; 

ttings to experimental transformation kinetics yielded E 0 = 5 ~

.9 kJmol −1 [37] ; calculations from the Mn profile across the in- 
c

5 
erface measured by atom probe tomography gave E 0 = 6.0 ±
.4 kJmol -1 [32] and first principles calculations provided a value 

f E 0 ≈ 12.5 kJmol −1 [34] . In the present work we have chosen 

n intermediate value of E 0 = 7 kJmol −1 . The choice of a slightly 

ifferent value for E 0 would have affected to overall kinetics, but 

ould not have affected the key findings in the simulations. 

In this model the only adjustable parameter is the pre-factor 

 in Eq. 1 . This pre-factor A affects the maximum number of nu- 

lei and the effective time (temperature) window for nucleation. 

he parameter depends on the rate of transformation, which de- 

ends on the imposed temperature path. It should be noted that 

ny small uncertainty in the modelled energy barrier for nucle- 

tion (controlled by the parameter �) will directly translate into 

 significant change in the value of the required pre-factor A. In 

he current simulations for linear cooling, the value for the pre- 

actor A is estimated from the maximum number density of ferrite 

rains, which was estimated from metallographic observations. For 

sothermal holding and thermal cycling simulations, the pre-factor 

 is set in the range of 0.001 ~ 0.0 033 (i.e. 1/10 0 0 ~ 1/30 0). This

hoice was based on reported values in synchrotron X-ray diffrac- 

ion studies on isothermal ferrite-to-austenite transformations [46] . 

For each time step �t during the calculation of the phase trans- 

ormation the number of ferrite grains is calculated according to 

he CNT (see equation 1 ). The interface velocity for each grain is 

hen calculated as described in Section 2.2 . The effective radius 

 α, j (after corrections of hard impingement if necessary) of ferrite 

rain j at a time t is calculated using the velocity derived from the 

ast time step v int , j ( t − �t ) : 

 α, j ( t ) = R α, j ( t − �t ) + v int , j ( t − �t ) �t . (11) 

The overall microstructural characteristics, including the ferrite 

olume fraction f α , the average grain radius δα and the standard 

eviation σα for the radius distribution of ferrite grains, are com- 

uted for each time step. The programming codes for implement- 

ng the model presented here are publicly available ( https://github. 

om/haixingfang/3D- GEB- mixed- mode- model ). 

https://github.com/haixingfang/3D-GEB-mixed-mode-model
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Table 2 

Modelling parameters and the data references. 

Parameter Value or equation Unit Ref. 

Density of potential nucleation site, ρ0 1 . 14 × 10 15 m 

−3 - 

Pre-factor A in Eq. 1 1/1000 ~ 1/300 for simulations on cyclic phase transformations - - 

Activation energy for Fe self diffusion, Q D 3 . 93 × 10 −19 J [45] 

Molar volume of Fe, V m 7 . 1 × 10 −6 m 

3 mol −1 - 

Interface thickness, δint 0 . 5 × 10 −9 m [37] 

Intrinsic mobility of γ / α interface, M int 2 . 7 × 10 −6 exp ( − 145 kJmo l −1 

RT 
) m 

4 J −1 s −1 [31] 

Binding energy of Mn, E 0 7 kJmol −1 - 

Diffusivity of Mn in austenite, D 
γ
Mn 

0 . 178 × 10 −4 exp ( − 264 kJmo l −1 

RT 
) m 

2 s −1 [59] 

Diffusivity of Mn in ferrite, D αMn 0 . 756 × 10 −4 exp ( − 224 . 5 kJmo l −1 

RT 
) m 

2 s −1 [59] 

Diffusivity of C in austenite, D 
γ
C 

4 . 53 × 10 −7 ( 1 + y C ( 1 − y C ) 
8339 . 9 K 

T 
) exp { −( 1 K 

T 
− 2 . 221 × 10 −4 )( 17767 − 26436 y C ) } where y C = 

x C 
1 −x C 

m 

2 s −1 [60] 

Diffusivity of C in ferrite, D 

α
C 0 . 02 × 10 −4 exp ( − 10115 K 

T 
) exp { 0 . 5898[ 1 + 

2 
π arctan ( 14 . 985 − 15309 K 

T 
) ] } m 

2 s −1 [61] 

Fig. 2. Kinetics of austenite-to-ferrite phase transformation in Fe-0.1C-0.5Mn alloy during continuous cooling at constant rates of 0.4 and 10 K/s predicted by the present 

model. (a) Nucleated ferrite number density ρα , (b) ferrite fraction f α , (c) average ferrite grain size δα and standard deviation σα , and (d) final grain size distribution of 

ferrite for 10 K/s in comparison with metallographic measured results from [19] . Lines in (d) are fitting curves of lognormal distribution. 
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. Results and discussion 

.1. Transformations during continuous cooling 

Fig. 2 shows the ferrite transformation kinetics in the Fe-0.1C- 

.5Mn alloy during continuous cooling at a rate of 0.4 and 10 K/s. 

n the simulation, the pre-factor A in Eq. 1 was set at A = 1/30 0 0

nd at A = 1/35 for 0.4 and 10 K/s, respectively. The pre-factor is 

he only parameter required to be adjusted and it is chosen such 

o make sure that the maximum value for the ferrite number den- 

ity was comparable to that of metallographic observations on the 

ully transformed sample [62] . As a result, the maximum ferrite 

umber density for 10 K/s is about 3.5 times higher than that for 

.4 K/s, even though the nucleation starts at about the same tem- 

erature of 1095 K, as shown in Fig. 2 a. Fig. 2 b shows that the

odel predicted ferrite fractions (f α) that are in good agreement 

ith the dilatometer results for the two cooling rates. Fig. 2 c plots 

he evolution of the calculated average ferrite grain size ( δα) and 
6 
tandard deviation of the ferrite grain size distribution ( σα) as a 

unction of temperature. The final values for δα (10.7 and 6.9 μm 

or 0.4 and 10 K/s, respectively) are as intended close to the exper- 

mental data determined on metallographic images (10.7 and 6.5 

m, respectively) [61] . Fig. 2 d shows a comparison of the ferrite 

rain size distribution after a complete transformation between the 

odel prediction and the experimental results for 10 K/s. The orig- 

nal experimental data for the ferrite grain size were presented as 

he equivalent circular diameter in 2D [19] . To make a comparison 

ith our 3D data, we converted the published 2D data into 3D by 

 α, 3D = 4R α, 2D / π for each ferrite grain. The figure shows a rea- 

onable agreement between the modelling results and the exper- 

mental data, both of which can be approximated by a lognormal 

istribution. It can also be seen in Fig. 2 d that the model predicts a

arrower size distribution and a slightly larger average grain size, 

hich could partly be attributed to an earlier transformation onset 

or the modelling (see Fig. 2 b). It is also worth pointing out that 

he actual grain size and shape distribution of the fully austenitic 
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Fig. 3. Visualization of the formed grains in parent austenitic structure at constant cooling rates of (a, b) 0.4 K/s and (e, f) 10 K/s for two different f α , and developments 

of two grains (marked in αA and αB ) as a function of temperature at cooling rates of (c, d) 0.4 K/s and (g, h) 10 K/s. (a, e) f α = 0.10, (b, f) f α = 0.25, (c, g) ferrite radius 

and interfacial migration rate, and (d, h) chemical driving force �G chem 
m , interfacial friction energy �G f riction 

m and energy dissipation due to trans-interfacial diffusion of Mn, 

�G di f f 
m . In (a, b, e, f) spherical surfaces of ferrite grains are shown in red and their cut-off planes on the edge of the cubic box are shown blue. Austenitic grains are made 

semi-transparent and their grain boundaries are shown in black lines. In each of (c, g) five circle points are shown to mark the radius of the ferrite grain αA when f α = 0.01, 

0.05, 0.10, 0.25 and 0.50. In (d, h) the temperatures for starting growth of αA and αB are marked as T A and T B , respectively. 
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tarting structure influences the final ferrite grain size distribution. 

iven a relatively uniform and isotropic starting microstructure (as 

resented here), the final grain structure is mainly controlled by 

he average grain size of the austenite. The model itself can easily 

e adapted to include non-equiaxed starting microstructures. 

We will now try and demonstrate the capabilities of the model 

n predicting the transformation kinetics both at the overall sample 

evel and at the level of individual emerging ferrite grains. Fig. 3 

hows the development of two selected ferrite grains ( αA and αB ) 

ucleated at the same position but under different cooling rates 

f 0.4 and 10 K/s, respectively. Snapshots of Fig. 3 a-b and 3e-f 

how their positions and the overall microstructure changes from 

 α = 0.10 to 0.25. Fig. 3 c and 3 g show the evolutions of their ra-

ius and interface velocities. To analyze the controlling mechanism 

or the growth of αA and αB , we plot the changes of the chemi- 

al driving force ( �G 

chem 

m 

) and the energy dissipations ( �G 

f riction 
m 

nd �G 

di f f 
m 

) in Fig. 3 d and 3 h. For cooling at 0.4 K/s, αA starts to

row at 1095 K, above which �G 

chem 

m 

< �G 

di f f 
m 

and therefore, the 

nterface cannot move. Below 1095 K, the interface velocity of αA 

ncreases, peaks at 1072 K and falls back to nearly zero as �G 

di f f 
m 

ecomes very close to �G 

chem 

m 

. αB starts to grow later than αA . 

ut once it starts at 1081 K, it has a very high initial velocity due

o a large undercooling, with a larger driving force compared to 

A at the starting point. Different from αA , the interface velocities 

f αB continuously decrease to zero with a small bump occurring 

t 1072 K. For cooling at a rate of 10 K/s, αA and αB show very

imilar behavior in terms of the starting growth temperature, the 

nergy changes and the interfacial velocities during the whole pro- 

ess, which is very different from the behavior observed at a cool- 

ng rate of 0.4 K/s. 

The average and local concentration profiles of C and Mn also 

volve distinctly differently for the two grains at different cooling 

ates. It can be seen from Fig. 4 b that Mn concentration at the in-

erface builds up to a high level, especially when f α = 0.50, while 

he C diffusion gradient is small and even smeared out at f α = 0.50

or α upon cooling at 0.4 K/s (see Fig. 4 a). This indicates that 
A 
t

7 
rans-diffusion of Mn in the interface dominates the kinetics. For 

he same grain nucleated at the same temperature and the same 

osition but exposed to a higher cooling rate, the Mn concentra- 

ion across the interface is much lower and the C diffusion gradi- 

nt is much higher (see Fig. 4 c and 4 d), indicating that in this case

a cooling rate of 10 K/s) the transformation kinetics is mainly con- 

rolled by C diffusion. 

The modelling results of the transformation kinetics during con- 

inuous cooling demonstrate that: 1) the model performs well in 

redicting the overall transformation kinetics during continuous 

ooling; 2) the development of physical and chemical character- 

stics can be monitored for each individual grain and 3) the contri- 

ution and dissipations of the Gibbs free energies can be calculated 

o understand the mechanism for the change in interfacial velocity. 

.2. Isothermal transformations 

A further modelling test was made on the same alloy of Fe- 

.1C-0.5Mn but imposed to isothermal phase transformations at 

058 and 1048 K to enable model validation against phase field 

imulations and dilatometry measurements, respectively. In both 

imulations the pre-factor in Eq. 1 was set at A = 1/800. Fig. 5 a

hows the predicted f α as a function of isothermal time together 

ith the result obtained from 1D phase field simulation. In both 

odels, Mn is modelled such that trans-diffusion in the interface, 

.e. solute drag, can take place. The figure shows that in both ap- 

roaches f α evolves in a similar manner and ends at about the 

ame level of 0.65, which is smaller than the para-equilibrium 

raction f PE 
α (T = 1058 K) = 0.72. As has been reported in litera- 

ure [e.g. 12, 13, 37, 63 ], this is a case of incomplete transforma-

ion because the energy dissipation of solute drag becomes larger 

han the driving force at longer isothermal times. Notably, there is 

n obvious latent transformation in the early stage in the current 

odelling results (marked by the red arrows in Fig. 5 a), whilst this 

ffect has not been observed for the 1D phase field modelling [39] . 

his is due to differences in nucleation modes and grain geome- 

ries: the present model implements a continuous nucleation mode 
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Fig. 4. Carbon (a, c) and manganese (b, d) profiles across the interface for grain αA (as visualized in Fig. 3 ) at cooling rates of (a, b) 0.4 K/s and (c, d) 10 K/s. r / δ is a 

dimensionless quantity where r is distance and δ is the half of the interface thickness. 

Fig. 5. Ferrite fraction f α as a function of time for isothermal holding of Fe-0.1C-0.5Mn (a) at 785 °C in comparison with the simulation result of the 1D phase field modelling 

[39] considering the Gibbs free energy dissipation due to Mn diffusion inside the interface and (b) at 775 °C against experimentally derived f α from dilatometer measurements 

with a primary cooling rate of 1 K/s. The time is expressed relative to the starting moment of the isothermal holding. The experimental f α in (b) is derived from average of 

two separate dilatometry measurements (each starting with a fresh sample). 
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nd operates in 3D, leading to a scaling of f α with R α
3 , whereas

n instantaneous nucleation and a planar geometry are assumed 

n the phase field and therefore, f α scales with R α . Differences in 

he median isothermal stage, where f α = 0.25 ~ 0.55, are also seen, 

hich could be due to the fact that our model takes into account 

oth nucleation and spatial correlations between neighboring fer- 

ite grains. 

Although the differences in the overall f α between the present 

D multigrain model and the 1D phase field model predictions 

resented in Fig. 5 a are not large, the 3D multigrain model shows 

 significant variation in transformation behavior for individual fer- 

ite grains due to grain interactions (related to nucleation time 
8 
nd local environment), whereas the 1D model by default cannot 

ive such information. Other experiments and modelling studies 

45,64] also demonstrated that the transformation behavior of in- 

ividual grains can vary significantly. There are a number of signif- 

cant differences between 1D and 3D models. As to the 3D model, 

he transformation behavior for each grain is determined by the 

ucleation and growth behavior of the surrounding material, in ad- 

ition to what has been prescribed for that particular grain. Such 

ehavior can never be captured a priori in a 1D model. Only when 

ne knows the full 3D behavior then the settings of the 1D simu- 

ation can be set properly. The dimensionality will also affect the 

ay that soft and hard impingement play a role in the transfor- 
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Fig. 6. Modelling predictions and experimental dilatometry results [11,38] determined for the ferrite fraction as a function of temperature during cyclic partial transformation 

in (a) Fe-0.023C-0.17Mn and (b) Fe-0.1C-0.5Mn alloys. S: stagnant transformation where transformation kinetics is negligible; N: transformation proceeds in the direction in 

accordance with the temperature change; I: transformation proceeds in an opposite direction as would be expected from the temperature change. 
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ation kinetics. The de-activation of nucleation sites by soft/hard 

mpingement and the evolution of the grain size distribution can 

nly be obtained in a 3D model. Given their geometrical simplicity, 

D models are more suitable to demonstrate the effect of various 

ssumptions regarding solute behavior near the moving interface 

n the transformation kinetics. 

Fig. 5 b compares the predicted f α with the experimentally de- 

ermined f α from dilatometry measurements by applying the lever 

ule [65] . By setting the average austenite grain size to < d γ

 = 50 μm in accordance with experiments [66] and the sample 

ox L b = 175 μm (using the same ratio of L b to < d γ > ), while

eeping the pre-factor A the same as in the simulation shown in 

ig. 5 a, we found that the predicted f α matches the experimental 

esult closely as shown in Fig. 5 b. The model and the experiment 

how a latent transformation in the early stage and a similar value 

f f α at the final stage that is close to the para-equilibrium fraction 

f PE 
α (T = 1048 K) = 0.76). The good agreement between the simula- 

ions (using only one freely adjustable parameter and 11 indepen- 

ently determined parameters) and the dilatometer measurements 

alidates the good transferability of the current model. 

It is worth to note that the present model is aimed to de- 

cribe bulk behavior and therefore assumes periodic boundary con- 

itions. In the current format, the model is not appropriate to de- 

cribe and predict the transformation kinetics for isothermal trans- 

ormation experiments that are based on the removal of carbon via 

as/sample reactions at the surface (including both mass loss and 

acroscopic carbon diffusion towards the outer surface of the ma- 

erial), e.g. the decarburization experiments as conducted in [14] . 

.3. Cyclic partial phase transformations 

When analyzing a cyclic partial phase transformation the 

ustenite-to-ferrite transformation is classified as leading to a pos- 

tive interfacial migration (v int > 0) while the ferrite-to-austenite 

ransformation leads to a negative interfacial migration (v int < 0). 

imilarly, the driving force for the austenite-to-ferrite transforma- 

ion is connected to positive changes in the Gibbs free energy 

hile the ferrite-to-austenite transformation is connected to nega- 

ive changes in the Gibb free energy. 

.3.1. Comparison with dilatometer experiments 

We first verify our simulation results against dilatometer exper- 

ments for two different alloys during cycling at a rate of 10 K/min. 

ig. 6 shows that our model can adequately reproduce the exper- 

mental cyclic behavior of f α for both Fe-0.023C-0.17Mn and Fe- 

.1C-0.5Mn alloys. The stagnant and inverse transformation stages, 
9 
hich are two distinct features of the cyclic behavior in low Mn 

teels, are captured in the simulations. Whilst it can be seen that 

ur simulations predict a longer stagnant stage (especially during 

ooling) and a shorter inverse transformation stage, the simula- 

ions predict quite a good range of f α where the transformation 

ould span during each cycle and how f α evolves in each cycle 

ompared to the experimental data. 

Interestingly, in both alloys f α starts at a higher level at the be- 

inning of the first cycle, whilst f α never returns completely to its 

riginal level in the following cycles, which themselves are per- 

ectly reproducible. This suggests that the transformation at the 

nd of isothermal holding has reached an equilibrium stage, which 

s not reached again during cycling due to the prevailing non- 

quilibrium interfacial conditions caused by dynamical changes in 

emperature. It should be noted that these two transformation fea- 

ures not always occur. In our previous experimental study on a 

teel with a higher Mn concentration (Fe-0.25C-2.1Mn alloy [35] ), 

 α was found to be far from equilibrium at the end of isother- 

al holding. Consequently, f α progressively increased after each 

hermal cycle, showing an opposite behavior from what is seen in 

ig. 6 . 

.3.2. Cyclic behavior of individual grains 

Fig. 7 shows the behavior of the first nucleated grain during 

ycling from the simulations of Fe-0.1C-0.5Mn alloy. Similar to f α , 

 α also experiences a loop consisting of two stagnant, two normal 

nd two inverse stages during each cycle shown in Fig. 7 a. Each 

tage is characterized by different f eatures of the interfacial veloc- 

ties as plotted in Fig. 7 b and the features can be understood from 

he difference between the chemical driving force �G 

chem 

m 

and the 

nergy dissipation of solute drag �G 

di f f 
m 

(see Fig. 7 c-e). To assist 

he analysis, we marked points of interest by A-G in each graph. 

he character of the transformation stage marked by these points 

s summarized as follows: 

1) Stagnant stage (from point A to C). The interface has reached 

the stasis state at the beginning of the cycling (point A) be- 

cause �G 

chem 

m 

< �G 

di f f 
m 

. When temperature increases, �G 

chem 

m 

decreases and reaches zero at point B. After that, both �G 

chem 

m 

and �G 

di f f 
m 

become negative, indicating a tendency for α → γ . 

However, α → γ cannot occur because | �G 

chem 

m 

| < | �G 

di f f 
m 

| , 
until point C where �G 

chem 

m 

= �G 

di f f 
m 

. 

2) Normal stage where α → γ proceeds during heating (from 

point C to D). An increase in temperature above point C makes 

the driving force sufficiently larger than the solute drag force, 
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Fig. 7. (a) Radius, (b) velocity and (c) Gibbs free energy of the chemical driving force �G chem 
m and the solute drag �G di f f 

m for the first nucleated ferrite grain as a function 

of temperature during three successive cyclic phase transformations in Fe-0.1C-0.5Mn alloy. (d) and (e) are zoom-ins of the regions marked by rectangular boxes in (c). The 

data in (c)-(e) are for the first cycle. The arrows illustrate the direction of the transformation during the cycle. 
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Fig. 8. (a) Radius and (b) interfacial velocity of six ferrite grains as a function of 

temperature during the first cycle. The nucleation time relative to the earliest nucle- 

ation event, denoted as �t nuc , is marked for each grain, among which �t nuc = 113.4 

s corresponds to the latest nucleated grain. Arrows illustrate the direction of the 

transformation during the cycle. 
i.e. | �G 

chem 

m 

| > | �G 

di f f 
m 

| . Thereby, α → γ proceeds until the 

temperature reaches its maximum at point D. 

3) Inverse stage where α → γ proceeds during cooling (from 

point D to E). Although | �G 

chem 

m 

| decreases with decreasing 

temperature after point D, | �G 

chem 

m 

| > | �G 

di f f 
m 

| still holds. 

Therefore, α → γ continues. 

4) Stagnant stage (from point E to G). The magnitude of �G 

chem 

m 

decreases with decreasing temperature and remains smaller 

than �G 

di f f 
m 

. �G 

chem 

m 

crosses zero at point F, after which 

�G 

chem 

m 

increases with decreasing temperature, but remains 

smaller than �G 

di f f 
m 

. Therefore, the interface stays immobile 

until point G where �G 

chem 

m 

= �G 

di f f 
m 

. 

5) Normal stage where γ → α proceeds during cooling (from 

point G to the start of next cycle) because �G 

chem 

m 

> �G 

di f f 
m 

. 

To investigate the evolution of the cyclic behavior over succes- 

ive cycles, we plot the radius and the interfacial velocities as a 

unction of temperature in Fig. 8 for six ferrite grains (including 

he one shown in Fig. 7 ). Five of the grains behave similarly in

erms of both R α (forming a loop) and v int , whereas one grain that

ucleated the latest shrinks during heating after a stagnant period 

nd finally disappears, showing an abnormal behavior. This abnor- 

al behavior is also found for some other grains that nucleate late 

nd are relatively small before cycling begins. The reason is that 

he overlapping of carbon concentration fields from their neigh- 

oring larger grains, together with the temperature increase during 

eating, decreases the chemical driving force for ferrite formation 

o stop the continuous shrinkage. In principle, the curvature is also 

xpected to play a role here, but this effect is not considered in 

he current modelling. 

For the five grains showing a normal transformation behavior, 

heir radii span different ranges and their velocity peaks at dif- 

erent temperatures, showing a significant variation in behavior, 

s has also been observed in in-situ EBSD and TEM experiments 

67,68] . Two of the five grains ( �t nuc = 21.3 and 106.1 s in Fig. 8 a)

how a considerably longer inverse transformation stage than the 

est. For one of them ( �t nuc = 106.1 s) the interface does not go
10 
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ack to the original position, which coincides with the observation 

hat f α does not recover to the starting value upon the completion 

f the first cycle (see Fig. 6 b). The reason is that the ferrite grains

hich nucleated late in the cycle have higher remote carbon con- 

entration in their parent austenite grains because of impingement 

f the carbon diffusion fields from earlier nucleated ferrite grains. 

s a result, α → γ is more favored than γ → α for these late nu- 

leated grains. It can be seen in Fig. 8 b that the v int for the grain

ith �t nuc = 106.1 s becomes negative earlier (i.e. α → γ starts 

arlier) and positive later (i.e. γ → α starts later) than other ear- 

ier nucleated ferrite grains. For the grain with �t nuc = 113.4 s it 

ven disappears during the first cycle. 

Since these 6 grains selected include the earliest nucleated one, 

he latest nucleated one and the some nucleated in between, to- 

ether they are expected to represent the spectrum of cyclic be- 

avior for all grains. It can be seen from Fig. 8 b that the interface

elocity always shows a peak and its behavior agrees well with the 

ecent in-situ TEM observation on two single γ / α interfaces [68] . 

he peaks of interface velocities for the normal behaved grains 

re located in the range 803 - 808 °C for α → γ and ~ 840 °C for 

→ α, which is in close agreement with the TEM results. 

It should be pointed out that a full grain shrinkage during cy- 

ling cannot be predicted in any previous models for cyclic trans- 

ormations because they do not consider ferrite nucleation before 

he cycling starts. However, in-situ neutron depolarization exper- 

ments showed that the actual number density of ferrite grains 

uring cycling over certain temperature windows can decrease 

lightly, due to the occurrence of coarsening (resulting in the dis- 

ppearance of some small grains) [35] . To unambiguously track the 

ehavior of individual grains during cyclic transformations, grain 

esolved 3D/4D techniques based on synchrotron high-energy X- 

ay diffraction using micro beam [69,70] seems to be the most 

romising approach. 

.3.3. Cyclic behavior as a function of C and Mn concentrations 

The model can also be extended to predict the cyclic transfor- 

ation kinetics as a function of wide range concentrations for C 

nd Mn, which will allow us to elucidate their interplay. Fig. 9 

hows the evolution of f α for a series of Fe-C-Mn alloys with tem- 

erature in comparison with the equilibrium fraction. Different be- 

aviors for f α are clearly observed. As the Mn concentration in- 

reases from 0.17 to 1.0 wt.% for Fe-0.1C-Mn alloys ( Fig. 9 a-f), an

pen loop for f α can clearly be observed, while the stagnant stage 

measured by the temperature range where interface is immobile) 

ecomes longer. It is interesting to note that when the Mn con- 

entration increases to 1.0 wt.%, f α spans a much smaller range 

ompared to the lower-Mn alloys. With further increasing Mn con- 

entrations, the amplitude of the changes in f α in each cycle is so 

mall that the open loop is hardly seen. This means the interfacial 

n partitioning largely controls the cyclic kinetics and limits any 

ubstantial interfacial movements in these alloys. However, carbon 

artitioning also plays a role here. Even for a relatively high Mn al- 

oy, when C concentration decreases, the transformation kinetics of 

oth γ → α and α → γ could be accelerated. This acceleration is 

bservable when comparing Fig. 9 e and 9 g. Conversely, when the 

 concentration is increased in alloys with a fixed Mn concentra- 

ion, then the kinetics is gradually suppressed and f α cycles over 

 smaller range. This is well illustrated when Fig. 9 a is compared 

ith Fig. 9 h. Similar behavior is seen when Fig. 9 e is compared

ith Fig. 9 i. 

Previous studies have focused on the effect of a single alloy- 

ng element (either C or Mn) on the cyclic transformation behav- 

or [66,71,72] . To characterize the stagnant behavior during cycling, 

he length of the stagnant stage (the temperature range where f α
oes not change) during cycling or the length of the post cyclic 

tagnant stage (the temperature range where f α does not change 
11 
fter the thermal cycling is finished, which is due to residual Mn 

pikes formed during cycling in front of the interfaces) are used. 

t is shown that increasing the C or Mn concentration leads to 

ore stagnant movement of interfaces during cycling [71,72] . The 

ost cyclic stagnant stage, present right after the cycling finishes, 

ecame evident ( > 2.5 K) when the Mn concentration increased 

bove 1.0 wt.% Mn [66] . It can be seen from Fig. 9 that C and

n have a coupled effect on the cyclic transformation behavior. To 

uantify this effect, it is not very suitable to use the length of stag- 

ant stage as such, as has been done in previous studies, because 

he equilibrium states at the beginning of the cycling and the inter- 

al of equilibrium fractions between T 1 and T 2 are different. Here, 

e integrate f α over the temperature normalized by integration of 

he net para-equilibrium faction f α
PE surplus from that of T 2 over 

he same temperature range to describe the stagnant transforma- 

ion behavior (denoted as ηstag ): 

stag = 1 −
∮ 

f αdT / 

∫ T 2 

T 1 

(
f PE 
α − f PE 

α ( T 2 ) 
)
dT . (12) 

A high value of ηstag corresponds to a more stagnant behavior 

uring the cyclic phase transformation. Intuitively, the numerator 

n Eq. 12 represents the area of the cyclic loop in the f α – T plot

nd the denominator represents the area of f α over T as if it was

ormed by quenching an alloy from T 2 to T 1 , then holding at T 1 for

 long time and finally heating back to T 2 under para-equilibrium 

onditions. Since the transformation behavior becomes repeatable 

rom the second cycle on, we used the data for the second cycle to 

alculate ηstag for all alloys. 

Fig. 10 shows a contour plot of ηstag as a function of the C and

n concentrations. The figure clearly shows that the interface is 

east stagnant at the corner of low-C and low-Mn concentrations, 

hile it is more stagnant when either C or Mn increases. Two 

ashed lines depicted in Fig. 10 mark the transition region between 

 pronounced open loop (the interface moves substantially when 

stag < 0.85) and a nearly invisible loop behavior (the interface is 

early immobile when ηstag > 0.90) for different alloys, in between 

he interface moves gently (0.85 ≤ ηstag ≤ 0.90). For ηstag > 0.85 

he figure shows that the stagnant behavior is more enhanced by 

ncreasing the Mn concentration and only has a weak dependence 

n the C concentration. The results are in excellent agreement with 

he experimental results obtained by Farahani and coworkers [66] . 

The metric ηstag can be linked to the evolution of the C and Mn 

oncentration profiles during cyclic phase transformation. In Fig. 11 

e plot the radius of the first nucleated ferrite grains and their C 

nd Mn concentration profiles across the interface at five selected 

ositions in the first cycle for the Fe-0.1C-0.1Mn alloy with a rela- 

ively low ηstag and for the Fe-0.1C-1Mn alloy with a relatively high 

stag (as marked in Fig. 10 ), respectively. Although the two grains 

oth show characteristic cyclic behavior (stagnant, inverse and nor- 

al transformations) as described in Section 3.3.2 , the amplitudes 

f the change in R α and the resulting loop outlined by R α are sig-

ificantly different (see Fig. 11 a and 11 d). Plots of the C profiles at

he five selected positions indicate that the evolution of the C pro- 

le is much more pronounced for the Fe-0.1C-0.17Mn alloy than 

or the Fe-0.1C-1Mn alloy (see Fig. 11 b and 11 e). However, in both 

lloys the C profile in austenite has a very small concentration gra- 

ient, suggesting that C diffusion is not the rate limiting step for 

oth alloys. Unlike C, Mn spikes appear at all positions for both 

lloys. When γ → α is favored (positions I, IV and V), the Mn con- 

entration builds up at the interface forming positive spikes, where 

he positions that correspond to the stagnant transformation (e.g. 

osition I and IV) have the highest magnitudes. When α → γ is 

avored (positions II and III), negative Mn spikes are seen at the in- 

erface for both alloys. The magnitudes of all the spikes are much 

arger in the Fe-0.1C-1Mn alloy than in the Fe-0.1C-0.17Mn alloy, 
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Fig. 9. Evolution of the ferrite fraction f α during cyclic partial phase transformation as a function of temperature at a rate of 10 K/min in different Fe-C-Mn alloys. The ferrite 

fractions under ortho-equilibrium (Ortho-E), para-equilibrium (PE) and negligible partitioning local equilibrium (NPLE) are also plotted. 

Fig. 10. Contour plot of ηstag as a function of C and Mn concentrations. Two dashes lines with ηstag = 0.85 and 0.90, respectively, mark a transition region for distinguishing 

different types of cyclic transformation behavior. The stars mark the locations of ηstag for Fe-0.1C-0.17Mn and Fe-0.1C-1Mn alloys used in the simulations presented here. 

12 
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Fig. 11. Radius and C and Mn concentration profiles across the interface for the first nucleated ferrite grain during the cyclic phase transformations for the (a-c) Fe-0.1C- 

0.17Mn and (d-f) Fe-0.1C-1Mn alloys. Positions I – V correspond to transformation behaviors of stagnant, normal α → γ , inverse α → γ , stagnant and normal γ → α. 

The values of ηstag for the two alloys are marked in Fig. 10 . The Mn profiles are plotted as a function of the normalized quantity r / δ. The inserts in (c) and (e) show 

enlargements of the regions marked by the two boxes, respectively. 
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onsistent with the observation that ηstag for the Fe-0.1C-1Mn al- 

oy is larger than that for the Fe-0.1C-0.17Mn alloy. 

. Conclusions 

A novel 3D mixed-model has been developed by considering 

errite nucleation and growth governed by a balance in the Gibbs 

ree energy contributions between chemical driving force and dis- 

ipation by interface friction and by solute drag for austenite- 

errite transformations in Fe-C-Mn alloys. A new implementation 

f the solute drag dissipation calculations is proposed and shown 

o be computationally very efficient. The capabilities of this model 

ave been illustrated. Based on the model application to austenite- 

errite transformations in Fe-C-Mn alloys, the following conclusions 

an be drawn: 

1) The derived analytical solution for calculating the energy dissi- 

pation due to solute drag is computationally much more effi- 

cient than the conventional approach that has to compute the 

Gibbs free energies as a function of interface velocity in a pre- 

defined range. This new method proposed here is general and 

can be used in other 3D simulations. 

2) The model performs well in predicting the overall transforma- 

tion kinetics during continuous cooling, isothermal holding and 

inter-critical thermal cycling. The grain size distribution can be 

predicted reasonably well for continuous cooling. 

3) The transformation behavior of each individual grain can be 

monitored. A wide variation in behavior was found. The local 

Gibbs free energy of the chemical driving force and the dissi- 

pations can be calculated to understand the mechanism for the 

change in interfacial velocity. The carbon partitioning and the 

solute drag effect of Mn complement each other depending on 

the specific conditions. 

4) Small ferrite grains that nucleated relatively late may fully 

shrink upon heating during cyclic partial phase transformations. 

This phenomenon has not been predicted by models that do 

not consider ferrite nucleation before the beginning of thermal 

cycling. 
13 
5) A new metric is proposed to describe the stagnant interfacial 

behavior during cyclic phase transformations. It is shown that 

the coupled effect of C and Mn on the cyclic transformation 

behavior can adequately be described. A transition region as a 

function of C and Mn concentrations is identified to distinguish 

different types of cyclic behavior. 

Although we only demonstrate the application of the model 

or Fe-C-Mn alloys, the model can also be used for calculating 

he transformation kinetics for other ternary alloys once the cor- 

esponding thermodynamic information is available. Since a more 

fficient implementation of computing solute drag dissipation is 

roposed, the present work is expected to encourage more ad- 

anced 3D simulations using the principle of the Gibbs free en- 

rgy balance. To this aim the code is made publicly available at 

ttps://github.com/haixingfang/3D- GEB- mixed- mode- model . 
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ppendix A: Solute drag effect of substitutional elements 

During the diffusional phase transformations, substitutional el- 

ments can segregate at the interface because the interface can be 

https://github.com/haixingfang/3D-GEB-mixed-mode-model
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Fig. A1. (a) Schematic diagram showing the interaction energy E(r) for substitu- 

tional alloying element that is an austenite stabilizer and (b) solute concentration 

profile expressed as the dimensionless quantity C(r) 
C 0 

that is plotted against the di- 

mensionless quantity r 
δ

for slow, intermediate and high velocities expressed using 

the dimensionless quantity v int δ
D int 

= 1 , 5 and 100, respectively. 
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onsidered as a potential well. The solute segregation thereby im- 

oses a drag effect on the interface migration. Assuming a triangu- 

ar potential well within the interface, Purdy and Brechét [57] pro- 

osed that the equilibrium potential of solute μ(r) over a distance 

 depends on the temperature T, solute concentration profile C(r) 

nd the interaction energy E(r): 

( r ) = RT lnC ( r ) + E ( r ) , (A1) 

here R is the gas constant. The interaction energy E(r) is given 

y 

 ( r ) = μ0 
α

(
r < −δ

)
, 

 ( r ) = μ0 
α + �E − E 0 + 

( �E − E 0 ) 

δ
r 

(
−δ ≤ r < 0 

)
, 

 ( r ) = μ0 
α + �E − E 0 + 

( �E + E 0 ) 

δ
r 

(
0 < r ≤ δ

)
, 

 ( r ) = μ0 
γ

(
r > δ

)
, 

here μ0 
α and μ0 

γ are the chemical potentials of the solute in fer- 

ite and austenite, respectively, �E is the half of the difference 

n chemical potentials between austenite and ferrite �E = 

μ0 
γ−μ0 

α
2 , 

 0 is the binding energy and δ is the half of the interface thick- 

ess. The profile of E(r) for an austenite stabilizer is schematically 

hown in Fig. A1a . 

The substitutional concentration profile for an interface moving 

ith a quasi-steady velocity v int must fulfil: 

∂ 

∂r 

[
D int 

∂C ( r ) 

∂r 
+ 

C ( r ) D 

RT 

∂E ( r ) 

∂r 
+ v int C ( r ) 

]
= 0 , (A2) 
14 
here D int is the interfacial diffusivity of the substitutional solute. 

he concentration profile can be derived by solving Eq. A2. The so- 

ution at four different regimes can be expressed by the following 

quations containing four dimensionless quantities a, b, V and S: 

C 

C 0 
= 1 ( S < −1 ) , 

C 

C 0 
= 

1 + a e ( −V ( 1+ a ) ( S+1 ) ) 

1 + a 

( −1 ≤ S < 0 ) , 

C 

C 0 
= 

1 + 

(
a ( 1+ b ) e ( −V ( 1+ a ) ) 

1+ a + 

b−a 
1+ a 

)
e ( −V ( 1+ b ) S ) 

1 + b 

( 0 < S ≤ 1 ) , 

C 

C 0 
= 1 + e ( −V S ) 

(
a e ( −V ( a + b+1 ) ) 

1 + a 

+ 

( b − a ) e ( −V b ) 

( 1 + a ) ( 1 + b ) 
− b e V 

1 + b 

)
( S > 1

here C 0 is the nominal concentration of the substitutional solute, 

 = 

D ( �E−E 0 ) 

RT v int δ
, b = 

D ( �E+ E 0 ) 
RT v int δ

, V = 

v int δ
D and S = 

r 
δ

. The concentration

rofile is thus asymmetric, as shown in Fig. A1b. 

Now the energy dissipation �G 

di f f 
m 

due to trans-diffusion of 

ubstitutional alloying element inside the interface can be calcu- 

ated using Cahn’s equation [73] : 

G 

di f f 
m 

= −
∫ δ

−δ
( C ( r ) − C 0 ) 

(
dE ( r ) 

dr 

)
dr . (A3) 

rom Eq. A3 the analytical solution for �G 

di f f 
m 

is obtained: 

�G 

di f f 
m 

= β1 

(
−1 + V + aV + e −V −Va 

)
− β2 (

a e −V −Va + ab e −V −Va + b − a − bV + a e −V −V b − V b 

2 

−aV b 

2 − a e −2 V −V b −Va − abV − ab e −2 V −V b −Va − b e −V −V b 
)
, 

(A4) 

here β1 and β2 are two parameters: β1 = 

a 2 RT v int C 0 δ

DV ( 1+2 a + a 2 ) and β2 = 

bRT v int C 0 δ

DV ( 1+ a +2 b+2 ab + b 2 + b 2 a ) . The solution expressed in Eq. A4 can con- 

iderably accelerate the computation by avoiding the integration 

n Eq. A3. Like �G 

f riction 
m 

, G 

di f f 
m 

also depends on v int , which makes 

he solutions for the two energy dissipation terms interdependent 

nd thereby requires the solution method described in Section 2.2 . 

q. A4 also applies for v int < 0 , i.e. the ferrite to austenite phase

ransformation. For v int < 0 the dissipation energy due to trans- 

iffusion of solute inside the interface �G 

di f f 
m 

has a negative value. 

he chemical driving force �G 

chem 

m 

and the dissipation energy due 

o interface friction �G 

f riction 
m 

when v int < 0 are obtained in the 

ame way as for v int > 0 . Therefore, a change in the transforma- 

ion direction is automatically accounted for when Eq. 3 is used. 

ppendix B: Carbon diffusion profiles 

For an early stage of ferrite growth, where the carbon diffusion 

elds surrounding the ferrite grains do not overlap (see Fig. B1 a), 

he carbon concentration far away from the γ / α interface, C ∞ 

, 

quals the nominal concentration: C ∞ 

= C 0 . The carbon concentra- 

ion profile surrounding the ferrite grain, C(r), can be approximated 

y a second-order polynomial: 

 ( r ) = C 0 + 

(
C γ − C 0 

)(
1 − r 

L 

)2 

( 0 ≤ r ≤ L ) , (B1) 

here r is the distance from the interface (r = 0 at the γ / α in-

erface), C 0 , C γ and L have the same meaning as described in 

ection 2.2 . This concentration profile fulfills the following bound- 

ry conditions: 

 ( r = 0 ) = C γ , (B2) 
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Fig. B1. Schematic diagram of the development of carbon diffusion profiles during 

the growth of ferrite grains ( α1 , α2 and α3 ) into an austenite grain in the (a) early 

stage without overlap of diffusion fields and (b) late stage where diffusion fields 

starts to overlap (soft impingement). The shaded parts are the ferrite grains and 

the surrounding curves indicate the diffusion fields with a gradient in carbon con- 

centration. The figure is adapted from [43] . 
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 ( r = L ) = C 0 . (B3) 

oncentration gradient at the position of diffusion length L is zero: 

dC ( r ) 

dr 

)
| r= L = 0 . (B4) 

iven a ferrite grain radius of R α , the mass conservation of carbon 

an be expressed as: 
 R α

0 

(
C 0 − C 

αγ
eq 

)
4 πr 2 dr = 

∫ L 

0 
( C ( r ) − C 0 ) 4 π( r + R α) 

2 dr , (B5) 

ombining Eqs. B1-5 yields the expression of Eq. 5 as given in 

ection 2.2 . 

As the austenite-to-ferrite transformation proceeds, the carbon 

iffusion field surrounding a growing ferrite grain may start to 

verlap with that of a neighboring one (see Fig. B1 b). When this 

ccurs, the carbon concentration profile can be written as: 

 ( r ) = C m 

+ 

(
C γ − C m 

)(
1 − r 

L 

)2 

( 0 ≤ r ≤ L ) , (B6) 

here C m 

is the carbon concentration at the soft impingement 

oint m. Eq. B6 fulfills the following conditions: 

 ( r = 0 ) = C γ , (B7) 

 ( r = L ) = C m 

. (B8) 

dC ( r ) 

dr 

)
| r= L = 0 . (B9) 

imilar to the non-overlapping stage, the mass of carbon must be 

onserved. Replacing C(r) in Eq. B5 by the expression of Eq. B6 re- 

ults in Eq. 7 as presented in Section 2.2 . 

Assuming that the carbon can diffuse fast enough outside of the 

oft impingement region, the carbon concentration in the matrix 

f the austenite grain becomes homogenous: C ∞ 

= C m 

. This means 

hat the soft impingement causes an increase in C ∞ 

, which slows 

own the growth of any other ferrite grains nucleated at other 

ites of the same austenite grain even if they have not shown soft 

mpingement with any other grains (e.g. grain α in Fig. B1 b). 
3 

15 
ppendix C: Approximations for the chemical potentials 

As the transformation proceeds, the interfacial concentrations 

f the ferrite grains are changing continuously. Thus, the chemical 

otentials are changing with the transformation time for all of the 

rains. To calculate the driving force for individual grains, it is nec- 

ssary to calculate the chemical potentials as a function of temper- 

ture and composition. For the Fe-C-Mn system, this dependence 

or austenite or ferrite can be described as follows: 

C = μ0 , C + RT ln ( x C ) + RT ( e CC x C + e CMn x Mn ) , (C1) 

Mn = μ0 , Mn + RT ln ( x Mn ) + RT ( e MnC x C + e M nM n x Mn ) , (C2) 

μF e = μ0 , F e + RT ln ( 1 − x C − x Mn ) + RT (
−e CC 

2 

x C 
2 − e CMn x C x Mn − e M nM n 

2 

x Mn 
2 
)
, (C3) 

here R is the gas constant, T is temperature (in K), e CC , e CMn , 

 MnC and e M nM n are interaction coefficients. As μF e mainly de- 

ends on temperature, with a weak dependence on the compo- 

ition, we rewrite Eq. C3 to 

F e = μ0 , F e + RT ln ( 1 − x C − x Mn ) + ωRT , (C4) 

here ω is a constant. We employed Thermo-Calc with the TCFE8 

atabase and calculated the chemical potentials, which were fitted 

o Eqs. C1-2 and Eq. C4. The obtained fitting parameters for the 

hemical potentials in γ are given by: 

γ
C 

= 14547 Jmo l −1 + RT ln ( x C ) + RT ( 9 . 12 x C − 5 . 66 x Mn ) , (C5) 

γ
Mn 

= −49791 Jmo l −1 + RT ln ( x Mn ) + RT ( −7 . 63 x C − 1 . 06 x Mn ) , 

(C6) 

γ
F e 

= 28218 Jmo l −1 + RT ln ( 1 − x C − x Mn ) − 8 . 44 RT . (C7) 

he relative errors are about 4.6%, 2.3% and 0.1% for Eqs. C5-7, re- 

pectively. The obtained fitting parameters for chemical potentials 

n α are given by: 

α
C = 47969 Jmo l −1 + RT ln ( x C ) + RT ( 4 . 89 x C − 8 . 11 x Mn ) , (C8) 

α
Mn = −40813 Jmo l −1 + RT ln ( x Mn ) + RT ( −6 . 83 x C − 8 . 31 x Mn ) , 

(C9) 

α
F e = 24312 Jmo l −1 + RT ln ( 1 − x C − x Mn ) − 8 . 01 RT . (C10) 

he relative errors are about 11.2%, 3.3% and 0.05% for Eqs. C8-10, 

espectively. 
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