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Abstract

Precipitation processes occurring in ageing of Al-20at.%Si-1.5at.%Cu-1.1at.%Mg (ASCM) alloys with and without
Al,O; particle reinforcement were studied using X-ray diffraction and hardness measurements. During ageing at 453 K
after solid quenching, the Q phase (Al;Cu,Mg,Si,) precipitates first, followed by the 8 phase (Al,Cu). An optimized heat
treatment for the ASCM alloys consists of a short solution treatment at 779 K, followed by water quenching and ageing
for 4 h at 453 K. After the peak in hardness has occurred, continued ageing decreases the hardness. This overageing
results from coarsening of the Q phase. After heat treatment, the lattice parameters were affected by the misfit effects
caused by the difference in the coefficients of thermal expansion between the Al-rich phase, Si-rich phase and Al,O,
particles if present. These misfits still existed at room temperature after precipitation was completed. A model assuming
ideal plastic behaviour of the matrix describes fairly well the cooling-induced changes in the Si-rich phase lattice
parameter. For the cooling-induced changes in the Al-rich phase lattice parameter, there remains a difference between

model predictions and measurements.

1. Introduction

The wear resistance of Al alloys can be improved by
the introduction of finely dispersed hard particles into
the alloy [1, 2]. A fine dispersion of Si particles can be
obtained by the rapid solidification of a molten Al alloy
with a high Si content [3]. A dispersion of ceramic
particles in Al alloys can be obtained via various
production routes, e.g. by compocasting or by mixing
particles with Al alloy powders, followed by extrusion.
Metals reinforced by dispersed (ceramic) particles are
generally referred to as metal matrix composites
(MMCs). Their increased wear resistance, low thermal
expansion and improved high temperature strength
make MMCs attractive for applications such as in parts
of combustion engines.

In this article, the results of a study on ageing after
solid quenching of Al-20at.%Si-1.5at.%Cu-1.1at.%Mg
(ASCM) alloys with and without 10 vol.% Al,O, par-
ticles are presented. These alloys combine the presence
of two reinforcing components (Si and Al,O, particles)
with the possibility of age hardening of the Al-rich
matrix phase. Hence, an appropriate heat treatment is
necessary to optimize the mechanical properties at
room and elevated temperatures. The presence of
dispersed particles in solid-quenched, age-hardenable
Al alloys generally affects the kinetics and sequences of
precipitation processes, as compared with the corre-
sponding unreinforced alloys [4-6].
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Non-isothermal precipitation in solid-quenched
ASCM alloys has been studied before [7, 8]. In the
present work, isothermal precipitation in solid-
quenched ASCM alloys is studied by measuring the
lattice parameter variations in the Al-rich phase and
the Si-rich phase. Lattice parameter measurements also
give information about stresses in the inclusions and in
the matrix. Residual stresses in MMCs are important,
since they have a significant impact on properties such
as yield strength and fracture behaviour [9]. In addi-
tion, some hardness measurements were performed.

2. Experimental procedures

2.1. Preparation of specimens

The alloys under investigation were made available
by the Japanese firm Showa Denko KK. The base
alloy was rapidly solidified by gas atomization, yielding
fine powder (particle sizes range from 1 to 100 um,
with a median size of about 24 um [10]). The cooling
rate during gas atomization is generally about 10*-10°
K s7' [3]. Subsequently, the powder was mixed with
ceramic Al,O; particles to obtain a mixture with
10 vol.% of ceramic particles. Finally, the mixture and
the base alloy powders were extruded at about 670 K
into round bars with a diameter of about 20 mm. The
composite shows a fairly homogeneous distribution of
AL O; particles. The sizes of the Al,O; particles range
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TABLE 1. Compositions of the alloys

| Precipitation and misfit accommodation in Al-Si~Cu-Mg alloy

Alloy name Al O, Si Cu Mg Fe
(vol.%)
Alloy Base Alloy Base Alloy Base Alloy Base
(wt.%) (at.%) (wt.%) (at.%) (Wt.%) (at.%) (Wt.%) (at.%)
ASCMO — 20.2 19.9 347 1.52 0.96 1.10 0.24 0.12
ASCM10 10.4* 16.9 19.6 297 1.52 0.77 1.03 0.20 0.11

Calculated from measured weight percentages using the densities of the ASCM base alloy (2.67 g cm™3) and of a-AlO,

(3.98 gem ) [11].

from 1 to 6 um, with an average aspect ratio of about 2
[7). The Si particles are mainly equiaxed with sizes
ranging from about 2 to 10 um [7].

The chemical compositions of the extruded alloys
are presented in Table 1. The alloys are indicated by
ASCMO and ASCM 10, where the number refers to the
volume percentage of Al,O, particles. The main im-
purities in the base alloy (as measured by X-ray fluo-
rescence) are Ni (about 0.02 at.%), Zn (about 0.01
at.%), Ti (about 0.006 at.%) and Cr (about 0.005 at.%).

From the centre of the extruded bars, cylindrical
specimens were machined with a diameter of 0.5 mm
and length of about 5 mm. The axis of the specimen
was parallel to the extrusion direction. These speci-
mens were intended for X-ray diffraction experiments
with a Debye-Scherrer camera.

The specimens were solution treated for 10 min at
779 £2 K in a vertical tube furnace and subsequently
quenched in water at room temperature. This heat
treatment is designated as solid quenching (SQ). The
solution treatment temperature is just below the start of
melting of the ASCM alloy [7] and equals the solution
treatment temperature for the conventional, monolithic
2014 Al alloy, which has a composition comparable
with the matrix of the ASCM alloy. (The term matrix
indicates the alloy excluding the Si and Al,O; par-
ticles.) The quenched specimens were aged at 453 K.
(The quenched and aged specimens will be indicated as
SQ+ A specimens.) The ageing treatment was per-
formed in an oil bath with temperature stability within
+ 1.5 K and was interrupted after certain intervals by a
direct quench into water at room temperature.

2.2. X-ray diffraction

For measurement of the lattice parameter of the Al-
rich phase and the Si-rich phase of the ASCM alloys,
X-ray diffraction experiments were performed using a
Debye-Scherrer (DbS) camera. Copper radiation fil-
tered by Ni was used. The films in the DbS camera
were exposed for 6 h. During the exposure, the tem-
perature inside the DbS camera, at a point close to the
specimen, was measured and recorded. The tempera-
tures during the measurements were between 294 and

297 K. Temperature variations during single experi-
ments were typically of the order of 0.5 K. The film
type and film development procedures were identical
for all the experiments.

After the development of the DbS film, the line
positions were measured. The accuracy of the line
position measurements of the three lines correspond-
ing to the highest diffraction angle was improved by
taking the average of at least five determinations of the
position. The lattice parameters of the Al-rich phase
and the Si-rich phase were determined using the so-
called Nelson-Riley extrapolation (see ref. 12).
Reported error values represent the standard deviation
resulting from the determination of the lattice param-
eters using this extrapolation method. The lattice
parameters determined by the Nelson-Riley extrapola-
tion were corrected for the average temperature during
the measurement by adopting for the coefficient of
thermal expansion of pure Al and pure Si the values
23.5x107% K~! and 3x107% K~! respectively [13].
All the lattice parameters presented in this work are
valid at 298 K.

2.3. Hardness measurements

Hardness measurements were performed on the
ASCMO and ASCM 10 specimens. The microhardness
was measured on polished longitudinal sections using a
Leitz-Durimet Vickers hardness tester with an inden-
tation force of 0.981 N. For each hardness value, at
least 10 indentations evenly distributed over the
polished surface were made. The indentation (about
30 um in diameter) always covered several Si and
Al O, particles. Irregularly shaped indentations were
discarded. The values presented reflect the average of
the regularly shaped indentations and the error repre-
sents the standard variation.

3. Results
3.1. X-ray diffraction

In all the X-ray diffraction experiments on the
ASCMO and ASCM10 alloys, lines diffracted from the
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Al-rich phase, the Si-rich phase, the Q (Al;Cu,Mg,Si,)
phase and the Al,Cu,Fe phase were detected. These
four phases are equilibrium phases in the ASCMO alloy
(see, for example, refs. 8 and 14). For the ASCM10
alloy, the a-Al,O; (corundum) phase was also detected.
For both the ASCMO and ASCM10 alloys, lines dif-
fracted by the 8 phase appeared after 4 h of ageing
after solid quenching. Except these six phases, no other
phases were detected during isothermal ageing of the
SQ ASCMO and ASCM10 alloys. Directly after SQ,
the Al-rich phase lattice parameters of the ASCMO
and ASCMI10 alloys are 0.40463 £ 0.00004 nm and
0.40473 £ 0.00003 nm respectively. The Al-rich phase
lattice parameters of the ASCMO and ASCM10 alloys
during ageing at 453 K after SQ are given in Fig. 1. In
the initial stage of ageing, the Al-rich phase lattice
parameters of both the ASCMO and the ASCM10
alloys remain approximately constant. Between 2 and
32 h of ageing, the lattice parameters of both alloys
increase to reach a value which remains approximately
constant during prolonged ageing. This stationary
value is higher than the lattice parameter of pure
unstrained Al(0.40496 nm[15]).

Directly after SQ, the Si-rich phase lattice param-
eters of the ASCMO and ASCMI10 alloys are
0.54295 £ 0.00008 nm and 0.54283 = 0.00004 nm
respectively. In Fig. 2, the Si-rich phase lattice param-
eters of the ASCMO and the ASCM10 alloys during
ageing at 435 K are presented. The Si-rich phase lattice
parameters of both alloys are significantly lower than
the lattice parameter of pure unstrained Si
(0.54308 nm [16]). The Si-rich phase lattice param-
eters of the two alloys do not differ significantly and
remain approximately constant during ageing.
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3.2. Hardness measurements

The hardness of the ASCMO and the ASCM10
alloys as a function of time of ageing at 453 K is shown
in Fig. 3. The standard deviations of the hardness
values in the 10 separate indentations for each ageing
time are on average 5 HV for the ASCMO specimen
and 10 HV for the ASCM10 specimen. The higher
standard deviation for the ASCM10 specimen is prob-
ably due to small variations in the local density of
Al,O; particles. It is observed that the hardness of the
ASCMI10 alloy is always significantly higher than the
hardness of the ASCMO alloy. During artificial age-
ing, the difference is on average 28 HV and remains
approximately constant. After quenching from the
solution treatment temperature, the difference is
42 HV. For both alloys, the time to reach the peak
hardness is 4 h. The peak hardness is 187 HV for the
ASCMO alloy and 217 HV for the ASCM10 alloy. For
the ASCMO alloy, the peak hardness value equals that
obtained during non-isothermal ageing at a heating rate
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Fig. 1. Al-rich phase lattice parameters of the ASCMO (m) and
ASCMI10 (O) alloys as a function of ageing time at 453 K. The
lattice parameter for pure aluminium (a4,) is indicated. Typical
standard deviation is indicated.
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ASCM10 (0) alloys during ageing at 453 K after solid quenching.
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of 2 K min~! [7]. It is noted that all the hardness values
measured during ageing after SQ are appreciably
higher than the hardness of the as-extruded ASCMO
alloy (107 HV [7]).

4. Lattice parameter changes owing to dissolved
atoms and misfitting inclusions

For an Al-based composite in which alloying atoms
can dissolve in the Al-rich phase, two types of effect
contribute to the deviation of the Al-rich phase lattice
parameter from the lattice parameter of pure Al: the
shift owing to dissolved atoms and the shift owing to
misfitting inclusions.

4.1. Lattice parameter changes owing to dissolved atoms

In binary Al-Cu and Al-Si alloys, alloying atoms
dissolved in the Al-rich phase decrease the lattice
parameter of the Al-rich phase. In both alloys, the
lattice parameter shift is proportional to the amount of
dissolved atoms. In Al-Mg alloys, dissolved Mg atoms
increase the Al-rich phase lattice parameter. For high
Mg contents of the Al-rich phase (greater than 2 at.%
Mg), the effect increases linearly with the Mg content
of the Al-rich phase. For low Mg contents, a non-linear
dependence of the Al-rich phase lattice parameter on
the Mg content is observed (see Fig. 4).

In many ternary alloy systems the lattice parameter
change in the Al-rich phase owing to two different
elements being dissolved is in good approximation
equal to the sum of the two independent contributions
[20]. Then, the interaction between the two types of
solute atom can be neglected and the lattice parameter
shifts can be obtained from the lattice parameter shifts
in the binary alloy systems. In Al-Cu-Si alloy, the
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Fig. 4. Al-rich phase lattice parameters of Al-Mg alloys. Data
from refs. 17 (O), 18 (+), 19 (©) and 22 (m). The curved line
represents the Al-rich phase lattice parameter as a function of its
Mg content, as used in the present work.
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interaction is negligible [16]. In Al-Mg-Si alloys with
0.72-1.42 at% of alloying elements dissolved in the
Al-rich phase, significant contractions of the Al-rich
phase owing to solute-solute interactions were
observed [21]. The lattice parameter shift owing to
solute-solute interactions reaches its maximum for the
quasi-binary composition associated with the Mg,Si
phase. Hill and Axon [21] suggested that the inter-
action term Aa' can be approximated by

Aang—Si = —[Mg,Si] X 0.026 nm (1)

where [Mg,Si] is the virtual concentration of Mg,Si in
the Al-rich phase, i.e. [Mg,Si]=3[Mg]| when [Mg] < 2[Si]
or [Mg,Si]=([Si] when [Mg] >2[Si]. Also, in Al-Cu-Mg
alloys, contractions owing to solute—solute interactions
occur [22]. The data are too scarce and the uncertain-
ties in the individual points too large to obtain the
dependence on the Cu and Mg fractions of the
Al-rich phase. However, the interactions are very small
(maximum shift about 0.00006 nm for Al-
(1—x)at.%Cu-2xat.%Mg alloys, where x is of the
order of 0.25-0.5 [22]). It is assumed that, for the
Mg-Cu interactions, a relationship analogous to that
for Mg-Si interactions holds. In the case of Cu-Mg
interactions, it is assumed that the interactions are
proportional to the virtual concentration of S
(Al,CuMg) phase. Consequently, the maximum lattice
parameter shift for the Al-(1- x)at.%Cu-2xat.%Mg
alloys studied by Poole and Axon [22] should be
observed for x=1, i.e. for Al-3at.%Cu-3at.%Mg. This
is in fair agreement with their results. As the maximum
shift found by them equalled 0.00006 nm, it is found
that

Ay vg= —[AL,CuMg] X 0.009 nm (2)

To our knowledge, no data on the lattice parameters
of the Al-rich phase in the quaternary Al-Cu-Mg-Si
system are available. However, neglecting interactions
between Cu, Mg and Si, lattice parameter changes in
the Al-rich phase in the ASCM alloy owing to dis-
solved atoms (Aa9,) are obtained from

AdS, Adbo o, TAGN,
= -Mg Mg-Si
o = DPsiXsit PouXew ng(ng) + o

aa aal

(3)

where x, and xg are the concentrations of Cu and Si
atoms in the Al-rich phase, pg; and p., are the Vegard
constants describing the effects of dissolved Si and
Cu atoms on the Al-rich phase lattice parameter
in the binary alloys (—4.30x1072 and —1.18 x10"!
respectively [16]), and py,(xy,) is the non-linear func-
tion which describes the effect of dissolved Mg atoms
on the Al-rich phase lattice parameter (see Fig. 4).
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4.2. Lattice parameter changes owing to misfit
accommodation

When a multiphase alloy is subjected to temperature
changes, misfit stresses will be introduced, owing to
differences in the coefficients of thermal expansion
(CTEs) of the phases. These misfit stresses include a
hydrostatic component which changes the lattice
parameters of both the matrix and the misfitting inclu-
sions. A model for the lattice parameter changes owing
to misfit accommodation in a matrix alloy with spheri-
cal misfitting particles was presented earlier [16]. As
both the Si and the Al, O, particles in the ASCM alloys
are approximately equiaxed 7], this model is used to
describe the stress state of these alloys. In the model,
the matrix is assumed to be a perfectly plastic material
(non-strain hardening), the flow stress-strain behaviour
is assumed to be independent of the strain rate and
stress orientation, and both the inclusion and matrix
are assumed to be isotropic. These assumptions lead to
the following expressions for the hydrostatic com-
ponent p'™ of the stresses in the elastically deforming
zone of a spherical matrix A (radius R) with a spherical
inclusion B in its centre:

i R
ph=—pg—20,In (;) R<r, (4a)

2 !
p"=3o, (%) R>7, (4b)

where o, is the yield strength of the matrix, r, is the
radius of the plastic zone, py is the internal pressure
(the difference between the pressure in the inclusion
and p™) and « is the radius of the inclusion. The
volume fraction yj, of inclusions is given by

al’

(5)

ps 1
r=aexp(——) (6)
. 20, 3
6 3
KA 1+ Ps P = exp _ﬂ_l (7)
o, 3Kye 3K,¢ 20,

where u, is the shear modulus, K, and K are the
respective bulk moduli, = (1+ v, )/3(1—v, ) (where v,
is Poisson’s constant for the matrix) and ¢ is the linear
misfit parameter. For the misfit & introduced by the
thermal expansion mismatch, it holds that

er=Aa AT (8)

where Aa is the difference in CTE between the matrix
and reinforcement, and AT is the temperature change

| Precipitation and misfit accommodation in Al-Si-Cu-Mg alloy 119

applied. For the case in which the bulk modulus of the
inclusions deviates from the bulk modulus of the
matrix, the hydrostatic component of the misfit stress
(often termed the image stress) also contributes to the
misfit. This contribution is given by

Ep”"zpim(KI;l _K;1>/3 (9)

(It should be noted that for Si and Al,O, inclusions in
an Al matrix Kz>K, and Aa>0. Hence, &; and ¢,~
are of opposite sign.) This effect is limited for the case
of Si particles in an Al-rich matrix, since the bulk
moduli of the two phases are of the same order of mag-
nitude. Because of the high bulk modulus of the Al,O;
particles, this effect can be important for AL,O; par-
ticles in an Al-rich matrix.

The model presented above was derived for one
single type of misfitting inclusion. In the ASCMI10
alloy, both Si and Al,O; particles are present. To
obtain the image stress for this case, we will use an
iteration method similar to that suggested by Hamann
et al. [23] for elastic accommodation in a composite
containing various types of misfitting inclusion. This
iteration consists of the following steps.

Zeroth order. Assume ¢ = &1 and calculate py, r, and
p'™ for each type of inclusion ( /) separately. Denote the
image-stress-induced inclusions of type j in the zeroth
order by (p™)~". Then take

plmJi — Z (pim>/'_l1

J

kth order. Assume &= gr+¢,. with p™ approxi-
mated by p™*~! and calculate py, r, and p™ for each
type of inclusion (j) separately. Denote the image-
stress-induced inclusions of type / in the kth order by
(p'™)*% Then take

pmE=Y (P
/

For the case of Si and Al,O; particles in an Al-rich
matrix, this method converges rapidly (second-order
corrections are smaller than 1%).

Neglecting the lattice parameter of the plastically
deformed zone, the lattice parameter change in the
matrix owing to misfit stresses (Aa ) is given by

Aam im

XA P (10)
a, 3K,

For the inclusion, it holds that

Aam + im

Adg _pPstP (11)
ag 3Ky

The contribution of misfitting 6- and #'-phase par-
ticles to the total lattice parameter change is about one
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order of magnitude lower than the contribution of mis-
fitting Si particles to the lattice parameter change [16].
Therefore, the misfit around 6- and 6'-phase particles
is neglected. The CTE of the Q phase is not known.
However, since in the ASCM alloys the amount of Q
phase formed is much lower than the amount of Si
phase (see Appendix A), the effect of misfitting
Q-phase particles on misfit stresses is much smaller
than the effect of misfitting Si-phase particles. For this
reason, the contribution of misfitting Q-phase particles
to p'™ is also neglected. Hence, only two types of par-
ticle causing significant misfit strains are considered: Si
particles and Al,O; particles.

A problem in the evaluation of the eqns. (4)-(11) for
the misfit stresses is the anisotropy of Al, Si and Al,O;.
The theory described above predicts that the inclu-
sions are in a state of uniform hydrostatic stress. In that
case, the strains in the Si particles are determined
solely by the S;; and §,, elastic compliances. The inter-
action of stress fields and the anisotropy of the phases
in the ASCM alloys will cause deviations from the
purely hydrostatic stress state in the inclusions. How-
ever, providing that these disturbances are small, it is
still justified to obtain the elastic constants of the Si
inclusions from the §,, and §,, compliances. Since mis-
fitting a-Al,O; particles in an Al matrix are nearly
incompressible (the bulk modulus of a-ALO; is
350 GPa, which is about five times that of Al), the
dependence of the elastic constants on the crystallo-
graphic directions does not affect the strains in the
matrix very much and, in this work, a-AlL,O; is
assumed to be isotropic (Young’s modulus is estimated
by the value for polycrystalline Al,O; as given by
Crandall et al [24], while v is estimated to equal
—S8,,/S,;, as given by Tefft [25]). The anisotropy of Al
is relatively small. For this reason, the elastic constants
of polycrystalline Al are used for the calculations. The
yield strength of the matrix around the Si and Al,O;
particles in the initial part of ageing (up until about
0.5 h) is estimated to equal the yield strength of the
2014 Al alloy (approximate composition Al-2at.%Cu-
1.5at.%Mg-1at.%Si) aged for a few minutes at 450 K
subsequent to homogenizing and quenching (250 MPa
[26]). Since the hardness of the overaged ASCM alloy
approximately equals the hardness of the alloy in the

TABLE 2. Elastic constants, yield strength and coefficients of
thermal expansion used

a K u g,
(x1076K™Y) {GPa) (GPa) {MPa)
Matrix ASCM 235 69 27 250
Si 3.0 99 51 —
AL, O, 7.1 350 156 —

| Precipitation and misfit accommodation in Al-Si-Cu-Mg alloy

initial state of ageing (see Section 3.2), the yield
strength of the matrix in the overaged state is also
estimated as 250 MPa. The material constants used are
gathered in Table 2.

5. Discussion

S5.1. Lattice parameter changes in the ASCM alloys
during ageing

To apply eqns. (1)(3) to the solid-quenched alloys,
the composition of the Al-rich phase at that stage
should be known. The calculation of the composition
of the Al-rich phase after SQ, using the quaternary
Al-Cu-Mg-Si phase diagram, is outlined in Appendix
A. After SQ, the fraction of Al-rich phase in the base
alloy equals 0.78. The composition of the Al-rich
phase in the solid-quenched ASCM alloys is estimated
to be Al-1.5at.%Cu~0.7at.%Mg-0.5at.%Si.

From eqn. (3), it follows that, for the formation of Q
phase in its stoichiometric composition, the effects of
Cu, Mg and Si precipitation on the Al-rich phase lattice
parameter approximately balance. Therefore, Q-phase
formation does not change the Al-rich phase lattice
parameter. It is also apparent that #-phase formation,
which involves the precipitation of Cu from the Al-rich
phase, increases the Al-rich phase lattice parameter.
The formation of Q and € phases can account fully for
the lattice parameter changes during ageing. As was
also observed during non-isothermal ageing of solid-
quenched ASCM alloys, Q-phase precipitates are the
first phase to form. During Q-phase formation, the
lattice parameter remains approximately constant,
while the hardness increases (see Figs. 1 and 4). The
hardness increase during Q-phase formation was also
observed during non-isothermal ageing of the same
alloy [7]. The next phase to precipitate is the 6 phase,
causing an increase in the Al-rich phase lattice param-
eter. This increase starts after between 2 and 4 h of
ageing (see Fig. 1). This corresponds well with the
appearance of #-phase lines after 4 h of ageing. The
precipitation of 8 phase does not increase the hardness
[14], as is indeed observed (see Fig. 3). On prolonged
ageing (over 4 h), Q-phase precipitates will coarsen
and overageing occurs (see next section).

Besides dissolving alloying atoms, also misfit accom-
modation is expected to affect the lattice parameter of
the Al-rich phase. Computation of misfit stresses in a
two-dimensional Al-based composite by the finite-
element method indicates that a disturbance of the
average macrostress at the surface occurs in a layer
about 7 um thick [27]. The penetration depth of
X-rays in Al is much larger and the effect of surface
relaxation on the stresses determined by X-ray diffrac-
tion is about 2% [27]. Considering the accuracy of our
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measurements, the surface relaxation of stresses is
negligible.

In Table 3, the hydrostatic pressure pg on misfitting
AlLLO; and Si particles in an infinite matrix and the
image stresses, as obtained from eqns. (4)—(9), are given
for the applied temperature changes AT In the same
table, the predicted lattice parameter changes owing to
misfit stresses are compared with the experimentally
observed changes. The strains in the Al-rich phase are
obtained from the Al-rich phase lattice parameters for
the three longest ageing times (see Fig. 1), where
precipitation is thought to be completed (see second
paragraph of this section). (The equilibrium solid
solubilities at 453 K (see Appendix A) cause a relative
lattice parameter shift of about —0.3x10°* The
experimentally observed lattice parameters in the final
stages of ageing are corrected for this shift.) Directly
after SQ and in the first stage of ageing, the effects of
dissolved atoms on the Al-rich phase lattice parameter
are much larger than the effect of the image stress.
Because of the large uncertainties involved in the
determination of the effect of dissolved atoms on the
Al-rich phase lattice parameter, any correction for this
effect will be prone to large errors. Hence, no attempt
was made to obtain the contribution of the misfit
stresses to the lattice parameter shifts directly after SQ.
From Table 3, the following observations can be made.

(1) The Si-phase lattice parameter shifts after
quenching from the ageing temperature, as predicted
by the model (—6ax10"* for ASCMO and
=54a%x10"* for ASCM10), are somewhat larger
than the measured shifts but are within the range of
observed lattice parameter shifts (see Fig. 2). Models
considering only elastic accommodation predict even
larger values for the Si-phase lattice parameter shift
(about —7a;x107*). After quenching from the
solution treatment temperature, the correspondence
between the measurements and model predictions is
limited. (It should be noted that if pure elastic accom-

modation is assumed, after quenching from the solu-
tion treatment temperature, the discrepancy between
the theoretical predictions and experimental results
also would be much larger.)

{2) Both the experimental values and theoreticat
predictions indicate that the Al-rich phase lattice
parameter shift after quenching from the ageing tem-
perature is higher for the ASCM10 alloy as compared
with the ASCMO alloy. The observed difference
between the two shifts is predicted fairly well by the
theory.

(3) For the Al-rich phase, there exists a difference
between the misfit stresses predicted by the model and
those measured. Since the misfit stresses predicted by
the model are relatively insensitive to variations in the
yield stress and elastic constants [16], it is highly
unlikely that inaccurate values for these parameters can
explain this difference.

For several other Al-based composites, the predic-
tions of Eshelby-type models for the stress in matrices
owing to elastic misfit accommodation are also lower
than the measured stresses [16, 28-30]. The applica-
tion of the von Mises yielding criterion [16] indicates
that plastic accommodation occurred for the cases
reported. Since the present model for elastic—plastic
accommodation of misfitting spherical inclusions in a
finite matrix gives shifts in the Al-rich phase lattice
parameter which are smaller than those in the case of
purely elastic accommodation, the predicted stresses
for the case of elastic-plastic accommodation will be
lower than the measured stresses.

Another striking observation is that, for the ASCMO0
specimens, and also for a largely similar Al-
20at.%Si-1.3at.%Cu alloy [16], the measured average
stress (o) in the inclusion and the average stress (g, ) in
the Al-rich phase do not satisfy the rule for the equi-
librium of forces in a two-phase system:

(1= yp)(oa) + yalog) =0 (12)

TABLE 3. Hydrostatic pressure py on misfitting Al,O, and Si particles in an infinite matrix and the image stresses p'™, as obtained

from eqns. (4)-(9) for two temperature drops AT

AT Theoretical values Aag/ag, Aa,, fay
(K)
e (ALO;) Pz (Si) pim Theory Experiment Theory Experiment?
(MPa) (MPa) (MPa) (x1074%) (x107%) (x1074) (x107%)
ASCMO
160 — —233 55 -6.0 -4.6 2.7 4.0
486 - -412 160 -84 -24 7.7 —
ASCM10
160 -214 —232 71 -54 —43 34 4.5
486 - 382 —411 203 -7.0 -4.6 9.8 —

*The experimental values for a,, are corrected for the effect owing to dissolved atoms.
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The apparent failure to satisfy the rule for equilibrium
of forces also has been observed for Al-SiC com-
posites studied by neutron diffraction [31]). An expla-
nation for this, and for the differences between the
theory and experiments noted in the two previous
paragraphs, might be an increase in the volume of the
plastic zone owing to the creation of defects, such as
dislocations and vacancies [16].

5.2. Effect of heat treatment on the hardness

The average dislocation density of a heat-treated
MMC increases with the volume fraction of reinforce-
ment (32, 33], while the subgrain size generally
decreases with increasing volume fraction of reinforce-
ment [34, 35]. Both these effects increase the yield
strength of the composite with increasing volume frac-
tion. The increase in yield strength (Ag,) owing to an
increase in dislocation density o can be estimated from
[36]

Ao, = Aubp'? (13)

where b is the Burgers vector in Al (0.286 nm) and A
is a constant (usually taken as 1.25) [36]. The average
dislocation density in the matrix owing to misfitting
inclusions has been estimated by various workers. The
general expression is [37-39]

0 = Byge/{bd(1— yg)} (14)

where d is the smallest dimension of the particle and B
is a numerical constant which depends on the shape of
the misfitting inclusion. Different methods for the
evaluation of B have been proposed. According to
Arsenault and Shi [37], who considered the minimal
amount of dislocations necessary to accommodate a
rectangular particle, B varies between 4 for particles
elongated in one direction and 12 for equiaxed par-
ticles. For incompressible spherical particles, Dunand
and Mortensen [39] obtained B=12(2!/2), As the par-
ticles present in the alloys most resemble the latter
case, the latter value for B is adopted. The yield
strength of an Al alloy is usually proportional to its
hardness [40]. From a comparison of hardness
measurements with tensile tests performed previously
on the ASCM alloys [7, 41], it appears that

o,(MPa)=2.1 HV (15)

Using eqns. (13)—(15), the hardness increase caused by
dislocations introduced by thermal misfit can be calcu-
lated. For the ASCMO0 and ASCM 10 alloys, this yields
hardness differences of 14 HV after ageing at 453 K
and 24 HV after quenching from the solution treat-
ment temperature.

The subgrain structure of the ASCM alloys also can
have a significant effect on the hardness [34]. Arsenault
et al. [35] measured subgrain sizes and dislocation den-
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sities in 1100 and 6061 Al alloys reinforced with SiC
particles produced by powder metallurgy routes. They
showed that, for a volume fraction of inclusions of
about 20 vol.% with sizes of the order of 1 um, the
strengthening effect owing to subgrains roughly equals
the strengthening resulting from dislocation generation.
Applying this result to the alloys studied, the hard-
ness differences owing to dislocation and subgrain
strengthening between the ASCM10 alloy and the
ASCMO alloy are estimated at 28 HV and 48 HV after
artificial ageing and after quenching from solution
treatment temperature respectively. These values agree
fairly well with the observed hardness differences:
28 HV and 42 HV (see Section 3.2).

On continued ageing after reaching the peak hard-
ness, the hardness decreases. This hardness decrease is
expected to be caused by coarsening of Q-phase pre-
cipitates. According to Shercliff and Ashby [42], the
mean particle radius r,, at time #, is related to the radius
r, at time ¢, according to

Alj_exp( )d,

where k is Boltzmann’s constant, ¢ is the time, E, is the
activation energy for coarsening and A, is a constant.
Thus, the state of the coarsening process depends on a
temperature corrected time 3 such that

B= f exp( )dt

According to the classical Lifshitz-Slyozov-Wagner
(LSW) coarsening theory [43, 44] the rate of coarsen-
ing in a binary system is proportional to the product of
the solubility and the diffusion rate. Extensions and
modifications of this theory which account for a non-
zero volume fraction of coarsening particles (the orig-
inal LSW coarsening theory assumed the volume
fraction of coarsening particles to be infinitely small)
recapture the proportionality of the rate of coarsening
with the product of solubility and diffusion rate
[45-47]. The coarsening of a phase which contains
more than one alloying element is governed by the
element with the lowest product of its solubility and
diffusion rate. Thus, it is expected that, for the quater-
nary alloys studied, the rate of coarsening of the Q
phase is proportional to the solubility of the atoms
which determine the coarsening rate, i.e. x,(7T), and
their diffusivity D(T). The solubility x,,(7) of alloying
atoms in the Al-rich phase often can be described by
[26)

(16)

(17)

AH,

_501) (18)

xae( T) =X exp ( - kT
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where AH_, is the heat of solution of the alloying
element and x, is a constant. The A H_, values for Al-
rich Al-Cu, Al-Mg and Al-Si binary solid solutions
equal 0.42, 0.19 and 0.52 eV respectively (see refs. 48
and 49 for Al-Cu and Al-Si, while the AH_, value for
Al-Mg was obtained from solid solubility data in ref.
50). Since both D(T) and x,(T) have a similar expon-
ential temperature dependence, the activation energy
for the overall coarsening process will be the sum of
the activation energy Ep, for diffusion and the heat of
solution of the alloying element, i.e.

E.=Ep+AH,

sol

(19)

Since no solid solubility data nor diffusivity data on
quaternary Al-Cu-Mg-Si alloys at the low tempera-
ture range of interest here (7< 550 K) are available, it
is not clear which alloying element governs the time
and temperature dependences of the coarsening.
(Based on data for binary alloys [14], it is expected that
Si is the alloying element with the lowest product of its
solubility and diffusivity at temperatures below about
600 K.) Furthermore, in the quaternary system, AH,,
values obtained from the binary systems might not be
valid and the activation energy for diffusion might be
lowered owing to the presence of vacancies. The acti-
vation energy for Q-phase precipitation of 1.25 eV (see
ref. 8) indeed hints at vacancy-enhanced diffusion.
(The activation energies for volume diffusion of Cu,
Mg and Si in the Al-rich phase in binary alloys are all
between about 1.3 and 1.4 eV (see ref. 14).) Eventually,
on the basis of the available data, the activation energy
for coarsening is expected to be between about 1.4 and
1.8 eV.

In Fig. 5, the drop in hardness during overageing of
ASCM alloys is given as a function of Ing for
E,=16¢eV. (The maximum hardnesses of ASCMO
and ASCM10 specimens are taken as 187 HV and
217 HV respectively (see Fig. 3).) Figure 5 contains
data on isothermal overageing, overageing at a constant
heating rate and more complex non-isothermal over-
ageing treatments. The data points cover overageing in
the temperature range from 453 to 574 K. It is
observed that all the data points except two fit well to a
single curve. By varying E,, it was established that
E,=1.6¢€V is indeed the value for which the best-
fitting single curve is obtained. This indicates that, in
the temperature range considered, coarsening is the
main effect causing the hardness drop during overage-
ing. Other contributions to the hardness, such as dis-
location strengthening and solid solution hardening,
which are expected to increase with increasing final
ageing temperature, apparently are not important,

The two points which deviate significantly from the
curve in Fig. 5 concern hardness values measured after
the duplex overageing treatment of heating at
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Fig. 5. Hardness drop AHV owing to overageing as a function of
In B (B in hours) for E,= 1.6 eV. The data are obtained from
ASCMO specimens heated at 2 Kmin~' to a temperature
between 507 and 574 K (0O) (see ref. 7), the same specimens,
additionally aged for 100 h at 473 K (x)[7], ASCMO specimens
aged at 453 K () (Fig. 3), ASCM10 specimens aged at 453 K (0)
{Fig. 3) and ASCMO specimens aged at temperatures below
433 K and additionally exposed for 100 h at 473 K {e) [7].
Typical standard deviations are indicated.

2 K min "' to 487 and 507 K, respectively, followed by
100 h ageing at 473 K. An explanation for the
observed deviation may be that some precipitation
continues to occur during the isothermal ageing stage
in these specimens.

For the application of ASCM alloy, it is noted that
an optimized heat treatment consists of solution treat-
ment at 779 K (just below the start of melting [7]),
quenching and ageing for 4 h at 453 K (see Fig. 3). The
solution treatment time depends on workpiece size and
furnace capacity but should be as short as possible to
limit coarsening of the Si particles and development of
gas pores [51].

Extrapolation of the curve in Fig. 5 predicts that the
hardness of a heat-treated ASCM specimen is reduced
to its original as-extruded hardness (ie. when
AHV= —80)when In 8= —29 (8 in hours). This corre-
sponds, for instance, to isothermal exposure for 100 h
at 500 K or isothermal exposure for 1000 h at 470 K.
Hence, it is expected that, for exposures with
In 8 > —29, the benefit of the heat treatment is lost. For
these overageing treatments, it must be expected that
the negative consequences of the solution treatment,
such as coarsening of second-phase particles, grains
and subgrains [41, 52], and the creation of pores owing
to gas development [51], become dominant. In agree-
ment with this, it was found ‘recently that, after expo-
sure for 100h at 523K (InB= —-27.3), the high
temperature ultimate tensile strength of the quenched
and aged ASCMO alloy is lower than that of the as-
extruded ASCMO alloy [53].
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6. Conclusions

Precipitation in solid-quenched and subsequently
aged specimens of Al-20at.%Si-1.5at.%Cu-1.1at.%Mg
(ASCM) alloys with and without AL, O, particle re-
inforcement was studied by X-ray diffraction and
hardness measurements. The following conclusions
can be drawn.

During ageing at 453 K, Q-phase precipitates first.
During Q-phase precipitation, the Al-rich phase lattice
parameter remains approximately constant, while the
hardness increases.

After about 4 h of ageing at 453 K, 8-phase precipi-
tation starts. During #-phase precipitation, the Al-rich
phase lattice parameter increases, while the hardness
does not increase.

The presence of Al,O, particles has little effect on
the precipitation kinetics.

The presence of Al,O, particles increases the hard-
ness of the ASCM alloy. The increase agrees well with
model predictions based on enhanced dislocation
generation and reduced subgrain size owing to the
presence of Al,O, particles.

A model assuming the ideal plastic behaviour of the
matrix describes fairly well the cooling-induced
changes in the Si-rich phase lattice parameter. For the
cooling-induced changes in the Al-rich phase lattice
parameter, differences remain between the model
predictions and measurements.

After the peak in hardness has been reached, con-
tinued ageing causes the hardness to decrease. This
overageing results from coarsening of the Q-phase.
The observed hardness drop as a function of tempera-
ture and time corresponds to the classical LSW
coarsening theory.

An optimized heat treatment for the ASCM alloys
consists of a short solution treatment at 779 K,
followed by water quenching and ageing for 4 h at
453 K.
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Appendix A

To obtain the composition of the Al-rich phase after
homogenizing at 779 K, we will use the Al-Cu-Mg-Si
phase diagram at 775 K, as given by Mondolfo [14].
The small deviations caused by the small temperature
difference will be neglected. The phase diagram shows
that in the quaternary system all the Cu can be dis-
solved. However, some Cu is incorporated into the
Al,;Cu,Fe phase, which is observed in all the specimens
by X-ray diffraction. Since the solubility of Fe in the
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Al-Cu-Fe system is negligible, the entire phase is
insoluble. Thus, for 1 mol of base alloy, the number of
atoms in the Al,Cu,Fe phase is 10x§{,=0.012 mol
(where x%, is the gross Fe content of the alloy). The Mg
solubility in the Al-rich phase at 775K is about
0.65 at.%. Thus, for 1 mol of base alloy, the number
xo of atoms in the Q (AlCu,MggSi;) phase is
(xfs,—0.8x0.0065)21/8 =0.015 mol (for the time
being, the amount y, of Al-rich phase is estimated as
0.8). The Si solubility in the Al-rich phase at 775 K is
about 0.45 at%. Thus, for 1 mol of base alloy the
amount of Si phase is approximately x§ — 0.8 X 0.0045
—(6/21)x5,=0.191 mol. The number of Cu atoms
dissolved in the Al-rich phase is x§,— 2x§, —(2/21)x,
=0.0117 mol. Now we can obtain the number of
atoms in the Al-rich phase per mole of base alloy by
subtracting the number of atoms in the (partially)
insoluble phases from the total amount. This gives
Y,=1-0.191-0.015-0.012=0.781 mol. From this
follows the estimated composition of the Al-rich phase
after solid quenching: i.e. Al-1.5at.%Cu-0.7at.%Mg-
0.5wt.%Si.

Towards the end of the applied ageing times the Al-
rich phase lattice parameter reaches a stationary value.
This indicates that precipitation is completed and that
the composition of the Al-rich phase equals its equilib-
rium composition at the ageing temperature. The solu-
bilities at the ageing temperature in the quaternary
system are not known. However, all three relevant solid
solubilities are expected to be very low. The solid solu-
bility of Si in the Al-rich phase is not much affected by
Cu and Mg additions. Hence, the solid solubility can be
estimated from (extrapolation in} the binary Al-Si
phase diagram. This solid solubility is negligibly low
(about 7x 107 [50]) and, thus, the Cu and Mg solid
solubilities can be estimated from the ternary Al-
Cu-Mg system. In the ternary Al-Cu-Mg system at
453 K, the solid solubilities obey the following rule:
XeuXpe = 1X1077 [26]. In the Al-Cu-Mg system, the
sum of the two solubilities is a maximum for x¢, = Xy,
giving X, = Xy, = 3x 107,



