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1. Introduction

In view of the current climate and energy crisis, the transition to a carbon-free, efficient,
energy matrix is urgent. The global demand for energy does not stop to increase, even during
the Covid-19 pandemic: in the year of 2020 the most dramatic decrease of energy consumption
since World War Il was observed, but projections for 2021 suggest that the global energy use
will be 0.5% higher than in 2019, as Covid-related restrictions are partly lifted [1]. Changing
the carbon-based energy matrix is not an easy and short-term task: sectors like transportation
and manufacturing, the two sectors with highest consumption of end-use energy and highest
CO2 emissions [2], are still strongly dependent on fossil-fuels [3] and, to change this
dependence, the complete re-structuration of these sectors is needed, accompanied by an
increase in efficiency of cleaner energy matrices [2]. On a positive side, the space for renewable
resources (mainly wind and solar) is increasing, as it is expected that renewables will provide
more than 50% of the world-wide electricity demand in 2021 [1]. However, renewable
resources alone are not enough to meet the goals in reduction of greenhouse gas emissions
established in the Paris agreement of 2015: their combined use with hydropower and, in

particular, nuclear power is essential to stop the developing climate catastrophe [4].

1.1. Advantages, challenges and current status of nuclear power

There are several requirements that low-carbon energy resources must meet in order to
minimize impacts on the environment [5]. The energy resources have to 1) use minimum
amounts of land and fresh water for production or mining; (2) minimize pollution (greenhouse
gases emissions, production of heavy metals, toxic chemicals and other waste); (3) restrict
habitat fragmentation, (4) present a low risk of accidents that could cause large impacts to the
environment and humanity; (5) be cost-effective; (6) be reliable and (7) be accessible [5]. In
Table 1.1. the advantages and challenges associated with nuclear power (fission and fusion)

and renewable resources are listed.



Table 1. 1. Advantages and challenges of nuclear power and other renewable resources.

Resource

Advantages

Challenges

Nuclear fission

Low emission of greenhouse gases [6];

Does not produce toxic heavy metals, black
carbon, sulphates, aerosols [5];

Costs are more stable, in comparison with
fossil fuels [7];

Energy production does not depend on climate
factors, like Sun incidence and wind velocity

[5];

It is able to supply global high energy demands
(large scale energy generation) [7];

Long lifespan (40 years, with possibility of
extension to 60-80 years) [5];

Requires the least land area displacement for
energy production, in comparison to other
resources [5].

Risk of nuclear weapons development and
proliferation [5], [7];

Accident could lead to large damage to the
environment and humanity [5], [7];

Production of radiotoxic waste [5], [7], [8];

Causes anxiety among large part of the
population.

Nuclear fusion [9]

Does not produce toxic heavy metals, black
carbon, sulphates, aerosols;

Low emission of greenhouse gases;

Lower amount of radioactive waste than from
nuclear fission;

Delivery of large amount of energy from
small amount of fuel.

Complexity of technology, which requires
intense research efforts;

Current stage of development is still far from
possibility of commercialization.

Hydropower

Low greenhouse gases emissions [5], [6], [10],
[11];

Does not produce toxic by-products [10];

Besides providing electricity, hydropower
plants can aid in flood control, irrigation and be
used as potable water reservoirs [10], [12];

Cost-effective  electricity  source:  high
efficiency for electricity generation with low
operation and maintenance costs,
compensating relatively high investments for
plant construction [10], [11].

Negative environmental impacts as a
consequence of inundation of large areas [5],
[12], [13]

Decay of the flooded biomass, which results
in the gradual emission of greenhouse gases
[13];

Geographical dependency on the distribution
of waterways [5];

Restriction of navigation and modifications
of local land use [12].




Table 1. 2. (Continuation) Advantages and challenges of nuclear power and other renewable resources.

Resource

Advantages

Challenges

Wind (onshore and

Low greenhouse gases emissions (even lower
than nuclear energy) [6];

Strong support of society [5];

Utilizes free primary energy and the
technology involved is not overly complex

Wind turbines use large amounts of concrete,
steel and land use per unit of electricity
delivered [5];

Onshore plants depend on availability of
wind (location and period of the year) [15];

(photovoltaic)

even when the sky is not completely clear (use
of diffuse component of sunlight) [17];

Strong support of society [16].

offshore) [14];

Generators can be located offshore or onshore Large turbmgs are not easily accepted by
. local population.
[14];
Cost competitive alternative for coal, also
competes well with nuclear energy [5], [14].
Photovoltaic systems are highly modular and | Efficiency is low and costs are relatively high
easy to install [16], [17]; [16]-[18];
Solar Photovoltaic installations can generate power | Manufacture process of solar cells use toxic

chemicals that do not degrade over time [5],
[18];

Relatively large land use [5], [16]-[18].

Biofuels (from
dedicated biomass
and from waste)

Wide variety of systems and technologies
available for biofuels production [14];

Dedicated biomass is considered a carbon-
neutral resource, once the amount of CO;
released during combustion of the biomass is
equal to the amount captured by the plant
during its cultivation [14], [19];

Reduction of existing residues and waste
(when the biofuel is produced from them) [14],
[19];

Decrease in methane emissions from landfills
(anaerobic decomposition of biomass in
landfills) [14], [19];

Economic improvement of rural areas (creation
of jobs and income) [19].

Dedicated biomass requires large land area
displacement for energy production, thus,
may lead to deforestation, loss of biodiversity
and increase in CO. emissions (from land
cleaning) [5], [14], [19];

Currently, there is no global monitoring,
neither  sustainable criteria, for the
responsible cultivation of dedicated biomass
[19];

Use of extra amounts of water, fertilizers and
pesticides for dedicated biomass cultivation
[19];

When utilizing waste for biofuels production,
the removal of the biowaste from land can
reduce carbon storage, carbon pools (soil,
dead wood, litter) and decrease the soil
nutrients content [14].

Table 1.1. shows that there is no type of energy resource exempt of challenges or

disadvantages, hence, an interesting strategy to improve efficiency, minimize environmental

impact and meet the high global energy demand is to combine the use of different resources,

considering their availability, effect on local environment and socioeconomic impact [5].

Among the low-carbon energy resources, nuclear fission has a strong potential to aid in the

climate and energy crisis. In nuclear power plants, energy can be produced at any time of the

year, without any dependence on environmental conditions. If nuclear reactors had never been

developed and deployed, CO. emissions from electricity generation would have been 20%




higher during the past 50 years [4]. However, its use is in risk of decline due to two main
factors: (1) retirement of reactors that are reaching their end of service life and (2) policies to
reduce the nuclear fleet in some European countries, due to unpopularity of nuclear energy [4].
Despite its several advantages, the fear of nuclear accidents, weapon proliferation and
radioactive waste disposal are disadvantages of great concern, which prejudice the reputation
of nuclear power among the community in general [7]. To overcome these issues,
improvements in fission reactor design, safety governance, nuclear waste treatment and
disposal are being made — many of these led by the Chernobyl and Fukushima accidents [20].
The fission reactors commercially in use today are of Generation I, built in the 1960’s
and 1970’s, and part of them are going through lifetime extension, from 30 or 40 years to 60
or 80 years [5], [21], [22], [23]. New Generation Il and I+ fission reactors, with more
advanced design, are starting to be deployed. Extensive research efforts are currently being
made to develop the so-called Generation 1V nuclear reactors [24], [25]. The Generation 1V
reactors are designed to present, in relation to the older generation ones, improved safety,
reliability, sustainability, longer life times (minimum of 60 years), proliferation resistance and
profitability [24]. There are six main Generation IV reactors systems in development: gas-
cooled fast reactor (GFR), lead-cooled fast reactor (LFR), molten salt reactor (MSR), sodium-
cooled fast reactor (SFR), very high temperature reactor (VHTR) and super-critical water-
cooled reactor (SCWR) [24]. In addition, the use of thorium-based fuel cycles in Generation
IV reactors has gained renewed interest. China is currently building an experimental molten
salt reactor that will use thorium as fuel and the project is currently in the testing phase [25].
India also invests in the development of thorium reactors, due to its vast thorium reserves [26].
This regained interest in thorium-based reactors comes from its natural availability, which is
three to four times greater than uranium’s, increased resistance to the proliferation of weapons,
production of lower levels of nuclear waste and suitability for use in several types of reactor
designs, like light water reactors (LWR), heavy water reactors (HWR), MSR, high temperature
gas cooled reactors (HTGR) and accelerator driven system reactors (ADSR) [26], [27].
Besides the developments in nuclear fission, intense research at a global level is being
conducted to make nuclear fusion a concrete technology: currently, the European Union, USA,
Russia, Japan, China, Brazil, Canada, Australia and Korea are part of fusion research programs
[9]. In theory, nuclear fusion would be able to supply almost infinite amounts of clean energy,
in a safer way than nuclear fission technologies, but the complexity in building fusion systems
and the challenges towards meeting the materials requirements are far greater. Currently,

experimental facilities are being built in order to verify the feasibility of nuclear fusion to
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produce energy at large scale. The most well-known and largest experiment is ITER
(International Thermonuclear Experimental Reactor), under construction in France. A next step
after the successful construction of ITER and verification of feasibility of nuclear fusion would
be the development of the first prototype of nuclear fusion reactor, DEMO (DEMOnstration
power plant). This project is a joint effort of Europe and Japan [9], [28].

1.2. Nuclear fission vs nuclear fusion

Essentially, nuclear fission consists of the splitting of a nucleus into smaller parts
(lighter nuclei), accompanied by the release of neutrons and large amounts of energy. The
energy released in nuclear fission reactions is about 10 million times larger than in chemical
reactions (like coal burning) and the amount of fuel necessary is very small: for example,
fission of 1 g of 2°°U can generate 78.4 GJ of power, for which 2.5 x 10° g (~2.7 tons) of coal
would be necessary [29].

Fission can occur either naturally or artificially, although the probability of spontaneous
fission is very low because of the strong nuclear forces acting in the nuclei of atoms. Artificial
fission is achieved by the bombardment of a heavy, fissile nucleus with neutrons. The most
known fuel used in nuclear fission is ?*°U, which corresponds to only 0.7% of the natural
uranium available on Earth; the other 99.3% is constituted of 238U. 23°U is the most suitable
option for thermal reactors, due to its large cross-section for fission by thermal neutrons [6].
The abundant 238U has a small thermal neutron cross-section, but can be used to breed 2*Pu,
which is fissile, or can be used as fuel in the so-called fast reactors, which operate with a
spectrum of fast neutrons (energies higher than 5 MeV) [6], [29]. The main types of waste
produced by nuclear fission systems are tailings (by-product of uranium mining), spent fuel,
fission products and irradiated structural components [11].

In a nuclear fusion system, the opposite of fission occurs: light nuclei fuse together in
order to form a heavier nucleus, accompanied by large amounts of energy and, depending on
the reaction type, neutrons. Fusion reactions occur naturally in the core of the Sun, where
temperatures are of the order of 1.5 x 107 °C and gravitational forces are intense (g ~ 274 m.s°
2). A common fusion reaction in the core of the Sun involves the conversion of 4 protons into
a “He atom [9]. On Earth, where the gravitational force is much weaker, the reproduction of
this particular reaction is unfeasible, but alternative processes are possible, albeit still
challenging. The alternatives involve using hydrogen (H) and its isotopes deuterium (D) and

tritium (T) in the plasma state to produce “He atoms and large amounts of energy. The “easiest”
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possible plasma reaction is the one in which D and T are combined to form *He and neutrons,
with energies equal to 3.5 MeV and 14.1 MeV, respectively. For the rate of this reaction to be
high enough, the core of the D-T plasma needs to be at temperatures of the order of 108 °C [9].
The extremely high-temperature plasma, which cannot be contained by any existent material,
can be confined by the use of magnetic fields, produced by toroidal devices. There are two
main types of toroidal devices in advanced stages of design: the tokamak and the stellarator
(Figure 1.1.). The plasma particles, which are ionised (and thus electrically charged), are forced
to follow a restricted, helical path around the magnetic field lines, which allow the plasma
containment [9], [26].

Figure 1. 1. Schematic representations of (a) a tokamak and (b) a stellarator. Extracted from [9].

Theoretically, nuclear fusion can deliver larger amounts of energy than fission and
produces less radioactive waste, which would consist mainly of the structural materials of the
reactor activated by the neutrons produced during the fusion reaction. Although D is largely
available in nature, T, the radioactive isotope of hydrogen, is not. Breeding of T can be made
in the blanket, with the use of lithium-containing solutions, according to the reaction: n + Li —
He + T + 2 MeV. Examples of Li-containing solutions are: FLiBe and Pb-Li. There are several
challenges related to fusion, starting with the integrity of structural materials, submitted to
extreme operation conditions. The breeding of T is another challenging aspect in fusion. For
the process to be self-suficient, the blanket needs to cover 85% of the reactor wall, making the
access for heating and diagnostics more difficult. It also imposes harsh conditions for the
materials used in the blanket, since operation will take place in a corrosive environment,
containing neutrons and hydrogen, and at high temperatures. In addition, it is possible to breed
any type of element in the blanket and this consists of an under-looked risk for proliferation of

weapons.



1.3. Advanced nuclear technologies and materials challenges

Among the six designs of Generation IV nuclear reactors, three will operate with fast
neutrons (GFR, LFR, SFR) and other two have the potential to use either thermal or fast
neutrons (MSR and SCWR). The core temperature for all designs will be considerably higher
than in Generation Il and Il reactors (maximum temperature of around 600 K), ranging
between 783 and 1273 K [31]. The types of coolants used will vary with reactor type: molten
fluoride salts in MSR, liquid Na in SFR, liquid Pb in LFR, He gas in VHTR and GFR, and
water in SCWR [31]. These modifications in design will bring a series of benefits for the safety
and efficiency of nuclear reactors, but also impose harsher service conditions for the structural
materials. The higher operation temperatures lead to increased thermal efficiency of the
reactors and, for some designs, the possibility of production of hydrogen [31]. The utilization
of fast-neutrons spectra allows the more efficient use of the uranium resources, employing the
abundant 23U to breed 2*°Pu, which has a high fission cross-section for fast neutrons [32]. Fast-
neutron reactors can also use 2*°U as fuel or burn the long-lived actinides recovered from fuel
used in conventional reactors [32]. In this way, the production of nuclear waste can be
significantly decreased [31], [32].

Structural materials to be used in Generation 1V reactors will have to present, besides
excellent mechanical properties, high corrosion resistance and compatibility to the different
types of coolants, high thermal stability, which guarantee that mechanical properties will be
maintained at the elevated operation temperatures, resistance to radiation damage under high
neutron doses and resistance to He embrittlement [24]. Figure 1.2 schematizes the operating
temperatures and levels of displacement damage that Generation IV and fusion systems will
have to withstand, in comparison to Generation Il systems [33]. Candidate materials for the
various reactor components are ferritic-martensitic steels, austenitic stainless steels, oxide
dispersion strengthened (ODS) steels, Ni-based alloys, graphite, refractory alloys and ceramics.
Intense efforts are currently ongoing in order to qualify these materials for the nuclear
applications [24].

In principle, nuclear fusion has even more attractive qualities than fission: (1) the fuel
stays available only for a few seconds, while in fission it is stored in the reactor core for longer
periods of time; (2) instead of neutrons multiplication and chain reactions, which pose a risk
of going out of control, fusion reactions depends on high temperatures to occur, so, with any
malfunction or incorrect handling the reactions will stop; (3) the fusion reactivity has an

optimum with temperature and, therefore, run-away reactions are physically impossible and
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(4) if any operation problem takes place and the plasma is shutdown, the energy remaining in
the reactor will be too low to cause melting or damage of the core structure and (5) despite the
risks associated to the breeding capabilities of the blanket, fusion systems can be considered to
have improved resistance to proliferation, since only substantial alterations in the reactor’s
operations would allow its misuse and would be easily discovered [9]. Enormous scientific
efforts have been made towards fusion in the past decades and they are leading to promising
results, although the technology is not commercially available yet. ITER, the largest fusion
experiment, is currently able to study various blanket concepts and to provide over 100
diagnostic systems.

The challenges imposed on structural materials by nuclear fusion systems are also many
and, in some aspects, are greater than the ones associated to the Generation 1V fission systems.
In fusion systems, service temperatures will vary from 1273 K or higher (plasma-facing
components) to cryogenic (superconducting magnets) [34]. The neutrons originated from D-T
fusion reactions are highly energetic (14.1 MeV), leading to higher neutron doses and, thus,
higher damage, than in most Generation IV systems (Figure 1.2) [33]. In-vessel components
will also need to resist to high concentrations of He, H, D and T [9], [34], [33]. Blanket material

candidates, as discussed earlier, need also to resist to corrosive environment.

g 1m
N’ VHTR
£ 107 — sic
SI0N
2 6rR usi
E 873 - M3R )
¥ V alloy |ODS steel
2
8 oL F/M steel
D J LFR
o 2

Current (Gen Ii) fission réactors

ITER fusion réactor

Displacement damage (dpa)

Figure 1. 2. Operation temperatures and displacement damage of structural materials used in different nuclear
technologies: current Generation Il fission reactors, the six designs of Generation IV fission reactors, ITER and
the expected for commercial fusion systems. It is also shown in the picture the some classes of materials that can
withstand the temperature ranges expected for commercial fusion reactors. Modified from [33].

So far, tungsten and tungsten alloys are the most promising candidates to be used in

first wall, plasma-facing components. For other in-vessel constituents, suitable candidates are
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ferritic/martensitic steels, vanadium alloys, ODS steels and SiC/SiC ceramic composites
(which is however the least developed option) [34], [33].

Finally, an important requirement for both fission and fusion technologies is that their
structural components exhibit reduced-activation. This means using alloying elements that,
once activated, are able to lose radioactivity in hundreds of years or less, instead of thousands
of years, as it is the case of the alloys deployed in conventional reactors. This requirement aids
in minimizing nuclear waste and would allow the proper handling and recycling of the
components at the end of lifetime of the future reactors. Examples of reduced-activation
elements are: Fe, C, Cr, Ti, V, W, Si, Ta [9], [34], [33], [35].

1.4. Objectives and thesis outline

It is clear that a challenging aspect for the realisation of Generation IV and fusion
technologies is to select and develop materials able to withstand the imposed extreme service
conditions. Oxide Dispersion Strengthened (ODS) steels are potential candidates to be used as
structural components in both Generation IV fission reactors and fusion reactors. ODS steels
are high-Cr, reduced-activation steels, containing nanosized oxide particles dispersed in the
matrix. This class of materials present attractive properties, like high tensile strength, excellent
resistance to creep and fatigue, high thermal stability (up to temperatures of 1273 K), and
increased resistance to radiation-induced defects. [35], [36]-[38].

In the present thesis, two ODS steels containing 0.3 weight % of Y203 were studied:
the 0.3% Y203 ODS Eurofer and the ODS 12 Cr steel. The main objectives of the work
developed in this project are:

(1) Evaluate the thermal stability of the microstructure and of the oxide nanoparticles
present in the steels;

(2) Investigate the effect of oxide nanoparticles on the kinetics of phase transformations
and other microstructural processes such as recovery, recrystallization;

(3) Investigate the interaction of oxide nanoparticles with defects intrinsic to the
microstructure;

(4) Develop fundamental understanding of the thermal behaviour of the steels.
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In Chapter 2, relevant background information for the understanding of the work is
given, consisting of the basics of radiation damage in metallic alloys and general aspects
of ODS steels.

The remaining Chapters are divided into two parts:

e Part | — Thermal stability of the microstructure and of oxide nanoparticles in ODS
steels. Part | contains Chapters 3, 4 and 5;
e Part Il — Analysis defects in ODS steels: thermal evolution and oxide nanoparticle

interaction. Part 1l includes Chapters 6 and 7.

In Chapter 3, the microstructure of the 0.3% Y03 ODS Eurofer steel is characterized
and its thermal stability is evaluated. After annealing treatments at temperatures ranging from
600 K to 1600 K, the material was evaluated using Scanning Electron Microscopy (SEM),
Electron Backscatter Diffraction (EBSD) and Vickers hardness. The steel has a
ferritic/martensitic matrix and first observations of the effect of oxide nanoparticles on the
kinetics of phase transformations are made.

In Chapter 4, the 0.3% Y203 ODS Eurofer steel in its reference condition and after
annealing at 1400 K is analysed in more detail, using Transmission Electron Microscopy
(TEM) and Atom Probe Tomography (APT). The oxide nanoparticles present in the material
are characterized, their chemical composition and high-temperature behaviour are determined.
The results discussed in Chapter 4 give further information on the role of oxide nanoparticles
for the overall thermal stability of the steel and their effect on the microstructural processes
occurring at high temperatures.

Chapter 5 presents the characterization of the microstructure, including the oxide
nanoparticles, of the ODS 12 Cr steel, after annealing at temperatures between 573 K and 1573
K. The material was analysed with SEM, EBSD, Vickers hardness and TEM. The ODS 12 Cr
steel is ferritic and contains 0.3 weight % Ti. The addition of Ti has strong impact on the size
and thermal stability of the oxide nanoparticles. The highly stable and fine oxide nanoparticles
are responsible for maintaining the overall microstructure and mechanical properties of the
steel constant up to 1473 K.

In Chapter 6, Positron Annihilation Doppler Broadening (PADB) is used to investigate
the thermal evolution of defects present in different ODS steels and their interaction with oxide

nanoparticles. An important hypothesis is proposed in this chapter: during annealing at high
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temperatures (1400 K and above), equilibrium thermal vacancies are trapped at the interfaces
of oxide nanoparticles. Upon cooling to room temperature, these vacancies are retained in the
structure.

In order to further investigate the hypothesis proposed in Chapter 6, in Chapter 7 the
ODS 12 Cr steel in its as-received condition and annealed at 1573 K is exposed to low-energy
deuterium plasma. Thermal Desorption Spectroscopy (TDS) is used to measure the deuterium
absorbed by the ODS 12 Cr steel. Interestingly, the deuterium intake is higher in the annealed
condition than in the as-received condition. This result is discussed in relation to the ability of

oxide nanoparticles to trap defects of different nature.

2. Background

2.1. Basics of radiation damage in metallic materials

Neutrons released during fusion and fission reactions, when impinging structural
materials, normally present kinetic energies high enough to displace atoms from their lattice
positions, by means of collisions with the nuclei [34], [39]. The threshold energy that a striking
neutron must have in order to displace lattice atoms has to be higher than the so-called
displacement energy, Edis, Of the lattice atom. If the kinetic energy of the neutron is lower than
Edis, the collision will only make the lattice atom vibrate around its position; if the kinetic
energy of the neutron is equal to or higher than Euis, the lattice atom will be displaced by the
collision and a primary knock-on atom, PKA, will be created [40]. The energy transferred
during the collision being sufficiently high, the displaced PKA atom will further collide with
its neighbours, creating a cascade of defects. The Egis for formation of PKA atoms depends on
factors like temperature, direction of collision and existence of strains in the lattice. Beeler et
al. [41] determined Egis ranging from 23 to 88 eV, between 300 K and 500 K, for body centered
cubic iron. In tungsten, the Eqis has been calculated to be 90 eV by [42] and 55 eV by [43] and
[44]. These energies are several orders of magnitude lower than the energies of neutrons
produced in nuclear reactors (2 MeV-14.1 MeV [34]) and, hence, creation of PKAs and cascade
of defects will take place in the structural components of reactors.

In this process, the basic types of defects that directly form are vacancies and self-
interstitial atoms, SIAs [34], [39], [40]. These can recombine, but can also form various types
of defects (Figure 1.3): Frenkel pairs (vacancy and adjacent SIA), clusters of displaced atoms,

dislocations loops, microvoids, voids and crowdions (defect composed of a displaced atom
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sharing a lattice position with another atom) [34], [39], [40]. Alloying elements in solid solution
can form precipitates in these processes. In addition, neutrons can react with the nuclei of atoms
composing the impinged structure and activate them. Depending on the type of element,
different reaction products can be formed: gamma radiation (y), He, transmuted atoms, etc [34],

[39], [40]. The degree of damage caused by radiation is measured in displacements per atom,

dpa.
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Figure 1. 3. Schematic illustrating some types of defects formed in metals due to interactions with energetic
particles, like neutrons. In (1) is represented the creation of a primary knock-on atom (PKA), after collision with
a neutron. A vacancy is left in the original lattice position of the PKA,; still in (1), the PKA occupies another lattice
position (annihilation with a pre-existent vacancy). In (2), the PKA has enough kinetic energy to displace other
lattice atoms and thus to generate a cascade of defects. In (3) is represented the case when the neutron reacts with
the nucleus of a lattice atom, resulting in a transmuted atom and Helium. In (4) the formation of a self-interstitial
atom (SIA) is depicted and in (5) is shown the formation of a crowdion, i.e. displaced atom sharing a lattice site
with another atom. Extracted from [34].

Radiation-induced defects introduced in the microstructure will have several effects on
the properties and performance of materials. According to Zinkle and Busby [33], there are
five main effects occurring in materials due to the interaction with radiation: (1) radiation
hardening and embrittlement, (2) phase instabilities from radiation-induced precipitation, (3)
irradiation creep, (4) volumetric swelling and (5) high-temperature helium embrittlement [33].

Effect (1), radiation hardening and embrittlement, is common at relatively low
temperatures, typically below 0.4Twm (Twm is the melting temperature) and under radiation doses

higher than 0.1 dpa. In this case, the defects formed act as obstacles to dislocations movement,
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thereby hardening the material and, consequently, reducing its ductility and fracture toughness
[33].

Effect (2), phase instabilities from radiation-induced precipitation, is more likely to occur
at intermediate temperatures, ranging from 0.3 to 0.6Tw, and for doses of 1 dpa to 10 dpa. At
these temperatures, the mobility of displaced atoms is relatively high, and they will tend to
migrate and bind to sites that will reduce their potential energy, like grain boundaries, surfaces,
dislocations and other types of microstructural defects. If atoms of a specific alloying element
have a preferential association with the defect flux, segregation will occur [45]. Segregation
interferes strongly on phase transformations, and may lead to the localized formation of
specific microconstituents, like precipitates or brittle phases, which can become stress raisers
(crack nucleation sites). In addition, segregation can be the cause of localized corrosion [33],
by the formation of microgalvanic cells between the alloying element-rich region and the
depleted one, and other forms of corrosion, like intergranular stress-corrosion cracking, which
is an issue for steels containing Cr [45].

Effects (3) and (4) occur under the same conditions of temperature and radiation dose as
effect (2). Irradiation creep depends also on the application of external stresses [46]. Creep can
be defined as the deformation of a material with time, under a constant load and at intermediate-
to-high temperatures. In cases in which radiation is not involved, high temperatures are needed
for creep, since the principle behind this phenomenon is the motion of vacancies and
dislocations. However, if the material is irradiated, creep will occur more easily, at lower
temperatures, due to the increase in density of radiation-induced defects (vacancies and
dislocation loops, mainly) [40].

As mentioned earlier, another possible consequence of the neutron bombardment of a
material is the transmutation of alloying elements accompanied by helium (He) production
[47]. In fusion reactors, He is the main product of the fusion reaction and can enter into the
structural components. Once inside the metallic structure, He atoms will diffuse and become
trapped at defects, like grain boundaries, dislocations, vacancies. Prolonged exposure
eventually will form He bubbles, among other products, which are detrimental for mechanical
properties. The same can occur with H, D and T, particularly relevant for nuclear fusion
systems. During neutron irradiation, He forms practically at the same time as the other types
of defects (vacancies, SIAs, dislocations loops, etc). When operating at temperatures above
0.5Twm, the recombination of vacancies and SIAs also takes place, leading to the decrease in

their concentration in the material, and thus, the nucleation of He bubbles becomes the
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dominant event [47]. In this situation, effect (5) takes place even for low He concentrations and

when accumulating at grain boundaries can cause intergranular fracture [40], [47].

2.2. Oxide Dispersion Strengthened steels

Research and development (R&D) of ODS steels is not new. It started in Europe during
the 1960’s, as part of a research programme between Germany, Belgium and the Netherlands,
to design, build and operate sodium-cooled fast breeders [48]. Germany and Belgium shared
the responsibility for developing technologies related to the fuel (the fuel itself, cladding, fuel
assembly, absorber element, etc), and, in this context, R&D on ODS materials for fuel cladding
had begun [48]. More specifically, it was at the SCK-CEN studies centre, in Mol, Belgium,
under the leadership of Jean-Jacques Huet, that the first trials of obtaining ODS materials were
made, using Fe-Cr stainless ferritic alloys and different oxides, like Al.O3, MgO, ZrO», TiO>
and ZrSiO4 [48].

At that time, a ferritic matrix was a better choice than an austenitic one because of certain
properties: (1) ferrite has higher thermal conductivity, (2) ferrite has lower thermal expansion
and (3) ferrite has a lower susceptibility to He embrittlement [48]. The matrices were stainless
ferritic alloys, not steels, because no carbon was present in the chemical composition. The
reason for this was that steels were considered to be sensitive to decarburization in the presence
of dynamic sodium [48].

Another important aspect to comment upon (perhaps the most important) is why oxide
particles, among the known strengthening methods, were chosen. Firstly, an alloy has its
strength increased when the movement of dislocations, which can be considered as carriers of
plastic deformation, is made more difficult. Addition of solute atoms (solid solution
strengthening), increase of the dislocation density in the material (work hardening), increase of
grain boundary area (grain refinement) and the presence of precipitates/intermetallic
compounds (precipitation hardening) are methods to make alloys more resistant, as they
provide obstacles to the movement of dislocations. However, all these methods are sensitive to
high temperatures: solute atoms may diffuse and segregate, possibly leading to precipitation,
stresses are relieved (stress fields in the lattice, introduced by solute atoms, interact with
dislocations and compromise their mobility), dislocations will become more mobile and can
annihilate, precipitates/intermetallic compounds may grow or be dissolved in the matrix.
Hence, the strengthening effect can be lost at high temperatures, decreasing the performance

of the material and reducing its service life-time. A solution to this problem was to add oxide
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particles to the alloys: the particles themselves constitute obstacles to dislocations (similar to
precipitation hardening), they play a role in grain refinement by pinning grain boundaries [49],
and are stable at temperatures even higher than the liquidus of many metals [48], [49].

R&D on ODS materials was not restricted to Europe. In Japan, the Japan Nuclear Cycle
Development Institute (JNC) has programmes for developing ODS ferritic/martensitic steels
since 1987, also for application as fuel cladding [50]. Martensitic (9 Cr) and ferritic (12 Cr)
ODS steels have been successfully developed, both containing Y203 nanoparticles, and the
technologies involved in their manufacturing could be extended to ODS reduced activation
steels for fusion systems [50].

Yttria (Y203) is the type of oxide most used in ODS steels because of its stability at high
temperature, because of the low solubility of Y and O in ferrite [50], and due to the good
mechanical properties provided to the steel [37], [48]. The most suitable method for producing
ODS alloys is mechanical alloying, which enables the direct mixing of metallic and oxide
powders, allows optimum particle size distribution and ideal dispersion throughout the matrix
[37], [48], [49]. Ingot liquid-based metallurgy methods are not appropriate for the fabrication
of ODS steels mainly due to the density differences between oxide particles and the liquid
metal, which leads to the oxide particles sinking or floating in the melt [43].

The conventional powder-metallurgy fabrication route consists of the following steps:
(1) gas atomization of a pre-alloy, (2) mechanical alloying (milling), (3) consolidation of the
alloy and (4) thermo-mechanical treatment [35]. Common consolidation methods are hot
extrusion, hot isostatic pressing and, more recently, spark plasma sintering [35], [51], [52].
Powder metallurgy methods are more expensive than conventional ingot metallurgy ones and
face some challenges, like limited reproducibility of the end product quality, difficulty to scale-
up the process to industrial scales and the incomplete understanding of details of processing
steps. Alternative methodologies that utilize processes of additive manufacturing and lead to
shorter production routes are currently in development [37], [49].

One of the main objectives of the ODS approach is to improve creep properties of
reduced-activation ferritic martensitic (RAFM) steels and increase their service temperature to
900 K-1273 K [24], [35], [39]. The oxide nanoparticles, in high number density and average
diameter ranging from 3 to 20 nm, improve thermal and radiation-induced creep properties by
pinning dislocations and grain boundaries and, thus, hindering dislocation climbing, gliding
and grain boundary movement [40], [53], [54]. The thermal stability of the microstructure and,
consequently, of the mechanical properties are also correlated to this ability of oxide

nanoparticles. In [35], creep tests carried out between 873 K and 973 K, up to rupture times
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of 10,000 h showed that ODS Eurofer steels exhibited higher creep strength than the non-ODS
Eurofer and F82H steels, which are two classes of reduced activation ferritic-martensitic steels
developed for nuclear applications [35]. The superior creep properties of ODS steels were also
observed in [55], after creep testing between 723 K and 1023 K.

The oxide nanoparticles are also responsible for the increased resistance to radiation
damage of ODS steels [50], [53], [56]. The particles provide preferential sites (traps) for
radiation-induced defects, He, H, D, or T atoms; these defects then become inactive in the
material, instead of moving through the structure until recombining and forming larger defects,
like microvoids, voids or bubbles [48]. In [56] it is reported that two ODS steels, containing 9
and 12 weight % Cr, did not show any reduction in tensile elongation after irradiation at 573 K
and 773 K, with doses of 5 and 15 dpa [56]. In [57], void swelling data collected for non-ODS
ferritic/martensitic and ODS steels, measured after single ion irradiation at 723 K and 753 K,
is compared. The results show that void swelling in ODS steels stays below 5% even for very
high damage levels of 500 dpa, whereas for the non-ODS steels, void swelling reaches more
than 15% volume increase, for damage levels between 150 and 500 dpa [57].

In the following Chapters more details about the high-temperature behaviour of ODS

steels and the interaction of oxide nanoparticles with defects are discussed.
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Part 1

Thermal stability of the microstructure and of oxide

nanoparticles in ODS steels
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3. Microstructural stability of the 0.3% Y.03 ODS Eurofer steel

Chapter based on publication:

V. S. M. Pereira, H. Schut, and J. Sietsma, “A study of the microstructural stability and defect
evolution in an ODS Eurofer steel by means of Electron Microscopy and Positron Annihilation
Spectroscopy,” J. Nucl. Mater., vol. 540, 2020, doi: 10.1016/j.jnucmat.2020.152398.

Abstract

An approach to improve the performance of steels for fusion reactors is to reinforce
them with oxide nanoparticles. These can hinder dislocation and grain boundary movement
and trap radiation-induced defects, thus increasing creep and radiation damage resistance. In
this chapter, the thermal stability of the microstructure of a 0.3% Y203 ODS Eurofer steel was
analysed. Samples were annealed for 1 h under vacuum, from 600 K to 1600 K, followed by
cooling inside the furnace. Electron Microscopy techniques and Vickers Hardness were used
to characterize the microstructure and evaluate its thermal stability. Several types of events
take place simultaneously in the material, due to its initial deformation caused by mechanical
alloying, the presence of oxide particles and austenitic phase transformation. Annealing up to
1000 K shows that the Y-O based nanoparticles keep the microstructure refined. Upon cooling
from 1200 K (above Acz), martensite forms with an equiaxed morphology, instead of the
conventional lath form, due to the pinning of prior-austenite grain boundaries by the oxide
nanoparticles. Annealing at 1400 K and 1600 K results in the formation of complex
microstructures, composed of coarse recrystallized ferrite, nano-equiaxed martensite and
coarse martensite laths, likely due to the progressive coarsening of Y-O based nanoparticles

and their loss of ability to pin grain boundaries.

Keywords: Y-O based nanoparticles, martensitic ODS steel, mechanical alloying, deformation

state, thermal-vacancy clusters
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3.1. Introduction

Steels for nuclear applications must resist severe service conditions, like high
temperatures (900 K to 1300 K) and high neutron radiation doses. Also, in order to make
nuclear power a safer and more environmentally friendly resource, a current requirement is to
use reduced-activation alloying elements in the steel composition [24], [35], [51], [58], [59].
With this approach, irradiated structures that could take hundreds of years to reduce induced
radioactivity should take no more than tens of years to reach a safe, low radiation level and
then be recycled [58]. Reduced-activation steels have already been developed, like the
Eurofer97, however they present poor resistance to radiation-induced creep and the service
temperature is limited to 900 K, due to thermal instability of the microstructure. A way to
improve these properties is to reinforce the steel with oxide nanoparticles, which are able to
hinder dislocation and grain boundary movement and to trap radiation-induced defects.

The fabrication method of ODS steels is based on mechanical alloying, which enables
the direct mixing of metallic and oxide powders, allowing a homogeneous distribution of oxide
particles in the matrix. The standard manufacturing powder-metallurgy route consists of the
following steps: (1) gas atomization of a pre-alloy, (2) mechanical alloying of the metallic and
oxide powders, (3) consolidation of the ODS alloy by extrusion, hot isostatic pressing or
plasma-assisted sintering and (4) thermo-mechanical treatments like hot rolling, forging and
cold rolling. [35], [43], [51], [52]

Pre-alloy powders of 9% Cr steels, like the Eurofer97 alloy, produced in step (1) have
a microstructure formed by martensite laths. The oxide powders usually consist of crystallites
with average diameters ranging from 20 to 100 nm [36], [60]. After step (2), the mechanically-
alloyed powders (MA powders) will present a very fine microstructure with an average grain
size of tens of nanometers [61]. At this point, the martensite laths from the pre-alloyed powders
transform into a more equiaxed structure with high density of dislocations (~ 10 m) [60],
[62]. Also, when milling ODS steel powders, the degree of refinement of the resultant
microstructure will depend on the density of added oxide particles and on their chemical nature
[36]. Cayron et al. [36] have observed the influence of both parameters on the microstructure
of as-MA ODS Eurofer powders. In comparison with MgAl>O4, addition of Y203 leads to a
finer microstructure. A higher content of Y»03 causes a smaller grain size [36]. Additionally,
Cayron et al. [36] conclude that MgAl>O4 does not dissolve in the steel matrix during
mechanical alloying, while Y203 does [36]. Other authors [38], [51], [60], [62], [63] have also
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found that YOz dissolves progressively in the matrix during mechanical alloying and re-
precipitates as nanosized clusters in the other processing steps.

The chemical composition of the oxide clusters and their size distribution depend on
the alloying elements added to the steel [51], [54], [61], [62], [63]. Kimura et al. [63] detected
precipitation of Y203 and YCrOz in a 24% Cr ODS ferritic steel during annealing at 1200 K.
A similar temperature was determined for a 13% Cr-3% Ti-Y20s3 steel and the re-precipitated
clusters were identified as Y2TiOs and Y2Ti207 [62]. Brocq et al. [64] proposed a new process
for producing Y203 ODS steels called reactive-inspired ball-milling. In this new process, YFes
and Fe>O3 oxide powders were milled with a Fe-14Cr-W-1Ti pre-alloy, and the authors have
observed re-precipitation of oxide nanoclusters after milling and their growth during annealing
at 1000 K for 1 h [38].

Commonly, during consolidation, the MA-powders are exposed to temperatures
between 1100 K and 1400 K and, therefore, precipitation of Y-based oxide nanoclusters is
likely to occur in this stage. It has been reported by different authors [36], [37], [60], [62], [65],
[66] that consolidated Y203-ODS steels present a microstructure composed of micrometric
grains (3-15 pm) surrounded by smaller ones, with average diameter of hundreds of
nanometers. The main reasons for this bimodal microstructure are the high deformation energy
stored in the material, due to mechanical alloying, and the presence of oxide nanoparticles [60],
[62], [65]. Briefly, the MA-powders have a high dislocation density and a large grain boundary
area caused by the nano-sized grains. Therefore, they have a strong potential to go through
microstructural alterations like recovery and recrystallization [61], [67]. At the same time, the
Y-based oxide nanoclusters exert a pinning force on dislocations and grain boundaries that
hinder their movement (Zener pinning force). In this unstable state, regions of the material that
have a low density of oxide nanoclusters might experience abnormal grain growth, which can
be further assisted by an uneven temperature distribution during hot-processing steps [60], [65].

In 9% Cr ODS steels there is an extra factor to consider when describing the
consolidated and thermo-mechanically treated microstructures: the a—y phase transition and
the y decomposition upon cooling. Yamamoto et al. [66] observed with in situ X-Ray
Diffraction, dilatometry and thermodynamic analyses that, irrespective of temperature, the
transformation of ferrite into austenite is not complete in 9% Cr Y03-ODS steels. The Y-O
based nanoclusters would favour ferrite retention by pinning o/y interfaces [66]. It has also
been reported that martensite laths do not form in 9% Cr Y»03-ODS steels [36], [66], [68] even
upon water quench. Again, a possible explanation is based on the Y-O nanoclusters, which

would hinder the growth of austenite grains. In this way, austenitic grains would keep a
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nanometric average grain size and would not provide space for the growth of martensite laths
during subsequent quenching [36], [68].

The mechanisms involved in the microstructure evolution of ODS steels are complex,
mainly because of the presence of Y-O based nanoclusters and the highly deformed structure
obtained during mechanical alloying. Particularly for 9% Cr Y,03-ODS steels, the nature of
the consolidated microstructure is not clear, i.e., whether it is formed by ferrite, martensite or
a combination of both or is affected by recrystallization and ferrite retention at high
temperatures. Therefore, in the present paper we assess the microstructural stability, possible
phase transformations and defect evolution in a 0.3% Y,03 ODS Eurofer, after a series of
annealing treatments. The aim is to characterize the microstructure after each annealing step

and to identify processes like recovery, recrystallization and retention of ferrite.

3.2. Experimental

3.2.1. Material and heat treatments

The route used for fabrication of the 0.3% Y.03 ODS Eurofer steel consisted of
mechanical alloying, hot isostatic pressing, hot rolling, further thermal treatments at
austenitizing temperatures, in order to form martensite upon cooling to room temperature, and
further tempering stages [69]. Table 3.1 presents the chemical composition of the steel,
determined with X-Ray Fluorescence (heavy metallic elements) and Combustion Analysis (C
and S). The samples used for the X-Ray Fluorescence (XRF) analysis were already annealed
(description in the following paragraphs) and the ones used for C and S determination were in
the as-received condition. Due to a limitation in the amount of material for the study, we could
not perform Combustion Analysis for determination of the N and O contents. Finally, it should
be noted that the Ta content is not displayed in Table 3.1. Ta is an alloying element commonly
added to ODS and non-ODS Eurofer steels, in a typical content of 0.1 weight% [35]. It
improves strength and the ductile-brittle transition temperature, due to the formation of TaC
that contribute to microstructure refinement, especially in non-ODS Eurofer [35]. The Ta
content measured by XRF in our material was below the detection limit (~0.01 weight%),

therefore lower than the usual content for Eurofer.
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Table 3. 1. Chemical composition of the steel, in weight%. The chemical composition of the present steel is
slightly different from other ODS Eurofer steels, due to a lower Ta content.

Fe C Cr w V Mn Ta Y o* Si S
_ Below
Contentin oo 1011 | o918 | 101 | o010 | o039 |detection) 1o 1005 004 | 0.005
weight % limit
(~0.01)

*Estimated value, assuming that all O added to the steel is in Y203 form.

The austenitization and tempering conditions used by the producer are unknown,
therefore, in order to create a reference state, the material was initially austenitized at 1253 K
for 0.5 h and, after cooling to room temperature, tempered at 1033 K for 1.5 h. All samples had
dimensions of 12 x 12 x 0.3 mm?3, prior to the creation of the reference state, and were cut from
the top surface of the original plate, at aleatory positions along the thickness of the plate. The
treatments described were done in a resistance heating furnace built at the Reactor Institute
Delft, under a low pressure of 107 mbar. After each heating step described in this chapter, the
cooling was always made inside the furnace, at the same pressure of 10~ mbar, by switching
off its power supply. The cooling rate in this condition is not constant and depends on the
temperature difference between the sample and the environment.

Next, the samples were further heat treated in the same furnace and vacuum condition
for 1 h, at different temperatures: 600 K, 800 K, 1000 K, 1200 K, 1400 K and 1600 K. Again,
the cooling took place inside the furnace. Figure 3.1 shows the temperature profile for the
sample treated at 1600 K, in order to illustrate the non-constant cooling behaviour. The data
displayed in Figure 3.1 was measured during the process and we can see a cooling time of 10
min between 1050 K and 750 K, which is a temperature range critical for phase

transformations, leading to an average cooling rate of 0.5 K.s* at this range.
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Figure 3. 1. Thermal cycle of sample annealed at 1600 K, to show the cooling rate induced by switching-off the
furnace.

In order to have a reference for the phase transformations that can occur in the material,
the Fe-Cr equilibrium diagram for the non-ODS Eurofer steel was calculated using Thermo-
Calc version 2018a. The alloy composition considered and database selected were,
respectively, Fe-0.1C-9.18Cr-1.070W-0.196V and TCFE9: Steels/Fe-alloys v9.0.

The transformation temperatures of the ODS Eurofer steel were determined
experimentally using a Bahr DIL805A/D dilatometer. A sample in the reference state was
heated up to 1573 K, at a heating rate of 1 K.s*!, maintained at this temperature for 5 min and
finally cooled down by switching off the heating power of the dilatometer, inducing an
approximate cooling rate of 6 K.s between 1050 K and 750 K.

3.2.2. Methods

Scanning Electron Microscopy (SEM), Energy Dispersive X-Ray Spectroscopy (EDS)
and Electron Backscattered Diffraction (EBSD) were used to characterize the microstructure
of the 0.3% Y203 ODS Eurofer steel in the reference state and after annealing treatments. For
SEM and EDS, the samples were polished with diamond suspension up to 1 um and then etched
with Kalling’s 1. Preparation for EBSD included an additional polishing step with a neutral
alumina suspension of particle size 0.04 um. The Scanning Electron Microscope used was a
JEOL 6500FD equipped with a Thermo Fisher NSS EDS system. EBSD measurements were
done with a step size of 0.1 um in a FEI Quanta-450 Field Emission Scanning Electron
Microscope with a Hiraki-Pro EBSD detector. The software used for data analysis was EDAX-
TSL OIM Data Collection 7. The volume fraction of sub-micrometric and micrometric
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precipitates was determined according to the ASTM E1245-03 standard [70], using six
different secondary electron images per sample and the image analysis software ImageJ.
Vickers hardness measurements were made in order to track this mechanical property
with the different heat treatments; the load used was 0.3 kgf and nine indentations per sample
were made throughout the surface. Because of the load used, the hardness measured was a

result of the contribution of several grains per indentation.

3.3. Results

Figure 3.2 shows isopleths of the equilibrium diagram calculated with Thermo-Calc for
our steel, without the addition of ODS particles. Figure 3.2(a) displays a general identification
of the microconstituents, including the phases formed in the miscibility gap, while Figure
3.2(b) presents all phases that can be formed at a Cr content of 9 weight %, indicated by the
vertical line in the diagram. Besides the well-known y (FCC) and o (BCC), & is the
paramagnetic high-temperature ferrite, M23Cs is a Cr-rich carbide, Laves Phase is a complex
intermetallic phase rich in W, ¢ is an Fe-Cr intermetallic and o’ is the BCC Cr-rich phase
product of spinodal decomposition. Figure 3.3 presents the equilibrium molar fractions of the

phases identified in Figure 3.2(b) as a function of temperature, where d-ferrite is considered as
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Figure 3. 2. Isopleths of the equilibrium diagram calculated with Thermo-Calc for the steel without the addition
of ODS particles. In (a) the complete equilibrium diagram and in (b) a more detailed view showing the
microconstituents formed with a Cr content of 9.18%. Composition used in Thermo-Calc: Fe-0.1C-9.18Cr-
1.07W-0.196V; database selected TCFE9: Steels/Fe-alloys v9.0 .
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Figure 3. 3. Molar fraction of phases formed in equilibrium, calculated with Thermo-Calc for the ODS Eurofer
steel. Composition used in Thermo-Calc: Fe-0.1C-9.18Cr-1.07W-0.196V.

Despite their appearance in the equilibrium diagrams, we do not expect to find o’ and
Laves Phase in the microstructure of the ODS Eurofer steel. The Laves Phase in 9-12% Cr
steels is a microconstituent with hexagonal structure and a general composition of (Fe, Cr)2(W,
Mo) [71], however, its precipitation is very slow. The Laves Phase appears only after long time
exposure to temperatures up to 650 °C (around 900 K) playing, then, a detrimental role in the
creep resistance of steels [71], [72], [73]. The spinodal decomposition that produces
nanoclusters of o and o’ is a very slow process in 9-12% Cr steels and typically takes hundreds
of hours of exposure to intermediate temperatures to occur [74].

The microstructure of the steel in the different annealing conditions was characterized
by SEM, EDS and EBSD. Shape and chemical composition of carbides were obtained with
SEM and EDS, while analysis of the matrix was obtained with EBSD. Observation of Y-O
based nanoclusters was not possible with any of the mentioned techniques due to their
nanometric dimensions (diameter in the range of 4 to 20 nm). The observation of
ferrite/martensite grain boundaries was not clear with SEM, while with EBSD it was not
possible to obtain information about the precipitates (M23Ce carbides, according to
ThermoCalc).
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Figure 3.4 shows a secondary electron micrograph of the sample annealed at 600 K, in
which it is possible to see the carbide precipitates distributed in the matrix. The precipitates
correspond to the brighter particles with an approximately spherical shape and diameter
varying from 40 nm to 500 nm; some of them are indicated by red arrows. The micrograph
shows that the grain boundaries in the matrix cannot be well distinguished with the SEM after

etching.

15.0kV ~ X10.000 WD 9.2mm

Figure 3. 4. Secondary electron micrograph of ODS Eurofer after annealing at 600 K. Etchant: Kallings 1.

The microstructures of samples in the reference state and annealed at 600 K, 800 K and
1000 K are very similar. In these samples, the precipitates have the same morphology, same
dispersion in the matrix and, qualitatively, similar diameters, as seen in Figure 3.4. The volume
fraction of precipitates under these conditions is given in Table 3.2. After annealing at 1200 K,
1400 K and 1600 K the carbides are dissolved.

Table 3. 2. Volume fraction of precipitates calculated for the reference state sample and the samples annealed at
600 K, 800 K and 1000 K.

Sample Precipitate volume fraction (%)
standard deviation
Reference 3.2%0.6
600 K 45+0.8
800 K 3.2+0.2
1000 K 3.7+1.0

The experimentally determined volume fractions of precipitates (approximately 4%,

Table 3.2) are in agreement with the molar fraction of M23Cs carbides predicted by Thermo-
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Calc (Figure 3.3). The volume fraction of precipitates is low, which agrees with the 0.1 weight
% C content in the steel (Table 3.1), and is approximately constant up to 1000 K.

According to the Thermo-Calc estimations, the precipitates seen in the microstructure
are M23Ce. To confirm this, EDS analysis was performed on several precipitates of the ODS
Eurofer steel and two distinct composition trends were found: one in which the precipitates
have Cr contents higher than 20%, named as P1, and another with Cr content between 10% and
20%, named P2. Table 3.3 presents the average composition of the precipitates (main metallic
elements only) and the Thermo-Calc estimation for the composition of the M23Cs carbide.

Table 3. 3. Average chemical composition of precipitates present in the ODS Eurofer steel in the reference state
and after annealing at 600 K, 800 K and 1000 K, measured with EDS. For comparison with experimental data,
Thermo-Calc estimated composition of the M23Cg carbide.

Type of Average weight% + standard deviation of main elements
precipitate Cr Fe W \Y
M23Cs —
ThermoCalc 55 21 16 3
composition
Pl 28+6 | 64+£9 | 42 Detected
P2 15+3 | 79+6 | 21 Detected

The first information we can obtain from Table 3.3 is that the composition measured
with EDS is quite different from the Thermo-Calc estimations. The second information relates
to the presence of V in the precipitates P1 and P2: V was indeed detected in some of them, but
the error associated with the average value was high. The morphology and contrast of
precipitates P1 and P2 are the same. The observations indicate that P1 and P2 precipitates are
M23Cs, but the size of the precipitates in relation to the interaction volume of the electron beam
influences the values measured. All EDS measurements were made with an acceleration
voltage of 10 keV, which results in an interaction depth of 500 nm (Kanaya-Okayama range)
[75]. This interaction depth is larger than the diameter of most carbides observed in the steel,
which results in a simultaneous signal from the matrix, leading to the higher Fe contents and
higher Cr/W ratio displayed in Table 3.3. Precipitates containing Ta were not encountered in
any of the SEM/EDS analysis, reflecting the low Ta content added to the steel (Table 3.1).

Figure 3.5 shows the dilatometry results for the 0.3% Y>03-ODS Eurofer steel studied.
The Ac1 and Acs temperatures correspond to the points of deviation from linear thermal
expansion, and are, respectively, 1152 K and 1187 K. The values are in good agreement with
the literature [36], [66], [68].
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Figure 3. 5. Dilatometry curve obtained for the ODS Eurofer steel with a heating rate of 1 K.s%, until 1573 K.
After holding for 5 min at the maximum temperature, the sample was cooled, at an average rate of 0.8 K.s%, by
switching-off the HF power system of the dilatometer.

Upon heating, Ac1 corresponds to the temperature at which the a—y transformation
starts. At Acs the transformation finishes, and this leads to a fully austenitic microstructure in
a non-ODS ferritic/martensitic steel. However, there is experimental evidence that in ODS
steels the ferrite does not transform completely into austenite, due to the pinning of aly
interfaces by Y-O based nanoparticles [66]. Upon cooling, we can see a deviation from linearity
at 674 K (indicated as Ms in Figure 3.5) that marks the transformation of austenite into
martensite. By switching off the power of the dilatometer, between 1573 and 674 K, the average
cooling rate obtained was 4.6 K.s, high enough to form martensite in ODS 9 Cr steels [76].
According to Ukai et al. [76], ODS 9 Cr steels require critical cooling rates in the order of
hundreds of K.h (100 K.h"t = 0.03 K.s) to form martensite, while non-ODS 9 Cr steels need
cooling rates of approximately 20 K.h They attributed the loss in hardenability of ODS 9 Cr
steels to the presence of oxide nanoparticles [76]. During austenitization, the oxide particles
pin the austenite grain boundaries and hinder austenite grain growth. During cooling, laths of
martensite do not have space to grow within nanosized prior-austenite grains [76]. The
dilatometer curves show that martensite has formed in the 0.3% Y03-ODS Eurofer steel, but
the morphology is found to be different from laths.

Figure 3.6 shows the orientation image maps of the samples, as obtained by EBSD,
which allow the observation of the matrix microstructure of the ODS Eurofer steel. The colour
coded map presented is the Inverse Pole Figure (IPF) for ferrite obtained along the normal

direction.
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Figure 3. 6 Orientation image maps obtained for ODS Eurofer steel after annealing at the temperatures
indicated for 1h. Colour coded map: inverse pole figure for ferrite obtained along normal direction, Grayscale
maps: image quality of samples annealed at (g) 1200 K, (h) 1400 K and (i1, i2) of regions of the sample

annealed at 1600 K, containing martensite (darker grains).



(g) 1200 K

(Continuation) Figure 3.6. Orientation image maps obtained for ODS Eurofer steel after annealing at the
temperatures indicated for 1h. Colour coded map: inverse pole figure for ferrite obtained along normal direction,
Grayscale maps: image quality of samples annealed at (g) 1200 K, (h) 1400 K and (i1, i2) of regions of the sample
annealed at 1600 K, containing martensite (darker grains).

The microstructures in the reference state and after annealing at 600 K, 800 K and 1000
K are similar. The matrix is formed by micrometric grains (average size varying from a few
pm to tens of um), surrounded by smaller grains, with average size in the order of hundreds of
nanometres. This heterogeneous microstructure is characteristic of ODS steels produced by
mechanical alloying [36], [37], [60], [62], [65], [66]. The large grains are likely retained ferrite
that has undergone grain growth while the smaller grains correspond to tempered martensite.
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As a reminder, these samples also contain M23Cs carbides that were not indexed in the EBSD
analysis, but were observed with SEM. The reference state corresponds to a tempered state
(austenitization at 1253 K, cooling to room temperature and further tempering at 1033 K for
1.5 h), and annealing at temperatures below the transition to austenite is an extra tempering
stage. Within the large grains, an orientation gradient can be noticed, which indicates that the
material has not recovered completely from the severe deformation caused by mechanical
alloying. The samples in the reference state and annealed at 600 K still retained the grain
elongation caused by hot rolling, which is more evident in the micrometric grains. The arrows
in Figures 3.6(a) and (b) indicate the working direction and appear different from each other
due to positioning inside the microscope, both were cut from the top surface of the original
plate. The grain elongation is not visible after annealing above 800 K.

According to Figures 3.3 and 3.5, at 1200 K the material is going through austenitization
and, upon cooling, fresh non-lath martensite should form. The approximate cooling rate
obtained by switching-off the furnace after this treatment was of 0.5 K.s%, higher than the
critical cooling rate for martensite formation of 0.03 K.s™ determined by Ukai et al. [76].
Therefore, the observed nanometric grains are fresh non-lath martensite and the micrometric
grains correspond to retained ferrite. The M23Cs carbides dissolve during annealing at 1200 K
and do not re-precipitate upon cooling, further indicating that, indeed, the final microstructure
contains fresh martensite enriched in C. The microstructure of the steel after annealing at 1200
K keeps the degree of refinement seen in the previous conditions, confirming the role of the Y-
O based nanoparticles in hindering grain boundary movement.

According to the equilibrium phase diagram (Figure 3.2), at 1400 K the material is in
the austenitic field and a microstructure similar to Figure 3.6(e) was expected. Surprisingly,
Figure 3.6(f) shows a smaller volume fraction of nanometric non-lath martensite and a higher
volume fraction of micrometric grains. Also, it is observed that some of the micrometric grains
no longer contain orientation gradients, which indicates the loss of their intrinsic deformation,
likely due to recrystallization. The observed grain coarsening suggests that in some regions of
the material the oxide nanoparticles did not fully prevent grain growth. This odd aspect is
discussed in Section 3.4.

After annealing at 1600 K a coarser, deformation-free microstructure is formed (Figure
3.6(1)), indicating the continuation of the processes started at 1400 K. Also, at 1600 K the
material is in the y+4 field (Figure 2) and the Image Quality maps in Figures 3.6(i1-i2), obtained
at different areas of the same sample, show islands of martensite among the recrystallized 6-

ferrite, which are not clear in the IPF maps. By highlighting the grains with Grain Average
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Image Quality higher than 50000, it was possible to estimate a volume fraction of &-ferrite of
58% and, consequently, of 42% of martensite. Laths of martensite can be seen in regions of the
sample where prior austenite grains had grown (Figure 3.6(i1)).

The Inverse Pole Figure maps presented in Figure 3.6 show an effect of the annealing
treatments performed on the crystallographic orientation of the samples (qualitatively).
Samples in the reference state and annealed at 600 K and 800 K preserved the orientation
induced by hot rolling of the material. On the other hand, annealing at 1000 K was enough to
alter this crystallographic orientation, resulting in the absence of a preferred grain orientation.
The same is observed in samples annealed at 1200 K and 1600 K, due to phase transformations
that occurred at these temperatures. However, the origin of the crystallographic orientation seen
at 1400 K (Figure 3.6(f)) is unclear.

Figure 3.7 shows the grain size distributions obtained with EBSD for each sample and
Figure 3.8 the Vickers hardness results. The grain size distributions follow a lognormal
behaviour. In the reference state and after annealing between 600 and 1000 K, the grain size
distributions are statistically very similar and this is reflected in the constant Vickers hardness.
Nevertheless, the insert in Figure 3.7 containing the zoomed-in of these distributions shows a
slight shift towards larger grain sizes for the annealed samples in relation to the reference state,
suggesting that sub-grain growth occurs to some extent. In terms of grain size, the sample
treated at 1200 K has a behaviour similar to the previous ones, however its Vickers hardness is
the highest. This peak in Vickers hardness can be attributed to the formation of fresh equiaxed-
martensite and to grain refinement strengthening. The C and other metallic alloying elements
that were previously forming M23Ce carbides are redistributed in the matrix in the form of solid
solution or segregated at dislocations and grain boundaries, present in high densities in ODS
steels due to mechanical alloying. Therefore, strengthening by solid solution or segregation of
alloying elements are contributors for the hardness peak measured.

After annealing at 1400 K, the Vickers hardness has a value similar to that of the
reference state and the samples annealed at 600-1000 K. Although its grain size distribution is
the most heterogeneous, we can still see a considerable fraction of fine grains with diameter
between 1.5 and 4 um that contribute to the strengthening of the steel (Figure 3.6(h)). We can
understand this hardness value by the combination of four factors: presence of martensite, solid
solution strengthening, dispersion of Y-O based nanoparticles and a fine grain structure.
Finally, we observe a drastic decrease in hardness after annealing at 1600 K, which agrees with

the overall coarsening of the microstructure.
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Figure 3. 7. Grain size distribution obtained for samples in the reference state and after annealing at 600 K, 800
K, 1200 K, 1400 K and 1600 K. Insert: detailed view of encircled peaks of the reference state, 600 K, 800 K and
1200 K samples.
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Figure 3. 8. Vickers hardness values measured for ODS Eurofer in the reference state and after annealing for 1 h
at different temperatures.
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3.4. Discussion

The microstructural observations made with SEM and EBSD in Section 3.1 show that
annealing at 600 K, 800 K or 1000 K does not alter the reference state microstructure
significantly, except for the grain size distribution shifting towards higher grain sizes (Figures
3.6(a-d) and Figure 3.7) and a change in the preferential crystallographic orientation, which
becomes more aleatory after annealing at 1000 K. Additionally, these annealing treatments do
not have an effect on the average Vickers hardness of the material (Figure 3.8). Based on these
observations, it is possible to conclude that the only microstructural process occurring with
annealing between 600-1000 K is the recovery of the deformed state of the material, introduced
during mechanical alloying. After annealing at 1200 K, the Vickers hardness reaches a
maximum value, indicating that, upon cooling, the martensitic transformation occurs.

After annealing at 1400 K and 1600 K, the results obtained with SEM, EBSD and
Vickers hardness indicate that the Y-O based nanoparticles lose their function of maintaining
the microstructure thermally and mechanically stable. However, these techniques cannot give
information about the mechanism behind this loss of functionality, whether if it is due to
dissolution of the nanoparticles or due to their coarsening. Other authors [36], [77] observed,
with Transmission Electron Microscopy, the coarsening of Y-O based nanoparticles, after
annealing at 1300-1350 °C (1573-1623 K), in different ODS steels.

Finally, a curious aspect to be discussed is the odd microstructure obtained after
annealing at 1400 K. The coexistence of regions with nanometric and micrometric grains
(Figure 3.6(f)) indicates that coarsening of oxide nanoparticles has taken place, but not
throughout the whole volume of the sample. Hence, in some parts of the sample the main
boundary pinning force becomes weaker, allowing grains to grow. At 1400 K the material is in
the austenitic field and it is expected that austenite grains subjected to a lower pinning force
are able to grow and, upon cooling, form martensite, in lath or block form. Nevertheless, the
micrograins seen in Figure 3.6(f) correspond to recrystallized ferrite. The formation mechanism
of this microstructure is not clear yet and more experimental investigations, using in-situ X-
Ray Diffraction, TEM and APT are necessary to understand it. So far, a possible explanation
is that recrystallization and growth of retained ferrite is Kkinetically favoured over
austenitization at 1400 K. A first aspect to consider is that the coarsening of oxide
nanoparticles, most likely via Ostwald ripening [77], is not an instantaneous process. Hence,
during the first minutes of annealing at 1400 K, we can assume that (1) the oxide particles still

have their original refined size, (2) incomplete austenitization occurs [66] and (3) the material
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is formed by austenite and a certain volume fraction of retained ferrite. According to Sandim
etal. [77], Y and O diffuse more easily in ferrite than in austenite, at temperatures as high as
1350 °C (1623 K). Again, in our material the oxide nanoparticles lose thermal stability at a
lower temperature. Still, it is possible to assume that coarsening of oxide nanoparticles, at 1400
K, occurs preferentially in the regions containing retained ferrite. With the evolution of
annealing time, the retained ferrite, subjected to a weaker pinning force and with a high stored
deformation energy, goes through continuous recrystallization [60] and the austenite grain
boundaries are pinned by the smaller oxide particles. Metals that are severely deformed, like
ODS steels, have a high mean grain boundary misorientation, which leads to the occurrence of
continuous recrystallization, i.e., growth of deformed grains, without nucleation of new

deformation-free ones [67].

3.5. Conclusions

The characterization of the microstructure of the 0.3% Y203 ODS Eurofer steel, after

annealing at different temperatures, lead to the following conclusions:

i) The Y-O based nanoparticles strongly influence the microstructure and the

kinetics of phase transformations of the material.

i) The Y-O based nanoparticles are responsible for maintaining the microstructure
and the Vickers hardness of the steel stable up to 1000 K.

i)  After annealing at 1200 K, the Vickers hardness of the material markedly
increases, due to the formation of martensite. Nevertheless, the microstructure
presents the same degree of refinement as in the previous conditions, due to the
pinning effect of Y-O based nanoparticles. At 1200 K, the particles prevent the

growth of austenitic grains and, upon cooling, nanometric martensite forms.

iv) Annealing at 1400 K leads to the formation of an unexpected dual-phase
microstructure, composed of recrystallized ferrite and nanometric martensite.
This is a first indication that Y-O nanoparticles are going through coarsening in

certain regions of the material. During annealing at 1600 K, coarsening of oxide

37



particles is enhanced and, hence, overall grain growth of é-ferrite and austenite

Ooccurs.
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4. Characterization of oxide nanoparticles present in the ODS Eurofer steel

Chapter based on publication:

V.S.M. Pereira, T. P. Davis, M. H. Mayoral, A. Kumar, H. Schut, J. Sietsma. “Investigation of
coarsening of oxide nanoparticles at 1400 K and its effect on the microstructure formation of
an ODS Eurofer steel”. Materials Characterization, v. 185, 2022, doi:
10.1016/j.matchar.2022.111723

Abstract

Oxide Dispersion Strengthened (ODS) steels are potential candidate materials for application
as structural components of fission and fusion reactors, known for their high thermal stability,
high resistance to creep and to radiation-induced damage. These attractive properties result
from the presence of the fine and highly thermally stable yttrium-oxygen (Y-O) based
nanoparticles, which exert a strong Zener pinning force to hinder the grain boundary
movement, and are able to pin dislocations and trap radiation induced defects. In the present
work, the effect of annealing at 1400 K on the microstructure and oxide nanoparticles in a 0.3%
Y203 ODS Eurofer steel was assessed. The material was characterized with Scanning Electron
Microscopy, Transmission Electron Microscopy and Atom Probe Tomography in a reference
condition and after annealing at 1400 K, followed by cooling at different rates. The results
showed that the average diameter of the oxide nanoparticles increases from 3.70 + 0.01 nm to
5.30 + 0.04 nm, after annealing at 1400 K for 1 h. The particles present a well-known core/shell
structure, with a core rich in Y, O and V and a shell rich in Cr. The effect of the increase in

oxide nanoparticle size on the microstructure is discussed in terms of the Zener pinning force.

Keywords: Atom Probe Tomography, Transmission Electron Microscopy, o/y phase

transformation, interface velocity, core/shell structure of particles
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4.1. Introduction

Oxide Dispersion Strengthened (ODS) steels have been developed and extensively
researched in the past decades due to their potential for application as structural components in
nuclear fission and fusion reactors [57], [78]. The oxide nanoparticles dispersed in the matrix,
with typical particle size varying from 3 nm to 20 nm [53], are able to pin dislocations and
hinder grain boundary movement; the particles can also act as efficient trapping sites for
radiation-induced damage. The matrix of ODS steels is commonly ferritic (Cr content higher
than 12 weight%), or composed of mixture of tempered martensite and ferrite (9-10 weight %
Cr). Therefore, ODS steels present high tensile strength, good ductility and, most importantly,
high thermal stability of the microstructure, high resistance to creep and improved resistance
to radiation-induced embrittlement. [79], [76]

Yttrium oxide (Y203) is the type of oxide that is most commonly used in ODS steels
because of its high thermal stability and, consequently, for providing superior mechanical
properties, in comparison to other types of oxides [80], [36]. The Y203 particles are
incorporated by mechanical alloying with the metallic powders of the alloying elements to
constitute the steel. During this process, the Y203 particles initially in powder form dissolve in
the matrix and, only during the subsequent fabrication steps, they re-precipitate in the form of
Y-O based nanoparticles. The chemical composition and crystal structure of the precipitated
nanoparticles depend on the alloying elements present in the material and on the processing
parameters. Y-O based nanoparticles have been reported by several authors to be highly
thermally stable. Zilnyk et al. [80] did not observe any significant alteration in Y-O based
particles dispersed in an ODS Eurofer steel after annealing at 1073 K for 6 months. The
coarsening of Y-O based particles in ODS Eurofer has been observed only after annealing at
the range 1500-1600 K, which leads also to the overall coarsening of the microstructure [77],
[81]. The high stability of fine Y-O based nanoparticles is attributed to a high coherency of the
interface of the particle with the ferrite matrix, which results in a small driving force for
coarsening, and the low solubility of Y and O in Fe [79], [80], [82].

Nevertheless, in Chapter 3 significant instability of the microstructure of the 0.3% Y>03
ODS Eurofer steel was observed after annealing at 1400 K for 1 h. Upon moderate cooling to
room temperature, a high volume fraction of recrystallized ferrite was formed, accompanied
by lath martensite and equiaxed martensite. The described microstructure contradicts Thermo-
Calc predictions for the steel, which should be austenitic at 1400 K, and observations made by

other authors [81], [68]. A possible explanation for the microstructure described above is that
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a fraction of the Y-O based nanoparticles in the particular steel go through coarsening during
annealing at 1400 K, reducing the Zener pinning force. In the present Chapter, we investigate
the possible coarsening of Y-O nanoparticles present in the 0.3% Y.0O3 ODS Eurofer, after
annealing at 1400 K. In addition, the oxide nanoparticles are characterized with Transmission

Electron Microscopy and Atom Probe Tomography.

4.2. Experimental
4.2.1. Material

The material studied is the 0.3% Y203 ODS Eurofer steel, produced by conventional
powder metallurgy route (mechanical alloying, HIP and thermomechanical treatments) and
previously characterized in Chapter 3. Its simplified chemical composition, in weight percent,
is Fe-0.1C-9Cr-1W-0.2V-0.4Mn-0.3Y203. The material goes through austenitic
transformation, with Acl = 1152 K, Ac3 = 1187 K and Ms =674 K, determined by dilatometry
(Figure 3.5). According to ThermoCalc calculations, the steel should be fully austenitic
between ~1170 K and ~ 1500 K; between 1500 and ~1650 K, the material should be formed
by austenite and delta ferrite.

In the present work, the 0.3% Y203 ODS Eurofer steel is analysed in the reference state
and annealed at 1400 K for 1 h. The reference state was created by austenitization at 1253 K
for 0.5 h, cooling to room temperature and tempered at 1033 K for 1.5 h. The treatments were
performed in a resistance heating furnace, under a pressure of 10~ mbar. The cooling after each
step of the treatment was done inside the furnace, leading to an average cooling rate of 0.5 K.s"
! petween 1050 K and 750 K, a temperature range that is critical for phase transformations.
Subsequently, further annealing at 1400 K for 1 h was performed in the same conditions and
cooling. More details about the chemical composition of the steel, dilatometry and the heat
treatments in the resistance heating furnace are described in Section 3.2.1. In order to evaluate
the effect of the cooling rate on the microstructure, an extra condition was created. It consisted
of 1 h annealing at 1400 K, in a tubular furnace, under N2 atmosphere, and cooling to room
temperature by water quench. This sample is referred as 1400 K-WQ and the sample cooled
inside the furnace is referred as 1400 K-FC.
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4.2.2. Methods

The overall microstructure of the 0.3% Y203 ODS Eurofer steel in its reference state
and after annealing at 1400 K (1400 K-FC and 1400 K-WQ) was evaluated using Scanning
Electron Microscopy (SEM) and Vickers hardness. The microscope used for SEM analysis was
a JEOL 6500FD microscope and the samples were etched with Kallings’ 1. For the Vickers
Hardness measurements, a load of 0.3 kgf in a Struers Durascan 70 device was used.

Transmission Electron Microscopy (TEM) and Atom Probe Tomography (APT)
analyses were carried out to characterize the Y-O based nanoparticles in the reference state and
1400 K-FC. The samples for TEM examination were in the form of discs with 3 mm diameter,
punched out from 0.3 mm thick plates. Mechanical polishing of the discs was performed to
reach a final thickness of 0.1 mm. Finally, electropolishing in a Tenupol 5 machine with a
mixture of 5% perchloric acid and methanol, at 213 K (-60 °C), was performed to reach electron
transparency. TEM examination was carried out using standard imaging methods of Bright
Field (BF) and Weak Beam Dark Field (WBDF) in a TEM JEOL JEM-2100, with LaBe
filament and operating at 200 keV, available at the National Centre of Electron Microscopy
(CNME), Madrid, Spain. Furthermore, STEM mode analysis was applied in both High-Angle
Annular Dark Field (HAADF) and BF modes in the Talos Field Emission Gun TEM/STEM,
available at the Institute of Madrid for Advanced Studies in Materials (IMDEA), Madrid,
Spain. Compositional maps of areas observed with TEM were obtained using Energy
Dispersive Spectroscopy (EDS).

Quantitative analyses of the TEM images were done using the software ImageJ 1.53c,
in order to determine the size distribution and number density of the Y-O based nanoparticles.
For the calculation of size distributions, the particles are approximated as spheres and, thus,
the particle size is given as the diameter. A total of 1887 particles were measured for each
analysed condition. The number density of particles corresponds to the number of particles
counted in different TEM images per unit volume. A total of 6 images per condition were
measured, and the thickness of the TEM samples was estimated to be 100 nm.

The APT specimens were first bulk-milled by Focused lon Beam (FIB)-milling in a
dual-beam Helios GE UXe SEM/FIB, located at the Department of Materials Science and
Engineering, Delft University of Technology. Final cleaning of the specimens was performed
using 2 KV Ga ions in a Zeiss Crossbeam 540 Analytical FIB-SEM at the Department of
Materials, University of Oxford. The APT analyses were conducted witha CAMECA LEAP®
5000XR instrument, also at the Department of Materials from the University of Oxford. The
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atom probe tips were cooled down and maintained at 55 K. The APT measurements were made
in laser mode, under ultra-high vacuum, with a frequency tripled Nd:YAG laser, with 355 hm
wave-length, operating at 40 pJ and 200 kHz. The average detection rate was of 1.0% and the
detection efficiency of the LEAP 5000XR is 52% [83]. The 3D reconstructions of chemical
atomic maps and overall data analysis were made with the software CAMECA IVAS® 3.8.4.
Information about the oxide nanoparticles, like chemical composition, size distribution and
number density were obtained using the tool “Cluster Analysis” of IVAS and following a
maximum separation method, as conducted by Davis et al. [84]. The parameters used for the
cluster analysis were refined for each data set, to maximise the accuracy of detection of the
nanoparticles. Table 4.1 summarizes the range of parameters and types of ions used in the

cluster analyses of oxide particles in the reference state and annealed at 1400 K.

Table 4. 1. Parameters used in the cluster analysis with IVAS, determined with the maximum separation method.

Amax, NM
KNN (order of Nmin, atoms (maximum de, NM
nearest . g . . L, nm
lons neiahbour (minimum critical | distance between (erosion) (envelope)
distr?bution) size of cluster) atoms in a P
detected cluster)
Reference Y.0V,
S YO, 1t03 5to 22 0.8to 1.1 0.4t00.55 | 0.41t00.55
Y, VO*,
1400 K-FC YO 1to3 61to 10 0.8t0 1.0 0.4t00.5 0.41t00.5
4.3. Results

4.3.1. Characterization of oxide nanoparticles in the reference state and after annealing
at 1400 K

Figures 4.1(a) and 4.1(b) contain secondary electrons micrographs of the samples 1400
K-FC and 1400 K-WQ), respectively; Figure 4.1(c) shows the microstructure in the reference
state. The average Vickers hardness measured in each condition is also shown. Figures 4.1(d)
and 4.1(d1) contain bright-field TEM micrographs of the sample 1400 K-FC, showing in more
detail the microstructure composed of coarse recrystallized ferrite (light grey, deformation-free
grains) and martensite (dark regions). In Figure 4.1(e), the microstructure in the reference state
is shown for comparison.

In the reference state the material contains tempered martensite, retained ferrite and
M23Ce carbides (indicated by red arrows in Figure 4.1(c)). The retained ferrite corresponds to

a fraction of ferrite that does not transform into austenite at temperatures above Acz, due to the

43




pinning of the o/y interface by Y-O based nanoparticles [66], [85], [86]. According to Thermo-
Calc calculations shown in Figure 3.2 (Chapter 3), the equilibrium phase at 1400 K should be
austenite and, considering the effect of oxide nanoparticles, the expected microstructure upon
cooling to room temperature should be similar to the one described for the reference state, but
without the M23Cs carbides. However, it is seen in Figures 4.1(a) and 4.1(d) a mixture of coarse
recrystallized ferrite, martensite laths and equiaxed nanosized martensite. The microstructure
of sample 1400 K-WQ contains also grains of recrystallized ferrite, indicated in Figure 4.1(b),
surrounded by areas of a rough aspect. It has been seen in the characterization of the matrix
with EBSD (Figure 3.6) that these rough areas correspond to nanosized equiaxed martensite,
which are completely corroded during etching. The Vickers hardness values measured after
annealing at 1400 K are lower than in the reference state, in agreement with the coarser and
partially recrystallized microstructure formed (grain size distributions are found in Figure 3.7).

In addition, the Vickers hardness measured in the sample 1400 K-WQ is very heterogeneous,

as indicated by its high standard deviation. Some regions of the samples present hardness of ~
400 HV and others have hardness of ~ 310 HV.

,\. ..- ”

Reference State, HV =384+ 1

igu re4. 1. Sécondary electron micrograﬁhs of the 0.3% Y03 ODS Eurofer steel and respective average Vickers
hardness in the (a) condition of annealing at 1400 K, followed by furnace cooling (1400 K-FC), (b) annealed at
1400 K and water quenched (1400 K-WQ) and (c) reference state. (d) and (d1) Bright-field micrographs showing

in more detail the martensite (M) and recrystallized ferrite (RF) in the sample 1400 K-FC and (e) reference state.
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Figures 4.2(a) and 4.2(b) show the Y-O based nanoparticles in the reference state,
Figures 4.2(c-e) show the particles in the material annealed at 1400 K-FC. It is possible to see
in Figures 4.2(a-e) that the particle size is not homogeneous in any of the cases and examination
of different regions of the samples indicate that the particles can be found either inside grains
or adjacent to grain boundaries — no preferential disposition of oxide nanoparticles along
microstructural features is observed. Figure 4.2(c) shows regions with low density of oxide
nanoparticles and in Figure 4.2(d), a small band free of oxide nanoparticles can be seen

(indicated by red rectangle).

Figure 4. 2. Brlght f|eId mlcrographs 'of'the 0. 3% Y203 ODS Eurofer showmg Y-O based nanopartlcles and their
distribution in the matrix. In (a) and (b) the material is in the reference state and in (c), (d) and (e) in the condition
1400 K-FC.

APT analyses were performed on multiple samples taken from different regions of the
microstructure, some containing multiple nanosized grains, others taken from larger,
micrometric grains. Figure 4.3 contains 3D reconstructions of representative tips in the
reference state and annealed at 1400 K-FC. In order to visualize the distribution of atoms and
ions throughout the tips, and have qualitative information about the composition of the tips, the
reconstructions are given in the form of elemental maps. The reconstructions of Figure 4.3(a),
of a tip in the reference state, presents two ferrite grains, part of an M23Cs carbide (bottom of
the tip) and oxide nanoparticles evenly distributed. The M23Cs carbide is rich in Cr, W and V,

in agreement with EDS analysis presented in Table 3.3; Si and Mn are also observed in the

45



carbide. The oxide nanoparticles are rich in Y, V and O, which were also detected in the form
of the complex ions VO?* and YO?", CrO?* and VN?* jons are also present in the oxide
nanoparticles, however, due to their significantly lower contents, maps with these ions are not
shown. In Figure 4.3(b), the reconstruction of the tip taken from the annealed sample shows
oxide nanoparticles of various sizes, one of them with ~ 50 nm length. Qualitatively, the
surrounding matrix is enriched with Cr, W, V, likely due to the dissolution of M23Cs carbides
during the annealing treatment. In comparison to the reference state, the contents of Y and O,
in particular around the coarser particles, are also higher in the matrix. In addition, the coarser
oxide particles appear enriched with Si. X-ray Fluorescence analysis of the 0.3% Y203 ODS
Eurofer steel, described in Table 3.1., showed that Ta was found in trace amounts within the
steel’s composition. Ta was not found in any of the APT tips measured, thus, confirming the
X-Ray Fluorescence chemical analysis.

Cr Si

20 nm

(a)

Figure 4. 3. Compositional maps of representative reconstructions of 0.3% Y03 ODS Eurofer samples (a) in the
reference state and (b) annealed at 1400 K-FC.
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W\ln Si

50 nm

(b)
(Continuation) Figure 4.3. Compositional maps of representative reconstructions of 0.3% Y03 ODS Eurofer
samples () in the reference state and (b) annealed at 1400 K-FC.

Quantitative information about the chemical composition of the oxide nanoparticles,
size distribution and number density were obtained after performing the cluster analysis, as
described in section 4.2.2. The size distribution and the number density of particles were also
calculated using TEM micrographs. These two techniques have certain limitations, but their
combined use is able to give complementary information about the material. TEM can be
considered a more appropriate tool for determination of particle size distribution and for
general observation of oxide dispersion throughout the matrix, since much larger areas are
analysed in comparison to APT. On the other hand, the measurement of the number density of
oxide particles with TEM can be more challenging, because of the difficulty in determining the
thickness of the samples and, thus, the analysed volume [87]. In the present work, the thickness
of TEM samples was estimated to be of 100 nm.

Figure 4.4(a) presents the particle size distributions measured with TEM and APT. In
the reference condition, both techniques show that ~96% of the oxide nanoparticles have a
diameter smaller than 8 nm, the remaining 4% have sizes up to 22 nm. For the annealed
condition, the size distribution obtained with TEM is broader and shows coarsening of oxide
nanoparticles, in which 78% of the particles with diameter smaller than 8 nm and 22% with
sizes from 8 nm to 50 nm. The peak of the distribution calculated with TEM shifts from 3.7 +
0.01 nm to 5.3 £ 0.04 nm with annealing at 1400 K. The same trend is observed with APT,
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with the peak of the distribution changing from 5.0 £ 0.1 nm in the reference state to0 6.0 + 0.1
nm in the annealed condition.

In Figure 4.4(b) the number density of oxide particles determined with APT is shown,
and corresponds to 2.0 x 102 particles.m in the reference state and 1.1 x 10% particles.m= in
the annealed condition. The decrease in number density is consistent with the particle
coarsening discussed in Figure 4.4(a). The number densities derived from TEM micrographs
are one order of magnitude lower than the obtained with APT, and no difference between
reference state and annealed condition could be seen. The reason for this discrepancy is related
to the limitations associated with TEM, discussed previously. In particular for the reference
state, the number density of particles calculated with TEM images is underestimated: the
material was in a state of high deformation that strongly affected the contrast between the
matrix and oxide nanoparticles (Figure 4.2(b)).

Reference state (APT)
Annealed 1400 K (APT)
Reference state (TEM)
Annealed 1400 K (TEM)

100

3.0 4

80 55

2.0

R T

60

40

Relative Frequency (%)

J

0.5

20 4

Number density (x 10?* particles.m™)

2 4 6 8 10 12 14 16 18 20 22 Reference (APT) 1400 K (APT)
Particle diameter (nm) (b)

(@)

Figure 4. 4. (a) Particle size distributions and (b) number density of oxide nanoparticles calculated for the 0.3%
Y203 ODS Eurofer steel in the reference state and annealed at 1400 K-FC, using TEM and APT.

The average chemical composition of all nanoparticles detected in the cluster analysis
is given in Table 4.2. The main elements contained in the particles are Y, O, Crand V. Overall,
the average composition of the nanoparticles was not largely affected by the annealing
treatment at 1400 K, except for a slight decrease in the V content. A possible relation between
particle size and chemical composition was taken into account in our analysis, but no consistent
correlation was encountered. In Figure 4.5, elemental maps of the sample annealed at 1400 K,
obtained with EDS-TEM, show the absence of Fe atoms inside the oxide nanoparticles,

especially on the larger ones. Hirata et al. [79] also reported the absence of Fe in Y-O based
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nanoparticles using STEM-EELS maps. The high Fe concentration measured with APT is

related to ion trajectory aberrations during the APT measurements, discussed in [88], [89], [90].

Table 4. 2. Average chemical composition of the oxide nanoparticles, in atomic percentage, determined by cluster

analysis of APT data.
C Si o) Cr V; Fe Mn % W
Re;‘:;teence 02+08|04+04| 127+5 | 125+9 | 84+6 | 448+13 |06+05| 19.1+10 | 02+0.4
W'It:he"“t 03+10|07+07| 23.0+6 | 235+13 | 154+8 - 13+1.0| 33.7+12 | 04+06
Al%%a:id 03+06 | 03+03| 103+6 8.9+2 50+4 | 5905+11 |06+04| 140+6 |03+0.6
W'It:he"“t 08+09 |08+07| 248+7 | 238+8 | 116+5 ; 16+11| 341+7 |08+08

Y [ Si |

50 nm 50 nm 50 nm

Figure 4. 5. Qualitative compositional maps of Y-O based nanoparticles of various sizes, present in the 0.3%
Y03 ODS Eurofer steel annealed at 1400 K-FC.

Figure 4.5 confirms the Si-enrichment of large Y-O based nanoparticles, illustrated in
Figure 4.3, and suggests that some of these large particles are Cr-depleted in their cores.
Multiple authors observed that Y-O based nanoparticles, present in different ODS steels, have
a type of core-shell structure, with a Cr-rich shell and variable core composition [79], [80],
[89], [91], [92], [93]. Hence, the structure of the particles in the reference state and annealed
samples was assessed by applying an isosurface of 1 atomic % Y on the APT data and by
calculating proxigrams and concentration profiles of the particles. The results are presented in
Figure 4.6, which contains two significative examples of particles per analysed condition. The

software IVAS calculates proxigrams and concentrations profiles considering the presence of
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Fe, however, in order to better visualize the concentration curves of the other elements, Fe is
removed from the plots. The proxigrams in Figure 4.6(a) and (b), correspondent to particles in
the reference state, show the increase in Cr concentration once the interface of the particle is
crossed; the Cr concentration seems to achieve a plateau or decrease in the core of the particle.
The concentration profiles in Figure 4.6(al) and (b1) show more clearly the decrease in Cr
concentration inside the particle. This behaviour is considered to be indicative of a Cr-shell
[80], [89], [91], [92]. Still analysing the particles present in the reference condition, Figures
4.6(al) and (b1) show a core rich in Y, O, V and smaller concentrations of Si and Mn. The
concentrations of W and C are extremely low in the particles and, therefore, are not considered
to be part of the core. All analysed particles in the reference state exhibited a Cr-shell and the
Cr concentration at the shell varied between ~10 atomic % to ~ 20 atomic %.

Figures 4.6(c) and (d) show proxigrams calculated for representative particles present
in the annealed state. In Figure 4.6(c) the increase in Cr around the particle interface is clearly
seen and its respective ROl concentration profile in Figure 4.6(cl) confirms the Cr-shell
structure. However, not all particles present in the annealed state exhibited the marked Cr-shell.
Figures 4.6(d) and (d1) show an example of particle in which the Cr concentration at the
interface is not significantly higher than at the matrix, suggesting the formation of a thinner Cr-
shell or its absence. The composition of particles cores in the annealed state is the same as in
the reference condition, but some particles are Si and Mn-enriched (Figure 4.6(d1)), in
agreement with Figures 4.3(b) and 4.5. Finally, the particle analysed in Figures 4.6(d) and (d1)
was located at the end of the APT tip and, for this reason, the average concentration at 10 nm

is biased (low ion count number).
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Figure 4. 6. (3),(al) and (b), (b1) Proxigram along 1% Y isosurface and respective concentration profile along
ROI of two representative oxide nanoparticles present in the reference state sample. (c),(c1l) and (d),(d1)
Proxigrams and concentration profiles along ROIs of two particles present in the sample annealed at 1400 K-FC.
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(Continuation) Figure 4.6. (a),(al) and (b), (b1) Proxigram along 1% Y isosurface and respective concentration
profile along ROI of two representative oxide nanoparticles present in the reference state sample. (c),(c1) and
(d),(d1) Proxigrams and concentration profiles along ROIs of two particles present in the sample annealed at 1400
K-FC.

In Figure 4.3(b) it can be seen a large oxide nanoparticle present at the bottom right of
the reconstruction, with size of ~ 60 nm and rich in O, Y and Si. To further investigate the
structural composition of this large particle, isosurfaces of 1 atomic % O and 1 atomic % Y
were applied. Figure 4.7 shows in more detail the reconstructed particle with the 1 atomic% O
and Y isosurfaces and the proxigrams calculated for these interfaces. The particle clearly has
an outer layer rich in O, which also contains a Cr concentration slightly higher than the matrix
(Figure 4.7(b)). The core of the particle has high Y and O contents, a Cr content of ~ 8 atomic
% (less than the observed for smaller particles), very low V concentration and higher levels of
Si and Mn. These results agree with the qualitative composition of large particles ( > 20 nm)
obtained with the EDS-TEM elemental maps of Figure 4.5.
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Figure 4. 7. (a) Detail of large Y-O nanoparticle present in the sample annealed at 1400 K-FC (shown previously

in Figure 3(b), at the bottom right of the reconstruction), with isosurfaces of 1% O and 1% Y applied. (b) and (c)
are the correspondent proxigrams.
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4.3.2. Determination of Zener pinning force

The Zener pinning force originated by the Y-O based nanoparticles was determined for
the reference state and annealed condition, using a modified Zener equation [94] that has been
applied in the analysis of ODS steels [66], [85]

3 0-f2/3

F, =
ZSr

4.1)

where F; is the Zener pinning force, o is the interfacial energy of grains present in the
matriX, f is the volume fraction of oxide nanoparticles in the material and r is the radius of the
oxide nanoparticles. The volume fraction of oxide nanoparticles in the reference state and after
annealing at 1400 K was calculated using the data obtained with APT cluster analysis, by
dividing the total volume of oxide particles detected in a sample by the volume of the APT tip.
The oxide nanoparticle radius was taken as the weighted average of each size distribution
measured with TEM. For pinning of a/y interface, owy = 0.56 J.m? [68]; for pinning of a/a
boundaries, o, = 0.32 J.m2 [95]. The parameters used and the resulting F; are summarized in
Table 4.3.

Table 4. 3. Parameters used in the modified Zener equation [94] and Zener forces exerted on the a/y and o/a
interfaces.

oxy = 0.56 J.m? Ouwe = 0.32 J.m?2
f r(nm) Fr.wy (3.M7) Fu. wa (J.179)
Reference State 0.02 2.3 6.9 x 106 3.9 x 106
Annealed at 1400 K 0.02 4.2 3.4 x 106 2.0 x 106
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The results show the decrease of F, with the increase of oxide nanoparticle size during
annealing at 1400 K, and can be correlated to the overall coarser microstructure obtained after
annealing at 1400 K (Figure 4.1).

4.4. Discussion

4.4.1. Formation of the microstructure during annealing at 1400 K

The hypothesis raised in Chapter 3 to explain the microstructure of the 0.3% Y>03 ODS
Eurofer steel, obtained after annealing at 1400 K, was based on the coarsening of oxide
nanoparticles during the treatment. The hypothesis was that with coarsening, the Zener pinning
force exerted by the particles become weaker, allowing a higher degree of grain growth. In the
present work we examined the Y-O based nanoparticles in the reference condition and after
annealing at 1400 K, using TEM and APT and found that, indeed, the particles undergo
coarsening during the annealing treatment, which leads to the decrease of the Zener pinning
force, F..

During annealing at 1400 K different processes have the potential to take place:

(1) the (incomplete) transformation of ferrite into austenite,
(2) coarsening of the Y-O based nanoparticles, and
(3) recrystallization of untransformed ferrite, due to its prior high deformation energy in the

reference state.

Multiple studies [66], [85], [86] have shown with dilatometry and in-situ X-Ray
Diffraction that ODS steels with ferritic/martensitic matrix do not undergo complete
austenitization: a fraction of ferrite remains untransformed even at temperatures above Acz and,
upon cooling to room temperature, the retained ferrite grains can be seen dispersed in the
martensitic matrix. The suggested reason is that the oxide nanoparticles dispersed in the matrix
pin the a/y interface, decreasing its velocity, and not allowing the complete consumption of the
ferrite-parent phase [66], [85]. The driving force for the austenitic transformation, AG,,,, in
the 0.3% Y203 ODS Eurofer as a function of temperature has been estimated using Thermo-

Calc 2018a, in order to qualitatively analyse its competition with F; , ,,,, calculated in Section

4.3.2. AG,,, was estimated by the difference between the formation energies of austenite and

aly

ferrite. This comparison of F,/, to AG,/, is considered qualitative because Fy ,, will vary

54



locally within the material, due to the heterogeneity in oxide nanoparticle size, and because the
o/y phase transformation involves other processes like nucleation and partitioning of solute
elements. The estimated AG, /, values are one order of magnitude higher than the F; , ,,, values
presented in Table 4.3, with a maximum at 1300 K of approximately 1.6 x 107 J.m, confirming
that the oxide nanoparticles affect the kinetics of the transformation by an overall decrease in
interface velocity, especially when they present a size distribution in the reference state.
Another effect that might contribute to the hindering of the a/y interface is the solute drag.
Davis et al. [84] observed the segregation of W at grain boundaries of a 14YWT ODS steel, in
its as-produced condition. In the 0.3% Y203 ODS Eurofer, with the dissolution of M23Ce
precipitates, located preferentially at grain boundaries (Figure 3.4, Chapter 3) the contents of
C, Cr, V and W in the matrix are increased (Figure 4.3). These elements could segregate or
form clusters around the grain boundaries/interfaces and exert the so-called drag force, Fp.
When the grain boundary or interface moves, it causes an increase on the energy state of the
segregated/clustered solute, which, in turn, will exert a force to pull the grain boundary back
[96].

Since coarsening of the oxide nanoparticles likely involves the dissolution of smaller
particles and diffusion of its elemental components towards larger ones, the process is not
considered to occur instantaneously as the material reaches the annealing temperature of 1400
K. Thus, it is likely that in the beginning of the treatment, the average Zener pinning force
exerted in the microstructure is higher than at its later stages. The average Vickers hardness
measured for the sample annealed at 1400 K and water quenched is lower than in the reference
state (Figure 4.1). The coarse ferrite grains identified in this sample, indicated in Figure 4.1(b),
do not present the roughness seen in the reference state (Figure 4.1(c)), and this is an indication
of recrystallization. Because of the high cooling rate associated to the process of water quench,
it is likely that partial recrystallization occurs at the later stages of the 1400 K annealing
treatment, when F; is decreased. During cooling inside the furnace, at a lower cooling rate, a
higher fraction of recrystallized ferrite formed, as seen in Figure 4.1(a).

4.4.2. Core/shell structure and chemical composition of oxide nanoparticles
With the APT analysis it was possible to determine the chemical composition of the
oxide nanoparticles present in the 0.3% Y203 ODS Eurofer steel. Overall, the particles are

formed by a Cr-rich shell and a core enriched in Y, O and V. The presence of a Cr-rich shell
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has been reported by several authors, either in ferritic and martensitic ODS steels [79], [80],
[89], [91], [92], [93]. Hirata et al. [79] suggested that the Cr-shell is responsible for the high
coherency of the oxide nanoparticles with the ferritic matrix, possibly due to the similar BCC
Cr and ferrite crystal structure. The high coherency with the matrix is one of the attributes that
lower the driving force for particle coarsening, and, thus, is responsible for keeping the particles
refined for long periods of time and at high temperatures. However, in martensitic steels, the
high temperature phase transition of ferrite into austenite has been suggested to affect this
coherency relation of the particle with the matrix [85]. This can partially explain the coarsening
observed after annealing at 1400 K. It is interesting to point out that particles with diameter
larger than 20 nm seem to be depleted in Cr (Figure 4.5) and to have a thinner or absent Cr-
shell (Figure 4.7).

Other ODS Eurofer steel has shown higher thermal stability than the one here studied:
oxide particle coarsening to an average size of 25 nm has been reported at temperatures above
1500 K [77]. In other ODS Eurofer steels [80], [89], [92], Ta has been detected in the core of
the oxide nanoparticles. Fu et al. [92] reported the formation of finer oxide nanoparticles in
ODS Eurofer containing higher Ta and V contents. The same authors [92] have also observed
that, when the Ta content is increased, the V once present in the core of oxide nanoparticles is
expelled to the Cr-shell and they attribute this behaviour to the higher affinity of Ta with O, in
comparison to Cr and V [92]. The absence of Ta in the 0.3% Y>03z ODS Eurofer steel could be
related to the lower thermal stability of the oxide nanoparticles, but more investigations are

necessary to verify this possible relation.

4.5. Conclusions

In the present work, the effect of annealing at 1400 K on the microstructure and oxide
nanoparticles in a 0.3% Y203 ODS Eurofer steel was evaluated, using TEM and APT. The
results obtained showed that:

0] The oxide nanoparticles go through coarsening during the annealing treatment and
have their average particle diameter increased from 3.70 £ 0.01 nm (reference state)
t0 5.30 £ 0.04 nm;

(i)  With coarsening, the Zener pinning force exerted by the oxide nanoparticles was
decreased, leading to the formation of a coarser microstructure, in comparison to

the one in the reference state, composed of recrystallized ferrite and martensite;
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(iii)

(iv)

The analysis of the microstructure and Vickers hardness of the material in the
reference state, annealed at 1400 K followed by furnace cooling and annealed at
1400 K and water quenched indicates that ferrite retained above Acs recrystallizes
at 1400 K, due to the decrease of the overall Zener pinning force. When the material
is cooled inside the furnace, part of the ferrite recrystallizes during cooling;

The oxide nanoparticles have a well-known core-shell structure, in which the core
is rich in Y, O and V and the shell is enriched in Cr. The average composition of
the particles does not change significantly after annealing at 1400 K, except for a

slight decrease in the Cr and V contents.
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5. Thermal stability of the microstructure and characterization of oxide
nanoparticles in the ODS 12 Cr steel

Chapter based on publication:

V.S.M. Pereira, S. Wang, T. Morgan, H. Schut, J. Sietsma. “Microstructural evolution and
behaviour of deuterium in a ferritic ODS 12 Cr steel annealed at different temperatures”.
Metallurgical and Materials Transactions A, v. 53, p. 874-892, 2022, doi: 10.1007/s11661-
021-06559-0.

Abstract

In the present work, an ODS 12 Cr steel was characterized using Electron Microscopy
techniques, in an as-received condition and after annealing treatments between 773 K and 1573
K. Results show a complex microstructure, with the presence of fine Y-Ti-O nanoparticles
dispersed in the matrix. After annealing at 1573 K, the average diameter of Y-Ti-O

nanoparticles increases from ~4 nm to ~7 nm and partial recrystallization occurs.

Keywords: processing of ODS steels, Y-Ti-O based nanoparticles, Transmission Electron
Microscopy

58



5.1. Introduction

ODS ferritic steels have been extensively studied in the past decades due to their
potential application as fuel cladding tubes in nuclear fast breeder reactors and on fusion reactor
blankets. The Cr contents of 12 weight% or higher promote resistance to corrosion, while the
ODS nanoparticles are responsible for the good mechanical performance of the steels at high
temperatures and for their resistance to radiation damage. [82], [97]-[105]

Conventional fabrication routes of ODS ferritic steels involve mechanical alloying,
consolidation by extrusion or hot isostatic pressing and further thermo-mechanical processing
(cycles of cold rolling and annealing, hot rolling, hot forging) [97]-[99], [102]. The
microstructure of ODS ferritic steels consolidated via extrusion is composed of large, elongated
grains and nanosized grains. In addition, the material has a strong <110> o-fibre texture,
formed during the extrusion process. The anisotropy in grain morphology and the <110> a-
fibre texture lead to poor mechanical properties in the transverse direction [98], [104], [65]. In
conventional steels, grain morphology and texture can be altered during the phase
transformation of ferrite to austenite or during recrystallization. However, Cr-rich ODS ferritic
steels cannot be austenitised and the <110> a-fibre texture is difficult to be removed, due to its
inherent low driving force for recrystallization [106]. Recently, other fabrication routes which
do not involve extrusion or hot isostatic pressing have been developed and promising results
were reported [82], [104]. Moghadasi et al. [82] produced an ODS ferritic alloy with
nanometric Y2TiOs particles dispersed in the matrix via a vacuum casting route and Kumar et
al. [104] obtained an ODS 18 Cr steel using powder forging as consolidation method. In [104],
the final forged product exhibited isotropic morphology and crystallography and, consequently,
isotropic mechanical properties.

Regardless of the fabrication route used, an important aspect of alloy design, common
to ODS ferritic steels, is the addition of titanium. During processing, the presence of Ti
dissolved in the pre-alloy ferritic powder or added to the powder mixture as TiO>, leads to
complex Y-Ti-O particles with average particle size ranging from 3 to 10 nm. Depending on
the processing parameters, the oxide nanoparticles can form with different stoichiometric
compositions and crystal structures, like cubic Y2Ti.O7, orthorhombic or hexagonal Y.TiOs,
orthorhombic YTiO3z [97], [100], [102], [82], [107]. Additionally, it has been reported by
different authors that Y-Ti-O nanoparticles are coherent or semi-coherent with the ferritic
matrix [100], [82], [108]. This type of coherency relation with the matrix has been correlated

to the slow coarsening rate of the Y-Ti-O particles at high temperatures: the interfacial energy
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of a coherent or semi-coherent particle is low, resulting in a low driving force for coarsening
[82], [108]. The slow diffusion of Y in ferrite also contributes to the low coarsening rate.
Hence, the Y-Ti-O particles remain refined at temperatures as high as 1473-1573 K and,
consequently, the microstructural stability of the material is maintained.

In this chapter, the microstructure and oxide nanoparticles present in a ferritic ODS 12
Cr steel are characterized, after 1 h annealing treatments at different temperatures. The results

are compared to the ODS Eurofer steel studied in Chapters 3 and 4.

5.2. Experimental
5.2.1. Material

The material was fabricated according to a traditional route used for ODS 12 Cr ferritic
steels, which consisted of mechanical alloying, hot extrusion and thermo-mechanical post-
consolidation treatments [109]. Table 5.1 presents the chemical composition of the steel,

determined with X-Ray Fluorescence (heavy elements) and Combustion Analysis (C and S).

Table 5. 1. Chemical composition of the 0.3 % Y03 ODS 12 Cr steel, in weight percentage. The O content was

not determined experimentally, instead, it was calculated assuming that all O present in the steel was in Y,0s.
Fe C Cr W Ti Zn Y o* Si S Al
ODS 12 Cr

85.08 | 0.03 | 12.29 | 1.72| 0.30 | 0.04 | 0.14 [ 0.05| 0.17 | 0.04 | 0.13

The material was received in a bar form, with thickness of 6 mm. Samples with
dimensions of 15 x 15 x 1 mm?® were taken from arbitrary positions along the thickness of the
bar and isothermally treated in a vacuum furnace at 773, 1273, 1373, 1473 and 1573 K for 1 h.
A priori examination of the steel bar using Optical Microscopy showed an overall
homogeneous microstructure along the thickness. All samples were cooled inside the furnace,
by switching off the power supply, under exponential cooling with an average cooling rate of
0.5 K.t

Although it is well known that steels containing Cr contents of 12% or higher are
ferritic, dilatometry tests were carried out in a Bahr DIL805A/D to confirm that the material
does not go through the a/y phase transformation during heating. The samples were heated to
1273 K, at a heating rate of 10 K.s™, with a holding time of 3 min, and cooled down to room
temperature at different cooling rates, varying from 0.25 K.s to 60 K.s™. Figure 5.1 contains
a representative dilatometry curve, which does not present any inflection characteristic of phase

transitions, confirming that the steel is fully ferritic throughout the heat treatments.

60




Temperature (K)

273 473 673 873 1073 1273
140 T T T T T T T T T T T
120
E 100
= _
S 804
o)
g ;
= i —— 1273 K 3 min + cooling 60 K.s~
= 60
° .
2 40+
© .
N
O 904
04
-20 T T T T T T T T T T T
0 200 400 600 800 1000

Temperature (°C)
Figure 5. 1. Representative dilatometry curve obtained for the ODS 12 Cr after heating until 1273 K at a rate of
10 K.s%, holding time of 3 min and cooling to room temperature at 60 K.s™.

5.2.2. Methods

The microstructures of the as-received and annealed conditions were characterized with
Scanning Electron Microscopy (SEM), Energy Dispersive X-Ray Spectroscopy (EDS) and
Electron Backscatter Diffraction (EBSD). The basic sample preparation steps included grinding
with SiC papers of different grits (320, 800, 1200 and 2000), polishing with diamond
suspensions of 3 um (6 to 10 min) and 1 pum (20 min) and final polishing with SiO> suspension
of 0.04 um (40 min). For SEM and EDS analyses, the samples were electrolytically etched in
a 10 % aqueous solution of ammonium persulfate for 1.5 min and at 6 V potential. The used
etchant highlights second-phase precipitates containing Ti, Cr and W. The Scanning Electron
Microscope used was a JEOL 6500FD equipped with a Thermo Fisher NSS EDS and Nordlys
I1 EBSD detectors. The EBSD measurements were performed using a step size of 0.1 um, with
the Oxford hkl Channel 5 acquisition software. The data was post-processed with the software
EDAX-TSL OIM Data Collections 7 and, prior to analysis, data clean-up was made according
to the following steps: 1% clean-up by Grain Cl Standardization, with tolerance of 5.0,
minimum size of 2 and multi-row 1 and 2"%) clean-up by Neighbour CI Correlation, with
minimum CI equal to 0.10.

The ODS nanoparticles dispersed in the matrix of the steel in the as-received condition

and annealed at 1573 K were characterized using a JEM-2200FS Transmission Electron
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Microscope (TEM) in the Department of Metallurgy at Gent University, Belgium. Sample
preparation involved the following steps: (1) mechanical grinding of plates with initial
dimensions of 10 x 10 x 0.5 mm? until a thickness of 100 um was reached; (2) cutting of disks
with 3 mm in diameter and (3) electropolishing of the disks in solution of 4% perchloric acid
and 96% ethanol, in order to further reduce the thickness of the disks and to make them
transparent to the electron beam.

The volume fraction of second phase constituents was determined using micrographs
obtained with the SEM and the image analysis software ImageJ, according to the procedure
described in the ASTM E1245-03 standard [70]. The size distribution of oxide nanoparticles
was also estimated using the software ImageJ, but in this case the measurements were not
automatized, due to limited contrast between particles and the matrix in the electron
micrographs. For the size estimation, the longest distance within a particle boundary observed
in 2D was taken as the average length of the particle.

In order to have an indication of the effect of the heat treatments on mechanical
properties, Vickers hardness measurements were made on the as-received and annealed

samples. The applied load was 0.3 kgf using a Struers Durascan 70 microhardness device.

5.3. Results and Discussion

5.3.1. Characterization of the microstructure after different annealing treatments

Figure 5.2 shows isopleths of the Fe-Cr equilibrium diagram for the ODS 12 Cr steel,
calculated with Thermo-Calc v.2020a. For the Thermo-Calc calculations, the database used
was TCFE10: “Steels/Fe alloys” and a simplified chemical composition of the ODS 12 Cr steel
was inserted, in weight%: Fe-0.03C-12Cr-1.7W-0.3Ti-0.144Y-0.050. The Laves phase is a
complex intermetallic that can form in the material after long exposures, of the order of
thousands of hours, at intermediate temperatures [110]. Therefore, Laves-Phase is not expected
to be present in the as-received and annealed conditions of the ODS 12 Cr steel. TiOz is an
oxide which could be present in the material, but in practice is only found in ODS steels
containing a minimum Ti content of 0.5 weight % [101], [111]. The Y-O particle indicated in
Figure 5.2 corresponds to Y20s3. Thermo-Calc assumes that the oxide particles keep their
original chemical composition (Y203) at all temperature ranges. Y203 can only be completely
dissolved in steels during mechanical alloying and re-precipitates in the material during further

heating stages, but with different chemical composition. The chemical composition of the re-
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precipitated Y-O based nanoparticles depends on the alloying elements present in the steel. For

the ODS 12 Cr steel, Ti is expected in the composition of its oxide nanoparticles.
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Figure 5. 2. Isopleths of Fe-Cr equilibrium diagram calculated with Thermo-Calc v. 2020a for the ODS 12 Cr
steel.

Figures 5.3(a) and 5.3(b) present low-magnification, backscattered electrons (BSE)
micrographs of non-etched samples in the as-received condition and after annealing at 1573 K.
The material contains pores formed during the fabrication process. Qualitatively, no increase
in porosity and pore average size was observed with the increase annealing temperature for the
1 h treatments. However, in [112] an increase in the amount of pores and pore average size was
reported for a very similar ODS steel annealed at 1573 K and 1673 K for 12 h and 24 h. Figures
5.3(c) and 5.3(d) show higher magnification, secondary electrons (SE) micrographs of pores
present in the ODS 12 Cr steel, annealed at 1573 K for 1 h. Particles of a few hundreds of
nanometres in size and spherical/cuboidal shape are found at the internal surfaces and interfaces
of the pores. Samples in the as-received condition and annealed at lower temperatures also

exhibit particles with these characteristics in some of their pores. In Figure 5.3(c), red arrows
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indicate groups of particles that likely have coalesced, with original particle boundaries still

visible.
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Figure 5. 3. Backscatter and Secondary Electrons micrographs of non-etched ODS 12 Cr steel in the (a) as-
received condition, (b) annealed at 1573 K for 1 h, with red arrows indicating pores. In (c) and (d) a detailed view
of pores, which contain particles (light-grey) at their internal surfaces. The red arrows in (c) indicate groups of
coalescing particles.

The estimated average diameter of the light-grey particles seen in Figures 5.3(c) and
5.3(d) is 0.5 £ 0.1 um, the groups of particles indicated by the red arrows were counted
separately and their average length is 1.0 £ 0.1 um. EDS analyses were made on 27 of these
light-grey particles encountered in the samples annealed at 1473 K and 1573 K. All results
qualitatively indicate the presence of Y, Ti and O in the particles. The EDS analyses of particles
are considered qualitative due to (1) the size of the interaction volume of the electron beam
with the material, which is larger than the analysed particles and (2) the fact that the particles
are located inside pores. When the interaction volume of the electron beam with the material
is larger than the particle size, the chemical composition of the matrix is also measured,
influencing the resulting values. The curvature of the internal surfaces of pores on which the
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particles are located can also have a significant impact on electron scattering and also on the
X-Ray intensities measured, which can diverge considerably from their true chemical
composition [113]. The emitted X-Rays need to travel a certain length to reach the EDS
detector and, when originating from regions of complex topology, they can be re-absorbed by
the material [113]. A more precise determination of their chemical composition was made with
the EDS system coupled to the Transmission Electron Microscope and the results are given in
Section 5.3.2.

Several authors [112], [114], [115], [116] discussed the incorporation of Ar in ODS
steels during mechanical alloying as the starting point for pore formation. In our discussion,
we consider the concepts and evidence published by these authors, in order to clarify how pores
can be produced in ODS steels and to explain the presence of coarse Y-Ti-O particles at internal
surfaces of pores in our ODS 12 Cr steel. In [116], micrometre-sized pores were observed in a
0.5% Y203-ODS 20 Cr alloy milled in hydrogen atmosphere, instead of Ar. The authors argue
that pore formation is intrinsic to the mechanical alloying (MA) process, as they have found
isolated pores in some of the MA-powder particles, and that inert gas uptake during MA
increases porosity in ODS steels [116]. So, besides dissolution of YOz into Y and O, residual
concentrations of Ar (or other gas) enter the metallic structure of the mechanically alloyed
powders. Hence, at this stage all elements are in solid solution within the Fe matrix and some
pores might be already present in MA-powder particles. When the MA-powders are
consolidated at high temperature (1100 K and above), either by hot isostatic pressing or hot

extrusion, the oxide nanoparticles re-precipitate and the Ar atoms can

(1) diffuse through the lattice,

(i) recombine with other Ar atoms and form bubbles, which can be located at grain
boundaries or interfaces of second-phase particles, like carbides [112], [115],

(iii)  stabilize vacancies either thermally formed [115] and/or induced by
deformation, in the case of consolidation via hot extrusion and

(iv)  accommodate and agglomerate at interfaces of oxide nanoparticles [114].

Klimiankou et al. [114] have found nano-cavities filled with Ar at the interfaces of
Y.Ti207 nanoparticles in a 9 Cr ODS steel. In many cases, the authors observed multiple Ar
nano-cavities trapped at the interface of a single oxide nanoparticle [114]. Ortega et al. [115]
suggested that Ar atoms enable the nucleation of vacancy clusters in both non-ODS and ODS

Eurofer steels. They provided evidence that Ar-vacancy clusters located in the matrix of steels
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and trapped at interfaces of Y-O nanoparticles are able to withstand high annealing
temperatures and grow, forming larger defects (Ar-filled voids). Now, going back to the
mechanism of pore formation and keeping in mind the results of [114] and [115], we can infer
that during thermomechanical treatment of the consolidated ODS 12 Cr steel, the initially small
Ar bubbles and Ar-vacancy clusters, located either in the matrix or at interfaces of Y-Ti-O
nanoparticles, are able to grow via Ostwald ripening and reach the micrometric dimensions
observed in Figure 5.3. When pores are being formed at regions of the material with higher
local density of oxide nanoparticles, the combination of (a) small inter-particle distance, (b)
high temperature (1400 K and above) and (c) diffusion-assisted creation of surfaces inside
newly-grown pores, results in the local coarsening or coalescence of Y-Ti-O nanoparticles.

Figure 5.4 presents SE and BSE micrographs of the sample annealed at 773 K, etched
with ammonium persulfate, which reveals micrometric precipitates. The black regions in
Figure 5.4(b) correspond to pores. The precipitates are not homogeneously distributed
throughout the sample and are aligned along the extrusion direction. In all analysed samples,
the precipitates have the same morphology and spatial distribution in the matrix. The chemical
composition of the precipitates was determined with EDS and representative results are given
Figures 5.4(c) and 5.4(d). For all annealing conditions, the precipitates show a high EDS-peak
of Ti, and C is always detected. Peaks of Cr and Fe are also observed and, for precipitates
smaller than 1 um, their contents are close to the matrix composition (effect of size of
interaction volume of the electron beam). Small contents of W (~ 2 weight%) are detected in
some of the particles. Hence, the precipitates correspond to TiC, in agreement with Thermo-
Calc predictions. The equilibrium composition given by Thermo-Calc shows that the TiC
should be formed by, in weight %, 53Ti-46C-2Cr-2Fe-2W.
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(d) Chemical composition of precipitates (metallic
elements only), in weight%

Element Ti Cr Fe

1 44.1 4.2 24.9

2 33.7 6.2 37.9

3 25.5 8.7 49.3

4 34.4 7.3 41.6

5 25.5 8.2 49.8

6 26.9 8.1 47.7

TU DELFT SEM SEI 15.0kV X7,000 WD 22.1mm Tpm

Figure 5. 4 (a) SE and (b) correspondent BSE micrographs of sample annealed at 773 K for 1 h, the red arrows indicate
micrometric precipitates. (c) SE micrograph of precipitates present in the sample annealed at 1273 K and (d) contents
of the main metallic elements present in the precipitates, determined with EDS.

The volume fraction of TiC vs annealing temperature, determined with the software
ImageJ, can be seen in Figure 5.5, along with the equilibrium molar fraction of TiC predicted
with Thermo-Calc. The standard deviations associated to the measured average volume
fractions are high, reflecting the heterogeneity of the precipitate distribution in the material.

The average diameter of precipitates varies from 0.3 to 3 pm.
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Figure 5. 5. Average volume fraction of TiC determined with ImageJ vs annealing temperature; the line
corresponds to the equilibrium molar fraction of TiC predicted with Thermo-Calc v. 2020a, composition and
database used: Fe-0.03C-12Cr-1.7W-0.3Ti-0.144Y-0.050 and TCFE10: Steels/Fe alloys.

In general, the matrices of ODS steels are composed of micrometric grains surrounded
by nanometric ones and, when chemically etched for SEM inspection, the regions containing
nanometric grains are completely corroded, preventing a clear observation of grain boundaries.
Hence, the use of orientation image maps (OIM) is a suitable option for the analysis of
nanometric grains, since it does not require etching of samples. To adequately observe the
ferritic matrix of the ODS 12 Cr steel, samples in the as-received state and annealed at 773 K,
1273 K, 1373 K, 1473 K and 1573 K were analysed with EBSD. Representative OIM are
displayed in Figure 5.6, in which the grey scale images correspond to Image Quality (1Q) maps
and the coloured ones are Inverse Pole Figure (IPF) maps, obtained along the normal direction.
The elongation direction of the grains corresponds to the extrusion direction (indicated in the
Figure 5.6 as ED). Note that Figures 5.6(a-d) and Figures 5.6(e-h) have different sample
orientations inside the electron microscope. Figure 5.7 shows the grain size distributions of
each analysed sample, obtained by EBSD. The values of the x-axis correspond to the centre of
the bins, the bin size is 1 um (TSL OIM software determines the lower boundary of the first
size class as 0.15 pum).
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Figure 5. 6. Orientation image maps obtained with EBSD for the ODS 12 Cr steel after 1 h annealing at 773 K,

1373 K, 1473 K and 1573 K. (a), (b), (e) and (f) are Image Quality maps; (c), (d), (g) and (h) are Inverse Pole
Figure maps.
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Figure 5. 7. Grain size distributions obtained with EBSD for the ODS 12 Cr steel annealed at different
temperatures for 1 h.

Unlike the ODS Eurofer steel studied in [117], the present material does not go through
any phase transformation or substantial recrystallization. Thus, the microstructures in the as-
received and annealed conditions are similar, composed of grains with 4 to 30 um length and
smaller ones with sizes of 0.2 to 4 um. The IPF maps in Figure 5.6 qualitatively show that, for
all conditions, the grains have a preferential orientation of <001> and <111> directions, which
is in agreement with observations made on other ODS 12 Cr ferritic steels consolidated via hot
extrusion [98], [102]. In [112] the authors detected substantial recrystallization only after 24 h
of annealing at 1573 K or 12 h at 1673 K. The grain size distribution of Figure 5.7 displays
information with sufficient statistical significance only of grains with sizes ranging between
0.15 and 6 um — the number of larger grains is too small to determine the size distribution.

Figure 5.8 shows the Vickers hardness values of the ODS 12 Cr steel in all the analysed
conditions, along with data obtained previously for the ODS Eurofer steel in [117]. The latter
presents hardness alterations that are in accordance with the microstructural processes taking
place in the material (phase transformation and recrystallization), whereas the ODS 12 Cr steel
exhibits constant Vickers hardness in almost the whole temperature range, only going through

a moderate decrease in hardness after annealing at 1573 K for 1 h.
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Figure 5. 8. Vickers hardness of the ODS 12 Cr annealed for 1 h at different temperatures, in comparison to the
ODS Eurofer studied in [117].

The results given in Figures 5.6-5.8 depict the high thermal stability of the ODS 12 Cr
steel, which is in great part attributed to the addition of Ti in the material, known for refining
the Y-O nanoparticles [97], [109]. Thus, Y-Ti-O based nanoparticles should remain refined
even at temperatures as high as 1573 K and effectively prevent grain growth, due to a strong
Zener pinning effect. Yet, the moderate decrease in Vickers hardness after annealing at 1573
K signalizes the occurrence of a slight degree of softening in the material, not detectable in our
microstructural analysis with SEM and EBSD. In the next section we investigate the evolution

of the oxide nanoparticles with temperature in more detail.

5.3.2. Characterization of oxide nanoparticles in the as-received condition and after

annealing at 1573 K

In order to characterize the oxide nanoparticles present in the steel and investigate if
they are altered after exposure to 1573 K, samples in this condition and in the as-received state
were analysed with Transmission Electron Microscopy (TEM).

Figure 5.9 presents bright-field micrographs of the material in the as-received
condition, obtained in the STEM mode, and results of EDS measurements made on different
features of the microstructure. Qualitatively, the material presents an expected high dislocation
density, common in ODS steels due to severe deformation imposed during mechanical alloying
and, in the case of the ODS 12 Cr steel, hot extrusion and other mechanical post-consolidation
treatments. Figure 5.9(al) corresponds to a detail of the indicated region in Figure 5.9(a).
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Nanosized particles are seen dispersed in the matrix and some of them are pinning dislocations.
Figure 5.9(b) shows a pore present in the as-received microstructure, which contains particles
of 70 to 200 nm located at its interface. The results of EDS measurements given in Figure
5.9(d) show that the particles identified as 1 and 2 are Y-Ti-O based and particle 3 is TiC.
These results confirm the observations made with SEM presented in Figure 5.3 and discussed
in section 5.3.1, of local coarsening of Y-Ti-O particles, due to enhanced diffusion at the
internal surfaces and interfaces of pores. In Figure 5.9(c), with the exception of point 5 marked
in the ferritic matrix of the steel, all points correspond to Y-Ti-O based nanoparticles, with an
estimated average particle size of 10 nm. Additionally, in Figure 5.9(c) an outlined region
containing Y-Ti-O particles with sizes ranging from 2 to 5 nm is displayed. The direct
quantification of light elements like oxygen using EDS, whether in TEM or SEM, is complex.
The X-Ray peaks of oxygen and other light elements are located in the low-energy range of the
EDS spectrum, subjected to the interference of the background radiation and of L, M and N X-
Rays emitted by heavier elements [113]. In the particular case of Cr-containing steels, the
presence of Cr interferes with the detection of O, due to peaks of Cr-La with energy of 0.573
keV being close to the O-Ka 0.525 keV. Oxygen was detected in the present EDS analyses,
but for the mentioned reasons the O concentrations are not displayed in Figure 5.9(d).

Figure 5.10 contains bright-field micrographs of the sample annealed at 1573 K for 1
h, showing Y-Ti-O nanoparticles (Figure 5.10(a) and 5.10(b)), sub-micrometric particles inside
a ferrite grain (Figure 5.10(c)) and results of EDS analysis (Figure 5.10(d)). The dislocation-
free ferrite grain seen in Figure 5.10(c), which contains numerous sub-micrometric particles,
is an indication that partial recrystallization is taking place in the material. Thus, the overall
dislocation density in the annealed sample can be expected to be slightly lower than in the as-
received condition. EDS analyses of the sub-micrometric particles in Figure 5.10(c) show that
most of them are Y-Ti-O based. Still in Figure 5.10(c), red squares are indicating groups of
particles undergoing coarsening: larger particles are growing, likely due to dissolution of
smaller ones. Some of the coarse particles had a cuboidal shape, which is the most stable
geometry of particles that are incoherent with the matrix. However, it is not clear why this
pronounced coarsening occurs only locally in the material. A slight degree of recrystallization,
accompanied by a decrease in dislocation density and local coarsening of Y-Ti-O particles to
sub-micrometric dimensions explains the moderate decrease in Vickers hardness measured
after annealing at 1573 K for 1 h.
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(d) Characteristics and chemical composition of point analysis indicated in (b) and (c)

Type of particle and estimated

Main metallic elements, weight %

size Ti Cr Fe Y
1. Y-Ti-O particle, 72 nm 15.2 4.5 26.9 40.8
2. Y-Ti-O particle, 102 nm 5.0 9.9 60.5 18.8
3. TiC, 208 nm 71.2 4.3 16.2 4.4

4. Ferritic Matrix 0.1 13.7 86.0 0

5. Ferritic Matrix 0.2 14.4 78.7 0

6-14. Y-Ti-O particles, average Average weight % =* standard deviation
of estimated sizes 10 + 3 nm 9+4 9+2 48 + 15 29+12

Figure 5. 9. (a-c)Bright-field micrographs of the ODS 12 Cr steel in the as-received condition, (d) results of
chemical analysis of points indicated in (b) and (c), along with particle size estimated with ImageJ, considering
the particle size equal to the longest distances between the particles extremities.




(d) Characteristics and chemical composition of point analysis indicated in (c)
Type of particle and estimated Main elements, weight %
size Ti Cr Fe Y

1. Matrix 0.9 7.5 88.9 2.4
6. Matrix 0.8 11.0 87.9 0.2
8. Particle rich in Tiand Y 35.3 5.2 33.1 26.4
12. Matrix 2.4 11.4 83.1 3.1
2-5, 7, 9-11. Y-Ti-O coarse Average weight % = standard deviation
particles, estimated average size | 19.1+15 | 25+0.3 | 17.8+1.3 | 605+1.1
490 + 220 nm

Figure 5. 10. (a-c) Bright-field micrographs of the ODS 12 Cr steel annealed at 1573 K for 1 h and (d) results of
chemical analysis of points indicated in (c), along with particle size estimated with ImageJ, considering the
particle size equal to the longest particle length.

Finally, the size distributions of the oxide nanoparticles present in the as-received and
annealed conditions were calculated using bright-field images and the results are displayed in

Figure 5.10. The sub-micrometric particles, like the ones located at pores (Figure 5.9(b)) or the
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ones seen in Figure 5.10(c), were not taken into account. A total of 470 particles per condition
were measured and, given that all had approximately spherical morphologies, the particle size

was estimated to be the particle diameter.
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Figure 5. 11. Size distribution of Y-Ti-O particles present in the ODS 12 Cr steel on its as-received condition and
after annealing at 1573 K for 1 h.

The size distributions in Figure 5.11 show a clear coarsening of oxide nanoparticles
during annealing at 1573 K for 1 h. In the as-received condition, the average diameter of the
particles is 3.87 = 0.04 nm and after the annealing treatment the size distribution has become
broader, with a pronounced increase in particles with diameter ranging from 5 nm to 10 nm
and an average diameter of 6.9 = 0.2 nm. The particle sizes measured in the as-received sample
are in agreement with observations made on other ODS ferritic steels that did not undergo high
temperature annealing [100], [102]. Other authors have also observed the coarsening of Y-Ti-
O based nanoparticles after 1 h annealing at temperatures above 1500 K [118], [119], [120].
Dou et al. [100] measured the coherence of orthorhombic/hexagonal Y2TiOs nanoparticles in
ODS ferritic steels and found that particles with a diameter smaller than 4.5 nm are coherent
with the ferritic matrix, while particles with diameters between 4.5 and 10 nm are semi-
coherent. Interestingly, the authors [100] also found that particles with a diameter larger than
10 nm are predominantly incoherent with the matrix. Thus, considering the tendency of Y-Ti-
O nanoparticle coarsening shown in Figure 5.11, it can be assumed that the ODS 12 Cr steel
annealed at 1573 K for 1 h has a higher density of semi-coherent and incoherent nanoparticles
than the as-received condition.
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5.4. Conclusions

The microstructural characterization of the ODS 12 Cr steel after 1 h annealing

treatments at different temperatures allow the following conclusions:

(i)

(i)

(iii)

The microstructure of the ODS 12 Cr steel is complex, formed by a variety of
highly thermally stable components: a ferritic matrix composed of nanosized
and micrometric grains, which has an intrinsic resistance to recrystallization due
to its texture; incoherent TiC particles, even present after annealing at 1573 K
for 1 h and pores containing coarse Y-Ti-O based particles, likely formed due
to Ar retention during mechanical alloying;

Only after annealing at 1573 K for 1 h a moderate decrease in Vickers hardness
was observed in the ODS 12 Cr steel, from ~ 380 HV to ~ 350 HV. It was also
possible to detect with TEM an increase in average diameter of Y-Ti-O
nanoparticles from ~4 nm to ~7 nm, which was associated to partial
recrystallization of the material and to the decrease in hardness.

In comparison to the ODS Eurofer steel studied in Chapter 3, the microstructural
stability of the ODS 12 Cr steel is highly superior, confirming the beneficial
effect of Ti addition on oxide nanoparticle refinement and stability.
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Part 11

Analysis of defects in ODS steels: thermal evolution and

oxide nanoparticle interaction
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6. Thermal evolution of defects in ODS steels studied with Positron

Annihilation Doppler Broadening

Chapter based on publication:

V. S. M. Pereira, H. Schut, and J. Sietsma, “A study of the microstructural stability and defect
evolution in an ODS Eurofer steel by means of Electron Microscopy and Positron Annihilation
Spectroscopy,” J. Nucl. Mater., vol. 540, 2020, doi: 10.1016/j.jnucmat.2020.152398.

Abstract

In this Chapter, the 0.3% Y203 ODS Eurofer and ODS 12 Cr steels in the reference state and
annealed at temperatures between 600 and 1600 K, characterized in Chapters 3 to 5, were
analysed with Positron Annihilation Doppler Broadening (PADB). The objective was to
investigate the thermal evolution of defects and their interaction with the Y-O nanoparticles.
Non-ODS alloys were also measured, in order to evaluate the contribution of defects intrinsic
to the microstructure (grain boundaries, interfaces of precipitates, dislocations) to the PADB
results. For the 0.3% Y203 ODS Eurofer steel, PADB results indicate that annealing up to 1200
K leads to an overall decrease in defect concentration, mainly due to recovery of dislocations.
The ODS 12 Cr steel shows constant values of S and W up to 1473 K, suggesting that the
concentration of defects is also constant. After annealing of the 0.3% Y203 ODS Eurofer at
1400 K and 1600 K, the S and W values become higher than in the reference state; the ODS 12
Cr steel also exhibits and increase in S after annealing at 1573 K. The hypothesis is that, at
1400 and 1600 K, thermal vacancies are trapped by the oxide nanoparticles, accumulating at
their interfaces with the matrix and being retained in the material upon cooling to room

temperature.

Keywords: thermal-vacancy clusters, Y-Ti-O based nanoparticles, martensite, deformation

state
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6.1. Introduction

The Y-O based nanoparticles present in ODS (Oxide Dispersion Strengthened) steels
potentially reduce the susceptibility of the steels to radiation-induced embrittlement, by acting
as sinks to radiation-induced defects [53]. Given this ability of the Y-O nanoparticles, it is of
interest to evaluate their interaction with other types of defects inherent to ODS steels, like
dislocations, interfaces and vacancies introduced during deformation processes (mechanical
alloying and thermomechanical treatments) and phase transformations, prior to any exposure
to radiation. Positron Annihilation (PA) techniques are of fundamental importance for studying
the formation and evolution of defects, exhibiting high sensitivity to open volume defects like
vacancies, nanovoids, clusters of vacancies and clusters of solute atoms associated to
vacancies, and, therefore, are widely used for defect analysis in nuclear materials [121]-[126].

There are multiple PAS studies conducted on non-irradiated ODS steels that aid in
understanding the effect of processing on the final defect structure, which is of importance
when determining the mechanisms involved in radiation damage formation, and that have
contributed to understanding the mechanism of oxide nanoparticle precipitation in ODS steels.
Ortega et al. [127] performed Positron Annihilation Lifetime Spectroscopy (PALS) and
Coincidence Doppler Broadening (CDB) measurements on as-consolidated samples of Eurofer
and Y203-ODS Eurofer. The authors have found that both steels absorb Ar atoms during
mechanical alloying, carried out in Ar atmosphere. The residual Ar atoms would facilitate the
nucleation of thermal-vacancy clusters during subsequent processing stages. In the Y203-ODS
Eurofer steel, the oxide particles stimulate the nucleation of clusters of thermal vacancies
associated to Ar atoms and keep them stable even after annealing at 1523 K [127]. The
formation of stable clusters of vacancies, Ar atoms and oxide nanoparticles can have direct
implication on the steel’s uptake of H, He, D, T. Degmova et al. [128] used PALS and CDB,
in combination to other non-destructive techniques, to study the precipitation of Cr-rich BCC
phase (o’) and the dissolution and re-precipitation of Y-Al-O based nanoparticles during
annealing at ~750 K (475 °C) for 750 h [128]. According to Fu et al. [129], the pre-existence
of an excess of vacancies in an Fe matrix increases the solubility of O atoms, due to the very
low formation energy of O-vacancy pairs. The O-vacancy pairs can behave as nucleation sites
for Y-Ti-O nanoparticles, because of the high affinity of Y and Ti for oxygen [129]. Druzhkov
and Perminov [121] have shown, using the Angular Correlation of Annihilation Radiation
(ACAR) technique, that the main trapping sites for positrons in a 14 YWT alloy (steel alloyed
with Cr, Y, W, Ti) are the fine and highly dense Y-Ti-O nanoparticles dispersed in the matrix.
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In this case, the positrons annihilate at O-vacancy pairs or complexes within the Y-Ti-O
nanoparticles. The authors show that vacancies are part of the constitution of Y-Ti-O
nanoparticles [121], in agreement with the theoretical predictions of Fu et al. [129].

The interpretation of PAS data in non-irradiated materials can be challenging, due to
the multiple types of defects present in steels and the occurrence of competing microstructural
processes during thermal exposure. In the present chapter, Positron Annihilation Doppler
Broadening data obtained for several ODS steels and alloys is discussed in terms of
microstructural changes during annealing and processing treatments, interaction with oxide

nanoparticles and Cr content.

6.1.1. Principles of Positron Annihilation in Crystalline Solids

Before any further discussion it is important, first, to understand the basic physical
principles behind the technique. Annihilation between positrons and electrons results in
photons. The most frequent type of annihilation occurring in dense materials is the process that
originates 2 y photons [130]:

et + e -2y (6.1)

To satisfy conservation of energy and momentum during the process, i.e., guarantee
that the momentum and energy of the positron-electron pair will be transferred completely
when the positron and the electron are at rest, the 2 y’s are emitted in exact opposite directions
(the angle between them is 180 °) and the energy of each photon is myc? = 511 keV, where
m,, is the electron mass at rest and c is the velocity of light.

Prior to annihilation, positrons interact with the solid in different ways, as schematized

in Figure 6.1.
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Figure 6. 1. Possible types of interactions between the incident positron beam and a metallic material, in this case
considered to be Fe. Modified from [130], [131].

A first possible type of interaction between the incident positron beam and the
crystalline material is diffraction. Part of the positron beam can be elastically scattered by the
crystalline surface of the sample and part of it can enter the lattice. Once inside the lattice,
different events might occur: (i) fast positrons will lose their kinetic energy until they reach
thermal equilibrium with the lattice atoms, in a process called thermalization; (ii) part of the
thermalized positrons can diffuse back to the surface; (iii) non-thermalized positrons can also
move back to the surface (epithermal positrons); (iv) thermalized positrons can diffuse through
the lattice and annihilate with an electron. The cross section of the 2 y annihilation reaction is

higher when the positrons present thermal velocity [130]:

(6.2)

Where 1, is the classical radius of the electron (2.818 x 10"¥> m) and v is the velocity of
the positron [130].

Positrons become thermalized by a sequence of two main processes: first, scattering
with electrons, which slows down the positrons to an energy closer to thermal levels, and
phonon excitations, responsible for further energy loss to thermal levels. The whole

thermalization process has a duration of approximately 10 ps [130].
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When diffusing through the material lattice, positrons are affected by the charges of the
ion cores (positive) and also by the electrons. In a defect free material, the positrons will diffuse
through the interstices between atoms, in a delocalized Bloch state, until annihilation with a
conduction or core electron [132]. Figure 6.2(a) shows the calculated Bloch state positron
density in a defect-free tungsten lattice [133]. In Figure 6.2(a), the density minima correspond
to the vicinity of ion cores and the maxima correspond to interstices [133]. When the lattice
contains defects like vacancies, vacancy clusters, dislocations, among others, these will

constitute preferential sites for positron occupation, since the charge density in these sites is
lower [123], [130]. Hence, when encountering a defect the positron will be trapped, i.e. be
highly localized in the defect [123], [130], [132], [133]. Figure 6.2(b) shows the calculated

positron density in the vacancy-trapped state, in W [133]. The probability of annihilation with
conduction electrons is higher for a positron trapped in a defect.

w 1B 1B 20
60

0 X
Positron density x Q

. 6 8 10 %

Positron density X0
30

2

(@ (b)

Figure 6. 2. Positron densities in tungsten (a) in a defect-free lattice, with positrons in a delocalized Bloch-state

(density maxima correspond to interstices) and (b) vacancy-trapped state. The positrons densities are normalized
by the volume of the respective supercells [133].

82



Because a positron is thermalized before annihilation its momentum can be neglected
with respect to the momentum of the electron. In metals, the bound core electrons have higher
momenta than the conduction electrons. In a solid, annihilation of a positron and an electron
will result in y photons emitted under an angle that deviates from 180 ° and will have energies
slightly different from 511 keV. The angular deviation, A8, and the Doppler shifted energy Eps

of the annihilation gammas are calculated by

S
£g = b (6.3)
and
EDB = m0C2 i_ % (64)

where p,, and p, correspond to the electron momentum components perpendicular and
parallel to the y emission direction, respectively.

These principles lie behind the different Positron Annihilation techniques: angular
correlation (ACAR), Doppler broadening (PADB) and lifetime (PALS).

In an ACAR measurement, the angle between pairs of emitted y photons is measured by
two position-sensitive detectors, one for each photon. A coincidence circuit ensures that only
the angular positions from gammas from the same annihilation event are recorded. Thus, 2-
dimensional information about the electron momentum distribution of metals can be provided
by this technique [123]. In the lifetime technique, the time difference between the birth of a
positron (moment when positron is emitted by a source) and its death (annihilation with
electron) is measured. One of the most common types of positron source used in PA is the ?2Na

isotope and its simplified decay scheme is shown in Figure 6.3 [123], [130], [134].

(2.6y)

5

(3.7 ps)

E,= 1274 kuvL(
L\ -Ne
Y

Figure 6. 3. Simplified scheme of the 22Na decay into 22Ne”, emitting a B* (positron); after 3.7 ps, 22Ne” goes to
its ground state, by the emission of a y of 1.274 MeV [134].
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22Na has a half-life of 2.6 years, which is conveniently long to do experiments, and goes
through B* decay forming ?Ne” (isotope in the excited state). After 3.7 ps, the 22Ne” emits a y
photon of 1.274 MeV and reaches its ground state. Given the short lifetime of the excited state,
the instant of birth of the positron can be determined by the detection of the 1.274 MeV photon
[123], [130], [134]. The moment of annihilation with an electron is determined by the detection
of one of the 511 keV annihilation y’s. The positron lifetime is related to the electron density
in an annihilation site (trap or interstitial) and is the reciprocal of the annihilation rate. With
the lifetime technique is possible to obtain information about the type of defect in the material
and its concentration [123], [130], [134].

Finally, in the Doppler broadening technique the energy of the annihilation vy is
measured. This is the technique used in the present thesis and is described in more detail in
Section 6.2.2.

6.2. Experimental
6.2.1. Materials

Three types of ODS steels (ODS Eurofer, ODS 12 Cr and 14YWT) and FeCr binary
alloys were analysed, produced via conventional powder metallurgy routes consisting of
mechanical alloying, consolidation via hot extrusion or hot isostatic pressing and post-
consolidation treatments. The martensitic ODS Eurofer and the ferritic ODS 12 Cr steel were
submitted to 1 h annealing in an electric resistance furnace, under 10-" mbar, at temperatures
varying from 573 K to 1600 K. Cooling to room temperature took place inside the furnace by
switching off its power supply, as described in Chapter 3. A typical cooling curve can be seen
in Figure 3.1, from which it is possible to estimate an average cooling rate of 0.5 K.s™ between
1050 K and 750 K, a temperature range critical for phase transformations. The ferritic 14 YWT
steel, previously studied in [135], was analysed in its as-produced condition. The details of the
chemical composition of the alloys, the nomenclature used, the fabrication method and

additional heat treatments performed are summarized in Table 6.1.
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Table 6. 1. Summary of materials analysed and processing conditions.

Nominal chemical

Processing conditions (as-

Material composition ] Additional heat treatment
) received state)
(weight%o)
e Reference State: 1253 K,
0.5 h + cooling inside
0.3% Y,03 Mechanical alloying (MA) furnace to room temperature

ODS Eurofer

Fe-0.1C-9Cr-1W-
0.2V-0.3Y203

Consolidation by  hot
isostatic pressing
Thermomechanical
treatment

+tempering 1073 K, 1.5h +
cooling inside furnace to
room temperature
Annealing for 1 h at 600,
800, 1000, 1200, 1400 and
1600 K

MA in Ar atmosphere

ODS 12 Cr Fe-0.03C-12.3Cr- Consolidated by  hot e Annealing for 1 h at 773,
1.7W-0.3Ti-0.3Y,05 extrusion _ 1273, 1373, 1473 and 1573
Thermomechanical K
treatment
. MA in Ar atmosphere
FeCr binary Fe5Cr, Fe10Cr and Consolidated by  hot ]
alloys FelACr isostatic pressing
Annealed at 1200 K for 1 h
Fe-0.1C-13.3Cr-
2.7TW-0.2Ti-0.3Y203 _
14YWT [11] ’ MA in Ar atmosphere
an - -
and 14WT _Conso!ldated _ by  hot
Fe-0.1C-13.3Cr- isostatic pressing
2.7TW-0.2Ti

6.2.2. Methods

Prior to the Positron Annihilation Doppler Broadening measurements sample

preparation is necessary to remove any oxide layers that formed during high temperature

annealing treatments and other imperfections at the surface, originated during cutting or pre-

processing of the materials. All samples were prepared according to the following steps: (1)
sanding with SiC paper of grits 800, 1200 and 2000 (SiC particle size of 10 um), for

approximately 30 s at each grit; (2) intermediate mechanical polishing with diamond

suspensions with particle sizes 3 and 1 pm, for respectively 6 and 12 minutes and (3) final

mechanical polishing with silica suspension with particle size 0.05 pum for 30 to 40 min. Step

(3) is of particular importance because it removes the deformation layer introduced in the

material during steps (1) and (2), to which positrons are highly sensitive.
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The Positron Annihilation Doppler Broadening (PADB) measurements were conducted
at the Delft Variable Energy Positron (VEP) beam, Reactor Institute Delft. At the Delft VEP
facility, positrons emitted by a ?Na source, after moderation, can be accelerated to energy
values ranging from 0.1 keV to a maximum of 25 keV and are then implanted in a sample,
allowing defect analysis at different depths of material., The positron mean implantation depth

is related to the implantation energy by
(z) = %Em (6.5)

where A =4 x 10* nm.kg.m=.keV-1%2 [136] is an empirical constant, p is the density of
the material, <z> is the positron mean implantation depth and E is the positron implantation
energy [136]. For p the density of Fe (7800 kg.m) is adopted.

Thermalized positrons diffuse through the material lattice and in most cases ultimately
annihilate with an electron resulting in the emission of two y photons. To satisfy conservation
of energy and momentum during the annihilation process, for a positron-electron pair at rest
the two y photons are emitted in opposite directions, each carrying an energy of 511 keV. Since
the positrons are thermalized before annihilation, their contribution to the momentum can be
neglected in comparison to the momenta of electrons in the material. Due to the momentum of
the electron, annihilation of a positron and an electron will result in y photons emitted with an
angle deviating from collinearity and with energies slightly different from 511 keV. The

Doppler-shifted photon energy is given by Equation 6.4 (presented earlier in Section 6.1.2)

Epp = moc? + 2= (6.4)

where pe corresponds to the electron momentum component parallel to the y emission

direction, mo is the electron rest mass and c is the velocity of light. In metals, the core electrons

have a broader momentum distribution than the conduction electrons and thus give a wider y-
energy spread.

PADB uses high energy resolution Ge detectors (FWHM = 1.2 keV at 511 keV) to
measure the y energy spectrum. Two line-shape parameters, S (sharpness) and W (wing), are
used to quantify the Doppler-broadening of the 511 keV photo-peak. The S-parameter is given
by the fraction of counts in a central region of the spectrum, in relation to the total counts, and

the W-parameter corresponds to the fraction of counts in the extremities of the spectrum. Figure
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6.4 shows a schematic of a Doppler-broadening spectrum with the y-energy ranges defining
the S and W parameters indicated. For the experiments, the S and W regions were determined
by the momenta regions of |p.| < 3.5 X107 3mycand 1.0 X 1072 myc < |p.| < 2.6 X

10™%myc, respectively.

/ \
.- \

7SN
504 511 518
Energy (keV)
Figure 6. 4. Schematic of a Doppler Broadening 511 keV annihilation spectrum. The shaded S and W regions are
defined such as to obtain maximum sensitivity for annihilations with electrons of low momentum (S) or high
momentum (W).

N° of counted y

In a defect-free material, the positrons will diffuse through the interstices between
atoms until they annihilate with an electron, which can either be a conduction electron or a core
electron. In a material containing open-volume defects, like vacancies, the positrons will be
preferentially trapped in those defects, where the repelling Coulomb force between the positron
and atom cores is at a minimum [130]. When trapped in an open-volume defect the positron
has a higher probability of annihilating with a conduction electron. Annihilation with
conduction electrons leads to small shifts in the y energy from 511 keV and, therefore, to y
energies in the S range. Annihilation with more energetic core electrons results in a larger

energy shift and, hence, contributes to the W range.

6.3. Results
6.3.1. Effect of sample preparation on PADB results

In order to illustrate the importance of adequately preparing metallic samples prior to
positron annihilation measurements, Figure 6.4 shows PADB results for the ODS 12 Cr steel
in the as-received state and prepared according to different routes. Measurements were done
after completion of each preparation step described in section 6.2.2 and also on samples that,
after mechanical polishing with 1 um diamond suspension, were electropolished in 1% oxalic

acid aqueous solution, at 4 V, for 8, 12, 16 and 20 min.
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The high S and low W values observed for the ground sample clearly indicate that
grinding introduces a layer with a high concentration of defects (dislocations and vacancies).
Further mechanical polishing with diamond suspensions of smaller particle sizes removes the
deformation layer formed during grinding, as shown by the considerable decrease in S-
parameter and increase in W-parameter. Nevertheless, mechanical polishing as a (less
aggressive) form of abrasion still introduces defects in the material. This becomes evident after
comparison with the electropolished samples. By electropolishing, layers of material are
removed by a process of controlled corrosion, without the application of any mechanical load
to the material surface. In Figure 6.5 it is shown that electropolishing for 8 min results in S and
W values that are very similar to the ones obtained after mechanical polishing with 1 pm
diamond, hence the immersion time was not enough to completely remove the deformation
layer. Electropolishing for 12 min, 16 min and 20 min leads to the same, low S values,
indicating that, after 12 min, the deformation layer is removed. This allows thermalized
positrons to diffuse further into the material and interact with the defects in the bulk (positrons
with implantation energy above 8 keV). Observation of the electropolished samples with
optical microscopy shows that after electropolishing for 16 min and 20 min a small number of
corrosion pits are formed. Finally, Figure 6.5 shows that using step (3), mechanical polishing
with 0.05 um silica for 30-40 min, proves to be equally efficient regarding the removal of the
deformation layer, as it provides S and W parameters in the same range as after electropolishing
for 12 min. Since the silica suspension is slightly acid, so, besides abrasion, it removes the
deformation layer by etching the surface of the sample. In our experiments we chose to finalize
the sample preparation with polishing with silica which, for many types of steels, can be a
suitable and simpler method than electropolishing. It is important to mention that the
electropolishing method used here is suitable for the ODS 12 Cr steel. In the case of the ODS
Eurofer steel, for example, the optimum duration of electropolishing with the same electrolyte

is 9 min and longer periods of time cause high levels of pitting.
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Figure 6. 5. (a) S-parameter and (b) W-parameter vs positron implantation energy. Results were obtained for
samples in the as-received state of the ODS 12 Cr steel, prepared by different methods.

6.3.2. Annealing of the 0.3% Y203-ODS Eurofer steel

The 0.3% Y203-ODS Eurofer steel has a high concentration of defects that are intrinsic
to the microstructure, like grain boundaries, interfaces of M23Cs precipitates, dislocations, Y-
O based nanoparticles and solute elements. With the exception of oxide nanoparticles, these
defects are also present in a non-ODS Eurofer steel. The 0.3% Y203-ODS Eurofer steel was
fabricated by mechanical alloying, a process that subjects the material to severe deformation.
Even after consolidation and heat treatment, a considerable density of defects caused by
deformation remains stored in the microstructure in the form of a high grain boundary area
density (Figures 3.6 and 3.7, Chapter 3). In the Inverse Pole Figure OIM maps of Figure 3.6,
Chapter 3, an orientation gradient inside many grains of almost all annealed samples has also
been observed, confirming the existence of a deformed state in the material. Therefore, in
addition to the cited defects which are intrinsic to the microstructure, the 0.3% Y>03-ODS
Eurofer steel contains defects introduced during mechanical alloying. This type of defects,
referred to as carriers of deformation, are taken into account in the interpretation of the PADB
results.

Figure 6.6 shows the S-parameter and W-parameter as a function of the positron
implantation energy and positron mean implantation depth (top axis). Average values for S and
W were calculated for each annealing condition using the data obtained at implantation energies
above 10 keV, which are representative of annihilation events occurring in the bulk. The thus
obtained Spuk and Whuk values are plotted in Figure 6.7 as a function of the annealing
temperature. Figure 6.8 displays the SW map, which was obtained by plotting the Whui value
of each condition vs its Spux value. Note that high S and low W values are related to a high
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concentration of defects in the material. By definition a change of S is accompanied by an
opposite change in W, when the positron environment does not go through chemical alterations.

In other words, when only two types of non-altering positron traps are involved, the slope of
the line connecting (S,W) points, given by the parameter R = |AA—;|, should be constant. A

change in slope thus indicates (additional) positron trapping at a different type of defect. If this
change in slope is ascribed to W, which derives from annihilations with core electrons, it
indicates a different chemical environment at the positron trapping/annihilation site [130],
[137].
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Figure 6. 6. S-parameter and W-parameter as a function of positron implantation energy and positron implantation
depth, obtained for the 0.3% Y03 ODS Eurofer steel, annealed for 1 h at different temperatures.
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Figure 6. 7. Spui and Whui, calculated for the 0.3% Y03 ODS Eurofer steel vs the annealing temperature.
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Figure 6. 8. SW map of the 0.3% Y,03-ODS Eurofer steel. The blue arrow indicates the evolution of the SW pair
from the reference state until annealing at 1200 K. The red arrow shows the change in behaviour after annealing
at 1400 K.

For treatments up to 1200 K, a continuous decrease in S and increase in W with
annealing temperature is seen, which is indicative of a decrease in defect concentration. Then,
after annealing at 1400 K and 1600 K, the S-parameter increases, reaching values higher than
in the reference state. The opposite behaviour is seen for W.

Figure 6.9 shows the equilibrium density of thermal vacancies in ferrite and austenite

vs temperature. The equilibrium density of thermal vacancies was calculated according to:

—F
Cthvac. = Npe€Xp (k_Tf) (6-5)

where Nre is the Fe atomic density (8.47 x 1028 m3), Eg is the vacancy formation energy
in the metal, k is the Boltzmann constant and T is the temperature. For ferrite, we use Er = 1.6
eV [138] and for austenite, Er = 1.4 eV [138]. In this estimated quantification, we consider only
the contribution of Fe vacancies and we do not take into account the effect of Cr, or other

alloying elements, on the vacancy formation energy [139].
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Figure 6. 9. Equilibrium density of thermal vacancies in ferrite and austenite vs annealing temperature.

In Figure 6.9, when the material is above 1200 K, the equilibrium density of thermal
vacancies in ferrite and austenite increases significantly, being 2 to 4 orders of magnitude
higher than in ferrite at 1000 K. The density of thermal vacancies in ferrite at 1200 K and above
is considered because it coexists with austenite in the material, due to the incomplete
austenitization of ODS 9 Cr steels in the range 1200 K — 1400 K [36], [66] and to the entrance
in the dual-phase field y+6 at 1600 K (Figure 3.2, Chapter 3). At 1400 K and 1600 K, besides
the higher density of thermal vacancies, the Fe atoms also present a higher self-diffusivity,
especially in ferrite [140] and, consequently, the thermal vacancies are several orders of
magnitude more mobile than at 1000 K. These characteristics of Fe can explain the SW
behaviour observed at 1400 K and 1600 K. The hypothesis is that the Y-O based nanoparticles
in the steel are trapping and stabilizing thermal vacancies at all annealing temperatures.
Nevertheless, at 1400 K and 1600 K, the higher density of thermal vacancies, with increased
mobility, leads to the formation of larger clusters that are trapped at the Y-O nanoparticles.
Upon cooling, the larger vacancy clusters are retained in the microstructure, leading to the high
S values and change in trend for the SW pairs seen in Figure 6.8.

A similar annealing study was previously carried out on the non-ODS Eurofer steel
[131]. In the non-ODS steel only a continuous decrease in S and increase in W with annealing
up to 1600 K was observed (Figure 6.10) [131]. Thermal vacancies were also formed in the
non-ODS Eurofer steel, however, because Y-O based clusters are not present, the thermal
vacancies are not retained in the structure upon cooling. The trend observed in Figure 6.10 for
the non-ODS Eurofer steel was associated with a general decrease in defect concentration due
to events like tempering of martensite, grain growth, dissolution of carbides and martensite
formation after annealing at 1200, 1400 and 1600 K [131].
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Figure 6. 10. SW map comparing the non-ODS Eurofer steel (black squares) [131] with the 0.3%-Y,03 ODS
Eurofer steel (red circles).

A consideration of the microstructural changes occurring in the non-ODS Eurofer steel
was necessary to understand the defect evolution detected with positrons. For the 0.3% Y 20s3-
ODS Eurofer steel this type of analysis is more complex, since the microstructure forms and
evolves differently due to the presence of Y-O based nanoparticles. In addition, the steel
contains the carriers of deformation described earlier, which are responsible for the overall
higher S and lower W depicted in Figure 6.10, along with Y-O based nanoparticles. In Section
6.4.1 the PADB results are discussed in relation to these aspects.

6.3.3. Effect of annealing treatments on the evolution of defects in the ODS 12 Cr steel

Figure 6.11 shows the S-parameter and W-parameter profiles as a function of positron
implantation energy and positron implantation depth for the ODS 12 Cr steel annealed at
different temperatures for 1 h. In Figure 6.12 the variation of Spux and Whpuik with annealing

temperature is shown.
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The S and W parameters do not show any significant effect of the annealing

temperature, except for an increase in Spuk Of the sample annealed at 1573 K, which is not
accompanied by a decrease in Wpuik. In the SW plot of Figure 6.13, the SW pairs of the ODS 12
Cr steel are located towards the left side of the plot, in relation to the data measured for the

0.3% Y203 ODS Eurofer steel. These results suggest that the main type of defect contributing

to Sand W in the ODS 12 Cr steel is thermally more stable and is different from the dislocations

(carriers of deformation) present in the 0.3% Y03 ODS Eurofer steel.
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non-ODS Eurofer of [131].

The main differences between the two steels are (1) the higher Cr content (12% vs 9%)
and (2) the presence of Ti in the ODS 12 Cr steel. In order to evaluate the effect of different Cr
contents on the PADB parameters, FeCr binary alloys containing 5, 10 and 14 weight% Cr
were measured. As it can be seen in Figure 6.13, the FeCr alloys actually have their SW points
located along a single line, which coincides with the data of the non-ODS Eurofer steel [17].
This indicates that the types of defects detected by positrons in the FeCr alloys and non-ODS
Eurofer steel are the same and are likely the dislocations, interfaces and vacancies associated
to the martensitic transformation (Cr content up to 10 weight %). The second investigated
aspect is related to the presence of Ti in the chemical composition of the steel. The addition of
Ti in ODS steels has the purpose of forming fine and thermally stable Y-Ti-O nanoparticles.
As discussed in Chapters 3 and 5, the oxide nanoparticles present in the ODS 12 Cr steel are
Y-Ti-O based and the ones in the 0.3% Y>03 ODS Eurofer are Y-V-O based, with the former
having a higher thermal stability. The 14 YWT ODS steel, studied by Davis et al. [135] also
contains fine, Y-Ti-O based nanoparticles and, therefore, a PADB measurement was carried
out in this material, on its as-produced condition. Figure 6.13 shows that the SW point of the
14 YWT steel is located on the side of lower S, in relation to the data of the 0.3% Y.03 ODS
Eurofer, but with higher S and lower W than the ODS 12 Cr. This could be a suggestion that
the main positron trapping sites and, thus, main contributors for the measured S and W in the
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ODS 12 Cr and 14 YWT ODS steels are the Y-Ti-O based nanoparticles, but more
measurements are necessary to verify this hypothesis, including measurements on pure Ti and
an annealing study similar to what is here presented for ODS 12 Cr and ODS Eurofer steels.
Additionally, the non-ODS 14 WT was also measured (same composition and fabrication
method as the 14 YWT, but without the addition of Y203), and its SW point is located along
the line of the non-ODS alloys.

6.4. Discussion
6.4.1. Thermal evolution of defects in the 0.3% Y203-ODS Eurofer steel
6.4.1.1. Samples in the reference state and annealed at 600, 800 and 1000 K

The microstructural observations made with SEM and EBSD in Chapter 3 show that
annealing at 600 K, 800 K or 1000 K does not alter the reference state microstructure
significantly, except for a small shift of the grain size distribution towards larger values and a
(qualitative) change in crystallographic orientation. Additionally, these annealing treatments
do not have significant effect on the average Vickers hardness of the material, which presents
a constant value of ~ 350 HV. On the other hand, the PADB results presented in Section 6.3.2
show (1) a continuous decrease in defect concentration with annealing up to 1000 K and (2)
the SW pairs in Figure 6.8 vary linearly, suggesting the removal of a type of defect that is
common to all these conditions. Based on these observations, it is possible to conclude that the
main microstructural process occurring with annealing between 600-1000 K is the recovery of
the deformed state of the material, introduced during mechanical alloying. Hence, the decrease
in the concentration of defects and the linear variation of SW are mainly due to the removal of
carriers of deformation (mainly dislocations).

6.4.1.2. Sample annealed at 1200 K

After annealing at 1200 K and upon cooling to room temperature, a martensitic
structure is formed. A first expectation would be to observe an increase in defect concentration,
mainly of martensite grain boundaries, dislocations and vacancies associated with this
constituent, but the PADB results show exactly the opposite: the S parameter is the lowest after
this heat treatment. To better understand this unexpected behaviour, it is necessary to discuss

separately the evolution of defects intrinsic to the microstructure (carbide interfaces, grain
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boundaries, dislocations associated to martensitic transformation) and of the carriers of
deformation (defects introduced during mechanical alloying).

At 1200 K, M23Cs carbides dissolve and, upon cooling to room temperature, the
carbides do not re-precipitate. Equiaxed martensite is formed, along with new dislocations. In
comparison to samples in the reference state and annealed between 600 and 1000 K, the average
grain size of the equiaxed martensite is approximately equal and, therefore, its contribution to
S and W values, through the grain boundary surface area of martensite, is the same. Figure 6.10
shows that the SW values of the non-ODS Eurofer annealed at 1000 K and 1200 K are the same.
This indicates that tempering of martensite, grain growth and interfaces of M23Cs carbides at
1000 K are in balance with M23Cs dissolution and creation of new defects due to martensite
formation upon cooling from 1200 K. It is important to mention that the non-ODS Eurofer was
cooled under the same cooling rate as the 0.3% Y>03-ODS Eurofer, at an average of
0.5 K.s! between 1050 K and 750 K, sufficiently fast to form martensite in both steels. Since
the cooling rate employed was the same in both steels, it is possible to conclude that a similar
balance between microstructural constituents described for the non-ODS Eurofer annealed at
1000 K and 1200 K can occur in the 0.3% Y203-ODS Eurofer steel at these temperatures.

As already mentioned, the 0.3% Y203-ODS Eurofer steel has additional types of
defects: oxide nanoparticles and the carriers of deformation. Up to 1200 K the microstructure
of the steel remains refined and this is an indication of the stability of the oxide nanoparticles,
i.e. they remain with the same size distribution throughout the temperature range 600-1200 K.
Hence, the contribution of the oxide nanoparticles to S and W values can be considered constant
as well. The further decrease in S observed after annealing at 1200 K is likely due to the
continuous removal of carriers of deformation, which can be considered as a surplus of
dislocations present in ODS steels. In Figure 6.8, the position of the SW pair of the sample
annealed at 1200 K follows the same trend as the samples in the reference state and annealed
at 600-1000 K, suggesting that the nature of detected defects is the same. Sallez et al. [60]
measured the dislocation density in an ODS ferritic steel with in-situ X-Ray Diffraction, during
annealing at 900 °C (1173 K) for 3000 s. The obtained value was 3.5 x 10'°® m, at least 2 orders
of magnitude higher than in an non-ODS steel [60]. This supports the PADB observations of
SW and hypothesis here discussed.
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6.4.1.3. Samples annealed at 1400 K and 1600 K

In Chapters 3 and 4, related to the characterization of the microstructure and oxide
nanoparticles of the 0.3% Y203-ODS Eurofer steel, it was discussed that after annealing at
1400 K and 1600 K the microstructure becomes coarser. This is related to the coarsening of
oxide nanoparticles, which already occurs at 1400 K, leading to a decrease of the Zener pinning
force. In order to explain the increase in S and decrease in W measured with PADB, after
annealing at these two temperatures, it is here proposed that the oxide nanoparticles, although
coarser than in the reference state, are trapping and stabilizing clusters of thermal vacancies.

The results obtained by Ortega et al. [127] further support the hypothesis of Y-O based
nanoparticles trapping thermal vacancies. The authors have assessed the effect of annealing
treatments on as-consolidated Y.03-ODS Eurofer, using Positron Annihilation Lifetime
Spectroscopy (PALS) and TEM [127]. After annealing at 1523 K, an increase in positron
lifetime is observed, which is attributed to the stabilization of Ar-vacancy clusters by Y-O
based nanoparticles. TEM images of their material, after annealing at 1523 K, show Ar-
vacancy voids located at the interfaces of the Y-O based particles [127]. Residual Ar atoms can
be introduced into ODS steels during mechanical alloying, since the process is normally
performed under Ar atmosphere. However, given that our steel was heat treated several times
after consolidation, we consider that all possible residual Ar in solid solution was removed and
that the increase in S and decrease in SW, after treatment at 1400 K and 1600 K, is a result of
trapping of thermal-vacancy clusters only.

Furthermore, it is important to discuss the role of vacancy mobility in our interpretation
of the PADB results. Figure 6.9 shows that the density of thermal vacancies at 1200 K is of the
same order of magnitude as at 1400 K. Thus, attributing the SW behaviour seen at 1400 K and
1600 K solely to the increase in density of thermal vacancies would conflict with the lowest S
observed after annealing at 1200 K. The Fe self-diffusivity in austenite at 1200 K is 3 and 4
orders of magnitude lower than at 1400 K and 1600 K, respectively, and 5 orders of magnitude
lower than in &-ferrite at 1600 K [140]. Consequently, at 1200 K, even though the density of
vacancies is high, their mobility is still low, significantly delaying the formation of larger

clusters.
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6.4.2. Thermal evolution of defects in the ODS 12 Cr steel

The microstructure of the ODS 12 Cr steel, its grain size distribution and Vickers
hardness are unaltered with annealing from 773 K to 1473 K (Figures 5.6, 5.7, 5.8 in Chapter
5). The Y-Ti-O based nanoparticles present in the matrix are also highly stable and only with
annealing at 1573 K undergo coarsening, with the average particle diameter increasing from ~
3 nm (as-received) to ~ 7 nm (Figure 5.11 in Chapter 5). The increase in oxide nanoparticle
size leads to partial recrystallization of the microstructure, accompanied by a moderate
decrease in Vickers hardness. Therefore, the constant values of S and W measured for the ODS
12 Cr steel annealed up to 1473 K agree with the high stability of Y-Ti-O nanoparticles and
overall microstructure.

The PADB data measured after annealing at 1573 K shows an increase in S, but W is
equal to the prior conditions. The position of the SW pair of the sample annealed at 1573 K is
shifted to higher S at almost constant W value, in relation to the SW points of the samples
annealed at lower temperatures. The position of the S,W pair measured for the 14 YWT steel

in its as-produced condition seems to form a line with the data measured for the ODS 12 Cr
steel (up to 1473 K), with slope R = |AA—V“;| ~ 0.88. As discussed previously, both steels contain

fine Y-Ti-O based nanoparticles. Druzhkov and Perminov [121] showed with the angular-
correlation technique (ACAR) that, in an SW map, the SW pair of a 14 YWT steel is located
forming a line along with the pair measured for pure Ti. The authors also discuss that the main
trapping sites for positrons in the 14 YWT are likely O-vacancies, present in the Y-Ti-O
nanoparticles, with strong contribution of core electrons of Ti [121]. The results discussed by
[121] reinforce the hypothesis that in both ODS 12 Cr steel and 14 YWT steel, the defects
contributing the most to the values of S and W are the Y-Ti-O based nanoparticles. Additional
measurements on annealed 14 YWT and on pure Ti are necessary to confirm if their SW data
in the SW plot are indeed located along the same line as the data measured for the ODS 12 Cr
steel. By considering this hypothesis, it is possible to propose that the change in S and W,
detected after annealing of the ODS 12 Cr steel at 1573 K, could be related to the trapping of
thermal vacancies by the Y-Ti-O nanoparticles, similarly to the discussion for the 0.3% Y>03
ODS Eurofer steel annealed at 1400 K and 1600 K. However, it is not clear why such an
increase in S is not observed on the ODS 12 Cr steel after annealing at 1473 K. The different
location of the SW point of ODS 12 Cr annealed at 1573 K, in relation to ODS Eurofer annealed
at 1400 K and 1600 K, is likely correlated to the chemical nature of the Y-O based nanoparticles
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and possibly with the role of structural O-vacancies inside the particles as positron trapping
sites — detailed studies on the positron affinity to these types of sites are required. Nevertherless,
in Chapter 7, the hypothesis of the trapping of thermal vacancies by the oxide particles in ODS
12 Cr steel is further discussed, based on Thermal Desorption Spectroscopy results obtained
after exposure of the material to low-energy deuterium plasma, in its as-received condition and
annealed at 1573 K.

In relation to the measurements performed on non-ODS materials (FeCr binary alloys,
14 WT and non-ODS Eurofer annealed at different temperatures), the initial objective was to
evaluate if the shift in SW towards lower S values of the ODS 12 Cr steel was related to the
higher Cr content, in comparison to the 0.3% Y203 ODS Eurofer steel. However, in Figure
6.13, the SW points measured for the non-ODS alloys are all positioned along the same line (R
= 0.93), and do not show a correlation with the data measured for the ODS 12 Cr steel. It was
discussed in Section 4.1.2, for the non-ODS Eurofer steel, that the observed decrease in S and
increase in W as a function of annealing temperature is related to the decrease of the
concentration of dislocations, interfaces and vacancies due to microstructural processes like
recovery, dissolution or precipitation of carbides and formation of martensite. Hence, the same
types of defects are considered to be responsible for the S and W values measured for the 14
WT steel and FeCr binary alloys. The binary FeCr alloys were produced via powder metallurgy
routes and, prior to PADB measurements, were annealed at 1200 K for 1 h. The Fe5Cr alloy
becomes fully austenitic when annealed at 1200 K (Figure 6.14) and, in the absence of
dispersoids like the oxide nanoparticles, the austenitic grains are able to grow and carriers of
deformation introduced during the fabrication process can be annealed out. Upon cooling to
room temperature, martensite forms. The formation of martensite is accompanied by an
increase of the concentration of dislocations, vacancies and interfaces. Figure 6.13 shows that
the overall concentration of defects in the Fe5Cr alloy is equivalent to that of the non-ODS
Eurofer annealed at 600 K. The Fe10Cr alloy is likely not fully austenitic during annealing at
1200 K: Figure 6.14 shows that for 10 weight% Cr, in the pure Fe-Cr system, the dual-phase
field of austenite and ferrite is approached. Impurities present in the measured FelOCr alloy
can decrease the size of the austenitic field and, hence, it is likely that a fraction of ferrite is
present, leading to a microstructure composed of ferrite and martensite, at room temperature.
The lower volume fraction of martensite is responsible for reducing the total concentration of
defects in the material and the lower S and higher W values seen in Figure 6.13. The Fel4Cr
alloy is fully ferritic at all temperature ranges, thus, annealing at 1200 K removes defects

introduced during fabrication and, upon cooling, a coarse ferritic microstructure forms.
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Figure 6. 14. Isopleths of Fe-Cr equilibrium diagram calculated with Thermo-Calc v. 2020a.

The 14 WT steel was produced according to the same route as the 14 YWT steel [135]
and, because of its Cr content, it also has a ferritic matrix. Due to the presence of other alloying
elements, the microstructure of the 14 WT steel is more complex than of the Fe14Cr alloy and,
in addition, the former did not undergo any annealing treatment after consolidation by hot
isostatic pressing. This results in a higher concentration of defects than the Fe14Cr alloy. Figure
6.13 shows that, in terms of density of defects (dislocations, vacancies associated to
deformation, grain boundaries, interfaces of carbides), the 14 WT steel is equivalent to the non-
ODS Eurofer steel annealed at 800 K for 1 h (microstructure composed of tempered martensite
and M23Cs carbides).

6.5. Conclusions

Different types of ODS steels and non-ODS alloys were measured with Positron
Annihilation Doppler Broadening, after 1 h annealing treatments at temperatures ranging from
573 K to 1600 K. The ODS steels, namely 0.3% Y203 ODS Eurofer, ODS 12 Cr and 14 YWT
steels, present S and W values that show a high concentration of defects, in agreement with

their complex defect structure consisting of high number density of oxide nanoparticles, high
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dislocation density (mainly introduced during mechanical alloying) and grain boundary surface

area.

The behaviour observed in the annealed 0.3% Y03 ODS Eurofer steel was different
from the ODS 12 Cr steel:

i)

In the 0.3% Y203 ODS Eurofer steel, annealing up to 1200 K leads to a
continuous decrease in the S value and increase in the W value, suggesting an
overall decrease in defect concentration. This SW trend is attributed mainly to
the recovery of dislocations, initially having a very high density due to severely

deformed state introduced during mechanical alloying;

Despite recrystallization of the microstructure after annealing at 1400 K and
1600 K, PADB measurements of samples in these conditions show an increase
in S and a change in slope of the SW points. This behaviour is attributed to the
formation of thermal-vacancies, which are trapped and stabilized by the Y-O
based nanoparticles;

On the other hand, the S and W values measured in the ODS 12 Cr steel do not
change significantly with annealing temperature up to 1473 K. In the SW map,
the data measured for the ODS 12 Cr steel is shifted towards lower S and W
values, in relation to the 0.3% Y203 ODS Eurofer steel. The 14 YWT steel, in
its as-consolidated state, has an SW point located at the same region as the ODS
12 Cr steel (annealed up to 1473 K). The hypothesis is that Y-Ti-O based
nanoparticles, common to both 14 YWT and ODS 12 Cr steels, are the main

trapping sites for positron annihilation in the two materials;

All measurements done on non-ODS alloys show that the positrons are detecting
changes in the concentration of microstructural defects like martensite laths,
dislocations and vacancies associated to the martensitic transformation,
interfaces of precipitates and grain boundaries. The SW points of all types of
non-ODS materials are located along the same line and in a region that
represents an overall lower concentration of defects, in comparison to the ODS

materials.
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7. Deuterium behaviour in the ferritic ODS 12 Cr steel

Chapter based on publication:

V.S.M. Pereira, S. Wang, T. Morgan, H. Schut, J. Sietsma. “Microstructural evolution and
behaviour of deuterium in a ferritic ODS 12 Cr steel annealed at different temperatures”.
Metallurgical and Materials Transactions A, v. 53, p. 874-892, 2022, doi: 10.1007/s11661-
021-06559-0.

Abstract

The trapping behaviour of deuterium in the steel in its as-received state and annealed at 1573
K was investigated. Samples were exposed to low-energy deuterium plasma and analysed with
Thermal Desorption Spectroscopy, after waiting times of 1 day and 25 days. The samples
measured 1 day after exposure released a higher total amount of deuterium than the ones
measured after 25 days. The effect of waiting time is explained by the release of deuterium, at
300 K, from sites with low activation energy for detrapping, Eq. In the as-received condition,
part of the deuterium detrapped at 300 K was re-trapped by high-Eq sites. For the samples in
the annealed condition, the redistribution of deuterium from low-Eq to high-Eq sites was not

observed and the total amount of deuterium released was higher.

Keywords: modelling of TDS data, deuterium trapping behaviour, embrittlement
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7.1. Introduction

The original concept behind the development of ODS steels was actually aimed at
increasing the resistance of nuclear structural materials to He-embrittlement, while their higher
creep resistance is considered an additional benefit [48], [141]. In nuclear environments,
neutrons that impinge metallic structural components can react with the nuclei of lattice atoms,
resulting in the transmutation of alloying elements plus formation of He or H [39], [40], [34].
The transmuted element can be radioactive and, hence, compromise the handling and recycling
of the structural component at the end of its service life. However, this problem can be tackled
by the use of elements in alloy design that go through faster decay of the induced-radioactivity
than conventional alloying elements [142], [58]. In fusion reactors, the structural metallic
components will also be exposed to D, T, He and H, since they form the plasma in which fusion
takes place or are the products of fusion reactions. These elements will diffuse through the
metallic structure, being able to recombine and form gas molecules and, when pressure is
sufficiently high, bubbles, which are detrimental for the integrity of the component. They can
also be trapped at microstructural features of the metal or alloy, such as grain boundaries,
interfaces of second-phase particles, dislocations, inclusions, pores. Depending on
morphological characteristics of these trapping sites and their distribution throughout the
metallic matrix, they can become stress raisers when bound to these elements, leading to
embrittlement and fracture during service, or they can be beneficial for increasing the resistance
to damage [143]. Since it is not possible to prevent the formation of radiation-induced defects
and the generation of He, H, D, T in the metallic structure, the engineering of trapping sites
becomes the most suitable approach to improve the resistance to this type of damage and that
is how oxide nanoparticles in ODS steels can play their role. These particles can retain the
diffusible elements and make them inactive in the material, preventing their recombination or
agglomeration at detrimental sites, like grain boundaries (leading to intergranular fracture),
regions with microstructural banding, elongated inclusions.

However, it is still unclear how strongly the ODS particles can interact with the different
diffusible elements and to what extent ODS steels perform well in nuclear environments.
Malitckii et al. [144], [145] have measured with Thermal Desorption Spectroscopy
significantly higher contents of H in ODS Eurofer, in comparison to Eurofer, after
electrochemical hydrogen charging [22] and exposure to hydrogen plasma [23]. In [144] the
authors determined H detrapping activation energies of 0.26 eV and 0.35 eV for the ODS

Eurofer steel, at the respective peak temperatures of ~450 K and ~550 K, but without
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identifying the type of trapping defects. In contrast, Maroef et al. [146] determined an H
detrapping activation energy of 0.73 eV for the interface of Y03 with ferrite, which does not
coincide with detrapping activation energies measured in [144]. Regarding the isotopes of
hydrogen, deuterium (D) and tritium (T), it can be considered that they behave in steels in the
same way as hydrogen [147], but a more complete characterization of their trapping sites is
still missing in the literature. Ogorodnikova et al. [148] measured D retention in several ODS
steels and Eurofer, after exposure to D, plasma of different energies and at different
temperatures. The TDS measurements were carried out months after plasma exposure and
showed that the D retention in the ODS materials was always higher than in Eurofer [148]. In
a subsequent work, Ogorodnikova et al. [149] performed the same type of analysis in pre-
damaged ODS steels and Eurofer, i.e. that were irradiated with 20 MeV W ions prior to
exposure to D2 plasma. The authors [149] observed higher D retention in the pre-damaged
samples that were exposed to D> plasma at temperatures up to 500 K, but still no details about
the sites at which D is dominantly being trapped are discussed [149].

Thus, in the present work the behaviour of deuterium in an ODS 12 Cr steel was
investigated. Samples in the as-received condition and annealed at 1573 K for 1 h were exposed
to low-energy D2 plasma and analysed with Thermal Desorption Spectroscopy, in order to

study the trapping behaviour of D and its interaction with Y-Ti-O nanoparticles.

7.2. Experimental

Samples of the ODS 12 Cr steel in the as-received state and annealed at 1573 K for 1 h
were exposed to low-energy deuterium plasma in the Nano-PSI facility, at the Dutch Institute
for Fundamental Energy Research (DIFFER), Eindhoven, The Netherlands. The exposure was
made in 2 batches; for each batch, a total of four samples with dimensions of 15 x 15 x 1 mm?3
were simultaneously exposed for 2 h to the D> plasma with energy of 60 eV. The plasma energy
derived almost entirely from a bias voltage of 60 V applied to the substrate holder. The plasma
was mainly composed of Ds" ions, hence, each D atom impinging the samples had an energy
of 20 eV. To minimize back-diffusion of D atoms from the sample, the backside of the samples
was kept at room temperature during exposure. Figure 7.1(a) shows the spatial distribution of
the ion flux and the electron temperature along a line through the centre of the sample holder.
Figure 7.1(b) is a schematic representation of the holder containing the four ODS 12 Cr samples

during exposure to the D» plasma. The ion flux at the centre of the holder (maximum in Figure
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7.1(a)) was approximately 2.5 x 10%° m2s? resulting into a maximum ion fluence of 2.1 x

10 m2,
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Figure 7. 1. (a) Parameters of D, plasma produced in the Nano-PSI at 2 SLM of the gas flow. (b) Schematic
representation of the samples in the holder, exposed to D, plasma. The centre of the holder receives the highest
flux, the decrease in colour intensity represents the radial gradient of plasma fluence.

After exposure, the samples were submitted to Thermal Desorption Spectroscopy
(TDS), in order to determine the content of D retained in the steel and its trapping
characteristics. One batch of samples was stored for 1 day at room temperature in a desiccator
prior to the TDS measurement, another batch was stored for 25 days. In the TDS measurement,
the samples were heated at a rate of 2 K.s™ from room temperature to 1200 K, which is the
maximum temperature reached by the TDS. The initial pressure inside the TDS sample
chamber was 3 x 107 mbar, however, when the system was at 1200 K, the pressure had
increased to 10 mbar. The sample temperature was measured with a thermocouple welded to
its surface and, to improve the thermal contact, graphite foils were inserted between the sample
and the holder.

7.3. Analysis and Modelling of Thermal Desorption Spectroscopy Data

The D atoms introduced in the metallic structure during exposure to D2 plasma can
occupy normal lattice sites (interstitial positions), or trapping sites (defects). When located in
a normal lattice site, the potential of the D atom is higher than at a trapping site and, hence, the
latter forms a preferential site for D occupation. Both diffusion of D through the lattice and
detrapping from a site require thermal activation. The activation energy for D diffusion through
interstitial sites in a-Fe has been experimentally determined by Hagi and Hayashi [150] at 9

kJ.mol? (0.09 eV), very similar to the activation energy for hydrogen diffusion (8 kJ.mol?,
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0.08 eV), and is considerably lower than the detrapping activation energy from trapping sites
like dislocations, which has been determined by different authors to be 27 kJ.mol* (0.28 eV)
[150], [151].

During a Thermal Desorption Spectroscopy measurement, the heating of a sample at a
constant rate gradually provides the required thermal energy for the release of D atoms from
the different sites. Each peak of maximum desorption rate in a TDS spectrum can be correlated
with the release of D atoms from specific trapping sites in the material, however [151], [152],
however, such a correlation is not straightforward, since the peak position depends on
experimental parameters like the heating rate. Several models have been developed to describe
the diffusion and trapping behaviour of hydrogen in metals [153], [154], [155], which can be
used to analyse TDS spectra and calculate kinetic parameters involved in hydrogen and
deuterium evolution, especially when diffusion is the rate controlling process. For cases in
which detrapping is the rate controlling process, the Kissinger theory of reaction kinetics [156],
[157] can be applied to TDS data, as first proposed by Choo and Lee [151] and later by Wei et
al. [152], [158], [159]. WEei et al. [152], [158], [159] have shown that it is possible to obtain the
activation energy for detrapping Eq by performing a numerical fit of the different maxima in a

single TDS curve, using the Kissinger reaction rate equation

ax

& =40 - X)"exp {4 (7.1)

Here Z—f is the release rate, A is a constant, X is the fraction of atoms released, n is the

empirical reaction order, R is the gas constant and 7 is the temperature. Originally, the constant
A is known as the frequency factor and represents the probability of a molecule to participate
in a chemical reaction [157]. When describing the detrapping-controlled desorption of
hydrogen, Wei et al. [159] suggested that A approaches the pre-exponential factor p° in the
McNabb and Foster theory [153], [159]).

In the present work, an approach similar to the one of Wei et al. is used to estimate Eq
of the different trapping sites present in the ODS 12 Cr steel. The fitting of the data is based on
considering the experimentally measured TDS spectra to be the sum of several individual
peaks. Each peak was modelled using a slightly modified version of Equation 7.1, withn =1

(i.e. retrapping and diffusion are not considered [152], [158], [159]), given by
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‘Z—IZ = ANexp {_k—id} (7.2)

dN . . . . .
where —Is the deuterium release rate in atoms.s™ and N is the number of D atoms in

the trapping site. Since we report Eq in the unit eV, the Boltzmann constant k is used. The
amount of D released in a time interval At is obtained by iteratively solving Equation 7.2 with
the initial condition N(t=0) = No and

N (t+ At) — N(b) = At (Z—’Z) (7.3)

The initial value No is treated as a fitting parameter.
The experimental heating rate of 2 K.s* was introduced in the model by taking a

temperature step of 0.2 K for every sufficiently small time step of 0.1 s.
7.4. Results and Discussion

The conditions selected for exposure of the ODS 12 Cr steel to low-energy D> plasma
and subsequent Thermal Desorption Spectroscopy were the as-received condition and annealed
at 1573 K for 1 h. The main objective was to investigate the trapping behaviour of deuterium
in the material, particularly after the 1573 K annealing treatment, during which the coarsening
of Y-Ti-O nanoparticles has occurred (Chapter 5). In Chapter 6, the thermal evolution of
defects in the ODS 12 Cr and the 0.3% Y203 ODS Eurofer steel was studied with Positron
Annihilation Doppler Broadening. The results suggest that, during annealing at temperatures
between 1400 K and 1600 K, thermal vacancies become trapped at the interfaces of Y-O based
nanoparticles and, thus, are retained in the microstructure upon cooling to room temperature.
This hypothesis is further explored in the present Chapter.

Figure 7.2 presents the spectra of deuterium desorption rate vs temperature, obtained 1
day and 25 days after exposure to 60 eV D> plasma. The batch of samples measured 1 day after
plasma exposure are named here as “AS-1 and 1573 K-1"" and the batch measured 25 days after
plasma exposure is referred to as “AS-25 and 1573 K-25”. Table 7.1 summarizes the total
amount of deuterium atoms released per sample, calculated by integrating the desorption

curves.
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Figure 7. 2. TDS spectra measured on ODS 12 Cr steel samples in the as-received and annealed at 1573 K
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conditions. The samples were measured with TDS 1 day and 25 days after exposure to 60 eV D; plasma.

Table 7. 1. Total amount of deuterium atoms released from ODS 12 Cr steel samples at different conditions, 1

day and 25 days after exposure to D, plasma.

AS-1

1573 K-1

AS-25

1573 K-25

Deuterium
atoms released

3.17 x 10

6.35 x 10%

2.25 x 10%

2.97 x 10%

The data presented in Figure 7.2 and Table 7.1 show that the samples annealed at 1573
K released more D than the samples in the as-received condition, by a factor of 2.0 after 1 day
and a factor of 1.3 after 25 days. Additionally, an effect of the waiting time prior to TDS can
be seen, as samples measured 1 day after plasma exposure also released a higher number of D
atoms than the ones measured 25 days after exposure, by a factor of 1.4 for the as-received

condition and a factor of 2.1 for the annealed condition. First, the effect of waiting time will be

explored.
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7.4.1. The effect of waiting time

It is possible to estimate the time for D atoms to diffuse out of the samples, using the
expression of diffusion length

x = V2Dt (7.4)

where x is the diffusion length, which is taken here as the half-thickness of the sample
(x = 0.75 mm), D is the diffusion coefficient of D in the material and t is the time for D atoms
to diffuse to the exit surface of the sample.

The D atoms have to diffuse through a structure with a high density of defects (grain
boundaries, dislocations, TiC, Y-Ti-O nanoparticles) thus, the value for D actually corresponds
to an effective diffusion coefficient, Dest. Esteban et al. [147], using the gas permeation method,
obtained the Arrhenius parameters for the effective diffusion of H in ODS Eurofer: Do = 1.33
x 10° m?.st and Eqit = 30.4 kd.mol ! (activation energy for diffusion). Since ODS 12 Cr and
ODS Eurofer steels have a similar defect density and, as discussed previously, it is considered
that H and D have the same behaviour in steels, we used the parameters determined by [147]
to calculate Dest for D in the ODS 12 Cr steel at different temperatures. Finally, the Des values
were used in Equation 7.4 and the time for D atoms to diffuse out of the samples was obtained
as a function of temperature. At room temperature (300 K), Detr = 6.8 X 10> m?st and t =
41500 s, or 11.5 h; at higher temperatures t is reduced to tens of seconds, for example, at 600
Ktis93 sand at 800 K t is 20 s. Hence, even after 1 day the samples may have already lost a
fraction of mobile D prior to the TDS measurement, just by being kept at room temperature,
confirming the release of D during the waiting time of 25 days. This confirms the observed
loss of D during the waiting time of 25 days.

In order to investigate in more details the release of D at 300 K, it is necessary to
determine the activation energies for detrapping, Eq, associated to the desorption peaks.

Figures 7.3(a) and 7.3(b) show the modelling of TDS spectra of the samples AS-1 and
AS-25, done with the use of Equation 7.2. As stated before, Equation 7.2 does not consider re-
trapping and assumes that diffusion of D is fast in comparison to the de-trapping rate. In
addition, when at the maximum of the desorption peak, the number of atoms of D still residing
at the specific trapping site corresponds to 40 % of its initial concentration No (0.4No). Thus,
by integration of Equation 7.2, at a constant temperature, the time for reaching the state N =

0.4No is given by
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t40%,300K =

~In(0.4)

Aexp (%)

The values of A, Eq, No and tao0 300 are given in Table 7.2.
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Figure 7. 3. Modelling of TDS spectra obtained for ODS 12 Cr steel samples (a) AS-1, measured 1 day after D,
exposure and (b) AS-25, measured 25 days after exposure.

Table 7. 2. Parameters used in the modified Kissinger equation (Equation 7.2) for modelling TDS spectra of ODS
12 Cr steel in the as-received condition and the estimated time for depletion of trapping sites at 300 K.

AS-1 AS-25 t40%, 300 K
Peak Temperature ) No (10** D No (10 D (days)

(Kg) Eq(eV) | A(10'ST) at(oms) at(oms)
450 0.50 2.5 1.0 0 0.1
480 0.50 1 55 0 0.3
535 0.56 1 5.0 0 3
580 0.61 1 2.5 10.0 19
627 0.68 1 2.0 7.0 282
690 0.74 1 1.7 3.5 2.9x10°
760 0.81 1 15 15 43 x 10°
870 0.93 1 3.5 2.0 4.5x 10°

The types of trapping sites present in samples AS-1 and AS-25 are expected to be the

same, since the only difference between the two samples is the waiting time, at room

temperature, to the TDS measurement. Therefore, the Eqvalues used in the modelling are equal

for both samples. The amount of D atoms No initially trapped at each type of defect is different

and only for the modelled peak at 450 K the constant A = 2.5 x 10* s*; for the others, A = 10*

st
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In Figure 7.3(a), the experimental spectrum AS-1 has a dominant desorption peak at
480 K, which cannot be modelled with a single spectrum. In order to reproduce its slope and
overall shape, it is necessary to adopt an approach of multiple traps. The experimental peak at
480 K is, then, considered to be the result of desorption from different trapping sites with Eg
0.50 eV and 0.56 eV and peaks at 450 K, 480 K and 535 K. The Eq and A values of the modelled
peaks at 450 K and 480 K suggests that these two peaks occur because of the release of D from
the same type of defect, but in a first stage at 450 K desorption could be easier [158]. This
choice of Eq and A for modelling the peaks at 450 K and 480 K is based on the number of
defects detected during microstructural characterization: we aimed at consistency between
modelling of TDS data and the microstructural observations. The only peak that was adequately
modelled by a single spectrum was the one at 870 K in AS-25.

In Figure 7.3(b), the first desorption peak in the experimental spectrum of AS-25 is
around 580 K, and the lower temperature peaks at 450 K, 480 K and 535 K are absent,
suggesting the depletion of these traps. The values of tsos%,300 k displayed in Table 7.2 confirm
this suggestion, as these lower temperature peaks are the only ones that can become fully
depleted after 25 days at 300 K. Thus, in the modelling of AS-25, No for these trapping sites is
zero. Additionally, the modelling of AS-25 shows the increase of No for trapping sites with Eqg
=0.61 eV, 0.68 eV and 0.74 eV, suggesting the redistribution of D from lower to higher Eq
sites.

The desorption peaks at temperatures above 900 K in the AS-1 and 1573 K-1
experimental spectra were not modelled, as they are believed to be caused by an increase in
background pressure.

The same analysis was made for the samples 1573 K-1 and 1573 K-25 and the results
are given in Figure 7.4 and Table 7.3.
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Figure 7. 4. Fitting of TDS spectra obtained for ODS 12 Cr steel samples (a) 1573 K-1, measured 1 day after D,
exposure and (b) 1573 K-25, measured 25 days after exposure.

Table 7. 3. Parameters used in the modified Kissinger equation (Equation 7.2) for fitting TDS spectra of the ODS
12 Cr steel in the condition annealed at 1573 K, measured 1 day (1573 K-1) and 25 days (1573 K-25) after

exposure to D, plasma.

1573 K-1 1573 K-25
Peak ] No (10% D Peak ] No (10%* D
Temperature (K) | * (10°s7) | Es (V) at(oms) Temperature (K) | (10°s7) | Eq(eV) at(oms)
450 2.5 0.50 0.5 450 2.5 0.50 0
480 1 0.50 45 480 1 0.50 0
535 1 0.56 13.3 535 1 0.56 0
580 1 0.61 55 580 Not fitted | Not fitted Not fitted
627 1 0.68 9.2
650 06 068 100 627-650 1.8 0.68 12.0
690 1 0.74 6.0 690 1 0.74 6.5
760 1 0.81 3.5 760 1 0.81 3.5
870 1 0.93 2.7 870 1.4 0.93 5.0

The same modelling parameters used in AS-1 and AS-25 were applied to 1573 K-1,

with the addition of an extra peak at 650 K, present in its experimental spectrum (Figure 7.4(a)).

The peak at 650 K can be modelled with the combination of Eq = 0.68 eV and

A =0.6 x 10*s. This choice suggests that the modelled peaks at 627 K and 650 K belong to

the same type of defect, but with desorption occurring in two stages, similarly to the proposed
for the modelled peaks at 450 K and 480 K in AS-1 and 1573 K-1 [158].

In Figure 7.4(b), the peaks associated to lower-Egq sites are again not present because

of their depletion after the 25 days waiting time. Nevertheless, the D desorption behaviour in

sample 1573 K-25 is more complex and could not be modelled completely. The peak at 580 K
in AS-25 is shifted to 600 K in 1573 K-25, and cannot be modelled with Equation 7.2. The

remaining high temperature peaks are also shifted in comparison to 1573 K-1, AS-1 and AS-
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25, but it was possible to model these by using the same Eq values as for the other conditions
and altering the value of A. In order to estimate No of the peak at 580-600 K in 1573 K-25, the
area of the modelled peaks was subtracted from the experimental 1573 K-25 spectrum. The
result is No = 4 x 10'® atoms, a value similar to the one in 1573 K-1, and an indication that
redistribution of D from shallower traps to deeper ones does not occur. The No value of the
peak at 627-650 K is also considerably lower in 1573 K-25, corresponding to 63% of No of the
same peaks in 1573 K-1.

7.4.2. Effect of annealing at 1573 K

It is clear that the annealing treatment at 1573 K for 1 h has an effect on the trapping
and desorption behaviour of D in the ODS 12 Cr steel, seen in Table 7.1 as the higher amount
of D atoms released, the extra desorption peak at 650 K in 1573 K-1 and the change in the
constant A used to partially model the 1573 K-25 spectrum. The Electron Microscopy analyses
of the microstructure and of Y-Ti-O nanoparticles discussed in Chapter 5 show that the ODS
12 Cr steel contains many different defects: ferrite grain boundaries, dislocations, micrometric
TiC, coherent Y-Ti-O nanoparticles (particle size smaller than 4.5 nm), semi-coherent Y-Ti-O
nanoparticles (particle size between 4.5 and 10 nm), incoherent Y-Ti-O nanoparticles (particle
size higher than 10 nm), coarse Y-Ti-O based particles (located at pores and with average size
ranging from ~200 nm to 1 pm) and pores. The as-received microstructure is only altered after
annealing at the high temperature 1573 K, when an increase in the average Y-Ti-O particle size
to ~ 7 nm and partial recrystallization are observed. These microstructural alterations would
imply an overall lower density of defects, but, nevertheless, the deuterium intake was higher.

Possible explanations for the higher deuterium intake by the samples in the annealed
condition are: (1) the more abundant semi-coherent and incoherent Y-Ti-O nanoparticles are
able to trap more D atoms and (2) the annealing treatment at 1573 K leads to the trapping of
thermal vacancies at the interfaces of Y-Ti-O nanoparticles and the coarse Y-Ti-O particles,
thereby increasing the content of trapped D.

Hypothesis (1) could explain the broad peak at 650 K in the TDS curve of 1573 K-1.
As discussed in 7.4.1. this peak was modelled by a multiple trap approach, in which the peaks
at 627 K and 650 K, both, have Eq = 0.68 eV. The No value of these two peaks corresponds to
2 x 107 atoms (Table 7.3), one order of magnitude higher than the No of the modelled peak at
627 K in AS-1 (Table 7.2), and thus could be associated with the higher fraction of semi-

coherent/incoherent Y-Ti-O nanoparticles. However, hypothesis (1) cannot explain the
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experimental TDS spectrum of 1573 K-25. If hypothesis (1) was indeed valid, it would be
possible to model all other high temperature peaks in 1573 K-25 with the same Eq and A
parameters used in the other conditions, only changing their respective No values. Instead, the
required different A values in the modelling of 1573 K-25 signalizes modifications of the other
high energy sites and likely a change in the desorption mode of D. Hence, hypothesis (2) could
be the reason for this observed behaviour. After exposure to plasma, D atoms could be initially
trapped both at the interface of the oxide/vacancy clusters and inside the vacancy clusters.
When the size of the vacancy cluster is large enough, the trapped D atoms can form D>
molecules, which will have a desorption mechanism different from the D* state. After the 25
days waiting time, most part of D would be trapped in the form of D>, leading to the observed
different desorption kinetics. According to [107], first-principles studies have shown that
oxygen-vacancies complexes in Y-Ti-O nanoclusters are not able to trap a high number of
hydrogen atoms, because the oxygen atoms absorb most of the charge density supplied by
surrounding iron atoms [107]. This could also explain why the D redistribution described for
AS-1 and AS-25 does not occur in 1573 K-1 and 1573 K-25. In case hypothesis (2) is
confirmed, the complexes of thermal vacancies and Y-Ti-O nanoparticles are able to trap more
D than the particles alone, but they could have become saturated during exposure.

Because of the complexity of the microstructure, its high thermal stability (heat
treatments do not lead to easily detectable microstructural alterations) and a limited TDS data
set, it is not possible to reliably determine to which type of defect each modelled desorption
peak in Figures 7.3 and 7.4 correspond to, although, there is a correspondence between the
number of identified defects and the number of peaks necessary to model the experimental
TDS spectra.

Additional TDS measurements done at different heating rates and first-principles
calculations are necessary to further explore hypothesis (2), related to the behaviour of D in the
ODS 12 Cr steel annealed at 1573 K, and to characterize completely the trapping sites present

in the material.
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7.4.3. Evaluation of the modified Kissinger method for modelling TDS data

Finally, we used TMAP7 simulations [160], [161] to evaluate the use of Equation 7.2
and, particularly, the choice of A values for modelling the experimental TDS data. In the
original Kissinger’s theory the constant A represents the probability of a molecule to participate
in a chemical reaction [157]. Hence, in a desorption experiment the constant A can be seen as
the probability of a deuterium atom to be desorbed from a trapping site. For a desorption
process governed by detrapping, A approaches the pre-exponential factor p® [159] in the
probability p of release from a trapping site to a lattice site [153], [159]. In TMAP7, p° is
determined as the Debye frequency vo (~ 10%% s1).

In case we take A = vo in Equation 7.2, for modelling the peak at 450 K, for example,
the corresponding Eq becomes 1.3 eV. A good mathematical correspondence with TMAP7 is
obtained when we take Eq = 1.3 eV and the diffusion parameters Do and Egit as, respectively,
2.1 m?2stand 0.1 eV. These values of Do and Egir again represent a first order, detrapping-
controlled desorption reaction. However, the very high value of E4 strongly disagrees with the
disappearance after 25 days of the low temperature desorption peaks observed in samples AS-
25 and 1573 K-25. To investigate the effect of diffusion on the position of the desorption peaks,
TMAP7 simulations were carried out using the lattice diffusion parameters of D in pure a-Fe
[150] (Do = 2 x 107" m?.s and Egit = 0.1 eV), the assumption of A = vo, Eq = 1.3 eV and lower
Eq values listed in Table 7.2, in order to reproduce AS-1. For Eq = 1.3 eV, the result is a peak
at 850 K; for the lower Eg4 values, a peak with the same shape and slope as the experimental
AS-1 is obtained, but shifted to 380 K.

Nevertheless, the TMAP7 simulations performed with different diffusivities show that
Equation 7.2 and our choice of A values much lower than the Debye frequency are appropriate
to model the TDS experimental data obtained for the ODS 12 Cr steel. A possible underlying
physical reason for A being smaller than oo is the effect of the entropy in the activation free
energy. However, within the framework of the present study it is not possible to quantify this
effect.
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7.5. Conclusions

The subsequent exposure to low-energy D2 plasma of samples in the as-received and

annealed at 1573 K conditions, followed by TDS measurements show the following behaviour

of deuterium:

i)

During the waiting time of 25 days, at 300 K, D atoms initially trapped at low
energy sites (Eq = 0.50, 0.56 and 0.61 eV) are detrapped. It was observed in the
as-received condition that part of the detrapped D is released from the material
and part of it is redistributed to higher energy trapping sites. For the annealed
condition, we only find evidence of release of the detrapped D atoms, without
occurrence of redistribution to higher energy trapping sites.

Prior annealing at 1573 K for 1 h increases the D uptake during exposure to low-
energy D2 plasma. The reason for this behaviour is still not completely clear,
but the hypothesis is that, during annealing, thermal vacancies are trapped by
the Y-Ti-O particles (nanoparticles and even the coarser ones). The complexes
of thermal vacancies and Y-Ti-O based particles are able to trap a higher number
of D atoms, which can form D2 molecules inside the vacancies. The fact that no
redistribution of D during the waiting time is observed for the annealed
condition implies that the complexes of thermal vacancies + Y-Ti-O particles

become saturated with D after plasma exposure.

iii) Additional TDS measurements at different heating rates and the use of first-

principle calculations are necessary to properly characterize the trapping sites
in the ODS 12 Cr steel and to further understand the D behaviour in the annealed

condition.
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8. General conclusions and recommendations

8.1. General conclusions

The research presented in this PhD thesis has a fundamental character, aiming to
generate knowledge of the relationship between annealing conditions, microstructure, phase
transformations and oxide nanoparticles, and also to better understand how defects intrinsic to
ODS steels and defects created during high temperature treatments and during exposure to low-
energy deuterium plasma interact with the oxide nanoparticles. These aspects are investigated
with the use of different, yet complementary techniques, able to evaluate materials in different
scales. Vickers hardness, here in a level closer to the macroscopic because of the magnitude of
load used, gives information about strengthening mechanisms in the steels and aids in the
investigation of phase transformations. SEM and EBSD are able to give information at the
mesoscale level about the microstructure, allowing the determination of grain size distributions,
characterization of micrometric constituents present in the steels, investigation of phase
transformations, recovery (EBSD) and occurrence of recrystallization. TEM and APT have the
resolution necessary for observation of the Y-O based nanoparticles and determination of their
chemical compositions. PADB, sensitive to defects in the nanometre and atomic scales, is able
to further inform on microstructural processes of the material, on the thermal evolution of
defects and their interaction with Y-O based nanoparticles. TDS is able to inform on the
behaviour of deuterium in ODS steels and to support PADB observations related to the
interaction of Y-O based nanoparticles with defects.

The thermal stability of two different ODS steels is analysed: 0.3% Y.0O3 ODS Eurofer
and ODS 12 Cr. Both steels contain 0.3 weight% YOz, but their chemical compositions and
consolidation methods used during their fabrication were different. The nominal composition
of the 0.3% Y203 ODS Eurofer steel is Fe-0.1C-9Cr-1W-0.2V-0.18Y (in weight %), its
consolidation method was hot isostatic pressing. The composition of the ODS 12 Cr is Fe-
0.03C-12Cr-1.7W-0.3Ti-0.14Y (in weight %) and its consolidation method was hot extrusion.
These differences in alloy design and fabrication method are responsible for the different types
of microstructures that have formed, final chemical composition of oxide nanoparticles and,
consequently, for the different high-temperature behaviour of the materials.

The 0.3% Y.0s ODS Eurofer steel has, in its reference state, an isotropic
microstructure, composed of tempered martensite, residual ferrite and M23Cs carbides. The

ODS 12 Cr steel does not form austenite at high temperatures and, therefore, its matrix is
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always ferritic, with TiC carbides forming along grain boundaries. Because of consolidation
by hot extrusion, the ferritic grains in the ODS 12 Cr steel are elongated and present <110>a-
fibre texture.

In the 0.3% Y203 ODS Eurofer steel, the oxide nanoparticles are composed of Y, V and
O; in the ODS 12 Cr steel, nanoparticles are Y, Ti, O based. The addition of Ti is known to
reduce the final oxide nanoparticle size and confers higher thermal stability to the particles.
When the oxide nanoparticles remain refined at high temperatures, the Zener pinning force
exerted by them also remains strong and the overall microstructure does not become coarser
during exposure to elevated temperatures. These effects have been shown in Chapters 3, 4 and
5. The Y-V-O based nanoparticles in the 0.3% Y03 ODS Eurofer steel undergo coarsening
during annealing at 1400 K, which leads to the formation of a coarser microstructure upon
cooling to room temperature and reduction of the Vickers hardness. In the ODS 12 Cr steel, a
fraction of the Y-Ti-O nanoparticles become coarser only after 1 h annealing at 1573 K, which
leads to a moderate degree of softening of the material. It is worth mentioning that the
resistance to recrystallization of the ODS 12 Cr steel is partly due to the formation of the
<110>a-fibre texture, which causes an intrinsically low driving force for recrystallization.

For the abovementioned reasons, the overall thermal stability of the ODS 12 Cr steel is
superior to that of the 0.3% Y203 Eurofer steel, but its strong grain elongation also leads to
anisotropy of mechanical properties. The addition of Ti as alloying element is of great
importance for the increase in thermal stability, but the use of hot extrusion as consolidation
method, especially in the case of a ferritic matrix, is not beneficial. ODS steels have a great
potential for high-temperature application, but their fabrication method needs to be optimized
in order to allow their commercial availability.

In Chapter 6, Positron Annihilation Doppler Broadening (PADB) analyses have shown
that ODS steels contain an overall high density of defects. The concentration of defects remains
higher than in non-ODS materials even after annealing at temperatures above 1200 K. This
aspect is due to the high deformation state of ODS steels, caused by mechanical alloying, and
due to the presence of a high number density of oxide nanoparticles. The latter, besides
providing their interfaces with the Fe-matrix and structural vacancies as trapping sites for
positrons, also pin dislocations, making recovery more difficult than in non-ODS alloys.

PADB results suggest that the oxide nanoparticles are able to trap thermal vacancies,
formed in high concentrations during annealing at temperatures of 1400 K and above. The
excess of thermal vacancies, trapped by the oxide nanoparticles, is retained in the

microstructure upon cooling to room temperature. The Thermal Desorption Spectroscopy
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(TDS) results discussed in Chapter 7 support this hypothesis. The ODS 12 Cr steel, in its as-
received condition and after annealing at 1573 K for 1 h, was submitted to low-energy
deuterium plasma and then measured with TDS. The deuterium uptake in the annealed
condition was higher than that in the as-received state. This could be related to the prior
trapping of thermal vacancies by oxide nanoparticles, which would be able to accommodate
more deuterium atoms. Still, more experiments are needed in order to confirm this effect. The
ability of accommodating more deuterium atoms (or hydrogen, or helium, or other radiation-
induced defects) could have positive effects on the performance of the steel during service, but

mechanical testing and further investigations are necessary.

8.2. Recommendations for future research

The hypothesis of oxide nanoparticles trapping thermal vacancies, formed in high
concentration during high-temperature annealing, which resulted from the PADB (Positron
Annihilation Doppler Broadening) and TDS (Thermal Desorption Spectroscopy) studies
performed in the 0.3% Y.03 ODS Eurofer and ODS 12 Cr steels can be of technological
interest. By associating thermal vacancies to their interfaces, the oxide nanoparticles are able
to accommodate more radiation-induced defects, preventing their deleterious effects on
mechanical properties. However, first it is necessary to generate additional confirmation for

this hypothesis. In order to do so, the following experiments are suggested for future research:

1) Positron Annihilation Lifetime Spectroscopy (PALS) analysis of both ODS steels,
annealed at temperatures in the range of 600 K to 1600 K. The Lifetime technique
is essential to complement the results obtained with PABD, as it determines the
lifetimes of positrons trapped at different defects and is able to provide information

about their structures and sizes.

2) Annealing treatments of a non-ODS 12 Cr steel, with the same microstructure as
the ODS 12 Cr steel, but without the presence of oxide nanoparticles. Subsequently,
using Thermal Desorption Spectroscopy, investigation of the deuterium uptake by
the non-ODS 12 Cr steel in the different annealed conditions. In this way, the role
of other microstructural features, like TiC carbides, on the trapping of deuterium

atoms can be evaluated.
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3)

4)

5)

6)

Exposure of the ODS 12 Cr steel to high-energy deuterium plasma, before and after
high-temperature treatments. Exposure to high-energy plasma will lead to the
formation of vacancies and self-interstitials, besides introducing deuterium in the
material. Subsequent analysis of the defects formed can be performed with PALS,
PADB and TDS.

First principles studies (ab initio, DFT calculations) can be carried out in order to

understand how deuterium (or hydrogen, or helium) bind to oxide nanoparticles.

Mechanical testing of ODS steels, in annealed and as-received conditions, prior and
after exposure to deuterium plasma. In this way, it will be possible to evaluate the
effect of higher deuterium uptake on the mechanical properties (use of miniature

specimens, small punch testing, hardness measurements).

It is of fundamental interest to understand the coarsening mechanism of oxide
nanoparticles, however, such investigation is complex. A highly refined
characterization of the core-shell structure of oxide nanoparticles, before and after
high-temperature annealing treatments, can give insight into the diffusion of
elemental components that drive coarsening. Atom Probe Tomography and
advanced techniques of Transmission Electron Microscopy can be used. The 0.3%
Y203 ODS Eurofer steel studied in the present thesis presents lower thermal
stability than other ODS Eurofer steels reported in the literature. The early
coarsening of its Y-V-O nanoparticles could be related to the lack of tantalum in
the material and, hence, the effect on tantalum should also be investigated.
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Summary

An approach to improve the performance of steels for fusion and fission reactors is to reinforce
them with oxide nanoparticles. These can hinder dislocation and grain boundary movement
and trap radiation-induced defects, thus increasing creep and radiation damage resistance.
Steels containing these oxide particles are called ODS steels (Oxide Dispersion Strengthened).
In the present thesis, two ODS steels containing 0.3 weight % of Y203 were studied: the 0.3%
Y203 ODS Eurofer and the ODS 12 Cr steel. The main objectives of the work developed during
these four years were: (i) evaluation of the thermal stability of the microstructure and of the
oxide nanoparticles present in the steels; (ii) investigation of the effect of oxide nanoparticles
on phase transformations and other microstructural processes, such as recovery and
recrystallization; (iii) investigation of the interaction of oxide nanoparticles with defects
intrinsic to the microstructure and (iv) development of the fundamental understanding of the
behaviour of the steels prior to exposure to radiation.

The systematic characterization of microstructure of the two ODS steels was made, in their
reference state and after 1 h annealing treatments at temperatures ranging from 573 K to 1600
K. The techniques used were Scanning Electron Microscopy (SEM), Electron Backscatter
Diffraction (EBSD) and Vickers hardness testing. The oxide nanoparticles present in the 0.3%
Y203 ODS Eurofer steel were observed using Transmission Electron Microscopy (TEM) and
Atom Probe Tomography (APT); the oxide nanoparticles in the ODS 12 Cr steel were analysed
with TEM. The 0.3% Y203 ODS Eurofer steel has, in its reference state, an isotropic
microstructure, without significant texture, composed of tempered martensite, residual ferrite
and M23Cs carbides. The ODS 12 Cr steel does not form austenite at high temperatures and,
therefore, its matrix is always ferritic, with TiC carbides located along grain boundaries.
Because of consolidation by hot extrusion, the ferritic grains in the ODS 12 Cr steel are
elongated and present <110>a-fibre texture. In the 0.3% Y203 ODS Eurofer steel the oxide
nanoparticles are composed of Y, V and O; in the ODS 12 Cr steel, the nanoparticles are Y, Ti
and O based. The addition of Ti is known for reducing the final oxide nanoparticle size and for
conferring higher thermal stability to the particles. When the oxide nanoparticles remain
refined at high temperatures, the Zener pinning force exerted by them also remains strong and
the overall microstructure does not become coarser during exposure to elevated temperatures.
The Y-V-O based nanoparticles in the 0.3% Y203 ODS Eurofer steel go through coarsening

during annealing at 1400 K, which leads to the formation of a coarser microstructure upon

137



cooling to room temperature and reduction in the Vickers hardness. In the ODS 12 Cr steel, a
fraction of the Y-Ti-O nanoparticles becomes coarser only after 1 h annealing at 1573 K, which
leads to a moderate degree of softening of the material.

Positron Annihilation Doppler Broadening (PADB) was used to investigate the thermal
evolution of defects present in different ODS steels and their interaction with oxide
nanoparticles. PADB results suggest that the oxide nanoparticles are able to trap thermal
vacancies, formed in high concentrations during annealing at temperatures of 1400 K and
above. The excess of thermal vacancies, trapped by the oxide nanoparticles, is retained in the
microstructure upon cooling to room temperature. To further investigate this hypothesis,
Thermal Desorption Spectroscopy (TDS) measurements were carried out in the ODS 12 Cr
steel, in its as-received condition and after annealing at 1573 K for 1 h, after exposure to low-
energy deuterium plasma. The deuterium uptake in the annealed condition was higher than that
in the as-received state, and it could be related to the prior-trapping of thermal vacancies by
oxide nanoparticles, which would be able, then, to accommodate more deuterium atoms. The
ability to accomodate more deuterium atoms (or hydrogen, or helium, or other radiation-
induced interstitials) could have positive effects on the performance of the steel during service,

but mechanical testing is necessary to verify this influence.
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Samenvatting

Een benadering om de prestaties van staal voor kernsplijting en fusiereactoren te verbeteren, is
om ze te versterken met oxide-nanodeeltjes. Deze kunnen beweging van dislocaties en
korrelgrenzen belemmeren en stralingsgeinduceerde defecten binden, waardoor de weerstand
tegen kruip en stralingsschade toeneemt. Staalsoorten die deze oxidedeeltjes bevatten worden
ODS-stalen genoemd, Oxide Dispersion Strengthened. In dit proefschrift zijn twee ODS-
staalsoorten met 0,3 gew.% Y203 bestudeerd: 0,3% Y.03 ODS Eurofer en ODS 12 Cr staal.
De belangrijkste doelstellingen van het werk dat gedurende deze vier jaar werd ontwikkeld,
waren: (i) het evalueren van de thermische stabiliteit van de microstructuur en van de oxide-
nanodeeltjes die aanwezig zijn in het staal; (ii) het effect van oxide-nanodeeltjes op de kinetiek
van fasetransformaties en andere microstructurele processen (herstel, rekristallisatie)
onderzoeken; (iii) de mogelijke interactie van oxide-nanodeeltjes met defecten die inherent zijn
aan de microstructuur onderzoeken en (iv) een meer fundamenteel begrip ontwikkelen van het
gedrag van de staalsoorten voorafgaand aan blootstelling aan straling.

De systematische karakterisering van de microstructuur van de twee ODS-staalsoorten werd
gedaan in de referentietoestand en na gloeibehandelingen van 1 uur bij temperaturen van 573
K tot 1600 K. De gebruikte technieken waren Scanning Electron Microscopy (SEM), Electron
Backscatter Diffraction (EBSD) en Vickers-hardheidmetingen. De oxide-nanodeeltjes die
aanwezig zijn in het 0,3% Y.03 ODS Eurofer-staal werden waargenomen met behulp van
Transmission Electron Microscopy (TEM) en Atom Probe Tomography (APT); de oxide-
nanodeeltjes in het ODS 12 Cr-staal werden geanalyseerd met TEM. Het 0,3% Y203 ODS
Eurofer-staal heeft in de referentietoestand een isotrope microstructuur, zonder significante
textuur, en is samengesteld uit ontlaten martensiet, restferriet en M23Ce-carbiden. Het ODS 12
Cr-staal vormt geen austeniet bij hoge temperaturen en daarom is de matrix altijd ferritisch,
met TiC-carbiden langs korrelgrenzen. Vanwege consolidatie door extrusie op hoge
temperatuur zijn de ferrietkorrels in het ODS 12 Cr-staal langwerpig en hebben een <110>a-
vezeltextuur. In het 0,3% Y03 ODS Eurofer-staal zijn de oxide-nanodeeltjes samengesteld uit
Y, V en O; in het ODS 12 Cr-staal zijn de nanodeeltjes gebaseerd op Y, Ti, O. Het is bekend
dat de toevoeging van Ti leidt tot het verminderen van de uiteindelijke grootte van de oxide-
nanodeeltjes en tot een hogere thermische stabiliteit van de deeltjes. Wanneer de oxide-
nanodeeltjes bij hoge temperaturen fijn verdeeld blijven, blijft de Zener-pinkracht die ze

uitoefenen ook sterk en wordt de algehele microstructuur niet grover tijdens blootstelling aan
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hoge temperaturen. De op Y-V-O gebaseerde nanodeeltjes in het 0,3% Y.03 ODS Eurofer-
staal worden grover tijdens het gloeien bij 1400 K, hetgeen leidt tot de vorming van een grovere
microstructuur bij afkoeling tot kamertemperatuur en vermindering van de Vickers-hardheid.
In het ODS 12 Cr-staal wordt een fractie van de Y-Ti-O-nanodeeltjes pas grover na 1 uur
gloeien bij 1573 K, hetgeen leidt tot enige verzwakking van het materiaal.

Positron Annihilation Doppler Broadening (PADB) werd gebruikt om de thermische
ontwikkeling van defecten in verschillende ODS-staalsoorten en hun interactie met oxide-
nanodeeltjes te onderzoeken. PADB-resultaten suggereren dat de oxide-nanodeeltjes in staat
zijn om thermische vacatures te binden, gevormd in hoge concentraties tijdens uitgloeien bij
temperaturen van 1400 K en hoger. De overmaat aan thermische vacatures, gebonden door de
oxide-nanodeeltjes, wordt bij afkoeling tot kamertemperatuur in de microstructuur
vastgehouden. Om deze hypothese verder te onderzoeken werden thermische
desorptiespectroscopiemetingen (TDS) uitgevoerd in het ODS 12 Cr-staal, in de
uitgangstoestand en na 1 uur gloeien bij 1573 K, na blootstelling aan een laag-energetisch
deuteriumplasma. De opname van deuterium in de gegloeide toestand was hoger dan die in de
uitgangstoestand, hetgeen verband zou kunnen houden met het eerder optredende insluiten van
thermische vacatures door oxide-nanodeeltjes, die dan in staat zouden zijn om meer
deuteriumatomen te accommoderen. Toch zijn er meer experimenten nodig om dit effect te
bevestigen. Het vermogen om meer deuteriumatomen (of waterstof, helium of andere door
straling veroorzaakte interstitiélen) op te nemen, zou positieve effecten kunnen hebben op de
prestaties van het staal tijdens gebruik, maar mechanische tests zijn noodzakelijk om dit vast

te stellen.
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