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Summary 

Steels are still, and probably will remain in future, the primary choice for applications as 

structural materials. This is not only because of the reasonable ratios of properties over 

production costs, but also owing to the versatile properties realisable via variety of 

microstructures achieved by controlling the solid-state phase transformations between 

austenite and ferrite phases in steels. The noticeable improvements in the properties of 

advanced high strength steels since the invention, have led to development of three 

generation of these steels. A sustainable continuous improvement in developing new grades 

of steels, requires more and deeper understanding of the effect of macroscopically 

controllable parameters, such as overall composition and temperature variations, on the rate 

of nucleation and migration of interfaces during solid-state phase transformations.  

In this PhD thesis, experimental and modelling approaches are developed and employed to 

study the effect of alloying elements, such as Mn and C, on migration behavior of 

interfaces during solid state phase transformations at high and low temperatures. To this 

aim, the first five chapters of this thesis are dedicated to study austenite to ferrite phase 

transformation at high intercritical temperatures.  In  Chapter 2, the effect of Mn and Si and 

initial microstructure on the fraction of austenite during intercritical isothermal annealing 

are investigated with experimental and modelling approaches. This study highlights the key 

role of Mn partioning mode on the overall rate of transformations. However, the rate of the 

isothermal transformations through conventional methods is influenced by the concurrent 

nucleation and growth phenomena. In order to separate these two phenomena, the recently 

developed cyclic partial phase transformation approach, where the effect of nucleation 

during phase transformations are proved to be negligible, is used in the subsequent 

investigations. By means of this approach, the effect of interstitial elements on the 
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partitioning of Mn during austenite-ferrite phase transformation is studied in  Chapter 3. 

This study shows that Mn interaction with the transformation interfaces occurs even in 

interstitial free Fe-0.5Mn alloy. The segregation of Mn to the interfaces is increased by 

presence of interstitial elements of C and N and significantly slows down migration of 

interfaces during cyclic experiments. It is also found that C promotes more Mn partioning 

in an Fe-C-Mn alloy compared to that of Fe-N-Mn alloy.  

In order to gain better insight into the Mn segregation to transformation interfaces as a 

function of composition and temperature, a systematic set of computational and 

experimental cyclic partial phase transformations in low to medium Mn steels are designed 

and implemented. The results of this study, presented in  Chapter 4, reveal a critical Mn 

concentration of 1.5 to 2 mass% at which Mn partitioning mode during the transformation 

significantly changes. The controlled segregation of Mn to the interfaces achieved via 

transitions in Mn partioning mode can be used to temporarily suspend further 

transformations during subsequent cooling. This approach is successfully employed to 

prevent microstructural band formation in a micro-chemically banded Fe-C-Mn-Si steel 

in  Chapter 5. The origin of the suppression of band formation either by means of fast 

cooling or a cyclic partial phase transformation is investigated in detail and could be linked 

to the effect of local Mn partitioning on the effective austenite-ferrite interface mobility. 

In  Chapter 6, the sophisticated technique of in-situ high temperature electron back 

scattered diffraction is used to directly observe and analyse migration behavior of austenite-

ferrite interfaces in a medium Mn steel during cyclic experiment. This study is coupled 

with 3D phase field simulations to better understand the in-situ 2D observations in the 

context of the 3D transformation events taking place below the surface. The trajectories of 

selected characteristic interfaces are analysed in detail and individual interfaces are found 

not to necessarily follow the overall response of the material to temperature variations. The 

reasons for observed scattered behavior of individual interfaces are discussed considering 

the local conditions in the vicinity of interfaces on its motion, as well as the misleading 

effects of 2D observations of processes essentially taking place in 3D. 

After studying austenite-ferrite transformations at high temperatures, the last two chapters 

of this thesis are dedicated to study the isothermal bainite formation at low temperatures. 
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The results of a direct high temperature laser scanning confocal microscopy of isothermal 

bainite formation in a Fe-0.2C-1.5Mn-2.0Cr alloy are presented in  Chapter 7. Evolution of 

isothermal bainite in terms of nucleation and growth phenomena at different temperatures is 

monitored in-situ and the kinetics of both nucleation and growth of the bainitic plates are 

analysed quantitatively. Grain boundary nucleation is observed to be the dominant 

nucleation mode at all transformation temperatures. The rate of nucleation is found to vary 

markedly between different austenite grains. The temperature dependence of the average 

bainite nucleation rate is in qualitative agreement with the classical nucleation theory. 

Analysis of plate growth reveals that the lengthening rates of bainite plates differs strongly 

between different grains. However, the lengthening rates do not seem to be related to the 

type of nucleation site. Analysis of the temperature dependence of the growth rate shows 

that the lengthening rates at high temperatures are in line with a diffusional model when a 

growth barrier of 400 J/mol is considered.  

Finally, in  Chapter 8, an extended Gibbs Energy Balance model is introduced for 

predicting the effect of alloying elements on the degree of incomplete austenite to bainite 

transformation in low carbon steels. This model makes use of an additive approach to 

calculate the coupled effect of substitutional alloying elements on the fraction of bainitic 

ferrite after the incomplete transformation in multicomponent steels. The model predicts 

significant effects of Mn and Mo and negligible effect of Si levels on the fraction of bainitic 

ferrite. This is attributed to the high value of dissipation of Gibbs energy caused by 

interfacial diffusion of Mn and Mo and low values caused by Si diffusion. The model 

predictions for quaternary Fe-C-Mn-Si system are comparable with the experimentally 

measured values of bainite fraction. For the Fe-C-Mn-Mo system, the agreement is less 

accurate, and the accuracy decreases with increasing Mo content, which is attributed a 

substantial carbide formation but interaction effects between Mn and Mo or a temperature 

dependent binding energy cannot be ruled out. 
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Samenvatting 

Staal is en blijft ook in de toekomst het preferente materiaal voor constructieve 

toepassingen. Dit is niet alleen vanwege de gunstige verhouding van prestaties tegen 

materiaalkosten maar ook omdat de eigenschappen van staal zich zo makkelijk laten sturen 

door een veelvoud van microstructuren die door vaste-stof fasetransformaties bij het 

afkoelen vanuit de austeniet-fase verkregen kunnen worden. De belangrijke veranderingen 

hebben geleid tot drie nieuwe generaties van staal als basis materiaal voor de dragende 

constructies in passagiers- en vracht wagens.  Een verdere ontwikkeling van deze moderne 

staaltypen vereist een nog beter inzicht in de effecten van temperatuur en staalsamenstelling 

op de kiem- en groeisnelheid van de fasen die ontstaan bij afkoeling van hoge temperatuur.  

In dit proefschrift worden nieuwe experimentele methoden en theoretische modellen 

gepresenteerd die de effecten van legeringselementen zoals koolstof en mangaan, op de 

snelheid van austeniet-ferriet grensvlakken bij hoge en lage temperaturen beter trachten te 

beschrijven. De eerste vijf hoofdstukken gaan over het grensvlakgedrag bij hoge, 

zogenaamde interkritische, temperaturen. Hoofstuk 2 beschrijft het onderzoek naar het 

effect van Mn en Si en uitgangsmicrostructuur op de hoeveelheid austeniet die gevormd 

wordt bij een gegeven gloeitemperatuur.  Deze metingen laat duidelijk de invloed van het 

Mn gehalte op het uiteindelijke resultaat zien.  In bovenstaande experimenten speelden 

zowel nucleatie van nieuwe korrels als groei van bestaande korrels een rol. Dit was echter 

niet het geval in de experimenten in Hoofstuk 3 waarbij cyclische gedeeltelijke  

transformaties gebruikt werden om de nog onbekende effecten van koolstof en stikstof 

alsmede het ontbreken van interstitiële legeringselementen op de snelheid van het austeniet-

ferriet grensvlak te bestuderen. Gebleken is dat de interstitiële legeringselementen de 

snelheid behoorlijk vertragen en dat koolstof een sterker effect heeft dan stikstof.  



 

 
Page v 

Om het effect van Mangaan herverdeling aan het grensvlak op de transformatiesnelheid 

beter te beschrijven zijn experimenten en berekeningen uitgevoerd aan vergelijkbare 

staalsoorten met verschillend Mn gehalte die onderwerpen werden aan cyclische 

gedeeltelijke transformaties. De resultaten zijn beschreven in Hoofdstuk 4 en laten zien dat 

het gedrag in belangrijke mate verandert bij een Mn gehalte van 1.5-2.0 gewichts %.  De 

inzichten die verkregen zijn hoe de lokale Mn herverdelingen aan het grensvlak de 

beweeglijkheid ervan sterk kunnen terugbrengen, zijn gebruikt in het onderzoek zoals 

beschreven in Hoofdstuk 5. In dit hoofdstuk wordt laten zien hoe door slim gekozen 

cyclische transformaties de ongewenste ferriet-perliet bandvorming ook bij lage 

afkoelsnelheden onderdrukt kan worden.  De verkregen resultaten worden vergeleken met 

die van conventionele experimenten waarin bandvorming alleen onderdrukt kan worden 

door verhoging van de afkoelsnelheid.  

In Hoofdstuk 6 wordt de geavanceerde ‘high temperature electron back scattering 

diffraction’ (HT-EBSED) techniek gebruikt om de verplaatsing van individuele austeniet-

ferriet grensvlakken tijdens cyclische gedeeltelijke fasetransformaties rechtstreeks en in-

situ waar te nemen.  Deze experimentele studie is aangevuld met 3D ‘phase field’ 

simulaties om de waarnemingen aan het 2D grensvlak beter te kunnen relateren aan hun 

eigenlijke 3D karakter van de transformatie die zich grotendeels afspeelt onder het 

observatievlak.  Individuele grensvlakken zijn met hoge precisie geregistreerd en de daarop 

losgelaten analyse laat zien dat het gedrag van individuele grensvlakken sterk kan 

verschillen van het gemiddelde grensvlakgedrag zoals dat uit dilatometrische metingen 

gedestilleerd kan worden.  De oorzaak van de afwijking ligt meestal aan lokale 

omstandigheden of aan het feit dat processen in 3D de-facto aan een 2D oppervlak 

waargenomen worden.  

De laatste twee hoofdstukken van dit proefschrift zijn gewijd aan de vorming van bainiet 

zoals dat bij een lagere transformatietemperatuur plaatsvindt. De resultaten van in-situ 

waarnemingen van bainietvorming in een legering Fe-0.2C-1.5Mn-2.0Cr zijn beschreven 

in Hoofdstuk 7. Uit de in-situ waarnemingen bij verschillende temperaturen kon zowel het 

nucleatie- als het groei-gedrag bepaald worden.  Nucleatie op de korrelgrens bleek de 

belangrijkste verschijningsvorm van nieuwe korrels te zijn, waarbij de nucleatiesnelheid 
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sterk per korrel bleek te kunnen verschillen. De temperatuurafhankelijkheid van de 

nucleatie bleek in overeenstemming te zijn met de klassieke theorieën.   Analyse van de 

groeisnelheid liet zien dat deze sterk varieerde maar dat er geen relatie tussen groeisnelheid 

en moment van nucleatie aan te tonen was. Analyse van de groeisnelheid in de langs-

richting van de bainietplaten liet zien dat die overeenkwam met theoretische voorspellingen 

in geval de energetische barrière voor groei 400 J/mol zou bedragen.  

Tot slot wordt in Hoofdstuk 8 een uitgebreide versie van het  ‘Gibbs Energy Balance’ 

model voor het verklaren van de samenstellingsafhankelijkheid van de incomplete 

bainietvorming gepresenteerd. Dit model is gebaseerd op een additieve bijdrage van de 

verschillende legeringselementen. Het model voorspelt dat Mn en Mo een sterk effect 

hebben maar dat de invloed van Si verwaarloosbaar is.  Het verschil wordt toegeschreven 

aan het grote verschil in bindingsenergie van de genoemde legeringselementen met het 

bewegende grensvlak. De voorspellingen voor het Fe-C-Mn-Si systeem zijn in goede 

overeenstemming met de experimentele resultaten. De overeenkomst voor het Fe-C-Mn-

Mo systeem is minder goed en wordt slechter bij hoger Mo gehalte. Deze toenemende 

afwijking wordt toegeschreven aan mogelijke carbide vorming maar het is ook mogelijk dat 

een temperatuurafhankelijke interactie tussen Mo en Mn een rol speelt. 
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Chapter 1 Introduction 

The possibility of realizing a wide range of mechanical and other properties in 

multicomponent alloys is directly connected to that fact that metallic materials in general 

and steels in particular can have many different microstructures for a given chemical 

composition by tailoring the successive liquid to solid and solid to solid phase 

transformations. While virtually all actual transformations proceed via nucleation and 

growth processes, overall it is the velocity of the interfaces between the transient phases 

present during thermal processing which determine the ultimate microstructure and hence 

the ultimate properties. 

1.1 Importance of Phase Transformations in Steels 

In steels, the solid-state phase transformations between face entered cubic (FCC) crystalline 

phase of austenite and body cantered cubic (BCC) crystalline phase of ferrite are by a great 

degree controlled by the rate of nucleation and the migration velocity of interfaces during 

phase transformations. The history of research and development in steels is full of 

challenges to understand and regulate the effect of macroscopically controllable parameters, 

such as overall composition and temperature variations, on solid state phase 

transformations. Earlier research efforts over the past two decades have led to three 

generations of advanced high strength steels (AHSS) each with different microstructures 

and compositions and properties: The first generation of AHSS includes dual phase (DP), 

transformation induced plasticity (TRIP), complex-phase (CP) and martensitic (MART) 

steels with a high fraction of allotriomorphic ferrite or ferrite-like phases. The second 

generation of AHSS, includes twinning induced plasticity (TWIP), Al-rich lightweight 

steels (L-IP®) and shear band strengthened steels (SIP) and contain a large fraction of 

metastable austenite as a result of their Mn concentration being up to 20 mass%. The third 
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generation AHSS with better strength-ductility combinations at lower costs [1–4] includes 

the so-called medium Mn steels [5–11] to which the steels to be researched in this thesis 

belong. The attractive mechanical properties of these steels are due to their multi-phase 

microstructures with sizeable fractions of retained austenite. Intercritical annealing 

treatments at isothermal bainite transformation temperatures form the basis for the desired 

multi-phase bainite-austenite microstructures in these steels. Controlling the amount, 

morphology and stability of retained austenite as well as that of the other microstructural 

components  is a goal not only of academic but also of significant industrial interest, since 

the austenite-bainite microstructure formed during intercritical annealing determines the 

mechanical properties of the steel [12–16].  

Manganese is the key alloying element in development of the 3rd Gen of AHHS. Studying 

the partitioning behavior of Mn at interfaces solely and also in presence of other alloying 

elements and their effects on the kinetics of ferrite and bainite formation requires separation 

of the effects on the simultaneous nucleation of new grains and their growth behavior [17–

25]. Approaching this goal, requires sophisticated experimental techniques and alternative 

thermal routes to be able to separately investigate effects of Mn at transformation interfaces 

during ferrite and bainite formation.   

1.2 Thesis Structure and Scope 

The main scope of this thesis is to study the effect of substitutional (in particular Mn) and 

interstitial (in particular C) alloying elements both by experimental and modelling 

approaches on migration behavior of interfaces during solid state phase transformations at 

high and low temperatures. The approaches are exclusively designed to elucidate role of 

interfaces in overall transformation kinetics. 

In  Chapter 2, the effects of Mn and Si concentration and the isothermal intercritical 

holding temperature on the austenite to ferrite and the martensite to austenite phase 

transformations are studied for a series of Fe-C-Mn-Si steels. The experimental 
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observations are compared to predictions by the Local Equilibrium model [26], illuminating 

importance of the initial microstructure on the kinetics of phase transformations.  

In  Chapter 3, the effect of interstitial elements on the partitioning of Mn at migrating 

transformation interfaces during austenite-ferrite phase transformation is studied using the 

cyclic partial phase transformation concept [27]. In this study the transformation kinetics of 

the base Fe-C-0.5 Mn alloy, the same alloy after a decarburization treatment and the same 

alloy after a decarburization and re-nitriding treatment is determined and analysed.  

 Chapter 4 presents results of a systematic set of computational and experimental cyclic 

partial phase transformations in low to medium Mn steels revealing a critical Mn 

concentration at which Mn partitioning at moving austenite-ferrite interfaces can be used to 

temporarily suspend further transformation during subsequent cooling.  

Using the insights achieved in the preceding systematic studies, in  Chapter 5 a novel 

approach using the cyclic partial phase transformation concept is developed and 

successfully applied to prevent microstructural band formation in a micro-chemically 

banded Fe-C-Mn-Si steel. The origin of the suppression of band formation either by means 

of fast cooling or a cyclic partial phase transformation is investigated in detail and could be 

linked to the effect of local Mn partitioning on the effective austenite-ferrite interface 

mobility. 

In  Chapter 6, the migration behavior of austenite-ferrite interfaces in a medium Mn steel 

using sophisticated in-situ high-temperature EBSD mapping techniques is recorded and 

analysed. The experimental study of the migration of the austenite-ferrite interfaces during 

cyclic austenite-ferrite phase transformations is coupled with 3D phase field simulations to 

better understand the 2D EBSD observations in the context of the 3D transformation events 

taking place below the surface. The trajectories of selected characteristic interfaces are 

analysed in detail and yield insight into the effect of local conditions in the vicinity of 

interfaces on its motion, as well as the misleading effects of 2D observations of processes 

essentially taking place in 3D. 
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Direct high temperature laser scanning confocal microscopical observations of the 

isothermal bainite formation in a Fe-0.2C-1.5Mn-2.0Cr alloy are presented in  Chapter 7. 

Evolution of isothermal bainite in terms of nucleation and growth phenomena at different 

temperatures is monitored in-situ and the kinetics of both nucleation and growth of the 

bainitic plates is analysed quantitatively.   

Finally, in  Chapter 8, an extended Gibbs Energy Balance model is introduced for 

predicting the effect of alloying elements on the degree of incomplete austenite to bainite 

transformation [28,29] in low carbon steels. This model makes use of an additive approach 

to calculate the coupled effect of substitutional alloying elements on the fraction of bainitic 

ferrite after the incomplete transformation in multicomponent steels. The model predictions 

are compared with the experimentally measured values of bainite fraction and levels of 

accuracy of the model predictions are discussed considering effects of carbide formation, 

possible interaction between elements partitioned at interfaces and a potential temperature 

dependence of binding energies at austenite-ferrite interfaces. 
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Chapter 2 Effect of Mn and Si on Intercritical 

Ferrite and Austenite Formation 

This Chapter is based on  

• H. Farahani, W. Xu, S. van der Zwaag, Prediction and Validation of the Austenite 

Phase Fraction upon Intercritical Annealing of Medium Mn Steels, Metallurgical 

and Materials Transactions A, Volume 46, Issue 11, 1 November 2015, Pages 4978-

4985. 

ABSTRACT  
In this research the effects of Mn and Si concentration and that of the isothermal 

intercritical holding temperature on the austenite to ferrite (γ→α) and the martensite to 

austenite (α′→γ) phase transformations are studied for a series of Fe-C-Mn-Si steels with 

up to 7 mass% Mn. The model is based on the local equilibrium (LE) concept. The model 

predictions are compared to experimental observations. It is found that the austenite volume 

fraction at the end of intercritical annealing depends significantly on the initial 

microstructure. For Mn concentrations between 3 to 7 mass% the LE model is qualitatively 

correct. However, at higher Mn levels the discrepancy between the predicted austenite 

fractions and the experimental values increases, in particular for the α′→γ transformation. 

Intragrain nucleation is held responsible for the higher austenite fractions observed 

experimentally. Silicon is found have a much smaller effect on the kinetics of the 

intercritical annealing than Mn.  
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2.1 Introduction 

The intercritical annealing treatment involves heating or cooling to and holding at a 

temperature between the Ae1 and the Ae3 temperature to obtain partial austenitization. The 

treatment is part of almost any process routes to create multiphase steels. The kinetics of 

the transformation from austenite to ferrite and vice versa during the intercritical annealing 

determines the austenite/ferrite fractions and eventually the mechanical properties. Hence 

the topic has been the subject of continued scientific interest as well as a key factor in the 

industrialization of multiphase steels [1–8]. It is therefore important to develop models for 

the kinetics and the final phase fractions during intercritical annealing. The models should 

be capable to handle different initial microstructures corresponding to different process 

routes and to capture the effects of key alloying elements such as C, Si and Mn [9,10]. 

It has been shown that in steels with a low concentration of Mn, the Mn enrichment at the 

moving austenite-ferrite interface is of crucial importance in determining the transformation 

kinetics [11–17]. Three main concepts have been formulated to describe the transformation 

between austenite and ferrite in the two-phase region: (i) Full equilibrium (FE) [18] in 

which all alloying elements redistribute till equilibrium is reached everywhere in system. In 

the case of FE, the fraction of ferrite or austenite in the intercritical region is fixed at a 

given temperature, irrespective of the starting microstructure. (ii) paraequilibrium (PE) 

[19,20] in which it is assumed that the phase transformation can proceed without any 

redistribution of the substitutional alloying element M (M = Mn, Si, Mo, etc.) and only the 

Carbon redistributes such that  the chemical potential of carbon across any austenite-ferrite 

interface is constant. At a certain temperature, there is only one PE tie-line, which means 

that the PE fraction of ferrite or austenite is also fixed at that specific temperature. (iii) 

Local equilibrium (LE) [21,22]: In the LE model, the interface is assumed to migrate under 

full LE with partitioning of both C and M. Due to the large difference in the diffusivities of 

C and M, there are two different transformation modes: (a) local equilibrium with 

negligible partitioning (NPLE) mode. In this mode, the concentration of M in ferrite is the 

same as that in austenite, but there is a M spike in front of the migrating interface as a result 

of the assumed LE condition. The transformation rate is effectively controlled by carbon 
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diffusion and is relatively fast; and (b) local equilibrium with partitioning (PLE) mode, in 

which the carbon gradient in austenite is negligible, while that of M is large. In this mode, 

the transformation rate is governed by the rate of M partitioning and is extremely sluggish. 

Depending on the composition of a material, the transformation could start in NPLE mode 

and then proceed in the PLE mode. In practice, the point at which the transformation mode 

switches from NPLE to PLE is regarded as the termination of the transformation [13–

15,23–29]. For modest annealing times, the final phase fractions obtained after annealing 

correspond to the phase fraction achieved in PLE mode [16,30–32].  A similar halting 

criterion has been formulated in a recent model for a grain growth model involving 

boundary loading by impurities [33].  

Medium and high Mn steels have drawn much attention in recent years in the development 

of the 3rd generation advanced high strength steels, combining excellent mechanical 

properties and reasonable material and production costs [25,30,34,35]. These steels are 

generally subjected to intercritical annealing so as to redistribute the Mn and to tailor the 

amount, morphology and stability of the retained austenite after the final cooling [36–40]. 

For higher Mn concentrations, the transition point from NPLE to PLE during the 

intercritical annealing, starting from different initial microstructures may differ 

significantly. Hence the transition conditions are crucial in determining the final 

microstructure (and the mechanical behavior) in the medium Mn steels [35,39–43]. 

In a previous  study [16] for low Mn steels (Mn levels up to 1.5mass%), it was shown that 

the LE model provides the more accurate predictions of austenite fractions (fγ) after the 

intercritical heat treatment starting from different initial microstructures, while FE and PE 

models failed to deliver satisfactory estimates. In the current study, the LE model is 

employed to study the effects of Mn and Si additions on the NPLE to PLE transition during 

the intercritical annealing, for both the austenite to ferrite (γ→α) and the martensite to 

austenite (α′→γ) transformations, for steels with up to 7 mass% Mn. The model predictions 

are compared to experimental metallographic data on samples subjected to well defined 

heat treatments. 
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2.2 Modelling and Experimental procedures 

The LE and FE models were applied to simulate the γ→α and the α′→γ transformations in a 

series of four Fe-C-Mn-Si alloys with compositions listed in Table 1, at different 

intercritical annealing temperatures of 933 K (660 ℃), 953 K  (680 ℃) and 973 K  (700 ℃). 

While earlier studies in the literature [13,14,16,24,28,44,45] focused on Mn levels up to 3 

mass%, in this study Mn levels up to 7 mass% are examined both computationally and 

experimentally. The corresponding Ae1 and Ae3 temperatures were calculated by Thermo-

Calc coupled to the TCFe7 database. The values calculated for each steel are also listed in 

Table 1. The transformation kinetics simulations were performed using the DICTRA 

software linked to the TCFE7 and MOB2 databases [46,47]. Unless stated otherwise, a 1D 

geometry representing an austenite grain size of 50 µm was used in the simulations. To test 

the effect of cell size on the transformation behavior, the simulations were also executed 

using different cell sizes. The α′→γ transformation is also modelled assuming the same 

highly simplified planar geometry for the interface between the martensite and the 

austenite. In Fig.  2.1, sketches of the initial simulation setups (an austenitic starting state or 

a martensitic starting state respectively) for the two transformations scenario are shown. 

The martensite can be modelled by the ferrite phase in DICTRA by imposing the 

appropriate concentrations and (ferritic) diffusion coefficients. The simulation studies 

focused only on intercritical annealing conditions. For all simulations the transformation 

time was fixed at 104 s. 

Table  2.1 - Nominal composition of studied alloys with calculated A1 and A3 temperatures by Thermo-Calc. 

 Nominal composition in mass% Calculated temperatures by Thermo-Calc 

Index C Mn Si Fe Ae1 Ae3 

A 0.1 3.0 0 bal. 878 K (605 ℃) 1050 K (777 ℃) 

B 0.2 5.0 0 bal. 818 K (545 ℃)   991 K (718 ℃) 

C 0.2 5.0 1.6 bal. 823 K (550 ℃) 1015 K  (742 ℃) 

D 0.2 7.0 1.6 bal. 673 K (400 ℃) 968  K (695 ℃) 
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Fig.  2.1 - Sketch of simulation setup for (a) the austenite-to-ferrite transformation, and (b) the martensite-to-

austenite transformation. 

 

Fig.  2.2 - Heat treatment diagram illustrating two different transformation routes. 

Real metallurgical experiments were also preformed to validate the model predictions. In 

the experiments, the specimens were subjected to heat treatment schemes as illustrated in 

Fig.  2.2. For the martensite to austenite transformation, the specimen was isothermally held 

at 1173 K (900 ℃) for 900 s, followed by water quench with cooling rate of ~75 K/s, to 

obtain a full martensitic structure, and subsequently heated to the intercritical regime at a 

heating rate of ~15 K/s and kept at the intended temperature for 7200 s. For the austenite to 

ferrite transformation, the specimen was austenitized at 1173 K (900 ℃) for 900 s and 

cooled in the furnace with a cooling rate of ~0.5 K/s then isothermally kept in the two-

phase region for 7200 s. Both heat treatment routes were terminated with water quenching 
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at the end of the intercritical annealing. The phase fractions were obtained by quantitative 

metallography based on optical micrographs after Nital etching. 

2.3 Results  

In Fig.  2.3, the austenite fractions as a function of time as predicted by LE model during the 

isothermal holding at 933 K (660 ℃), for either the γ→α (Fig.  2.3a) and the α′→γ 

(Fig.  2.3b) transformations are presented for the four alloys studied. The LE model predicts 

that the kinetics depends on the initial microstructure, while the FE predictions for each of 

the alloys studied are transformation path independent. The LE model predicts that no 

transformation, i.e. fα≈0 occurs in case of an austenitic starting state. Interestingly, 

however, for all alloys the LE model predicts that the α′→γ transformation progresses 

significantly. As can be seen in Fig.  2.3b, there is a primary fast mode in the kinetics of 

α′→γ transformation during the first 10 s followed by a rather sluggish increase in γ 

fraction (NPLE/PLE transition). This interesting phenomenon implies that the NPLE/PLE 

transition point strongly depends on the transformation path and the alloy composition, as 

was also observed for the lower Mn levels [16]. According to LE model, when the 

concentration of Mn in ferrite is the same as in the austenite and the transformation is 

controlled by C diffusion in initial phase only and the process is fast. Since the diffusivity 

of C in ferrite is much higher than that in austenite, the α′→γ transformation rate is 

significantly faster than the γ→α phase transformation. Furthermore, differences in the 

NPLE/PLE transition of four alloys reveals effects of Mn and Si in the α′→γ 

transformation, as shown in Fig.  2.3b. An increase in the Mn content, results in an earlier 

NPLE/PLE transition and a higher final austenite fraction for a fixed intercritical annealing 

temperature. In addition, the presence of concentration spike of substitutional alloying 

elements at the interface in composition profiles in low transformation rate confirms the 

transition in kinetics of the phase transformation [15,24,28,45]. A comparison of the red 

and blue transformation curves shows that changes in the Si level only have a small effect 

on the transformation behavior.  
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(a) 

 

(b) 

Fig.  2.3 - Austenite fraction as a function of heating time in the intercritical zone predicted by LE modelling 

for a) austenite to ferrite and b) martensite to austenite transformation at T=933 K (660 ℃). 

As stated earlier, real metallurgical isothermal transformation experiments were performed 

in order to validate the LE model predictions. In Fig.  2.4, the typical microstructures of the 

sample A (0.1 mass% C & 3.0 mass% Mn) quenched from the γ→α and α′→γ phase 

transformations, after annealing for 7200 s at T=933 K (660 ℃), are presented. The 

micrographs show that only a very small fraction of austenite transformed into grain 

boundary ferrite during the γ→α transformation. In the experiments the average prior 

austenite grain size was found to be ~50 µm. As mentioned above, simulations were done 

assuming a variety of cell sizes from 10 to 100 µm. Fig.  2.5 a-d illustrates the effect of cell 

size on the transformations kinetics in different alloys at T=933 K (660 ℃) for both γ→α 

and the α′→γ transformations. Changing the simulation cell size from 50 µm to 100 µm 

does not have a noticeable impact on the kinetics of γ→α transformation. However, for all 

alloys the kinetics in the α′→γ transformation is significantly affected when reducing the 

simulation cell size from 50 µm to 10 µm, as the kinetic transition from fast carbon 

controlled to slow alloying element-controlled growth (NPLE/PLE transition) depends on 

cell size. Thus, the value of fγ at the end of simulation time, approximately halves by 

halving the cell size. To highlight only the effect of composition and initial microstructure 

on the transformation the cell size in the α′→γ simulation is taken the same as for the γ→α 

transformation, i.e. 50 µm.  The effect of simulation cell size will be re-addressed when 

comparing the experimental results to the model predictions. 
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(a) 

 

(b) 

Fig.  2.4 - The typical microstructures of the Fe-0.1C-3.0Mn alloy sample quenched after (a) the austenite to 

ferrite transformation and (b) martensite to austenite transformation at T= 933 K (660 ℃). The annealing time 

is 7200 s. 

Fig.  2.6 shows the fractions of austenite as predicted by the LE model, the FE model and 

the experimental results for both γ→α and the α′→γ transformations for all studied alloys at 

T=933, 953 and 973 K (660, 680 and 700 ℃). The experimental values at 973 K  (700 ℃) 

are not plotted in this figure because of the high uncertainty in the quantification of the 

phase fractions due to the fine mixture of two phases and the lower optical contrast 

difference. As seen in Fig.  2.6a, the LE model predictions in Fe-0.1C-3.0Mn system are in 

good agreement with experimental values. The FE model predicted austenite fraction is not 

reached at any of the temperatures studied, irrespective of the starting microstructure. For 

Mn concentrations beyond 3 mass%, the data in Fig.  2.6 b-d, show that the final austenite 

fractions in the γ→α transformation are well predicted by the LE model. However, the 

differences between simulations and experiments for α′→γ transformation become larger at 

higher Mn and Si levels. The LE model underestimates the experimental austenite fractions. 

This observation is in agreement with Enomoto’s earlier results [48]. Comparison of 

Fig.  2.6 b-c confirms the systematic effect of Si on reducing austenite formation. It is worth 

noting that according to Fig.  2.6 the experimental values of fγ in α′→γ phase transformation 

get closer to the full equilibrium predictions upon increasing Mn content. This phenomenon 

can be attributed to the availability of large number of nucleation sites in the initial 

martensitic microstructure and the late occurrence of the NPLE/PLE transition. 
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Fig.  2.5 - The effect of cell size on the simulated kinetics of phase transformations in a) Fe-0.1C-3.0Mn, b) 

Fe-0.2C-5.0Mn, c) Fe-0.2C-5.0Mn-1.6Si and d) Fe-0.2C-7.0Mn-1.6Si. 

2.4 Discussion 

We first focus on the results obtained at a fixed temperature of T=933 K (660 ℃). The 

isothermal sections of the Fe-C-Mn phase diagram, without and with 1.6mass% Si, created 

by Thermo-Calc coupled to the TCFe7 database are shown in Fig.  2.7. According to [43] 

and [49], in the case of ferrite formation (Fig.  2.7a and Fig.  2.7c) the boundaries between 

PLE region (shown in green colour) and NPLE region (shown in pink colour) runs between 

the intersection of the α/(α + γ) phase boundary with the axis of the Mn content and the 

intersection of the γ/(α + γ) phase boundary with the axis of the C content. For the austenite 

formation (Fig.  2.7b and Fig.  2.7d) the PLE/NPLE boundary can be described by the curve 

connecting the intersection of the γ/(α+γ) phase boundary with the axis of the Mn content to 

the intersection of α/(α+γ) phase boundary with the axis of the C content. The points 

indicated by A, B, C and D in Fig.  2.7 a-d refer to the alloys specified in Table 1. For all 
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four alloys, ferrite growth from austenite starts in the PLE mode. Hence both C and Mn 

(and  Si  in  the  

Fig.  2.6 - Experimental and modelling results of austenite fraction in a) Fe-0.1C-3.0Mn, b) Fe-0.2C-5.0Mn, c) 

Fe-0.2C-5.0Mn-1.6Si and d) Fe-0.2C-7.0Mn-1.6Si. 

case of Fe-0.2C-5.0Mn-1.6Si and Fe-0.2C-7.0Mn-1.6Si alloys) redistribute into the 

untransformed austenite according to the PLE iso-activity (so called tie-lines) indicated by 

blue lines in Fig.  2.7a and Fig.  2.7c. The tie-lines in PLE mode region are obtained when 

the chemical potentials of each component are equal in both γ and α phases. Since both 

substitutional alloying elements have significantly lower diffusion coefficients than C, the 

ferrite growth rate is sluggish and is controlled by partioning of Mn (and Si) [50]. As 

shown in Fig.  2.7b and Fig.  2.7d, the austenite formation from ferrite for the four alloys 

starts under NPLE mode and continues with C depletion in the untransformed ferrite 

according to the horizontal blue tie-lines. Carbon is redistributed to keep the chemical 

potentials equal in each phase and Mn has the same concentration both in γ and α and has 

unequal chemical potentials in both phases. When the composition of ferrite reaches the 

NPLE/PLE boundary, the austenite growth mode switches to the PLE mode. Albeit the 
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α′→γ transformation starts in NPLE mode, Mn and Si concentration profiles also develop 

across the interface at prolonged isothermal holding time [43,51]. The transformation stops 

well before the full equilibrium condition is reached. These observations are in good 

agreement with the Dictra simulations shown in Fig.  2.3 a-b.  

Fig.  2.8 summarizes the model and experimental results for the four alloys studied. It is 

clear that that Mn and Si content directly affect the Ae1 and Ae3 temperatures and thus the 

full equilibrium fractions of ferrite or austenite at the fixed temperature of 933 K (660 ℃). 

As reported in [52–54] nucleation of austenite not only occurs at the grain boundaries but 

also at interfaces of α/α and α/carbides. This simultaneous nucleation on the carbides is not 

taken into account in the 1D model. It is worth noting that formation of cementite, which is 

neglected in the modelling part, affects the experimental value of fγ. Although Si is known 

to retard the cementite formation, however, it does not completely suppress the 

precipitation and cementite will appear after a long annealing times [55,56].  

It is worth noting that considering the observed effect of simulation cell size on the 

predicted value of fγ, it is clear that varying the cell size does not affect the overall trend of 

predicted fractions for both γ→α and the α′→γ transformations. In the current analysis, the 

cell length of α′→γ is taken the same as the γ→α transformation, i.e. 50 µm. Using the lath 

width for the α′→γ transformation might be an alternative, however, due to the continuous 

recovery of martensite and low angle lath boundaries at such high temperature, capturing 

the effect of a transient initial effective computational cell size is complex and outside the 

scope of the present study. 
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Fig.  2.7 - Isothermal section of an equilibrium phase diagram showing boundary of PLE/NPLE at T= 933 K 

(660℃) in (a) ferrite and (b) austenite formations in C-Mn steel, and (c) ferrite and (d) austenite formations in 

C-Mn steel with 1.6mass% Si.  
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Fig.  2.8 - Heat treatment diagram illustrating martensite to austenite phase transformation at T=933 K (660℃). 

2.5 Conclusions 

In this study the effect of initial microstructure and isothermal holding temperature in the 

intercritical zone was studied experimentally and theoretically for a series of steels with Mn 

content up to 7mass%. The following results are obtained: 

1. There is a significant difference in the transformation rate between the γ→α and α′→γ 

transformations. 

2. For the alloy compositions and temperatures considered here, the γ→α transformation 

starts in PLE mode and the ferrite growth rate is constrained by the redistribution of Mn 

and Si. However, in the case of the α′→γ transformation, the austenite growth starts in the 

NPLE mode and shifts to PLE by depletion of C in the martensitic ferrite matrix. 

3. For Mn levels between 3 to 7 mass% the LE model is qualitatively correct but does not 

predict the austenite fraction in α′→γ transformation with high enough accuracy. 
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4. For the higher Mn level steels, the additional intragranular nucleation of austenite during 

α′→γ transformation increases the fγ at the end of the intercritical holding stage of 104 s, 

which is not captured by 1D geometry of LE model. 
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their absence on the kinetics of austenite-ferrite phase transformations in Fe-0.5Mn 

alloy, Acta Materialia, Volume 150, 15 May 2018, Pages 224-235 

ABSTRACT  
Investigating the partitioning effect of substitutional and interstitial elements on the 

migration of transformation interfaces during austenite-ferrite phase transformation in steels 

with the conventional experimental method is extremely challenging due to interaction 

between the solute atoms and the transformation interfaces. Additionally, the simultaneous 

nucleation of new phases during phase transformations limits the accuracy of extracted 

growth rates from experimental kinetics measurements of phase fractions. In a novel 

experimental approach, the cyclic partial phase transformation concept is used to avoid the 

effect of nucleation on total kinetics of phase transformations. In this study, a Fe-0.5Mn 

alloy in the presence and absence of interstitial C and N additions is subjected to different 

cyclic transformation routes to examine the possible interaction between solute atoms and 

migrating interfaces. The experimental results are in semi-quantitative agreement with 

modelling predictions made by the local equilibrium approach and provide indirect 

evidence of Mn partitioning at austenite/ferrite interface in absence of any interstitial 

elements. It is also confirmed that the presence of interstitial elements promotes Mn 
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interaction with the interface, whereas N promotes more Mn partitioning at transformation 

interface compared to C. 

3.1 Introduction 

The precipitation of ferrite during austenite decomposition is a key step in the 

microstructure evolution of many important steel grades. The transformation kinetics in Fe-

X-Y systems is complicated by the large difference in the diffusion rates of the interstitial 

elements, Y= C, N and  the substitutional elements, X =  Mn, Ni, Si, Mo…etc., along with 

the possible interactions of the elements with the transformation interfaces [1].  

In a given industrial condition, ferrite formation may occur with or without partitioning of 

the substitutional alloying element between phases [2–5].  This leads to complex situations 

in which the kinetics of phase transformation in a Fe-X-Y steels can be controlled by the 

short-range or long-range or interfacial diffusion of substitutional and interstitial elements. 

This is not say, however, that these effects can be simply assumed separated. In many 

conditions, the interaction of substitutional element with the transformation interfaces 

strongly influences [6,7] or is influenced [8] by concentration of interstitial elements at the 

interface.  

Several experimental and theoretical attempts have been conducted to capture effect of 

substitutional (especially Mn) and interstitial solutes (especially C and N) on the interface 

migration during austenite to ferrite phase transformation. In a simple approach, the 

individual effect of solutes on the austenite to ferrite phase transformation can be studied 

separately in binary Fe-C, Fe-N and Fe-Mn systems. On top of theoretical differences 

between effects of C and N in Fe-based alloys predicted by atomistic simulations [9,10], it 

has been experimentally shown that [11–13] in Fe-N system with low nitrogen, austenite to 

ferrite transformation occurs massively and the interface velocity is independent of the 

cooling rate, while in Fe-C system the  transition from interface controlled to diffusion 

controlled regimes delimits transformation kinetics. In the Fe-Mn system, the austenite to 
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ferrite transformation occurs massively with a large change in strain energy caused by 

misfit between the two phases. All these data provide useful basics to explain characteristic 

effects of each individual element on a migrating austenite/ferrite interface. However, a 

simple combination of these findings fails in making accurate predictions for ternary Fe-X-

Mn systems, suggesting a potential role of interatomic interactions between solutes at 

interfaces.  

In another approach, the effects can be studied by conducting austenite to ferrite phase 

transformation experiments in series of Fe-C-Mn and Fe-N-Mn ternary steels. In this 

regard, a series of recent experimental studies on ferrite growth during controlled 

decarburizing and denitriding [14], [15] have suggested interfacial segregation of Mn in 

presence of C, but no sign of interfacial segregation of Mn in Fe-N-Mn. These findings, 

based on analysis of the growth kinetic data, is consistent with the preceding accepted 

perception [8,16–18] that the presence of interstitial elements influences the tendency of the 

substitutional alloying element to segregate to the interface. However, the very slow and 

continuous ferrite growth in decarburizing and denitriding condition is quite different from 

the conventional ferrite precipitation reaction in which ferrite passes from fast 

transformation to a stasis regime [19,20], makes generalization of these findings difficult.  

In parallel to experiment, theoretical works also confirm the importance of the interaction 

of solute elements at the interfaces. Recent ab-inito calculations by Wicaksono et al. [21] 

confirm strong attractive interaction between C and Mn in bulk bcc iron at the atomistic 

scale. This is in agreement with the study on ferrite transformation stasis by Sun et al. [22] 

using a coupled solute drag model, stating that repulsive or attractive interaction between 

interstitial and substitutional elements can directly influence the interfacial behaviour of 

substitutional elements. As an example, Si interaction with a migrating austenite/ferrite 

interface in a Fe-C-Y steel can be very different in the presence or absence of Mn [23]. 

Underlining the effect of solutes on migrating austenite/ferrite interfaces, one should 

remember that the experimentally measured kinetics of austenite to ferrite transformation is 

a product of both nucleation and growth. Addition of substitutional elements to Fe-C and 

Fe-N binary steels have a strong effect on the nucleation kinetics [24,25]. In recent years, 
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development of the Cyclic Partial Phase Transformation (CPPT) concept, made it possible 

to study the effect of alloying elements on migration of the austenite/ferrite interface 

without the complications associated with concurrent nucleation [26–28]. In a CPPT 

experiment, the temperature is cycled inside the intercritical zone where both austenite and 

ferrite phases are present at all times. The CPPT concept has been successfully used to 

study, both experimentally and theoretically, the effect of substitutional elements, 

especially Mn, on the migration rate of austenite/ferrite interfaces. A stagnant stage, during 

which the growth of ferrite (or austenite) is significantly delayed, is found in Fe-C-Mn 

alloys, while no stagnant stage is observed in Fe-C alloys. While the reported increasing 

magnitude of the growth retardation with increasing concentration of substitutional 

elements (i.e. Mn or Ni) is attributed to strong partitioning behavior of substitutional 

elements at transformation interfaces [29], the role of interstitial elements on the 

partitioning behavior of substitutional elements is still unknown. 

The approach of changing the bulk interstitial solute content in order to evaluate the effect 

of the X-Y interaction is not easily adapted to phase interfaces. Instead, in this study we 

have used CPPT concept to examine this possible interaction in an Fe-0.5Mn alloy in the 

presence and absence of interstitial C and N additions. The kinetics measurement in Fe-C-

Mn, Fe-Mn and Fe-N-Mn systems will open windows to better understand the extent to 

which the presence of Mn at the interface is dictated by the Mn-interface interaction as 

opposed to the interaction of Mn with the interstitial elements present at the interface.  

3.2 Decarburization and Nitriding experiments 

An Fe-0.1C-0.5Mn steel was selected as the starting alloy for this study. In order to prepare 

interstitial free alloys, hollow cylindrical samples with length of 10 mm, diameter of 5 mm 

and thickness of 1 mm were subject to controlled decarburization to produce the binary Fe-

0.5Mn alloy. The ternary Fe-N-Mn alloys were then produced using controlled nitriding of 

the Fe-0.5Mn binary. The full details for these processes are given by Guo et al [14]. The 

exact composition of the alloys used in this study are shown in Table  3.1. While we 
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intended to make the nitrogen concentration equal to the original carbon concentration, we 

did not succeed, but as explained in the next section we could compensate for the difference 

in concentration level by adjusting the temperature ranges over which to cycle.    

Fig.  3.1- Different applied experimental thermal routes. 

3.3 The cyclic heat treatments 

All heat treatments were performed using a Bähr DIL 805A/D/T Quenching Dilatometer.  

Two thermocouples, spaced 4 mm apart, were attached to the specimen to measure the 

temperature difference in the sample precisely. All the specimens were heated with a rate of 

10 K/s to 1173 K (900 °C) and kept for 300 s (5 min) to ensure full austenitization. The 

samples were then subjected to different Cyclic Partial Phase Transformation (CPPT) 

routes and Continuous Cooling (CC) experiments with cooling (or heating) rates of 1 K/s as 

shown in Fig.  3.1, with the exact treatment temperatures indicated in Table  3.1 for each 

alloy.  

In a continuous cooling (CC) experiment (Fig.  3.1a), the sample is cooled at a constant rate 

of 1 K/s from the austenitization temperature to a temperature below the A1 transition 

temperature. During cooling, the kinetics of austenite to ferrite phase transformation is 



32 Effect of C and N and their Absence on the Kinetics of Austenite-Ferrite Phase 

Transformations in Fe-0.5Mn alloy 

 

controlled via concurrent nucleation and growth events, in consort with continuous 

segregation of Mn at the newly formed austenite/ferrite interfaces and redistribution of 

interstitial element in the remaining austenite. In a type H CPPT experiment, as shown in 

Fig.  3.1b, the sample is continuously cooled to T1, below A3 and inside the intercritical 

region, kept isothermally for 20 min, leading to a mixture of austenite and ferrite with the 

formation of Mn spike at the interfaces and redistribution of interstitial elements (C or N) 

around the interface resulting in a minimal compositional gradient. Then, the temperature is 

increased to T2, still inside the austenite/ferrite two phase region, and again kept 

isothermally for 20 minutes to give enough time for Mn interaction with the interface and 

redistribution of interstitial elements before final cooling to room temperature. In type I 

CPPT experiment (Fig.  3.1c), temperature is cycled between T1 and T2, but immediate 

changes in temperature after reaching T1 and T2 are used in order to limit the time available 

for the redistribution of interstitial elements. Type H-I and I-H (Fig.  3.1d and Fig.  3.1e) 

cyclic experiments are designed to generate a spike of Mn at the interface, with controlled 

redistribution of the interstitial element only at T1 or T2, through one isothermal holding 

stage at T1 or T2, and sudden changes in temperature after reaching T2 or T1, respectively. 

Table  3.1. Compositions of the alloys used in the experiments. 

Alloy name 
Exact Composition 

(all in mass%) 
T1 T2 

Fe-0.1C-0.5Mn Fe-0.0848C-0.47Mn 1048 K (775 °C) 1098 K (825 °C) 

Fe-0.5Mn Fe-0.01C-0.47Mn 1133 K (860 °C) 1158 K (885 °C) 

Fe-0.3N-0.5Mn Fe-0.27N-0.47Mn 958 K (685 °C) 1008 K (735 °C) 

One of the subtle aspects of the experimental work concerns the stability of the Fe-N-Mn 

solution against decomposition into ferrite and nitrogen gas. In order to avoid 

decomposition during the present experiments, it was necessary to work with dilute N 

contents.  The Fe-N-Mn samples were also coated using gold sputtering to prevent possible 

nitrogen bubble formation during thermal experiments in the dilatometer [30]. The 

microstructure of all of the samples were checked before and after the experiments to 
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confirm the reliability of the experimental results. In each case, the experiments were 

performed at least twice to ensure the reproducibility of the results. The microstructures 

after the experiments were checked to make sure the amount of possible decarburization or 

denitriding during experiments was negligible. 

3.4 Modelling Details 

Simulations of cyclic phase transformations and continuous cooling experiments are 

performed in different composition sets of Fe-C-Mn, Fe-Mn and Fe-N-Mn systems. For all 

simulations a 1-D geometry with a size of 25 𝜇𝜇𝜇𝜇 is assumed to represent austenite grain 

size of 50 𝜇𝜇𝜇𝜇. Simulations are carried out using the DICTRA software linked to TCFE7 

and MOB2 databases. For each composition, the Ae1 and Ae3 temperatures are calculated 

with Thermo-Calc software [31]. The cyclic transformation temperatures, 𝑇𝑇1  and 𝑇𝑇2, are 

selected as 𝑇𝑇1 = (𝐴𝐴𝐴𝐴3+𝐴𝐴𝐴𝐴1)
2

− ∆𝑇𝑇/2 and 𝑇𝑇2 = (𝐴𝐴𝐴𝐴3+𝐴𝐴𝐴𝐴1)
2

+ ∆𝑇𝑇/2, where ∆𝑇𝑇 = 50 𝐾𝐾 for Fe-C-

Mn and Fe-N-Mn systems and ∆𝑇𝑇 = 25 𝐾𝐾 for Fe-Mn system. 

3.5 Results 

In this section, the results of the dilatometry experiments and LE modelling for all three 

systems subjected to different thermal routes are presented. For better comparisons in all 

of the dilatation graphs, the Y axis displays the absolute difference between recorded 

dilatation at temperature T and total dilatation at austenitization temperature of 1173 K (900 

°C). Results of modelling are illustrated in graphs of ‘superposed interface position’ vs 

temperature and are plotted next to experimental results. In order to direct comparison of 

the modelling and experimental graphs, the interface position in modelling graphs are 

modified by applying the effect of thermal expansion/contraction with a constant 

coefficient of thermal expansion of 0.2 μm/K for both austenite and ferrite. 
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Fig.  3.2-Experimental dilation curves and modelling results for CC transformation vs type H CPPT in Fe-

0.1C-0.5Mn, Fe-0.5Mn and Fe-0.3N-0.5Mn alloys. 
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Fig.  3.2 shows the experimental and modelling results for CC and type H CPPT routes in 

Fe-0.1C-0.5Mn, Fe-0.5Mn and Fe-0.3N-0.5Mn alloys. The experimental CC curve in Fe-

0.1C-0.5Mn alloy (Fig.  3.2a) indicates a steady austenite to ferrite phase transformation, 

while the dilatation curve for the type H CPPT route between T1=1048 K (775 °C) and 

T2=1098 K (825 °C) shows different distinct stages of phase transformation. In this route, 

austenite to ferrite phase transformation starts during cooling and continues during the 

isothermal holding stage (20 minutes) at T1=1048 K (775 °C). By heating from T1 up to 

about 1073 K (800 °C), the so-called ‘stagnant stage’ [27] starts, during which a linear 

thermal expansion is observed and no phase transformation or austenite/ferrite interface 

migration occurs. Upon further heating, the nonlinear contraction is the signature of the 

‘direct transformation stage’ during which ferrite transforms partially to austenite. After 

isothermal ferrite to austenite transformation in the course of holding at T2=1098 K (825 

°C) for 20 min, the linear contraction during cooling from 1098 K (825 °C) to about 1073 K 

(800 °C) indicates a stagnant stage in ferrite formation followed by direct austenite to 

ferrite transformation stage upon further cooling. The corresponding results of LE 

modelling in the Fe-0.1C-0.5Mn alloy are shown in Fig.  3.2b. Analogous to the 

experiments, the CC curve in Fig.  3.2b displays a smooth growth for ferrite with slightly 

different onset temperature compared to the experimental curve. The isothermal direct 

transformation stage, stagnant stage and non-isothermal transformation stage, which are 

observed during the type H CPPT experiment are all well captured by the LE model. The 

length of the stagnant stage, during which the austenite/ferrite interface in the model does 

not move in spite of temperature variation, is predicted to be 25 K, in close agreement with 

the corresponding experimental observation. 

The experimental dilatation and modelling of CC and type H CPPT curves for the binary 

Fe-0.5Mn alloy are shown in Fig.  3.2c and Fig.  3.2d, respectively. Similar to the carbon 

containing system, both the experimental and simulated CC curves show steady austenite to 

ferrite phase transformation during cooling. Regardless of the absence of interstitial 

elements in this alloy, the experimental type H CPPT curve displays stagnant stages in both 

austenite to ferrite and ferrite to austenite phase transformations after isothermal holdings at 
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T1=1133 K (860 °C) and T2=1158 K (865 °C) with an approximate length of 20 K, which is 

well-captured by the interface position model in Fig.  3.2d.  

For the Fe-0.3N-0.5Mn alloy, the austenite to ferrite phase transformation during 

continuous cooling is similar to that observed in the other two alloys as shown in Fig.  3.2e.  

A number of differences are observed, however, in the type H cyclic curve between T1=958 

K (685 °C) and T2=1008 K (735 °C) in the nitrided system compared to the other two 

systems. The length of stagnant stages in ferrite to austenite (during heating) and austenite 

to ferrite (during second cooling) transformations are substantially different.  In type H 

CPPT curve, the austenite to ferrite transformation is inactive for heating up to about 45 K. 

However, the linear contraction of the specimen for more than 180K during cooling cycle 

after the isothermal stage at T2, indicates to a very long stagnant stage for ferrite formation 

in the second cooling cycle. 

As with the experimental dilatation curves, the modelling results in Fe-0.3N-0.5Mn shown 

in Fig.  3.2f, are also quite different from the other two alloys. While the CC curve predicts 

a smooth ferrite growth during continuous cooling, in type H CPPT after the first 

isothermal holding at T1, the interface remains immobile during heating and isothermal 

holding at T2. The prediction of an immobile interface during heating and isothermal 

holding differs from the experimentally observed direct isothermal transformation stage at 

T2. Upon final cooling down to 823 K (550 °C), the LE model predicts no interface motion, 

consistent with the experimental observation in Fig.  3.2e. 

The results of type I vs type H CPPT experiments and modelling for the three alloys are 

shown in Fig.  3.3. The dilatation curves for the Fe-0.1C-0.5Mn alloy in Fig.  3.3a show 

slightly different behavior of the alloy when subjected to type I cyclic treatments. In the 

type I curve, at the onset of heating from T1 in the first cycle, the nonlinear expansion for 

about 10 K points to continuation of austenite to ferrite transformation, notwithstanding 

heating of the sample; this part is referred as ‘inverse transformation stage’. The subsequent 

linear expansion and nonlinear contraction by further heating to T2, are signatures of the 

ferrite to austenite stagnant stage and the direct transformation stage, respectively. Unlike 
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heating, no inverse transformation stage is observed after an immediate change in 

temperature, as the linear contraction during cooling indicates a stagnant stage followed by 

nonlinear expansion due to austenite to ferrite transformation upon further cooling. In the 

modelling results of type I (Fig.  3.3b), the interface migration into the austenite region in 

spite of the temperature increase points to the inverse transformation stage.  This is 

followed by a stagnant stage, occurring during the cooling cycle with a similar length to 

type H. 

In the type I experimental curve for Fe-0.5Mn alloy (Fig.  3.3c), the respective expansion 

and contraction curves for heating and cooling cycles between T1 and T2 appear linear, but 

not perfectly parallel.  This indicates a very short and negligible inverse transformation 

stage at the onset of heating/cooling cycles. The corresponding modelling curve in Fig.  3.3d 

successfully captures the experimental stagnant stage as well as the very short inverse 

transformation stage which is distinguishable by backward interface migration in the 

modelling results. 

For the Fe-0.3N-0.5Mn alloy, according to the observed nonlinear dilatation curves of the 

type I CPPT in Fig.  3.3e, the inverse transformation stage expands for the whole length of 

heating cycle. The short linear contraction of about 10K after immediate change in the 

temperature regime corresponds to the stagnant stage followed by a short nonlinear stage 

promoted by negligible austenite to ferrite transformation and linear contraction in the final 

cooling. In the simulated curve for type I CPPT (Fig.  3.3f), the interface sluggishly moves 

into the austenite region during heating and becomes immobile after that. This interface 

migration manner is comparable to the slow inverse transformation stages observed in the 

experiment.  
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 Fig.  3.3- Experimental dilation curves and modelling results for type I vs type H CPPT in Fe-0.1C-0.5Mn, 

Fe-0.5Mn and Fe-0.3N-0.5Mn alloys. 
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Fig.  3.4- Experimental dilation curves and modelling results for type H-I vs type I-H CPPT in Fe-0.1C-

0.5Mn, Fe-0.5Mn and Fe-0.3N-0.5Mn alloys. 
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The experimental and modelling curves for H-I and I-H CPPT routes are shown in Fig.  3.4. 

As expected for the Fe-0.1C-0.5Mn alloy (Fig.  3.4a), in type H-I during the first isothermal 

holding and heating cycle, the dilatation curve points to an isothermal transformation stage, 

a stagnant stage and a direct transformation stage similar to the type H curve. The cooling 

curve is similar to type I and displays austenite to ferrite stagnant stage and direct 

transformation stages. In type I-H curve, a short nonlinear expansion due to the 

inverse austenite to ferrite transformation is also found at the onset of the heating stage, 

similar to type I, followed by stagnant stage. The dilatation behavior of the specimen during 

the rest of the thermal cycle is identical to the one subjected to type H cyclic experiment. 

The type H-I modelling curve (Fig.  3.4b), captures well the experimentally observed stages 

during heating. However, in the cooling cycle after the stagnant stage, there is an abrupt 

change in interface velocity during its migration into the austenite region, which could be 

caused by interaction with the residual Mn spike formed at the end of the isothermal 

heating stage at T1. The smooth interface migration in type I-H curve, demonstrates the 

inverse transformation, stagnant stage and direct transformation stages.   

Analogous to the Fe-0.1C-0.5Mn alloy, the dilatation curves for type H-I and I-H CPPT 

experiments in the Fe-0.5Mn alloy (Fig.  3.4c), exhibit mixed behavior in heating/cooling 

corresponding to type H and type I, with a stagnant stage of 20 K and negligible inverse 

transformation stage. The modelling results for Fe-0.5Mn alloy (Fig.  3.4d) nicely capture 

the experimentally observed transformation features in dilatation curves; similar to type I, 

the very short inverse transformation stages in type I-H CPPT curves is discernible by 

backward interface migration in the modelling results.  

In Fe-0.3N-0.5Mn alloy (Fig.  3.4e), the dilatation curve for the type H-I CPPT route, is 

analogues to the type H curve, but without a direct isothermal transformation stage at T2. 

During holding at T2 in type I-H experiment, a new stage of ‘isothermal inverse 

transformation’ is observed corresponding to the continued austenite to ferrite phase 

transformation, notwithstanding the 50K rise in the temperature and 20 minutes of 

isothermal holding. The LE model results for type H-I and I-H CPPT routes (Fig.  3.4f), are 
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very similar to the predictions for type H and type I routes. In addition, no isothermal 

inverse transformation stage at T2 is predicted in the type I-H route.  

In summary, the dilatation curves for the Fe-0.1C-0.5Mn alloy show four different 

transformation stages. The length of the stagnant stage in both austenite and ferrite 

formation is about 25 K. The inverse transformation stage is observed for about 10 K. The 

stagnant stage, with a length of 20 K, is still observed in the decarburized Fe-0.5Mn alloy. 

The dilatation behavior in the Fe-0.3N-0.5Mn alloy is quite different, with longer stagnant 

stages both in heating and cooling cycles, as well as protracted inverse transformation 

stages. 

3.6 Discussion 

The differences in the observed behavior between the different CPPT routes and continuous 

cooling experiments in the three Fe-0.1C-0.5Mn, Fe-0.5Mn and Fe-0.3N-0.5Mn systems 

are semi-quantitatively captured by LE model. Thus, it is expected that the features 

observed by experiments can be explained by analysing the results of the LE model.  

The profile of Mn and interstitial elements (C or N) after cyclic experiments at T1 before 

the final cooling for all of the thermal routes are shown in Fig.  3.5a-f. It can be seen that the 

profiles in type H show a spike of Mn at the interface, zig-zag partitioning of Mn at the 

former position of the interface after the second isothermal holding at T2, a broadened bulge 

of Mn at former position of interface after first isothermal holding at T1 and redistribution 

of interstitial alloying element around the interface. In type H-I, the profiles show a spike of 

Mn at the interface, the broadened bulge of Mn at former position of interface formed after 

first isothermal holding at T1 and redistribution of interstitial alloying element around the 

interface. In type I, the profiles simply contain a spike of Mn at the interface and 

redistribution of interstitial alloying element around the interface. Finally, in type I-H, in 

addition to the spike of Mn at the interface and the zig-zag partitioning of Mn at the former 

position of the interface after the second isothermal holding at T2, the profiles show 

redistribution of the interstitial alloying element around the interface. 
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Fig.  3.5- Profiles of Mn and C/N before the final cooling at T1 in LE modelling of different thermal routes. 
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The non-equilibrium transformation stage during heating in type I experiment is attributed 

to the incomplete redistribution of interstitial elements around the interface before 

subsequent variation of the temperature. In the Fe-0.1C-0.5Mn and Fe-0.5Mn systems, as a 

result of the relatively fast diffusion of carbon in austenite [32] and low carbon content, the 

length of the non-equilibrium transformation stage is very short. In the Fe-0.3N-0.5Mn 

alloy, the length of the non-equilibrium transformation stage is longer due to the slower 

diffusion of nitrogen in austenite [33] and associated decrease in the extent of nitrogen 

redistributed in type I cyclic route. 

The stagnant stage during cyclic transformation is attributed to the spike of Mn at the 

interface as described by the local equilibrium partitioning model. The more partitioning of 

Mn at the interface, longer the stagnant stage is. Isothermal holding during cyclic 

transformation promotes partitioning of Mn at the interface and builds up a higher spike. 

This explains why the stagnant stage in the type I experiments is slightly shorter than that in 

type H experiments. In case of Fe-0.3N-0.5Mn alloy, the spike of Mn formed at the 

interface at the end of isothermal holding at T1 in type H and type H-I is strong enough to 

hold the interface pinned until the end of cooling part. Thus, no ferrite growth is observed 

after first isothermal holding in Fig.  3.2f and Fig.  3.4f.  

The difference between the length of the stagnant stage in Fe-C-Mn, Fe-Mn and Fe-N-Mn 

alloys under CPPT experiments appears to support that Mn partitioning around the 

austenite/ferrite interface is affected by the presence of interstitial elements. According to 

the LE model, partitioning of Mn at the interface is controlled by equilibrium tie-lines. In 

order to better compare the partitioning behavior of C/N and Mn at the austenite/ferrite 

interface, it is valuable to study the evolution of interfacial concentrations of the solutes 

during cyclic transformation. Fig.  3.6a shows the interfacial concentration of C and Mn on 

the austenitic side of interface during type H cyclic experiment in Fe-0.1C-0.5Mn alloy 

projected on the isothermal sections of the Fe-C-Mn phase diagram at three critical 

temperatures. The time, temperature and interface position corresponding to each 

combination of interfacial C and Mn concentrations are shown in Fig.  3.6b and Fig.  3.6c. 

The migration of the interface during the isothermal direct transformation stages at 
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T1=1048 K (775 °C) and T2=1098 K (825 °C), shown by C1 to C2 and C4 to C5, are 

accompanied by slight changes in the interfacial concentrations of both C and Mn along the 

austenitic boundary of the phase diagram at T1 and T2. The stagnant stages shown by C2 to 

C3 and C5 to C6, correspond to substantial changes of the Mn concentration at the interface.  

During the non-isothermal direct transformation stages of C3 to C4 and C6 to C7, the Mn 

concentrations are almost unchanged, and the interface migration is accompanied by a 

considerable change in the interfacial concentration of C. The information in Fig.  3.6a 

suggests that in the Fe-C-Mn alloy the stagnant stage proceeds under to the partitioning 

local equilibrium (PLE) condition and transformation stages proceed under the negligible-

partitioning local equilibrium (NPLE) condition. 

The projected interfacial concentrations of N and Mn for type H CPPT experiment in Fe-

0.3N-0.5Mn and corresponding time, temperatures and interface positions are shown in 

Fig.  3.6 d-f. Similar to Fe-C-Mn system, the kinetics of the transformation stage (N1 to N2) 

and stagnant stages (N2 to N3, N3 to N4 and N4 to N5) in the Fe-N-Mn system are 

explainable by transitions between interface migration under PLE and NPLE 

thermodynamic conditions. In this system, unlike the Fe-C-Mn system, the transitions in 

the interfacial concentration of elements on the austenitic side of interface during heating 

from T1 to T2 and cooling from T2 to T1 occurs only in one step of substantial variations in 

concentrations of both N and Mn, which corresponds to the PLE thermodynamic condition. 

As it can be seen in the isothermal sections of the phase diagrams in Fig.  3.6, 

thermodynamic equilibrium between the austenite and ferrite phases in the Fe-N-Mn 

system forms with higher interfacial concentrations of N and Mn than C and Mn in Fe-C-

Mn. In other words, nitrogen stimulates partitioning of Mn and the build-up of an 

interfacial spike, more than C during the isothermal austenite to ferrite phase transformation 

at T1. This implies that more Mn partitioning is required for the back migration of the 

interface, as well as the N partitioning to satisfy the LE condition at the interface. For the 

applied heating rate which is the same in both Fe-C-Mn and Fe-N-Mn systems, before the 

N has diffused enough to make the interface move under NPLE condition, the sample 

temperature has already reached the inversion temperature T2 and a new equilibrium with 
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lower interfacial Mn concentration was established at the interface which requires even 

more partitioning of Mn. The PLE thermodynamic condition observed in the cooling part 

from T2 to T1 can also be explained in such a way. This suggests that the thermodynamic 

transitions from NPLE to PLE in Fe-N-Mn system similar to those in Fe-C-Mn are 

expected to occur if very low heating and cooling rates are applied during the cyclic 

experiment.  
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Fig.  3.6– a) Isothermal section of Fe-C-Mn phase diagram, b) applied thermal route, c) LE model results of 

type H CPPT in Fe-0.1C-0.5Mn alloy, d) Isothermal section of Fe-N-Mn phase diagram, e) applied thermal 

route, f) LE model results of type H CPPT in Fe-0.3N-0.5Mn alloy. 

 

 

Fig.  3.7– Partitioning coefficient of C, N and Mn in different systems. 

The inverse transformation stage during CPPT experiments shows up if the partitioning of 

the interstitial elements around the interface does not disappear prior to the rapid alternation 

of temperature regime and the interface continues its migration in a wrong direction. In 

order to better understand the differences in solute partitioning in the F-C-Mn, Fe-Mn and 

F-N-Mn systems at different temperatures it is useful to examine at the equilibrium 

partitioning coefficients shown in Fig.  3.7.  These coefficients were defined as 
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𝑋𝑋𝐴𝐴𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒
𝛾𝛾

𝑋𝑋𝐴𝐴𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝛼𝛼� , where X is mole fraction of each alloying element. The 

partitioning coefficient of Mn is higher in the Fe-N-Mn system than it is in the Fe-C-Mn 

system.  As a result, ferrite formation under equilibrium conditions in the Fe-N-Mn system 

requires more partitioning of Mn than ferrite formation in Fe-C-Mn at similar temperatures. 

Nitrogen partitions less than carbon during austenite decomposition, however, its lower 

diffusivity promotes the longer inverse transformation stages observed in type I cyclic 

experiments. Mn in the Fe-Mn binary system has the lowest partitioning coefficient 

suggesting that Mn tends to partition even in an interstitial-free system, but its partitioning 

is promoted in the presence of interstitial elements. The stagnant stage of 20K in Fe-0.5Mn 

alloy indirectly endorses that Mn interaction with the migrating interface in interstitial-free 

binary system should be substantial. This suggests, in contrast to other reports [13,34–36], 

that the kinetics of austenite to ferrite transformation in Fe-X systems alloyed with 

substitutional elements is a mixed-mode and controlled also by diffusion [37]. The analysis 

of partitioning coefficient of alloying elements in above indicates that experimental 

observations in this study for the base composition used with 0.5 mass% Mn are well 

explainable just with considering effect of C and N on the equilibrium thermodynamic 

partitioning of Mn between ferrite and austenite phases. However, we should emphasize 

that this does not mean that for other Mn contents, or in multi-component alloys (such as 

Fe-C-Mn-Si), or slower interface velocities (such as during decarburization reactions), an 

interaction between the C/Mn at the interface is not important to consider.  

In our study, CPPT experiments provide indirect evidence for noticeable Mn partitioning at 

the austenite/ferrite interface in Fe-C/N-Mn systems. The difference between stagnant 

stages in type H cyclic experiments can only be explained by different partitioning behavior 

of Mn in the presence and absence of different interstitial elements. However, a counter 

argument opposing this can arise from selection of different critical temperatures for CPPT 

experiments in different systems. In order to remove the effect of temperature, further 

investigation on the effect of C and N and their absence on the length of stagnant stage at 

different temperatures is performed through systematic simulation of type H CPPT 

experiment using the LE model in Fe-xC-0.5Mn (Fig.  3.8a) and Fe-xN-0.5Mn (Fig.  3.8b) 
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systems (x=0.01 to 0.4 mass%). As it can be seen in Fig. 8c, the stagnant stage, or as 

explained above spike of Mn, appears also in the interstitial-free system of Fe-0.5Mn and 

higher concentration of interstitial elements leads to a longer stagnant stage. In addition, 

nitrogen clearly creates a longer stagnant stage than the equivalent C containing system. As 

a final point, it is worth noting that the length of the stagnant stage predicted by LE model 

in Fig.  3.8c is quite comparable with the experimentally measured values in Fig.  3.2 to 

Fig.  3.4. This suggests that the concentration of interstitial elements can be estimated 

indirectly by measuring the length of stagnant stage.  
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Fig.  3.8- Results of systematic type H CPPT simulations in a) Fe-C-Mn and b) Fe-N-Mn system, c) length of 

stagnant stage during type H CPPT in Fe-C-Mn and Fe-N-Mn systems. 
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3.7 Conclusions 

In our study, cyclic partial phase transformation experiments have been successfully used to 

study the effect of interstitial elements (carbon and nitrogen) and their absence on the 

partitioning behavior of Mn in a Fe-0.5Mn steel. The results of experiments and local 

equilibrium modelling are comparable and confirm  

1. Indirect evidence of Mn partitioning at austenite/ferrite interface in absence of interstitial 

elements, 

2. Nitrogen promotes Mn partitioning at interface more than carbon, and 

3. Local equilibrium model can semi-quantitatively capture the experimental observations 

in cyclic experiments. 
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Chapter 4 Analysis of Mn Partioning Mode in cyclic 

partial phase transformation in Fe-0.1C-

xMn alloys as a function of the Mn 

concentration 

This Chapter is based on  

• H. Farahani, W. Xu,  S. van der Zwaag, Determination of mode switching in cyclic 

partial phase transformation in Fe-0.1C-xMn alloys as a function of the Mn 

concentration, submitted to JOM. 

ABSTRACT  
Controlling the kinetics of austenite decomposition by controlled partitioning of alloying 

elements, in particular C and Manganese, is the key factor for optimizing the 

microstructures of advanced high strength steels. In this study, a systematic set of 

computational and experimental cyclic partial phase transformations in low to medium 

manganese steels revealed a critical manganese concentration at which manganese 

partitioning at moving austenite-ferrite interfaces can be used to temporarily suspend 

further transformation during subsequent cooling. Most interestingly, this critical 

concentration only become visible in case of reversed partial transformations in the 

intercritical regime.  



56 Analysis of Mn Partioning Mode in cyclic partial phase transformation in Fe-

0.1C-xMn alloys as a function of the Mn concentration 

 

4.1 Introduction 

The attractive combination of a high tensile strength with good formability in advanced 

high strength steels (AHSS) is the result of tailored microstructures achieved by controlling 

the kinetics of the austenite decomposition [1–5]. The third AHSS generation, the so-called 

medium Mn steels, are compositionally relatively simple C-Mn steels having a multi-phase 

microstructures in combination with a high volume fraction of retained austenite [6–8]. The 

amount and stability of the austenite phase can be regulated by an overall compositional 

optimization and adjusting the temperature and time of intercritical annealing treatment 

which directly affects the C/Mn partitioning [9–17]. Understanding the partitioning 

behavior of alloying elements, specially Mn, for conventional and alternative thermal 

cycles is a key requirement for the control of the austenite ferrite phase transformations 

kinetics in medium Mn steels [18–21].  

Recently, the ‘Cyclic Partial Phase Transformation’ (CPPT) approach has been introduced 

as an novel intercritical annealing route revealing the partitioning behavior of interstitial 

and substitutional alloying elements at transformation interfaces during austenite to ferrite 

and ferrite to austenite phase transformations [22,23]. In the typical CPPT thermal route, 

the temperature is cycled between two temperatures in the intercritical region, such that 

both austenite and ferrite phases are present at all times and additional nucleation of either 

ferrite or austenite is proved to be absent. The observed complex transformation kinetics 

during CPPT experiments in low (< 0.5 mass%) Mn steels and medium Mn steels can be 

completely explained by considering local partitioning of Mn at the mobile interfaces [24]. 

As the kinetics of cyclic phase transformations in steels with higher Mn levels (up to 5 

mass%) has been observed to be rather different from that of steels with lower Mn levels 

[25], it is interesting to get more insight into the origin of these differences and to 

determine the role of the Mn partitioning on the transitions in the transformation kinetics. 

To this aim, the present work focusses on the transformation kinetics during and 

immediately after the cyclic transformation cycle as a function of the Mn concentration. 
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The work presented here involves both computational simulations and complementary 

dilatometry experiments. 

4.2 Modelling Details 

The Local Equilibrium (LE) model was used to simulate cyclic partial phase 

transformations in a series of alloys with compositions Fe-0.1C-xMn (x = 0.1 to 3.0 mass%, 

details shown in Table  4.1). In the LE model, interfacial concentrations of C and Mn in 

ferrite and austenite phases are selected on the basis of an assumed equal chemical potential 

for each phase across the interface. The current simulations were made using Dictra (linked 

to TCFE7 and MOB2 databases [26]) and assumed a 1D-geometry with a size of 25 μm 

presumed to represent austenite grain size of 50 μm. Using this geometry, all the important 

transitions in local interface velocity as a function of the (complex) thermal history can be 

captured and transformation curves in all aspects are comparable to those obtained in 

dilatometry experiments [23,27,28].  

Table  4.1.The cyclic transformation temperatures of T1 and T2 and the equilibrium fraction of ferrite 

predicted by Thermo-Calc [29] for all the simulated composition systems. 

Alloy tag Composition (all in mass%) T1 feqα  at T1 T2 feqα  at T2 

0.1Mn Fe-0.1C-0.1Mn 1063 K (790 °C) 0.75 1113 K (840 °C) 0.44 

0.25Mn Fe-0.1C-0.25Mn 1058 K (785 °C) 0.74 1108 K (835 °C) 0.43 

0.5Mn Fe-0.1C-0.50Mn 1048 K (775 °C) 0.70 1098 K (825 °C) 0.43 

1Mn Fe-0.1C-1.0Mn 1033 K (760 °C) 0.73 1083 K (810 °C) 0.4 

1.5Mn Fe-0.1C-1.5Mn 1018 K (745 °C) 0.70 1068 K (795 °C) 0.38 

2Mn Fe-0.1C-2.0Mn 1003 K (730 °C) 0.69 1053 K (780 °C) 0.36 

2.5Mn Fe-0.1C-2.5Mn 988 K (715 °C) 0.67 1038 K (765 °C) 0.34 

3Mn Fe-0.1C-3.0Mn 973 K (700 °C) 0.65 1023 K (750 °C) 0.32 
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Simulations are done for three thermal routes shown schematically in Fig.  4.1 a-c. The 

actual simulations start from point A (shown Fig.  4.1) where a fully austenitic 

microstructure is present. All subsequent cooling or heating rates (CR) are 1 K/s. In the 

CPPT route (Fig.  4.1a), the temperature is cycled between T1 and T2 and held at each 

temperature for 1200 s (20 min) and then cooled further to room temperature. In the 

continuous cooling (CC) route (Fig.  4.1b), the temperature is decreased continuously from 

T2. In the isothermal holding+cooling (IC) route (Fig.  4.1c) after cooling from T2 to T1, 

the temperature is held constant for a time equal to the total intercritical holding time in the 

CPPT route and then the temperature is decreased continuously. The T1 and T2 

temperatures in the cyclic transformations for each composition are selected taking into 

account the corresponding Ae1 and Ae3 temperatures calculated with Thermo-Calc [29] 

and imposing the requirement of a fixed cycling range ∆T=T2-T1=50 K and comparable 

equilibrium fractions of ferrite (feqα ) at T1 and T2 for all compositions. The selected T1 and 

T2 values and the equilibrium fractions as predicted by Thermo-Calc are listed in Table  4.1 

against the sample code. 

 

Fig.  4.1- Schematics of typical (a) cyclic Partial Phase Transformation (CPPT), (b) Continuous Cooling (CC) 

and (c) Isothermal holding and cooling (IC) thermal routes. “A” marks the condition to start the simulations 

and “B” marks the condition for which the calculated Mn profiles are presented in Fig.  4.3.  

4.3 Results and Discussion 

Fig.  4.2 a-h show the simulation results for the CPPT (solid lines), CC (dotted lines) and IC 

(dashed lines) thermal routes for compositions Fe-0.1C-xMn (x = 0.1 to 3.0 mass%), 
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respectively. The results of the simulations are presented as graphs of interface position 

versus temperature. Given the 1D nature of the model, the position of the interface 

represents the ferrite fraction present (with an interface position of 25 µm corresponding to 

100% ferrite). For the cooling rate applied the CC curves for all the compositions below 2 

mass% Mn show ample and smooth migration of the interface but only minute amounts of 

interface migration for higher Mn concentrations indicating significantly less formation of 

intercritical ferrite. 

The IC curves in Fig 2 a-h show variations in the interface migration behavior with 

increasing Mn concentration in a similar trend to that of the CC curves. While for systems 

with Mn content below 2 mass% a significant ferrite formation during the isothermal 

holding stage is predicted, for higher Mn content the total fraction of isothermally formed 

ferrite reduces significantly. More importantly, for all Mn concentrations the migration of 

interface at the end of the isothermal holding step picks up as soon as the final cooling 

starts and the behavior resembles that of the CC curves for that particular alloy.  

For the CPPT curves, a rather different behavior as a function of the Mn concentration is 

predicted. For Mn concentrations below 0.5 mass% (Fig.  4.1 a-b), a very short so-called 

‘stagnant stage’ [23] is observed during which only minimal austenite-ferrite interface 

migration is predicted to occur. The CPPT curves following the cyclic treatment show a 

continued migration of the interface when the final cooling below the T1 temperature starts 

and a behavior is observed which resembles that for CC and IC treatments.For systems with 

Mn concentrations from 0.5 to 1.5 mass% (Fig.  4.2 c-e), a clear stagnant stage both in the 

austenite to ferrite and the ferrite to austenite transformations can be distinguished in the 

CPPT curves [23]. For the 0.5Mn and 1Mn systems, the stagnant stage in the ferrite 

formation when cooling form, the T2 temperature finishes before the lower cycling 

temperature T1 and the interface continues to migrate smoothly during final cooling from 

T1 similar to the CC and IC curves. In a different way for the 1.5Mn system, the stagnant 

stage in ferrite formation continues until below T1, generating a ´post cyclic stagnant stage´ 

in the interface migration which is absent in the corresponding curves of the CC and IC 

routes. For systems with Mn concentration above 2 mass% (Fig.  4.2 f-h), the CPPT curves 
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show primarily stagnant stages, and the isothermal direct formation of ferrite or austenite is 

negligible. Furthermore, for 2Mn and 2.5Mn systems the austenite to ferrite phase 

transformation during final cooling from T1 is fully suppressed to well below the T1 

temperature. For the 3Mn system, migration of the interface during both CPPT, CC and IC 

thermal routes is minimal and the marginal differences between curves for all three thermal 

routes predict formation of negligible amounts of ferrite when subjected to either of the 

three thermal routes.  
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Fig.  4.2- Simulation results of CPPT (solid lines), CC (dotted lines) and IC (dashed lines) thermal routes using 

the LE model in systems of (a) 0.1Mn,(b) 0.25Mn, (c) 0.5Mn, (d) 1Mn, (e) 1.5Mn, (f) 2Mn, (g) 2.5Mn and (h) 

3Mn. 
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The observed transitions in cyclic behavior of the simulated systems can be explained by 

considering the decisive effect of local Mn concentrations on the transformation kinetics. 

Fig.  4.3 a-h shows the local Mn profile in relevant regions near the moving austenite-ferrite 

interface for all of the simulated systems at T1 during cooling after the CPPT, CC and IC 

treatments (point B in Fig.  4.1 a-c). The differences in the Mn profile can explain well the 

kinematic features in the interface migration behavior by considering the transition from 

negligible-partitioning local equilibrium (NPLE) to partitioning local equilibrium (PLE) 

mode at transformation interfaces [1,23,30,31]. The Mn concentration profiles after the CC 

and IC treatments show a Mn spike at interface position as a result the LE condition at the 

interface. The position of these Mn spikes is consistent with the positions of the interface in 

the corresponding curves in Fig.  4.2. For all nominal Mn concentrations, the Mn profile at 

T1 at the end of the CPPT treatment is quite different from the profiles after CC and IC 

routes.  

After the CPPT treatment, the systems with Mn concentration up to 1.5 mass% (Fig.  4.3 a-

e) show a profile Mn profile with a ‘zig-zag’ shape attributed to the LE condition at the 

interface marking the ferrite to austenite phase transformation during isothermal holding at 

T2, a Mn spike marking the interface position for the austenite to ferrite transformation 

during final cooling similar to that for the CC and IC curves, and finally an expanded spike 

as a result of the LE condition at interface during isothermal austenite to ferrite phase 

transformation at T1 after the first cooling stage (these features are best demonstrated in 

Fig.  4.3d).  

In systems with a Mn content below 0.5 mass%, the partitioning of Mn at interface is too 

insignificant to cause any detectable disturbance in the interface motion and phase 

transformation kinetics in the three CPPT, CC and IC routes proceeding under the NPLE 

mode [32]. For the 0.5Mn and 1Mn systems, the spikes of Mn formed at T1 and T2 are 

moderately strong and cause stagnant stages in austenite to ferrite and ferrite to austenite 

transformations in the CPPT route. However, the interface can still move under NPLE 

condition after passing the existing Mn spike. 
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Fig.  4.3- Mn profile after simulation of CPPT (solid lines), CC (dotted lines) and IC (dashed lines) thermal 

routes (point B in Fig.  4.1) using the LE model in systems of (a) 0.1Mn,(b) 0.25Mn, (c) 0.5Mn, (d) 1Mn, (e) 

1.5Mn, (f) 2Mn, (g) 2.5Mn and (h) 3Mn. 
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In the 1.5Mn system, the pinning effect of Mn spike partly limits the back migration of the 

interface during austenite reversion at T2, such that the existing expanded Mn spike formed 

at T1 and the zig-zag profile formed at T2 overlap and create an enriched Mn region 

(shown in Fig.  4.3e), leading to a local increase of the effective Mn concentration. Passage 

of the interface (during the final cooling stage from T1) through this locally enriched Mn 

region requires severe partitioning of Mn at the interface (similar to the PLE mode) and 

consequently causes the post cyclic stagnation in ferrite formation. As there no such Mn 

spikes are created in the CC and IC treatments, the kinetic curves show no stagnation upon 

final cooling.  

For the systems with 2 mass% Mn and more (Fig.  4.3 f-h), the phase transformations 

involve full Mn partitioning at the (slowly moving) interfaces (PLE mode). Due to the 

severe pinning effect of the Mn spike formed at interface and the marginal migration of the 

interface during CPPT, the three aforementioned peaks in the Mn profile (as observed in 

lower Mn systems after CPPT) virtually overlap and are no more distinguishable. Thus, the 

Mn profile after CPPT is very similar to that of the CC and IC routes, but only in the CPPT, 

final cooling starts with the interface positioned behind the very narrow but highly enriched 

Mn region that can seriously halt the migration of the interface during final cooling after the 

CPPT route.  

Table  4.2. Composition of the alloys used for CPPT and CC experiments. 

Alloy tag Composition (all in mass%) 

0.15Mn Fe-0.023C-0.17Mn 

0.25Mn Fe-0.095C-0.25Mn 

0.5Mn Fe-0.0848C-0.47Mn 

1Mn Fe-0.095-1.1Mn 

1.5Mn Fe-0.061C-1.52Mn 

2Mn Fe-0.135C-2.058Mn 

2.5Mn Fe-0.06C-2.4Mn 
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3Mn Fe-0.1C-3.0Mn 

 

The predicted stagnation in ferrite formation in lean Mn steels with Mn concentrations 

around 1.0-1.5 wt% Mn during stages of the CPPT treatment has been confirmed 

experimentally using dilatometry [33] and in-situ confocal microscopy [34]. However, in 

order to assess the predicted trends in the transformation kinetics for the three thermal 

treatments as a function of the Mn concentration, a series of ternary alloys with different 

Mn concentrations close to those used in the computational experiments, listed in Table 2, 

were collected.  A Bähr DIL 805A/D/T Quenching Dilatomer was used to measure the 

longitudinal dilatation of the specimens (typically 10 mm length and 4 mm diameter), using 

the same thermal routes as used in the LE simulations. All specimens were heated with a 

rate of 10 K/s to 1273 K (1000 °C) and kept for 300 s (5 min) to ensure full austenitization. 

Then the samples were subjected to the CC, IC and CPPT thermal routes with a constant 

rate of 1 K/s under vacuum condition with a maximum pressure of 5×10-4 mbar. Fresh 

samples were used for each different thermal route. For alloys with a Mn concentration 

below 2 mass%, the CPPT route was performed using isothermal intercritical holdings of 

1200 s (20 min) similar to the simulations. For alloys with Mn levels above 2 mass%, the 

cyclic treatments were done with isothermal holding at T1 for 86400 s (24 h) and at T2 for 

7200 s (2 h) to compensate for the very slow rate of nucleation and to reach a starting 

ferrite fraction comparable to that in the simulations. 

Fig.  4.4 a-h show the measured longitudinal dilatation curves for the experiments using the 

CC (dotted lines), IC (dashed lines) and the CPPT (solid lines) thermal routes. The CC 

dilatation curves for all Mn concentrations indicate steady austenite decomposition, while 

the dilatation curves for the IC and CPPT routes show distinctly different behavior 

depending on the Mn concentration. It is worth mentioning that the stagnant stages in the 

experimental dilatation curves can be identified by the linear contraction or expansion of 

the specimens during cooling or heating.  

The observed experimental transformation curves as plotted Fig.  4.4. are all in very good 

agreement with their respective predictions made by the LE model. In line with the 
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simulations, the experimental CPPT curves for 0.15Mn, 0.25Mn, 0.5Mn and 1Mn alloys 

(Fig.  4.4 a-d) show direct transformation and stagnant stages with lengths up to 50 K during 

the thermal cycles. For these alloys no post cyclic stagnation in the ferrite formation after 

the cyclic treatment is observed. The IC curves in these alloys indicate significant ferrite 

formation during isothermal holding. The minor non-linearity in the IC dilatation curves 

during the final cooling are an indication of the transformation of the small austenite 

fraction present after isothermal holding.  

For the 1.5Mn alloy (Fig.  4.4e), the IC curve shows significant ferrite formation both 

during isothermal holding and final cooling. In the CPPT curve, the isothermal direct ferrite 

formation and austenite reversion stages during the isothermal holdings at T1 and T2, 

respectively, are easily identified. The predicted post cyclic stagnant stage in the ferrite 

formation is clearly present in the experimental CPPT curve where after the austenite 

reversion at T2 the ferrite formation is suppressed for about 40 K of cooling below T1 

(when compared to the CC curve). This stage is obviously absent in the experimental CC 

and IC curves. 

For the alloys with 2 mass% of Mn and higher (Fig.  4.4 f-h), due to extended isothermal 

holding times in the CPPT and IC routes, the austenite decomposition starts at higher 

temperatures compared to the CC routes. As predicted by the simulations, the cyclic partial 

phase transformations in these alloys proceed with only slight isothermal transformations 

during holdings at T1 and T2 temperatures. In the 2Mn and 2.5Mn alloys, the CPPT 

treatment causes a post cyclic stagnant stage in austenite decomposition during cooling 

below T1 for about 25 K (when compared to the corresponding CC curves). Although 

ferrite, and therefor austenite-ferrite interfaces are present at the end of both the CPPT and 

the IC routes, the post cyclic stagnant stage is only observed after CPPT route and is absent 

in the samples subjected to the IC route. In the 3Mn alloy, showing a very good agreement 

with the predictions by the LE model, it is clear that the CPPT treatment has virtually no 

effect on the transformation kinetics during final cooling which proceeds in a similar 

manner in the CC, IC and CPPT treated samples.  
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The experimental results in above put forward a critical Mn concentration range from about 

1.5 to 2.5 mass% in which formation of the intercritical and post-intercritical ferrite can be 

suppressed significantly via austenite reversion through the cyclic treatment. The CPPT 

treatment in these range of composition can locally increase the effective Mn concentration 

and enhance stabilization of retained austenite with suppression of further intercritical 

ferrite formation.  

Comparing the experimental and computationally simulated CPPT curves for 1.5Mn, 2Mn 

and 2.5Mn systems, a difference in the length (i.e. duration) of the post cyclic stagnant 

stage is observed. While the simulations predict stronger suppression of ferrite formation 

after CPPT for higher Mn contents, in the physical experiments, notwithstanding the 

extended time for ferrite nucleation in 2Mn and 2.5Mn alloys, the post cyclic stagnant 

stages in these alloys are shorter than the one observed in the 1.5Mn alloy. The difference 

arises from the lower fraction of intercritical ferrite (and consequently less number of 

available interfaces) formed during the first isothermal holding at T1 in the in 2Mn and 

2.5Mn alloys compared to the 1.5Mn alloy.  

It is worth noting that, although for the composition range of Mn higher than 2 mass%, the 

cyclic transformation behavior can be initiated by providing extended time for nucleation of 

ferrite at higher temperatures (i.e. lower undercoolings), we also could have opted for 

selecting lower critical T1 and T2 temperatures for the cyclic treatment. However, when 

calculating the bainite start temperature for this range of composition using Bs(K) = 907.95 

− 193.1C + 02.4C2 − 31.2Mn + 10.36 ln(dγ) [35] (where the C and Mn compositions are in 

mass% and dγ is the austenite grain size in μm), a high probability of bainite formation 

during cyclic treatment at the lower transformation temperatures is predicted. Since the 

kinetics and mechanism of bainite formation in these alloys are controversial and different 

from those of the proeutectoid ferrite [36,37], the occurrence of bainite formation in the 

CPPT treatment would complicate the interpretation of the dilatometry curves in relation to 

the degree of austenite reversion.  
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Fig.  4.4- Experimental dilatation results of CPPT (solid lines), CC (dotted lines) and IC (dashed lines) thermal 

routes in alloys with (a) 0.15Mn, (b) 0.25Mn, (c) 0.5Mn, (d) 1Mn, (e) 1.5Mn, (f) 2Mn, (g) 2.5Mn and (h) 

3Mn. 
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4.4 Conclusions 

In summary, the systematic simulations of the cyclic partial phase transformations using the 

LE model revealed a critical Mn concentration range of 1.5 to 2.5 mass% in which the 

CPPT treatment can locally increase the effective Mn concentration in regions near the 

moving austenite-ferrite interface. This process suppresses ferrite formation via controlled 

mode switching in the interfacial Mn partitioning and creates a post cyclic stagnant stage. 

This stage is absent in the CC and IC thermal routes as there is no reversion stage. The 

systematic experiments on the alloys subjected to the CPPT route are in well agreement 

with the LE model predictions and confirm the predicted critical Mn concentration range 

from 1.5 to 2.5 mass% of Mn.  
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Formation in Medium Mn Steels, Metallurgical and Materials Transactions A, 

Volume 49, Issue 6, 1 June 2018, Pages 1998-2010. 

ABSTRACT  
Formation of the microstructural ferrite/pearlite bands in medium Mn steels is an 

undesirable phenomenon commonly addressed through fast cooling treatments. In this 

study, a novel approach using the cyclic partial phase transformation concept is applied 

successfully to prevent microstructural band formation in a micro-chemically banded Fe-C-

Mn-Si steel. The effectiveness of the new approach is assessed using the ASTM E1268-01 

standard. The cyclic intercritical treatments lead to formation of isotropic microstructures 

even for cooling rates far below the critical one determined in conventional continuous 

cooling. In contrast, isothermal intercritical experiments have no effect on the critical 

cooling rate to suppress microstructural band formation. The origin of the suppression of 

band formation either by means of fast cooling or a cyclic partial phase transformation is 

investigated in detail. Theoretical modelling and microstructural observations confirm that 

band formation is suppressed only if the intercritical annealing treatment leads to partial 

reversion of the austenite-ferrite interfaces. The resulting interfacial Mn enrichment is 

responsible for suppression of the band formation upon final cooling at low cooling rates. 
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5.1 Introduction 

The formation of ferrite/pearlite microstructural bands in hot rolled low alloy steels has 

been one of the main challenges in the development of medium Mn steels for low weight 

automotive applications [1–3]. The presence of the ferrite/pearlite microstructural banding 

leads to an undesirable reduction of the mechanical properties perpendicular to the rolling 

direction [4–10]. The band formation is the result of significant partitioning of alloying 

elements during solidification which generally cannot be undone sufficiently during the 

solid-state homogenization treatments preceding the hot-rolling and subsequent 

thermomechanical processing steps. Not surprisingly, the topic of band formation and its 

relation to the imposed thermal trajectory when cooling down from the hot rolling 

temperature has been researched for more than 50 years [11–16].  

In micro-chemically banded Fe-C-Mn-Si steels, the spatial variation of substitutional 

alloying element concentrations locally reduces (in regions with high levels of austenite 

forming elements such as Mn) or raises (in regions with high levels of ferrite forming 

elements such as Si) the A3 transition temperature. Upon cooling from the austenite, the 

ferrite starts to nucleate in regions with a high A3 transition temperature as the required 

undercooling for ferrite nucleation is reached there first. With the formation of the early 

ferrite, C is injected into the remaining neighbouring austenite with a higher Mn content, 

reducing the local A3 transition temperature even more. Upon further cooling, the 

composition in these remaining austenitic regions reaches eutectoid levels and the austenite 

decomposition continues with pearlite formation in a banded arrangement [17]. Hence, 

formation of the ferrite/pearlite microstructural bands is a matter of balancing nucleation 

and growth during austenite decomposition [5,18]. In a standard approach, formation of 

microstructural bands can be suppressed via fast cooling after hot rolling. The severe 

undercooling from austenitization temperature results in simultaneous nucleation of ferrite 

in both rich and poor Mn containing regions. Although fast cooling prevents band 

formation, but it leads to formation of ferrite with a fine average grain size and a higher 

hardness and yield strength which is not always desirable. 
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Recently, the ‘Cyclic Partial Phase Transformation’ (CPPT) approach has been proposed as 

an scientifically interesting intercritical annealing route to investigate the effect of alloying 

elements on interface migration kinetics [19,20]. In a CPPT experiment, the temperature is 

cycled between two temperatures inside the austenite-ferrite two-phase regime such that 

both austenite and ferrite phases are present at all times. The CPPT experiments 

demonstrate a clear retardation of the final ferrite growth as a result of local Mn enrichment 

due to the back and forth migration of the austenite-ferrite interfaces more or less following 

the same trajectory [21].  In a more recent approach, the cyclic treatments is successfully 

used as a novel route to stabilize austenite in a medium Mn steel down to room temperature 

[22]. 

The present work introduces a new approach for controlled suppression of ferrite/pearlite 

band formation in a medium Mn steel using the CPPT approach and making use of the 

controlled Mn partitioning at moving austenite-ferrite interfaces. The approach led to a 

considerable lowering of the minimum cooling rate required to prevent band formation. The 

unique observation of perfectly aligned pearlite rims around ferrite grains is a clear 

evidence of the impact of local Mn enrichment at halted interfaces. 

5.2 Experimental Details 

In this study, a commercial hot rolled Fe-0.17C-1.47Mn-1.48Si (all concentrations in mass 

pct.) steel grade is subjected to different thermal treatments. Solid cylindrical samples for 

dilatometric experiments with a diameter of 5.0 mm and length of 10.0 mm were wire-cut 

with the axis of the cylinder parallel to the rolling direction. Qualitative energy dispersive 

spectroscopy (EDS) across the rolling direction in the samples was done confirming micro-

chemical banding of both Mn and Si. All thermal processing was done using a Bähr DIL 

805A/D/T Quenching dilatometer.  As samples containing micro-chemical bands show 

different dilatation signals parallel and perpendicular to the rolling direction [23] the 

dilatation of the specimens was measured in both the longitudinal and lateral direction. The 

samples were aligned such that the rolling plane was perpendicular to the direction in which 

the lateral expansion was measured. All experiments were done in vacuum with a pressure 
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of 5×10-4 mbar. Two thermocouples spaced 4 mm apart were spot welded to the samples to 

ascertain that the thermal gradient along the sample was less than 3 K. All samples were 

heated with a rate of 10 K/s and fully austenitized at 1273 K (1000 °C) for 300 s (5 min) 

and then subjected to either Continuous Cooling (CC) experiments with different cooling 

rates (CR) from 20 K/s to 0.17 K/s (10 K/min) or to different Cyclic Partial Phase 

Transformation (CPPT) routes. The samples were cut in the longitudinal direction and 

polished and etched with a 2 percent Nital etchant and subsequently evaluated using 

conventional light and scanning electron microscopical methods. The micro-segregation of 

C, Mn and Si was determined using a Jeol JXA 8900R microprobe instrument fitted with 

appropriate wavelength dispersive spectrometers. 

5.3 Results 

First, the results of cooling rate experiments on the ferrite/pearlite band formation during 

continuous cooling (CC) experiments are presented. Fig.  5.1 a-b show the dilatation curves 

in longitudinal and lateral directions for continuous cooling experiments with cooling rates 

(CR) of 20, 10, 5, 4, 3, 2, 1, 0.5 and 0.17 K/s (10 K/min), respectively. In these graphs the 

dilatation with respect to the dilatation at the end of the austenitization treatment is plotted. 

The increase in length during cooling reflects decomposition of austenite. For low cooling 

rates the dilatation curves indicate a two- step process of ferrite formation followed by 

pearlite formation, while at higher cooling rates a two-step ferrite-bainite/martensite 

reaction is observed. The difference between the ferrite nucleation start temperature (Ts) 

and transformation end temperature (Te) increases significantly with increasing cooling 

rate. For example, in the curve of CR=1 K/s, austenite decomposition starts at Ts=1040 K 

(767 °C) and finishes at Te=896 K (623 °C), while for CR=10 K/s, Ts= 982 K (709 °C) and 

Te=625 K (352 °C). A comparison of the dilatation curves parallel and perpendicular to the 

sample (i.e. to the rolling direction) shows that at relatively low cooling rates the dilatation 

due to the pearlite formation is much more significant in the lateral dilatation curves than in 

the axial dilation curves. Earlier work [23] has shown that such a difference in the relative 

dilatation due to the pearlite formation is a clear sign of band formation.  At higher cooling 
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rates, the axial and radial dilatation curves become more equal, indicative of a more 

isotropic microstructure.  

 

Fig.  5.1- Dilatation curves achieved in CC experiments in a) longitudinal direction and b) lateral direction. 

 

Fig.  5.2 a-i show the microstructures achieved after CC experiments with different cooling 

rates. For low cooling rates of 0.17, 0.5 and 1 K/s, the microstructures in Fig.  5.2 g-i 

display well developed ferrite/pearlite bands parallel to the rolling direction. The pearlitic 

regions are the dark phase in these figures. The ferrite and pearlite grains are formed in 

rows with a spacing of ∼50 μm. For samples subjected to cooling rates of 2, 3 and 4 K/s, 

ferritic/pearlitic microstructures are observed (Fig.  5.2 d-f), but the microstructural 

components are more randomly distributed with no noticeable sign of preferential band 

formation. The microstructures of samples after CC experiments with a cooling rates of 5, 

10 and 20 K/s in Fig.  5.2 a-c consist of ferrite, pearlite and bainite or martensite phases [24] 

(and possibly fractions of retained austenite); all phases are distributed homogeneously 

across the microstructure. These micrographs demonstrate that for this alloy and linear 

cooling a cooling rate of 2 K/s is the critical rate below which the resulting microstructure 

shows fully banded characteristics with distinct rows of ferrite and pearlite formed. 

Banding can only be avoided with cooling rates equal or higher than 2 K/s. 
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Fig.  5.2-Microstructure after continuous cooling experiments with different cooling rates of a) 20 K/s, b) 10 

K/s, c) 5 K/s, d) 4 K/s, e) 3 K/s, f) 2 K/s, g) 1 K/s, h) 0.5 K/s, and  i) 0.17 K/s (10 K/min). 

The dilatation curves for CC experiments in longitudinal (Fig.  5.3a) and lateral (Fig.  5.3b) 

directions for a band forming (CR=0.5 K/s) and a non-band forming (CR=5 K/s) condition 

respectively are in line with the microstructural observations in Fig.  5.2. In the dilatation 

curve for a cooling rate of 0.5 K/s, the lateral expansion due to pearlite formation, between 

900-920 K (627-647 °C), is noticeably more pronounced than the axial dilatation over this 

temperature domain, while for CR=5 K/s, the relative contributions of the second dilatation 

peak are comparable for both sets of data. 
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As explained above, in order to avoid ferrite/pearlite band formation in a CC experiment, 

cooling faster than the critical cooling rate of 2 K/s is essential. In the next section, new 

routes of intercritical annealing using the CPPT approach are explained and the results are 

presented.  

 

Fig.  5.3-Comparision between dilatation curves achieved by continuous cooling experiment with rate of 0.5 

K/s (leading to band formation) and 5 K/s (no band formation) in a) longitudinal and b) lateral direction. 

Fig.  5.4 a-d show different applied intercritical annealing routes with cooling/heating rates 

of 0.17 K/s (10 K/min) as well as the CC route with the same CR (in red). In type H1 CPPT 

(Fig.  5.4a), after continuous cooling to T1=998 K (725 °C), the sample is held isothermally 

for 20 min and then heated to T2=1048 K (775 °C), held again isothermally for 20 min 

(total isothermal holding for 40 min), followed by cooling at 0.17 K/s to room temperature. 

In type H2 CPPT (Fig.  5.4b), the intercritical reheating-cooling cycle is imposed twice 

before final cooling down. In type I CPPT (Fig.  5.4c), after reaching T1, the temperature is 

increased gradually to T2 such that the reheating time is equivalent to the total isothermal 

holding and heating times in type H1, i.e. 40 min. Finally, in the isothermal experiment 
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(Fig.  5.4d), after cooling from the austenitization temperature, the sample is held 

isothermally at 1048 K (775 °C) for 40 min, prior to final cooling down at the usual cooling 

rate.  

 

Fig.  5.4-The CC experiment with CR=0.17 K/s versus different intercritical annealing routes of a) type H1 

CPPT, b) type H2 CPPT, c) type I CPPT and d) isothermal experiment. 

In Fig.5, the longitudinal dilatation curves for each of the intercritical annealing 

experiments described above are presented and compared to those of the corresponding CC 

experiment. In the type H1 CPPT experiment (Fig.  5.5a), after reaching T1=998 K (725 °C), 

ferrite formation continues isothermally, and there is a linear increase in sample length due 

to heating after isothermal holding. The sudden jump in the sample length at around 

T=1010 K (737 °C), both in cyclic and CC curves is an artefact and is due to a change in 

the magnetic properties of the alloy upon reaching the Curie temperature [25–27]. The 

linear increase in the sample length during heating after isothermal holding in the CPPT 

curve corresponds to the so-called ‘stagnant stage’ during which the transformation is 

suppressed due to pinning effect of segregated Mn atoms at austenite-ferrite interfaces 
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[19,20]. Upon reaching T2=1048 K (775 °C), ferrite to austenite back transformation starts 

to occur isothermally. In the final cooling stage, first the sample shrinks linearly down to 

T≈973 K (700 °C) and then after a non-linear decreasing stage, the dilatation curve shows a 

delayed increase in the length at T≈923 K (650 °C) reflecting the delay in the final 

ferrite/pearlite formation. It is worth to point out that the pearlite formation in type H1 

CPPT finishes at Te≈898 K (625 °C), whereas in the CC experiment the pearlite formation 

finishes at a significantly higher temperature of Te≈910 K (637 °C). 

 

Fig.  5.5- Dilatation curves after different a) type H1, b) type H2, c) type I CPPT and d) isothermal experiment 

compared to continuous cooling curve with CR=0.17 K/s. 

The dilatation behavior for the type H2 CPPT experiment, Fig.  5.5b, is similar to that for 

type H1 but linear contraction corresponding to the stagnant stage in austenite 

decomposition during final cooling continues down to T≈960 K (687 °C) instead of T≈973 

K (700 °C) measured in the type H1 route. In type I CPPT (Fig.  5.5c), after reaching T1, 

despite the increase in temperature and the expected decrease in length due to ferrite to 

austenite transformation, the sample length increases non-linearly for about 15 K. This 
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stage is called ‘inverse transformation’ and is explained by non-equilibrium condition 

around the austenite-ferrite interface due to incomplete redistribution of C atoms after 

sudden change in the temperature regime [19,20]. After the inverse transformation stage, 

the stagnant stage starts and continues during cooling similar to that of type H1 and H2 

CPPT routes. Finally, in the isothermal experiment (Fig.  5.5d), the austenite to ferrite 

transformation proceeds isothermally and upon further cooling the dilatation behavior is 

analogous to that of the CC curve with no sign of delayed austenite decomposition during 

final cooling. 

The observed differences between the dilatation behavior after the various intercritical 

annealing treatments and the continuous cooling experiment with the same CR are reflected 

in the radically different final microstructures shown in Fig.  5.6. The microstructure after 

type H1 CPPT (Fig.  5.6a), has no significant evidence of ferrite/pearlite band formation 

notwithstanding its final cooling rate (0.17 K/s) being well below the critical cooling rate of 

2 K/s determined by CC experiment. Similarly, treatments of the type H2 (Fig.  5.6b), and I 

(Fig.  5.6c) lead to non-banded microstructures. These microstructures consist of 

homogenously distributed ferrite and pearlite grains, despite the applied low cooling rate. In 

contrast, the microstructure of isothermal experiment (Fig.  5.6d) still shows significant 

broad bands of ferrite/pearlite parallel to the rolling direction.  

Having presented the effectiveness of CPPT treatment in suppression of the band formation 

at a final cooling rate of 0.17 K/s, the intercritical type H1 treatment has also been applied 

but with higher final cooling rates of 0.5 and 1K/s. Fig.  5.7a and Fig.  5.7c show the 

longitudinal dilatation curve for type H1 CPPT with CR=0.5 and 1 K/s, respectively. In 

these figures, the corresponding CC curves are also plotted. In both cyclic experiments, the 

ferrite formation after the cyclic experiment is significantly retarded compared to that in the 

CC experiment. The corresponding microstructures in Fig.  5.7b and Fig.  5.7d, show that 

band formation is more reduced after the type H1 cyclic experiment with CR=0.5 K/s 

compared to the CR=1 K/s. This gives an impression that CPPT experiment with lower CR 

is more effective in controlling the band formation, while in the CC experiments banding is 

reduced as a result of the higher cooling rate. 
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Fig.  5.6- Microstructures after different intercritical annealing routes of a) type H1 CPPT, b) type H2 CPPT, 

c) type I CPPT and d) isothermal experiment all with CR = 0.17 K/s. 
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Fig.  5.7- a) longitudinal dilatation curves for type H1 CPPT experiments with CR=0.5 and 1 K/s, b) 

microstructure after type H1 CPPT with CR=0.5 K/s, c) lateral dilatation curves for type H1 CPPT 

experiments with CR=0.5 and 1 K/s and d) microstructure after type H1 CPPT with CR=1 K/s. 

The extent of ferrite/pearlite banding can be quantified by the anisotropy index (AI) as 

defined in the industrial ASTM E1268-01 standard [28]. In this standard method the degree 

of banded or oriented microstructures is quantified using statistical measurements on the 

morphological appearance of certain microstructural features. AI values close to 1 belong to 

samples which do not exhibit banding and AI values bigger than 1 indicate microstructures 

showing increasingly noticeable band formation levels. Fig.  5.8 shows the AI values for all 

microstructures created via intercritical annealing routes or CC experiments as a function of 

the applied cooling rate. The error bars in AI refer to the standard deviation in the 

measurements. Continuous cooling with rates equal or higher than 2 K/s lead to fully 

isotropic microstructures i.e. AI values equal to 1. The degree of banding increases 
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extensively with decreasing cooling rates, to an anisotropy index of 6 for a CC experiment 

with CR=0.17 K/s. All CPPT experiments with a slow cooling rate of 0.17 K/s show 

isotropic microstructures with an AI value <1. In the type H1 CPPT experiment, the 

anisotropy index increases with increasing cooling rate. For CR=1 K/s, there is no 

difference between AI values achieved from microstructures after cyclic treatment 

(Fig.  5.7d) and continuous cooling (Fig.  5.2g). The AI value of microstructure after the 

isothermal experiment is about 4, displaying minor band formation. 

 

Fig.  5.8- Standard anisotropy index for all the microstructures after different intercritical annealing and CC 

experiments versus the applied cooling rates. 

5.4 Discussion  

As shown above, the CPPT treatments with low cooling rates effectively suppress band 

formation, even at a final cooling rate well below the critical cooling rate determined for 

continuous cooling.  The effect is well reflected in the ASTM E1268-01AI index. However, 

to analyse the band formation in even more detail a new parameter of ‘band formation 

index’ is defined similar to the one used for dielectrophoretically aligned PZT particles in a 
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polymer matrix [29]. To this aim, the micrographs are first processed using the Matlab 

image processing toolbox [30]. The micrographs are transformed to binary images, and the 

sum of the darkness levels of all the pixels (having a dimension of 500×500 µm) in every 

horizontal row is determined and normalized to the total number of pixels in each row. 

Pixels with a high darkness level indicate pearlite while pixels with a low darkness level 

correspond to ferrite grains. Peaks in the resulting spectrum correspond to the band position 

and the magnitude of sum is a measure of the quality of the band. The intercolumnar 

distance between the peaks shows the lateral distance between the formed bands. Results of 

applying the band formation indexing process to the microstructures after different 

intercritical treatment routes of type H1 (with CR=0.17, 0.5 and 1 K/s), H2 and I CPPT, 

isothermal experiment (with CR=0.17 K/s) and corresponding CC experiments are 

presented in Fig.  5.9 a-f. The curves for microstructures after CC experiments with 

CR=0.17, 0.5 and 1 K/s in Fig.  5.9 a-c clearly show the peaks corresponding to the 

preferential nucleation and growth sites of pearlite grains in columns with a typical distance 

of 50μm. The reduction of ratio of peak heights over the average values with increasing 

cooling rates in these graphs indicates the more uniform distribution of phases after CC 

experiments with higher cooling rates in spite of presence of broad bands. 

The curves for type H1 CPPT with CR=0.17 and 0.5 K/s (Fig.  5.9 a-b), are significantly 

smoothed with a substantial reduction of the relative peak heights, indicative of the more 

uniform microstructure. The hills in the band formation index indicate that there are still 

preferential locations for pearlite formation with the typical distance of 50μm. This 

indicates that Mn is still non-uniformly distributed along the microstructure, but for the 

cyclic annealing route the formation of pearlite in preferential columns is strongly 

suppressed. The distinct peaks in type H1 with CR=1 K/s curve in Fig.  5.9c are another 

indication of the anisotropic distribution of phases in microstructure after this treatment. As 

expected, the curves of band formation index for type H1, H2 and I CPPT routes with 

CR=0.17 K/s shown in Fig.  5.9 d-e are flattened, while the curve of band formation index 

for isothermal experiment in Fig.  5.9f clearly shows sharp separate peaks corresponding to 

diffusely banded and non-uniform microstructure.  
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Fig.  5.9- Band formation index of microstructure versus the distance along the normal to the rolling direction 

after a) type H1 CPPT with CR=0.17 K/s, b) type H1 CPPT with CR=0.5 K/s, c) type H1 CPPT with CR=1 

K/s, d) type H2 CPPT with CR=0.17 K/s, e) type I CPPT with CR=0.17 K/s and f) isothermal experiment 

with CR=0.17 K/s and the CC experiments with similar CR. 

As suggested above, despite the suppression of band formation after a CPPT treatment, the 

original inhomogeneous banded Mn distribution leading to band formation under 

conventional linear cooling conditions should still be present even after the CPPT treatment 

as the CPPT treatment only leads to Mn redistribution on a very local scale. In order to 

demonstrate this, a two-step route as shown in Fig.  5.10a was designed where a fresh 

sample was first subjected to the type H1 treatment, cooled to room temperature and then 

re-austenitized and cooled continuously at the rate of 0.17 K/s. Fig.  5.10b shows the 

longitudinal dilatation curves recorded for the type H1 CPPT and subsequent CC 

experiment. The differences between type H1 CPPT and subsequent CC dilatations are 

similar to the ones in Fig.  5.5a in which cyclic treatment and CC experiments were done in 
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two different samples. During the CC experiment, austenite decomposes continuously, 

while in CPPT route, the austenite decomposition is retarded. The microstructure after the 

CC experiment (on a sample having first undergone the type H treatment) in Fig.  5.10c, 

shows a clearly banded microstructure. This confirms that the starting non-homogenous 

distribution of Mn in the material is preserved during the type H1 CPPT treatment and 

hence re-occurrence of the ferrite/pearlite band formation occurs in the following CC 

experiment. 

The continuous cooling experiments show that in the hot rolled alloy with micro-

segregation of Mn and Si, formation of ferrite/pearlite bands during continuous cooling 

from austenitic temperature is a virtual function of the applied cooling rate. As shown 

concisely in Fig.  5.8, cooling with rates equal or higher than 2 K/s is essential to prevent the 

development of a banded microstructure. This is in agreement with earlier publications 

showing that even though the presence of micro-chemical segregation of Mn/Si is a 

prerequisite for band formation, it is the kinetics of the phase transformation, and in 

particular that of the ferrite, which controls the actual formation of the microstructural 

bands [5,18,31]. Pearlite grows much faster than the ferrite due to availability of higher 

driving force at lower transformation temperatures and with a shorter diffusion length as a 

result of the laminar pearlite structure [4,5,31]. The time available for the growth of the 

ferrite controls the carbon enrichment of the austenite and this, for non-isothermal 

conditions, controls the chance of nucleation of either ferrite or pearlite in the Mn rich and 

Mn poor regions. For slow cooling rates, ferrite nucleation starts preferentially in the Mn 

poor regions and the time for ferrite formation is long and the C partitions over relatively 

large distances. Hence, new ferrite nucleation will not occur in the Mn rich regions 

assisting continuous pearlite formation in these regions. In general, for differences less than 

6-8 percent in ferrite nucleation rate, banding does not take place [5,32,33].  
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Fig.  5.10- a) Band recovery heat treatment route, b) dilatation curves achieved with CPPT and CC 

experiments and c) microstructure after the CC experiment. 

Interestingly, the nucleation conditions of both ferrite and pearlite (or bainite/martensite), 

can be derived from the dilatometric curves. The onset of the pearlite is most easily 

distinguishable in the lateral dilatation curves [21]. The nucleation temperatures as a 

function of the cooling rate are shown in Fig.  5.11. The usual linear relationship between 

onset temperature and cooling rate [34] is obtained from this graph.  Interestingly for this 

steel, the slope of the ferrite onset temperature does not change over the explored domain of 
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cooling rated although the microstructure changes from a ferrite/pearlitic microstructure to 

a more pearlitic-bainitic/martensitic microstructure at around 10 K/s. Furthermore, the 

slope for the onset of the pearlite formation is equal to that of the ferrite onset temperature. 

 

Fig.  5.11- Transformation onset of first phase (ferrite/pearlite) and second phase (pearlite/bainite/martensite) 

formation during continuous cooling. 

The experimental observations clearly show that the band formation can be suppressed by 

some of the CPPT treatments (see Fig.  5.4), even for a low cooling rate of 0.17 K/s. The 

suppression is due to the ferrite formation being halted as a result of the local Mn 

enrichment at the moving austenite ferrite interface and the spike of Mn left behind as a 

result of the cycling process. As the transformation is halted there is less carbon enrichment 

and new ferrite formation can take place during the final cooling down. Thus, new ferrite 

formation can take place in the higher Mn regions and band formation is suppressed.  

Fig.  5.12 shows the total time spent on ferrite formation during cooling derived from 

dilatometry experiments versus the anisotropy index of the resulted microstructure after 

different CPPT and continuous cooling experiments. As explained above, in the presence of 

microchemical banding, isotropic microstructure with AI values close to 1 can only be 

achieved by continuous cooling with major time-constraint for ferrite formation achievable 

only through high cooling rates. In contrast, the CPPT treatments make formation of fully 

isotropic microstructures possible in case of long cooling down times. 
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Fig.  5.12- Total time spent on ferrite formation in logarithmic scale versus the anisotropy index of the resulted 

microstructure after different thermal treatments. 

As concisely shown in Fig.  5.8, the values of AI very close to 1 for type H1, H2 and I 

CPPT routes with CR=0.17 K/s indicate that a CPPT route such as that of type H in which 

the austenite-ferrite interface is forced to reverse its propagation direction, provides the 

conditions required for suppression of band formation.  

In order to computationally investigate the effect of CPPT in controlling band formation, a 

Local Equilibrium (LE) thermodynamic model is used in a 1-D geometry with a size of 25 

μm. Simulations of type H1 CPPT and CC experiments are performed with CR=0.17 K/s 

using the DICTRA software linked to TCFE7 and MOB2 databases [35], with the nominal 

composition set to Fe-0.17C-1.47Mn-1.48Si (all in mass pct.). Fig.  5.13a shows the 

position of austenite-ferrite interface versus the transformation temperature achieved using 

LE model for both cyclic and CC experiments. In this graph, the position of the interface 

represents the fraction of formed ferrite. In agreement with the experimental results, the 

model predicts that during CC experiment the interface migrates smoothly during cooling. 

However, after the CPPT experiment, the interface becomes quasi-immobile up to the 

moment of a high undercooling. Fig, 13b and 13c show the Mn and C profiles in the 
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simulation cell at T1=998 K (725 °C) just before the final cooling. In the CC curves, there is 

a narrow Mn spike at the position of interface with incomplete redistribution of C in the 

remaining austenite. In the CPPT curves, the Mn spike is widened, and carbon is firmly 

redistributed in the austenitic zone. During back transformation of ferrite to austenite in the 

reheating stage up to T2, the interface leaves behind a spike of Mn in the austenite and due 

to diffusion of the Mn atoms, the spike starts to broaden and to form a narrow Mn enriched 

zone. During final cooling after the thermal cycle, the austenite-ferrite interface has to pass 

through this enriched zone leading to a stagnation in the interface motion and hence a 

stagnation of the ferrite growth [21,36]. In continuous cooling from a fully austenitic state 

or after an interim isothermal treatment, this Mn spike at the interface also exists, but there 

is no reversion of interface and the austenite-ferrite interface does not have to transverse a 

previously Mn-enriched and now interface motion retarding zone.  

 

Fig.  5.13-Results of LE model prediction of type H1 CPPT and CC experiments with CR=0.17 K/s, a) 

interface position versus temperature, b) Mn profile and c) C profile. The ferrite region is at the left side of 

interface in Mn and carbon profile. 

Fig.  5.14a shows a SEM micrograph of the microstructure after type H1 CPPT displaying a 

non-banded mixture of ferrite and pearlite grains. The actual width of this micrograph is 
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about 130 μm and includes three vertical microchemical bands of Mn. Five different 

microstructural components can be defined in this graph: 

 

Fig.  5.14–SEM micrographs of after type H1 CPPT experiment with cooling rate of 0.17 K/s showing a) 

ferritic and pearlitic grains in high and low Mn regions and b) ferrite grain pearlite rim and pearlite island in a 

low Mn region. 

i. Ferrite grains at lower Mn regions, 

ii. Pearlite grains in high Mn regions, 

iii. Pearlite rims in low Mn regions, 

iv. Pearlite islands in low Mn regions, 

v. Ferrite grains in high Mn regions. 

In a fully banded structure, the first two components dominate the microstructure. 

Formation of the last three components can be linked to an interrupted band formation 

process as a result of the CPPT treatment. Fig.  5.14b shows a ferrite grain in a low Mn 

region with so called ‘pearlite rims’ perfectly aligned and decorating the ferrite grain and a 

‘pearlitic island’ surrounded by different ferrite grains. The cementite lamella in the pearlite 

rim are more or less parallel all along the curved rim and indicates that the pearlite rim has 

a growth orientation relationship with the enclosed ferrite grain. As shown in Fig.  5.13b, 

with cyclic experiment a bump of residual Mn forms opposing the migrating ferrite 

interface. If the size of remaining austenite is big enough, no saturation of carbon occurs in 

the austenite. When the ferrite front reaches this locally enriched Mn, the interface is halted 
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until further cooling provides sufficient driving force for the transformation, and the ferritic 

interface continues its growth in the form of pearlite. The thickness of ~3 μm of pearlite 

rims in Fig.  5.14b is in good agreement with the width of residual Mn bump in Fig.  5.13b 

predicted by the LE model.  

In contrast, the pearlite islands consist of different growth orientations of cementite 

indicating that it has formed through several nucleation events. The pearlitic islands are 

small austenitic regions surrounded by growing ferrite fronts. As shown in Fig.  5.13c by 

modelling, the incomplete ferrite transformation during cyclic experiment provides time for 

full carbon rejection from ferritic zones into some of the remaining austenite. During final 

cooling, as a result of high carbon content, these zones reach eutectoid composition and 

transform into isolated pearlitic islands.  

The ferritic zones inside high Mn regions are the result of austenite back-transformation 

during the cyclic experiments. Adjacent to ferrite grains formed in low Mn regions, new 

low carbon content austenite forms. During final cooling, the low carbon austenite region 

transforms into ferrite and prevents formation of continuous pearlite band in high Mn 

regions. 

Fig.  5.15 shows the line profiles for C, Mn and Si, as measured with EPMA across a 

rimmed ferrite grain and into a pearlite grain in a low Mn region of the sample having 

received a type H1 CPPT treatment with CR=0.17 K/s. The qualitative profiles of alloying 

elements show that Si concentration does not differ across different phases and the ferrite 

grain has low concentration of both C and Mn. The pearlitic islands have a higher carbon 

content compared to the adjacent ferrite but have similar Mn concentration. The pearlite 

rims have both high C and high Mn concentrations. This confirms that pearlite rims are 

locally enriched Mn zones formed by residual Mn concentrations explained above.  
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Fig.  5.15– EPMA measurements of composition after Type H1 CPPT experiment with CR=0.17 K/s, 

Carbon(=blue), Mn(yellow) and Si (dark red).  

5.5 Conclusions 

In this study, the effect of cooling rate on ferrite/pearlite band formation in a medium Mn 

alloy during continuous cooling experiments starting from the fully austenitic state is 

explored systematically. The experiments showed that for linear cooling band formation 

could only be suppressed by cooling at rates in excess of 2 K/s. However, when a cyclic 

partial phase transformation treatment in the intercritical domain was included in the final 

cooling down from the austenitic state, band formation was suppressed even at cooling 

rates as low as 0.17 K/s. Simple isothermal annealing in the intercritical region was found 

to have no effect on band formation tendency. 

Based on all experiments it can be concluded that: 

1. Suppression of band formation during continuous cooling will only occur when the 

ferrite nucleation is promoted over the ferrite formation by the application of a higher 

cooling rate.  
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2. In case of an interim cyclic partial phase transformation in the intercritical region the 

growth of the initially formed ferrite is significantly retarded such that new ferrite 

formation is made possible even in the case of a low cooling rate. 

3. Controlled local enrichment of Mn at reversing austenite-ferrite interfaces during cyclic 

transformations is responsible for the suppression of ferrite growth leading to the 

prevention of ferrite/pearlite band formation even when a low cooling rate is applied.   

4. The cyclic partial phase transformation can lead to the formation of perlite rims not 

encountered in conventionally cooled material. 
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Chapter 6 A coupled in-situ high-temperature 

EBSD and 3D Phase Field study of the 
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This Chapter is based on  

• H. Farahani, G. Zijlstra c, M. G. Mecozzi, V. Ocelík, J. Th. M. De Hosson, S. van 

der Zwaag, In-situ high-temperature EBSD and 3D Phase Field studies of the 

austenite-ferrite transformation in a medium Mn steel, submitted to the Journal of 

Microscopy and Microanalysis. 

 

ABSTRACT  
In this research, in-situ high-temperature EBSD mapping is applied to record and analyse 

the migration of the α/γ interfaces during cyclic austenite-ferrite phase transformations in a 

lean medium manganese steel. The experimental study is supplemented with 3D phase field 

simulations to better understand the 2D EBSD observations in the context of the 3D 

transformation events taking place below the surface. The in-situ EBSD observations and 

phase field simulations show an overall transformation behavior qualitatively similar to that 

measured in dilatometry. The behavior and kinetics of individual austenite-ferrite interfaces 

during the transformation is found to show a wide scatter around the average interface 

behavior deduced on the basis of the macroscopic measurements. The trajectories of 

selected characteristic interfaces are analysed in detail and yield insight into the effect of 

local conditions in the vicinity of interfaces on its motion, as well as the misleading effects 

of 2D observations of processes taking place in 3D. 
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6.1 Introduction 

The science of solid-state phase transformation in crystalline materials in general and in 

steels in particular has been a stimulating field of research for decades. The transformations 

of interest take place via migration of interfaces over relatively large distances at the 

micrometre scale and play a key role in the formation of transient and final microstructures. 

As many mechanical and physical properties of a material depend on its microstructure, it is 

of great importance to understand the parameters controlling the migration behavior of the 

interfaces between the parent and product phases [1–4].   

In steels, the phase transformations from austenite (γ) to ferrite (α) and vice versa are 

controlled by migration of their interfaces [5] and this migration behavior can be used to 

control the final mechanical properties [6]. Excluding local topology effects, the interface 

migration behavior depends on the differences in crystal structure between both phases, the 

average chemical composition of the alloy but even more so the local chemical 

compositions at the interface and the transformation temperature [7,8]. Many models have 

been proposed to incorporate the effect of various parameters on the rate of interface 

migration during ferrous phase transformations as nicely summarized in a comprehensive 

review paper [9]. In such models, the phase transformation is modelled by reducing the 

actual interface to a mathematical surface characterized with multiple variables and 

parameters such as the interface thickness [10], trans-interface diffusivity [11], interface 

energy [12] and orientation relationship (OR) between two crystals in contact [13]. Yet, all 

these models explicitly or implicitly assume that the local interface movement is the same 

for each interface and does not vary along a particular interface, except near triple points.  

The actual motion of real α/γ interfaces has been studied experimentally with different in-

situ techniques such as optical microscopy (OM) [14–16], laser scanning confocal 

microscopy (LSCM) [17–20], scanning electron microscope (SEM)/electron backscattered 

diffraction (EBSD) [21–25] and transmission electron microscopy (TEM) [26–30]. Each of 

these techniques has its own advantages and drawbacks in accurately documenting the 

interface motion as a function of the imposed external parameters (such as temperature and 
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composition) and the transient local conditions (such as triple junctions, neighbouring 

interfaces and grain boundaries and overall degree of transformation). Typical instrumental 

constraints are the spatial resolution, the imaging speed, the field of view and finally the 

possibility to measure the crystal structure and orientation of the phases in contact at the 

interface  

With the recent advent of high-temperature EBSD techniques, in-situ SEM/EBSD emerges 

as a potentially useful technique for in-situ observation of the local dynamics during the 

microstructural evolution. Its ability to determine the crystal structure and relative 

orientation of the growing and shrinking grains of the transient parent and product phases 

[23,31,32] is a major advantage over the conventional high temperature (optical and 

electron) imaging techniques. Therefore, in-situ EBSD can yield quasi-continuous 

information on the motion of individual α/γ interfaces during the phase transformation, 

facilitating full quantification of the evolution of the crystallographic texture. However, 

temperature control can be difficult and the data analysis needs considering a possible 

intrusion of surface artefacts [33]. In general, the observed migration behavior of interfaces 

in 2D is strongly affected by the transformation behavior taking place just below the 

surface, i.e. it depends on the (truncated) 3D topology of the grains monitored on the free 

surface [34]. Hence, ‘medium-scale’ 3D modelling approaches using micromechanics or 

phase field simulation are recommended to be coupled to EBSD results in order to get a 

more complete insight into the processes responsible for the observed features at 2D 

interfaces [35]. 

The results of such EBSD experiments also depend on the nature of the transformation 

experiment itself. In conventional heating and cooling experiments, the phenomena to be 

observed are related to both nucleation and growth. The recently introduced cyclic partial 

phase transformation (CPPT) approach [36] provides a simple method to exclude the 

nucleation effects such that all observations are related to grain growth (and shrinkage) 

only.  In a CPPT route, the temperature is cycled in such a manner that the α and γ phases 

both are present at all times and the transformation proceeds via back-and-forth migration 

of existing α/γ interfaces. Apart from the expected forward and backward migration of the 

interfaces, also so-called ‘stagnant stages’ have been observed during which the α→γ and 
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γ→α interface migration is halted while a clear overall thermodynamic driving force for 

further transformation is present. The temporary pining of the α/γ interfaces is due to a 

built-up of enrichment in alloying elements, in particular Mn, in or near the migrating α/γ 

interfaces [37–41].  

In the present work, in-situ high-temperature EBSD mapping is applied to directly observe 

the migration of the α/γ interfaces in a medium manganese steel during slow cyclic partial 

phase transformations. The behaviour of (segments of) individual moving interfaces is 

compared to the average interface behaviour of the α/γ interfaces during thermal cycling as 

derived from the corresponding dilatometric measurements. Furthermore, the experimental 

EBSD data are compared qualitatively to the results of 3D phase field simulations in order 

to examine the effect of the actual transformation directly below the surface on which the 

2D observations are made. 

6.2 Experimental Details  

The material selected for this in-situ study is a hot-rolled medium Mn steel with a nominal 

composition of Fe-0.056C-2.0Mn (all in mass%). The same material has been used in other 

cyclic phase transformation studies using dilatometry and neutron depolarization and its 

cyclic transformation behavior in relation to Mn partitioning has been well documented 

( Chapter 4). Furthermore, for a steel of this composition the transformation conditions can 

be selected such that the motion and details of the interface can be captured well given the 

recording time per EBSD map and the dimensions of the field of view. The low carbon 

concentration in this steel was selected to minimize the effect of decarburization during 

thermal cycling in the SEM. In this experiment, the upper and lower transformation 

temperatures during cycling were 1168 and 1148 K (895 and 875 °C). The temperatures 

were selected on the basis of the preliminary EBSD observations and yielded an initial 

ferrite fraction at the start of the reversing heating cycle of about 80%.  
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The in-situ EBSD experiments were conducted in a Tescan Lyra FEG/FIB Dual beam 

microscope, equipped with an orientation imaging microscopy OIM system by EDAX 

including a Hikari super camera. Based on a trade-off between map size, spatial resolution 

(step size) and time resolution for dynamic observation of migration of phase boundaries, 

the EBSD images were recorded over a fixed representative area of 200×100 µm with a 

step-size of 1.0 µm using hexagonal grid. Under these conditions the recording of a single 

OIM map took 50 seconds. 

Thermal treatment inside the microscope was performed with a Kammrath & Weiss heating 

module equipped with a ceramic resistance heater. A thin flat sample with dimensions of 

10×5×0.5 mm and a finely polished surface was used. The temperature was controlled via 

thermocouples connected to the heating element just below the specimen. The vacuum in 

the SEM chamber was of the order of 9×10-3 Pa. The EBSD detector was shielded in 

between measurements to avoid thermal damage to the detector.  

The acquisition moments for OIM maps during the thermal cycle are shown in Fig.  6.1, in 

which each point marks the collection of a new OIM map. The same 200×100 µm region 

was mapped in all measurements. The imposed thermal profile is that of a type H cyclic 

partial phase transformation [36], where the sample is held isothermally for some time at 

the upper and lower temperature during cycling. Such a profile gives the best change of 

measuring the direct transformation and the stagnant stage [36]. The time t = 0 s in Fig.  6.1 

marks the start of the reheating stage after the prior intercritical holding treatment for 3000 

s.  

The EBSD data were collected by means of the TSL OIM Data Collection 7.3 software and 

OIM analysis was performed by TSL OIM Analysis v.7.3 software [42]. This procedure 

consists of a two-step data cleaning process starting with Grain Confidence Index 

Standardization (setting grain tolerance angle of 5°, minimum grain size of 5 pixels at 

multiple rows) followed by a Neighbour Orientation Correlation procedure (level 4, 

tolerance 5 and a minimal Confidence Index of 0.1). In the data cleaning treatment all data 

points with a confidence index value below 0.1 were ignored and are shown as white points 
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in the OIM maps. The second cleaning treatment changed the orientation of less than 2% of 

the scanned points but the phase allocation of each data point remained unchanged. 

 

 

Fig.  6.1- Applied thermal route. Each point in the curve refers to an EBSD image recording. 

Determination of motion of the phase fronts during α→γ and γ→α phase transformations 

was done by point-wise comparison of time-sequenced OIM phase maps, using an Matlab 

image analysis tool [43]. The tool identified the area swept by each interface in between 

two successive phase maps.  

Finally, in this manuscript only one set of experiments is presented. However, based on a 

large number of less successful trial experiments we are convinced that the findings 

reported here are representative for the transformation behavior in this steel as far as the 

transformation details can be recorded with the EBSD technique.   

6.3 Phase Field Model and simulation conditions 

The MICRESS® software [44,45] was used to solve the phase field and diffusion equations 

and enabled prediction of the microstructure evolution and alloy element distribution in 

time and space. A full 3D austenitic microstructure created by a Voronoi construction was 
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used as the starting microstructure in the phase field simulations. The calculation domain 

size was 45 × 45 × 45 µm3. The number of grains was adjusted to have an austenite grain 

size of 12 µm, i.e. the calculation domain contained 60 individual grains. The grid size 

employed was Δx = 0.3 µm. Periodic boundary conditions were set for all simulations. 

Crystallographic orientations were assigned to the parent austenite and newly formed ferrite 

grains and special misorientation boundaries with low energy and high mobility were 

defined. The initial 3D microstructure is shown in Fig.  6.2, which also contains the 

reconstructed image for a 2D cut; the grain colours in the 2D cut represent the different 

crystallographic orientations. The 3D simulation results have been visualized using the 

ParaView software [46]. The thermal route imposed in the simulation is time-wise identical 

to the one shown Fig.  6.1. However, different absolute temperatures were used to achieve a 

better fit between the phase field calculations and the accompanying experimental results. 

More details of the thermal route and fitting parameters used in the PF simulations are 

presented in section  6.5. 
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Fig.  6.2 Initial austenite microstructure in 3D simulations (a); 2D cut of a 3D microstructure (b); the grain 

colours in (b) represent the different crystallographic orientations. 

6.4 Results of in-situ EBSD 

In this section, the results of the HT EBSD measurements during thermal cycling are 

presented and discussed from various perspectives. The recorded OIM maps are collected 

in Appendix A, and for each map the time and temperature are reported.  

In the following subsections, first, the results dealing with the overall behavior of the 

material are presented. Then, the behavior of (segments of) selected individual interphase 

boundaries are presented and discussed.  



 6.4 Results of in-situ EBSD 109 

 

 

Fig.  6.3- EBSD measured ferrite fraction versus temperature during thermal cycling. The measurements start 

from the large blue data point and the curve is to be read clock-wise as shown by the blue arrows. 

6.4.1 Overall transformation kinetics 

The best impression of the overall transformation kinetics can be obtained by plotting the 

degree of transformation (i.e. the α fraction present) as a function of the temperature. 

Fig.  6.3 shows the areal α fraction derived from the OIM-maps as a function of the 

temperature over the thermal cycle. The measurements start from the large blue data point 

and the curve is to be read clock-wise (as indicated by the blue arrows in the figure). Upon 

slow heating  from 1148 to 1166 K (875 to 893 °C) the ferrite fraction remains constant 

notwithstanding the imposed temperature rise, reflecting the so-called stagnant stage 

[36,47]. Upon further heating from 1166 to 1168 K (893 to 895 °C) and holding there, a 

normal quasi-isothermal transformation takes place and the α fraction decreases 

continuously. Upon subsequent cooling the ferrite fraction remains constant up to a 

temperature of 1155 K (882 °C), i.e. we entered another stagnant stage. Upon further 

cooling to 1148 K (875 °C), we observe a continuous growth of the α to more or less the 

initial ferrite fraction. Final cooling of the sample caused the remaining γ grains to slowly 

disappear (the post-cyclic retardation stage [48] and  Chapter 4.) ultimately leading to a 

fully ferritic microstructure at 1128 K (855 °C).  
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The overall transformation behaviour during partial cyclic phase transformation as 

observed in EBSD is in good qualitative agreement with earlier CPPT studies using 

dilatometry, confocal microscopy and neutron depolarization and shows the known 

distinctive stages in the process ( Chapter 4). These stages themselves are relatively well 

understood and can even be reproduced in a simple 1D model which takes into account 

substitutional alloying element partitioning at the moving α/γ interface [49].  

Having established the overall validity of the EBSD experiment, it is now appropriate to 

turn to those rather unique features which cannot be made visible with any of the 

experimental techniques used so far. Hence, the next section focusses on the displacement 

characteristics of individual (segments of) interfaces both during the α→γ and the γ→α 

phase transformation. 

6.4.2 Local displacement sequences of selected interfaces:  

In this section, the displacement characteristics of 15 different α/γ interface segments are 

characterized in a chronological order of appearance and their migration behavior is 

analysed in terms of the local crystallographic characteristics as far as they can be derived 

from the EBSD data. These interface segments appeared and disappeared on the sample 

surface at different times (and temperatures) during the thermal cycle. Fig.  6.4 a-o show the 

displacement of each of the selected 15 interphases as a function of the temperature. By 

default, the starting position of each interface is set to zero; a positive displacement value 

means migration of the interface into the austenitic region (α growth) while a negative 

value means migration in the ferritic region (α shrinkage), respectively. Displacement 

values are measured in the direction perpendicular to the local interface boundary 

orientation (as seen in the 2D measurement). Comparison of the data in Fig.  6.3 and those 

in Fig.  6.4 makes it immediately clear that the behavior of a single interface can be rather 

different from the overall material behavior, as derived from the time dependence of the 

ferrite fraction. Over the temperature range 1148 to 1168 K (875 to 895 °C) according to 

Fig.  6.3 the ferrite fraction decreases, yet some local interface displacement measurements 

suggest local ferrite growth (Fig.  6.4 a-c), the ferrite fraction to remain constant (Fig.  6.4d) 
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but of course some interfaces also suggest ferrite shrinkage (Fig.  6.4 e-f). As also been 

reported by others [50],  the growth of the ferrite fraction does not mean that all ferrite 

grains grow equally and isotopically, as we assume in simple 1D models, but local 

competition results in interface segments growing at different speeds and sometimes even 

in different directions, in order to optimize the overall rate of global free energy 

minimization [51]. 

In order to analyse the migration behavior of characteristic interface segments (also 

contained in the video clip in the Appendix A), some EBSD images taken at successive 

stages of the heat treatment are selected and shown in Fig.  6.5 a-j. Each interface segment 

was allocated a unique identifier for the duration of its existence even though its character 

and growth direction may change. The behavior of these boundaries is analysed with 

respect to the measured orientation relationship and other properties in phase boundary. The 

character of each boundary segment grouped per subset of figures from Fig.  6.5 is listed in 

Table  6.1. It should be stated that characterization of the interphase boundaries via the 

orientation relationship of the crystals at the interface determined using the 2D EBSD does 

not necessarily fully reflect the orientation relation in 3D. However, this characterization is 

useful for a first-order assessment between different interfaces when comparing their 

behaviours in groups.  

In the following subsections, the behavior of these different interphase boundary segments 

during the thermal cycle is analysed as completely as possible, without being able to 

comment on the local chemical composition at the moving interface, which, as all CPPT 

experiments have demonstrated, is crucial in controlling the average velocity.  
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Fig.  6.4- Position of all fifteen tracked interfaces during the cyclic transformation vs temperature of a) B1, b) 

B2, c) B3, d) B4, e) B5, f) B6, g) B7, h) B8, i) B9, j) B10, k) B11, l) B12, m) B13, n) B14 and o) B15. 

6.4.3 Local features observed during ferrite shrinkage 

6.4.3.1 Migration of coherent (straight) interface segments 

The interphase segments B1 and B7 are characterized as coherent interfaces with an OR 

close to the Nishiyama-Wasserman (NW) and Kurdjumov–Sachs (KS) OR, respectively 

[52]. Both interfaces have a limited migration during the γ growth stage (Fig.  6.4a and 

Fig.  6.4g). The inclination angle of the interface plane B1 and B7 with respect to the 

surface where the interface migration is analysed, was calculated to be equal to 123° and 

170°, respectively. During the whole thermal cycle, the OR of B1, as measured, changes 
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between NW and KS OR, with its misorientation angle varying about 3°. Compared to the 

other interface segments, B1 remains almost fully pinned until final cooling to 1128 K (855 

°C). During the heating stage, the interface segment B7 is also very stable and barely 

moves. It is well accepted that mobility of an interface depends on the proximity of 

misorientation at the interface to an special the OR [53]. The existing OR at B1 and B7 can 

be held responsible for the observed low mobility during α shrinkage (γ growth).  

6.4.3.2 Slow migrating incoherent (curved) interfaces segments 

The B4 phase boundary segment is an incoherent interface with no special OR. This 

interface is quite stable and is preserved until almost the end of transformations (Fig.  6.5 a-

j). At the start of the heating stage, while B1, B2 and B3 show slight migration toward the 

centre of the existing γ grain, B4 remains pinned upon heating from 1148 K (875 °C) to 

1163 K (890 °C), and then migrates directly upon further heating to 1167 K (894 °C) and 

isothermal holding at this temperature.  

The interphase boundaries B5, B6 and B7 appear more or less at the same time but migrate 

at different rates resulting in the formation of a γ grain with an elongated morphology. B5 

and B6 are characterized as incoherent interfaces with no special OR. The calculated 

inclination angle of 170° at B7 means the corresponding γ grain, as indicated in Fig.  6.5d, is 

so shallow and the growth of B6 can be affected by topology of the γ grain beneath the 

surface [54–57]. 

6.4.4 Fast migrating incoherent (curved) interface segments 

The B2 and B3 phase boundary segments have similar characteristics and are likely type 

∑7 interfaces (Table  6.1). Upon heating the semi-straight B2 and B3 α/γ phase boundaries 

in Fig.  6.5b transform to two curved interfaces in Fig.  6.5c and Fig.  6.5d. During migration 

of these interfaces, the short area between B2 and B3 (B2/3) has a [0.69,0.52,0.49]36.3° 

character but is no longer of the ∑7 type.  
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Fig.  6.5- Selected in-situ EBSD phase maps showing different configurations of interphase boundaries during 

cyclic partial phase transformation during ferrite shrinkage (austenite growth) at a) T=1148 K (875 ºC) , 

time=0 s, b) T=1151 K (878 ºC) , time=105 s, c) T=1165 K (892 ºC) , time=984 s, d) T=1165 K (892 ºC) , 

time=1409 s, e) T=1167 K (894 ºC) , time=1511 s, f) T=1167 K (894 ºC) , time=1580 s and ferrite growth at 

g) T=1167 K (894 ºC) , time=2221 s, h) T=1150 K (877 ºC) , time=3913 s, i) T=1148 K (875 ºC) , time=4380 

s, j) T=1148 K (875 ºC) , time=4517 s and k) T=1128 K (855 ºC) , time=5711 s. 
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Table  6.1. Characters of phase boundaries corresponding to Fig.  6.5. 

Transformation 
Stage Phase Boundary Average misorientation 

angle (º) OR 

Austenite Growth 

B1 42.9 
KS (with calculated 123º 
inclination angle of 
boundary plane) 

B2 36  

B3 37.6  

B4 52.3  

B5 59  

B6 55.8  

B6’ 23.9  

B7 42.4 
KS (with calculated 170º 
inclination angle of 
boundary plane) 

B8 29  

B9 29  

B10 48.3  

Ferrite Growth 

B1 44.8 NW 

B4 52  

B7’ 35.6  

B8 44.9  

B11 53.7  

B12 49.43  

B13 56.2  

B14 22.13  

B15 54.2  

 

The aforementioned shallow γ grain (Fig.  6.5d) is separated from surrounding α grains by 

B5, B6 and B7. Upon heating from 1165 K (892 °C) to 1167 K (894 °C), a new γ grain 
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(indicated in Fig.  6.5e) appears adjacent to the existing shallow γ grain. By isothermal 

holding, the new γ grain grows relatively fast, forming new α/γ interphase segments of B6’, 

which appears to be a separated segment from B6 with a new misorientation, B8, B9 and 

B10. These new interphase boundary segments are incoherent boundaries and migrate fast 

leading to considerable growth of the austenite fraction during isothermal holding at 1167 

K (894 °C). 

6.4.5 Local features observed during α growth 

After isothermal holding, cooling starts with interphase boundaries B7, B8 at one side and 

B11 and B4 at the other side of the austenite grain (Fig.  6.5g). The γ→α phase 

transformation starts with the disappearance of the shallow γ grain, which results in a new 

incoherent interface segment B7’ without any special OR and the growth of α continues 

with the migration of B7’ and B8. 

6.4.5.1 Neighbouring fast and slowly migrating incoherent interface segments 

The interphase boundaries of B4 and B11 are thought-provoking phase boundaries, 

separating the same α and γ grains from each other, but at different angles (different habit 

planes). As shown in Table  6.1, both are incoherent interfaces. As shown in Fig.  6.5 g-j and 

Fig.  6.4 d-k, during cooling, the γ→α phase transformation finishes early at B11 while B4 

is quite stable. The stability of B4, both during heating and cooling stages (the α→γ and 

γ→α phase transformations) suggests that B4 may have been pinned by local segregation of 

Mn to the interface during thermal cycling.   

6.4.5.2 Geometry affected motion of interface segments 

The special make up of B12 and B13 interphase boundary segments during cooling (α 

growth) can be seen in Fig.  6.5 h-i. As shown in Table  6.1, at start of the cooling stage both 

phase boundaries are incoherent. It seems that the γ→α phase transformations at B7’, B8, 

B12 and B13 boundaries are interconnected: As long as B7’ and B8 exist, migration of the 
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B12 and B13 boundaries are negligible; as soon as B7’ and B8 disappear, B12 and B13 

become mobile, though their characters remain unchanged.  This observation can be 

explained by taking into account the special geometrical arrangement of these interface 

segments.   

The observed behavior of B12 and B13 boundaries before and after disappearance of B7’, 

B8 can be rationalized by considering the pinning effect triple junctions[58] : 

According to the Gibbs definition of interface energy [59], at a constant temperature, T, and 

pressure, P, the interface tension is related to the interface energy as  

𝐹𝐹𝑘𝑘 = σ𝑘𝑘 + 𝐴𝐴 �𝜕𝜕σ𝑘𝑘
𝜕𝜕𝐴𝐴
� + Ψ�𝜕𝜕σ𝑘𝑘

𝜕𝜕Ψ
�  [𝑁𝑁

𝑒𝑒
], (i) 

where Fk is the tension for unit length of interface k [N/m], σk is the interface energy [J/m2], 

A is the interface area and 𝛹𝛹 is the misorientation angle at the interface. In case of a low 

interface velocity, the time required for reconstruction of the interface structure is 

negligible and the interface energy remains independent of the interface area, 𝑑𝑑σ𝑘𝑘
𝑑𝑑𝐴𝐴

 = 0. In 

addition, when there is no special OR at the solid-solid interface, the dependency of the 

interface energy to the misorientation angle is negligible, 𝜕𝜕σ𝑘𝑘
𝜕𝜕Ψ

= 0. Hence, at the given 

condition the interface energy per unit surface area can be numerically taken equal to 

surface tension per unit length of the boundary.  

The schematics of the A, B, C and D triples junctions as indicated in Fig.  6.5 g-h are 

sketched in Fig.  6.6 a-b. At the moment of observation in Fig.  6.5 g-h, no special OR is 

seen in at B7’, B8, B12 and B13, hence for these interfaces the dependency of interface 

tension on OR in equation (i) can be neglected. By taking interfaces energies of σαγ=0.85 

J/m2, σγγ=0.6 J/m2 [60], and σαα=1.11 J/m2 (in pure Fe) [61], the equilibrium of tensions 

between different interfaces at the junctions for each schematic configuration of triple 

junctions shown in Fig.  6.6 a-b can be calculated, assuming the triple junction plane being 

orthogonal to the surface with a similar radius of curvature for all the interfaces. According 

to the observed angles between interfaces at the mentioned triple junctions, calculation of 

the absolute values of drag per unit length for each configuration leads to FA=1.06 N/m, 
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FB=0.42 N/m, FC=0.88 N/m and FD=0.92 N/m in the directions shown inFig.  6.6. These 

calculations confirm that the balance of tensions in configuration of triple junctions A and 

D are favourable for γ→α phase transformation, while for triple junctions B and C the 

equilibrium drag force is against motion of these triple junctions toward γ→α phase 

transformation. Henceforth, in conditions of availability of low chemical driving force for 

γ→α phase transformation, the triple junctions A and D can accelerate motion of B7’, B8 

interface segments in Fig.  6.5g and B12, B13 interface segments in Fig.  6.5h; whereas the 

motion of B12 and B13 interphase boundaries adjacent to triple junctions B and C in 

Fig.  6.5g seem to be triple junction controlled [62,63]. 

 

Fig.  6.6- Schematics of the triple junctions corresponding to configuration of interfaces and balance of 

interfacial tensions at a) triple junctions A, B and C and b) triple junction D as shown in Fig.  6.5 g-h. The FA, 

FB, FC and FA indicate the overall tension at the triple points A, B, C and D; the different insets show the 

area around the different triple points. 

 

6.4.6 Final stage of α growth  

The constitution of these phase boundaries at the final stage of cooling at 1148 K (875 °C) 

is shown in Fig.  6.5j. After isothermal holding at this temperature for about 205 s, 
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migrations of B1, B4 and B14 phase boundary segments stop and these interface segments 

do not move further. Apart from B1, there is no special OR at B4 and B14. With further 

cooling to 1128 K (855 °C), a new α grain appears creating the B15 phase boundary 

segment adjacent to B4 and B14. While B1 is pinned and migration of B4 and B14 is 

negligible, the γ→α phase transformation finishes as a result of the smooth migration of 

B15 (Fig.  6.5k). The stable migration of B4 and B14 after this point can be explained by 

assuming compositional variations of Mn, or local enrichment of Mn in front of these 

interfaces existing from the previous heating cycle creating a post cyclic stagnant stage in α 

growth [48] and Chapter 4. As shown in Table  6.1, the misorientation angle in B15 is no 

different from that of B4, but the misorientation at grain boundary segments separating the 

α grain corresponding to B15 from its neighbours (Fig.  6.5j), suggest that B15 approaches 

the assumed local Mn-enriched zone from a different angle. Hence, the assumed Mn spike 

at B4 is ineffectual in pinning B15. 

The mechanisms supposed responsible for the behavioural features of different interfaces 

are summarized in Table  6.2. The existence of special OR, or coherency of interfaces can 

be held responsible for stagnation of B1 and B7 (during heating). Compositional variations 

of elements can be held responsible for the stagnation at B4 during most stages of this long 

treatment. Finally, the pinning effect of triple junctions can be held responsible for the 

behavior observed in the pair of B7’, B8 and B12, B13. 

6.4.7 Migration velocities of the interfaces 

The migration rate of each identified phase boundary segment can be measured from the 

slope of the position of interfaces versus time. The measured growth rates of the different 

selected interfaces and the temperature profile versus time are shown in Fig.  6.7. The 

motion centre of the graphs in this figure denotes zero velocity, the upper side and the 

lower side of the graph denotes the measured migration velocities leading to α or γ growth, 

respectively. The growth rates of different boundaries are widely scattered and at many 

points the rates drop to zero. Such a behavior is similar to the jerky-type motion reported  

[64], however the number of boundaries studied in the present work is too limited to draw 

the same conclusion. The average migration rate of interface segments during the whole 
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transformation, for both γ or α growth can be derived from Fig.  6.7. Comparison between 

average growth rates of α/γ interphase boundaries during their migrations show no major 

difference between averaged growth rates of interface segments during α growth, as 

calculated 0.057 μm/s, and γ growth as calculated 0.080 μm/s. 

Table  6.2.- Summary of the experimentally observed features in the characterized interface segments. 

Feature Interface segments 

Low velocity of coherent interfaces B1, B7 

High velocity of incoherent interfaces B2, B3, B8, B9, B10 

Geometry effect (Triple junction pinning effect) B7’, B8 and B12, B13 

Possible Mn pinning effect B4 

 

A unique feature of the in-situ EBSD measurement is the possibility to characterize and 

follow the misorientation angle of each identified interface segment during the cyclic 

treatment. Fig.  6.8 shows the misorientation angle of some interphase boundaries versus 

their migration velocity during ferrite or austenite growth. Analogous to findings in ref. 

[32], no clear correlation was found between the average migration velocity and the 

misorientation angle between the parent-daughter interphase boundaries.  
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Fig.  6.7- Measured velocities of different boundaries and applied temperature versus time. 

 

Fig.  6.8- Misorientation angle of interphase boundaries vs their migration velocity for growth of α and γ. 
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6.4.8 Post analysis of the surface 

Given the long exposure time of the sample to the high intercritical annealing temperatures 

before and during the in-situ experiments in combination with the modest vacuum 

conditions, after the in-situ experiment, a cross-section of the sample perpendicular to the 

surface analysed in EBSD was made to check for anomalies due to surface decarburization, 

anomalous grain growth etc. Fig.  6.9 shows an EBSD map of the cross section of the 

specimen at room temperature subsequent to the in-situ HT observations. As observed, the 

important microstructural features at the free surface, i.e. the grain size and morphology of 

the grains are similar to those well below the sample surface studied, which suggests that 

the observations on the free surface are more or less representative for those in the bulk. 

While the bias is not very strong, the cross-sectional cut suggests that a slightly higher than 

expected number of grain boundaries intersects the original observation surface 

perpendicularly.  This would imply that, certainly at later stages of the experiment, the 

EBSD observations are not too strongly affected by moving interphases intersecting the 

plane of observation at a shallow angle. 

6.5 Phase Field simulation assisted interpretation of the experimental 

results 

As described in the previous section, the highly diverse local behavior observed at different 

interface segments can be linked to different mechanisms including compositional 

variations across the interface, the coherency of the interfaces as well as topology and 

geometry effect caused by the 2D surface cut.  
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Fig.  6.9- The EBSD map of the cross section of the specimen after the HT in-situ stage. 
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Fig.  6.10. The applied thermal route in the 3D phase Field simulation of CPPT treatment. 

The thermal route imposed in the phase field simulations is a typical type H route (shown in 

Fig.  6.10) and starts with cooling an austenitic microstructure from T0 (1023 K), isothermal 

holding of the α/γ microstructure at T1 (938 K) for 20 min, heating to T2 (988 K) and 

isothermal holding at this temperature for 20 min and a final cooling stage with a rate of 

0.17 K/s (10 K/min). In order to avoid effect of nucleation on the assessment, the analysis 

of the simulation results starts from the isothermal holding at T1, and the first cooling stage 

is shown in dotted line in Fig.  6.10. It is important to note that since the aim of using 3D PF 

simulation is to qualitatively investigate the effect of 2D cut surface on the observation of 

behavior of interfaces during partial γ→α and α→γ phase transformations, no quantitative 

consistency between the numeric details of the simulation condition and results of the 

experimental observations are targeted. In this regard, for achieving desired partial γ→α 

and α→γ phase transformation during the 3D PF simulations, the absolute temperatures of 

T1 and T2 were chosen to be different from those in the actual experiment. 
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In the next subsections, the characteristic behavior of the system and the displacement 

behaviours of some selected interfaces under CPPT as calculated by 3D phase field 

simulations are investigated. 

6.5.1 Retraceable back and forth migration of the interfaces 

The 3D video of migration of interfaces during the simulation is presented in Appendix B. 

Fig.  6.11 shows some selected 3D images of the microstructure during the simulation. 

These images alongside the supplementary video in Appendix B confirm retraceable back 

and forth migration of the interfaces observed in 3D PF simulation of the partial γ→α and 

α→γ phase transformations. This retractability phenomenon has not been observed in-situ 

EBSD experiments reported here, but earlier scanning laser confocal microscopy studies on 

a leaner steel [19] clearly suggested that some of interface pathways are retractable.  

6.5.2 Local features in displacement of interface segments 

In the EBSD data, different α/γ interface segments were observed to show different local 

displacement behavior upon temperature variations. Such behavior can also be observed in 

the PF simulation results when following local migration of interface segments at different 

2D cuts. Fig.  6.12 a-c and Fig.  6.12 d-f show 2D migration behavior of two groups of 

selected interface segments at two different orthogonal cuts of the same 3D microstructure 

at different times during the conditions of overall α growth. While all the α/γ interface 

segments existing in the given orthogonal 2D cut no. 1 (Fig.  6.12 a-c) are observed to 

follow overall growth of α grains, only a few interface segments in cut no. 2 (Fig.  6.12 d-f) 

of the same microstructure migrate toward α growth and the rest of existing interfaces are 

stagnant and do not react to the change in the temperature regime. This shows that 

observation of the stagnation of the present interfaces in the 2D cut of a 3D microstructure 

can be due to by the inclination of the plane of observation, rather than to special local 

crystallographic or compositional conditions. The videos of these two figures are enclosed 

in Appendix C for further review.  
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Fig.  6.11. Overall behavior of 3D material under simulation of CPPT treatment at different time/temperatures. 
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Fig.  6.12. Selected time/temperatures of two different 2D orthogonal cuts of the 3D simulation microstructure 

showing a), b) AND C) all migrating interfaces by change in temperature regime, and d), e) and f) migration 

of a few interfaces and stagnation in the other existing interfaces. The videos of these two figure groups are 

found in Appendix C. 

6.5.3 Topology effect 

The effect of 3D topology of the grains on the 2D observable local features of the 

transformation interfaces can lead to at least three different incorrect interpretations. First, 

Fig.  6.13 shows an example of how a 3D curved interface can appear as a semi-straight 

phase boundary segment in a 2D cut. The interface A in Fig.  6.13a appears as a straight 

segment in the given 2D surface cut. However, the same interface appears to be a 3D 

curved plane below the 2D cut surface in Fig.  6.13b. This effect resembles the situation of 
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the B2 and B3 interphase boundary segments that were curved around two surface defects, 

while the other interface segments identified in the same in-situ EBSD maps were 

perceived as approximately straight lines.  

 

Fig.  6.13-Effect of topology of the grains on the apparent 2D curvature of the interfaces. a) an interface 

observed straight in 2D cut, b) the same interface area observed as a 3D curved plane when removing the 

ferrite phase. 

The second case of misleading 2D information concerns the 2D recorded interface velocity. 

In the example shown in Fig.  6.14 a-b, the interface A as observed in the 2D cut surface 

appears to be immobile during the whole partial phase transformation cycle. However, 

when viewing the same grain from an orthogonal cut to that used to construct Fig.  6.14 a-b, 

displacements of the interface B on the other side the grain beneath the surface are clearly 

observable (Fig.  6.14 c-d). This confirms that the immobility of some interfaces at 2D does 

not necessarily mean stagnation in all of the interfaces in a particular 3D grain.  This 

example is relevant for the correct interpretation of Fig.  6.4, where individual interfaces are 

observed not to necessarily follow the overall behavior of the material which is plotted in 

Fig.  6.3. 
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Fig.  6.14. Selected microstructures showing the effect of 3D topology of grains on apparent stagnation of 

interfaces at different time/temperatures. 

Finally, the angle between the 2D surface cut and the 3D interface plan can also have effect 

on the apparent migration rate of the interface in 2D. Fig.  6.15 a-c show three 2D surface 

cuts of interface C (as indicated in the images) at different angles of Φ = 0, π/4 and π/2 

corresponding to the interface plan in 3D, respectively. The average migration rate of the 

interface C during γ→α phase transformation during the first isothermal holding stage 

measured at each of these planes is shown in Fig.  6.15d. The apparent velocities as 

measured in 2D are clearly different, while the actual velocity measured perpendicular to 

the interface is the same. This qualitative observation can provide a first order explanation 

for the large scatter observed in the experimentally measured growth rates of different 

interfaces via the EBSD maps shown in Fig.  6.7 and Fig.  6.8.  Given the fact that at the end 

of the thermal cycle a large fraction of the grain boundaries appears to be more or less 

perpendicular to the plane of observation (Fig.  6.9), the effect of inclination angle may play 

a smaller role in the physical experiment than in the computer simulation. 
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Fig.  6.15. The 2D cut planes showing interface C at different angles of a) Φ = 0, b) Φ = π/4 and c) Φ = π/2. d) 

the average measured growth rate of interface C versus Φ. 

6.5.4 Triple junction effect 

Analysing the in-situ motion of the α/γ interface segments recorded via EBSD and reported 

in section 4, at least one case of interphase migration to be controlled by the balance of 

interfacial tensions at triple junctions was observed. This situation is schematically 

illustrated in Fig.  6.16a. However, no similar effect of the triple junctions was spotted in the 

phase field simulation and the interface segments around triple junctions were observed to 

preserve their configuration in the back and forth migrations during partial γ→α and α→γ 

phase transformations, as schematically shown in Fig.  6.16b. This difference between 

experimental observations and simulation results can arise from neglecting interfacial 

tensions around triple junctions in the simulations. As suggested in [65], inclusion of this 

effect in future phase field models could improve their accuracy in predicting 

microstructure evolution.  

 

Fig.  6.16. a) Schematic of experimentally observed configuration of interfaces affected by triple junction 

pinning effect, b) schematic of configuration of interfaces observed in the simulation results. 

6.6 Summary and Conclusions 

In this study, in-situ high-temperature EBSD mapping is coupled with 3D phase field 

simulation to directly observe and analyse the migration of the α/γ interfaces during the 

cyclic partial phase transformations in a carbon-poor medium manganese steel. The 
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experimentally observed phenomena are qualitatively compared to the 3D phase field 

simulations to examine the effect of the surface cut on 2D observation of 3D phase 

transformation phenomenon and the following conclusions has been achieved: 

1. Individual interfaces as observed via in-situ EBSD do not necessarily follow the overall 

response of the material to temperature variations. 

2. The behavioural features of different interfaces can be qualitatively explained bearing in 

mind local conditions at the interface, i.e. orientation relationship, topology of grains, 

geometrical configuration of the interfaces and the local concentration of alloying elements 

around the interface.  

3. Motion of the coherent interfaces versus temperature variation was observed to be slower 

than that observed for incoherent interfaces.  

4. No relationship between coherency of the interface and the likelihood of that interface 

showing immobility during the stagnant stage of the thermal cycle was observed. 

5. No real difference was observed between average velocities of interfaces during partial 

γ→α and α→γ phase transformations. In addition, a relation between the misorientation 

angle and the interface velocity could not be established.  

6. The scattered behavior as well as velocities of different interfaces versus temperature 

variations recorded via the in-situ EBSD maps are found to be comparatively explainable 

by the effect of 2D observation cut surface of the 3D phase transformation phenomena in 

the PF simulations, too. 

7. The shape of α and γ grains as observed during the EBSD mapping changed during 

partial phase transformations. However, in the PF simulation the traceable back and forth 

migration of interphase boundaries led to grain shape preservation during the imposed 

CPPT treatment.  
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Chapter 7 An in-situ LSCM study on the bainite 

formation 

This Chapter is based on  

• S. Sainis, H. Farahani, E. Gamsjäger, S. van der Zwaag, An in-situ LSCM study on 

bainite Formation in a Fe-0.2C-1.5Mn-2.0Cr Alloy, Metals, Volume 8, Issue 7, July 

2018, Article number 498. 

ABSTRACT  
Direct microscopical observation of the isothermal bainite evolution in terms of nucleation 

events, the location of the nuclei as well their growth is very valuable for the refinement of 

models predicting the kinetics of bainite transformation. To this aim, the microstructural 

evolution in an Fe-0.2C-1.5Mn-2.0Cr alloy during isothermal bainite formation at 

temperatures between 723 K and 923 K is monitored in-situ using high temperature laser 

scanning confocal microscopy (LSCM). Both the nucleation and the growth kinetics of the 

bainitic plates are analysed quantitatively. Bainitic plates are observed to nucleate on three 

different types of locations in the grain: at austenitic grain boundaries, on newly formed 

bainite plates and at unspecific sites within the austenite grains. Grain boundary nucleation 

is observed to be the dominant nucleation mode at all transformation temperatures. The rate 

of nucleation is found to vary markedly between different austenite grains. The temperature 

dependence of the average bainite nucleation rate is in qualitative agreement with the 

classical nucleation theory. Analysis of plate growth reveals that also the lengthening rates 

of bainite plates differs strongly between different grains. However, the lengthening rates 

do not seem to be related to the type of nucleation site. Analysis of the temperature 
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dependence of the growth rate shows that the lengthening rates at high temperatures are in 

line with a diffusional model when a growth barrier of 400 J/mol is considered.  

7.1 Introduction 

The wish for better performing automobiles with improved fuel efficiency, low CO2 

emission, crashworthiness and rigidity has directed the automotive industry’s efforts 

towards the adoption of advanced high strength steels (AHSS) as the primary structural 

material. AHSS offer the opportunity to create cost effective and light-weight car body 

structures with improved crash worthiness [1–3]. The AHSS steels are compositionally 

relatively simple C-Mn based steels having rather different microstructures as a result of 

different complex multistep thermomechanical treatments. The first generation of AHSS 

(1st Gen AHSS) includes dual phase (DP), transformation induced plasticity (TRIP), 

complex-phase (CP) and martensitic (MART) steels with a high allotriomorphic ferrite 

fraction. The second generation of AHSS (2nd Gen AHSS) includes twinning induced 

plasticity (TWIP), Al-rich lightweight steels (L-IP®) and shear band strengthened steels 

(SIP) containing a mass fraction of Mn of about 20%. These 2nd Gen AHSS display 

significantly higher strength values compared to the 1st Gen AHSS. The third generation 

AHSS (3rd Gen AHSS) show even better strength-ductility combinations at lower costs [4–

7]. Their attractive mechanical properties are due to the presence of a high volume fraction 

of retained austenite which is stabilized by increasing the Mn content [8–11]. The 

occurrence of high volume fractions of retained austenite in the microstructure is realised 

by specific thermal processing routes and fine tuning of the Mn concentration. A key 

feature of these multi-phase steels is their primarily bainitic microstructure containing 

retained austenite volume fractions between 10 and 30% [12] at overall Mn concentrations 

between 1.5 and 8 mass% [13–19]. The 3rd Gen AHSS family includes the so-called 

medium Mn steels, to which the steel to be researched in this publication belongs. 

Intercritical annealing treatments at isothermal bainite transformation temperatures form the 

basis for the desired multi-phase bainite-austenite microstructures. In view of its 

technological importance, significant research efforts have been made to tailor the amount, 
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morphology and stability of retained austenite after cooling [20–24] in relation to the 

preceding bainite formation. Predicting the kinetics of the bainite transformation by means 

of numerical models is a goal not only of academic but also of significant industrial 

interest, since the austenite-bainite microstructure formed during intercritical annealing 

determines the mechanical properties of the steel.  

The kinetics of bainite formation has been studied extensively for decades since the first 

observation of the microstructure by Davenport and Bain in 1930s [25,26]. Due to the wide 

temperature range in which such bainitic microstructures form, its transformation kinetics is 

a complex phenomenon consisting of coupled dissipative processes. It is thus a challenging 

task to describe and predict the transformation kinetics. Currently two schools of thought 

exist that provide different explanations for the physical mechanism through which bainite 

evolves and the topic has been under debate for many decades [27,28,37–44,29–36]. While 

it is not the purpose of this paper to enter into this controversy, the concepts of both models 

are considered to be relevant for the interpretation of our observations. The diffusional 

approach, first formulated by Aaronson [45] explains the formation of bainite as a ferrite 

ledge growth mechanism which involves reconstructive ferrite and cementite formation. 

The kinetics is governed by the movement of austenite-ferrite interface which depends on 

the interactions of constituent alloying elements in the iron lattice. The displacive school of 

thought, on the other hand, considers a diffusionless nucleation and growth of so called 

bainitic sub-units to be the crucial formation mode. Growth is assumed to occur by 

successive nucleation of new sub-units. The overall kinetics is thus controlled by nucleation 

events, since the growth of sub-units is a very fast process [46]. Both schools succeeded to 

model the overall transformation kinetics based on their own perception of the dominant 

bainite formation mechanism [46,47,56–59,48–55], without paying much attention to the 

actual microstructure evolution and its relation to the initial austenitic microstructure.  

Given the importance of correctly modelling the austenite to bainitic ferrite transformation 

kinetics for designing suitable multiphase microstructures, in-situ methods are applied to 

observe evolution of microstructural features in real time. Conventional metallography is 

the classical method to investigate bainite formation, however, this technique can only be 

used to observe post mortem microstructures. While in-situ optical observations of 
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metallurgical transformation reactions using conventional microscopy were already made in 

1952 [60], in recent years in-situ high temperature laser scanning confocal microscopy 

(HT-LSCM) has been used preferentially [61–67] because of its high sensitivity to the out-

of-plane distortions at moving interfaces.  

Xu et al. [65] quantitatively analysed the austenite transformation rates by combining 

LSCM and dilatometry. Kolmskog et al. [62] also applied LSCM to directly observe 

isothermal bainite formation below the martensite start temperature. Dynamic LSCM 

imaging studies of the bainite evolution revealed a continuous lengthening of bainitic ferrite 

plates. Wan et al. [66] showed that the lengthening rate of the plates was constant with time 

irrespective of the nucleation location. Hu et al. [67] investigated the plate growth rates at 

low transformation temperatures in a super bainitic steel Fe-0.4C-2.81Mn-2.0Si (all in 

mass%) and also observed a constant lengthening rate. However, in contrast to the results 

presented in [64], they reported a dependency of the growth rates on the location of the 

nucleation site. Their study supported the diffusional growth hypothesis by semi-

quantitatively validating their observations with the Zener-Hillert [68,69] and the Trivedi 

[70] model. Tian et al. [71] studied the same steel but under different isothermal 

temperatures and reported a decrease in lengthening rate with decreasing temperature.  

However, the past studies have focussed only on quantifying the growth rate of bainitic 

plates but did not pay attention to the variation of the growth rate. Some studies reported a 

variance in growth rate nucleating at different locations in the microstructure [67,71]. 

However, the nucleation aspect in the evolution of bainitic ferrite has rarely been measured 

and analysed quantitatively. In this paper, in-situ LSCM at a framing rate of 15 Hz is 

applied to directly observe the bainite phase transformation process in a typical Fe-0.2C-

1.5Mn-2.0Cr (all in mass%) alloy. The dynamics of the bainite formation process, within 

the spatial and temporal resolution limits of LSCM, is quantified using a combination of 

manual and computer aided image analysis techniques. This study reports on the bainitic 

nucleation and growth observed at different isothermal temperatures 723 K, 773 K, 823 K 

and 923 K (450 °C, 500 °C, 550 °C and 650 °C). Nucleation and growth of bainitic plates 

has been analysed quantitatively by distinguishing different nucleation sites and by 
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comparing the bainite formation behaviour in different grains. This latter aspect has not 

been addressed in previous bainite formation studies reported in the literature. 

7.2 Experimental procedure and microstructure measurement 

The investigated material is an Fe-C-Mn-Cr alloy with the chemical composition listed in 

Table  7.1. Cold rolled cylindrical samples with a radius of 4 mm and a height of 5 mm were 

used in which the highly polished surface was perpendicular to the rolling direction. 

In situ optical observation and recording of growing bainitic ferrite plates were done using 

a Yonekura VL 2000 DX HT-LSCM coupled with an SVF 17 SP mirror furnace. Details of 

the experimental set-up can be found in Chen et al. [72]. Images of a region in the centre of 

the sample (i.e. the thermally most homogeneous part of the sample) were video-recorded 

with a scanning frequency of 15Hz. The temperature was recorded by a thermocouple. The 

applied combinations of austenitising temperature and isothermal holding temperatures are 

listed in Table  7.1. The samples were typically austenitized for about 250 s and 

subsequently cooled from the austenitising temperature to the bainitic holding temperature 

with a recorded cooling rate of 10-20 K/s.  

Table  7.1- Testing matrix containing the details of alloy composition and thermal treatments applied in situ 

optical recording.  

Steel composition (mass%) Austenitising 

Temperature 

Isothermal treatment 

Temperature C Mn Cr 

0.2 1.5 2.0 

1223 K (950 °C) 723 K (450 °C) 

1233 K (960 °C) 773 K (500 °C) 

1233 K (960 °C) 823 K (550 °C) 

1373 K (1100 °C) 923 K (650 °C) 

 

The time-temperature dependent microstructural changes observed by HT-LSCM 

measurements were analysed after selecting representative large austenite grains showing 
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the formation of multiple bainite plates. The austenite grains could be distinguished 

because of light thermal grooving at their grain boundaries. MATLAB's image processing 

toolbox [73] (imtool) was used to isolate and quantify the bainite microstructure evolution 

from the recorded images, such as that shown in Fig.  7.1. Each pixel size corresponds to 

~0.23 μm, which sets the resolution of the analysis. Although the real nucleus size must be 

much smaller than the minimal detectable feature dimension, the detection of the earliest 

features of a particular bainite plate at ~0.6μm recorded at this resolution is taken as the 

nucleation event. For analysing plate growth, temporal measurements of individual plates 

were performed to obtain plate growth rates using MATLAB’s imtool. The lengthening rate 

of individual bainitic plates was determined by linear regression yielding typical high 

correlation coefficients (R2 > 0.95) indicative of a constant growth rate within experimental 

accuracy. The plate growth rate (v) is then slope of the fitted line. In some cases, where 

overall linear fitting would not yield a good fit, linear fitting was done in sub-growth stages 

to get a good fit. For plates with distinct stages of growth, overall plate growth rate was 

calculated by averaging in the following way: 

𝑣𝑣 = �
𝑣𝑣𝑒𝑒∆𝑡𝑡𝑒𝑒
∆𝑡𝑡𝑒𝑒

𝑛𝑛

𝑒𝑒=1

  ( 7.1) 

where vi and ∆ti are the velocity and time period of stage i, respectively. 

Complementary to HT-LSCM experiments, the bainite formation in this steel was also 

studied using a Bähr DIL 805A/D dilatometer. Although results of these two experimental 

approaches were qualitatively comparable, due to significant differences in the 

temperatures at which comparable macroscopic bainite formation rates were obtained, only 

the results of HT LSCM are presented. As discussed in [74], these differences can be 

caused by an uncertainty in the exact sample temperature in the LSCM and/or possible 

surface decarburization of the sample in the LSCM set-up. 
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7.3 Results 

7.3.1 Nucleation 

In this section quantitative results of the in-situ nucleation events of bainitic plates during 

austenite to bainite transformation as observed with HT-LSCM are presented. The bainite 

plates were observed to nucleate and grow during cooling as well as during the subsequent 

isothermal holding stage. Nucleation was found to take place a) at the grain boundary, b) in 

the grain interior at the side of a recently formed bainite plate and c) in the grain interior at 

a location not showing any specific feature. Characteristic examples are shown in Fig.  7.2. 

The occurrence of bainite formation on these specific locations has also been reported 

previously [67].  

 

 

Fig.  7.1- Demonstration of MATLAB’s image viewing toolbox imtool for estimating the μm equivalent of 

pixel measurement according to the scale bar and measuring length of ferrite plate (unit of measurement in 

pixels). 
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Fig.  7.2- Bainite plate nucleation observed on three distinct locations: (a) on grain boundaries (GB), (b) on 

preformed bainite (OP) and (c) within the grain (IN). 

In our data analysis each nucleation event is characterized by its type of the nucleation site, 

the moment of first observation (the apparent nucleation time), the actual temperature and 

finally by the (numbered) grain in which nucleation occurs. The quantitative data 

concerning the nucleation events as observed in four separate samples of the same steel 

transformed at different isothermal holding treatments at 723 K, 773 K, 823 K and 923 K 

(450 °C, 500 °C, 550 °C and 650 °C) are presented in Fig.  7.3, Fig.  7.4, Fig.  7.5 and 

Fig.  7.6, respectively. The austenitising temperatures used for each transformation 

temperature are listed in Table  7.1. For further view, the video of isothermal bainite 

formation at T= 723 K (450 °C) can be found in Appendix D. The austenisation time was 

kept constant at 250 s. The bainite formation relevant part of the time- temperature profile 

is presented in Fig.  7.3, Fig.  7.4, Fig.  7.5 and Fig.  7.6. The time marked ‘zero’ in each 

graph refers to the time at which the isothermal temperature is reached first. Different 

symbols have been used to indicate the three distinct types of nucleation sites:  

i. nucleation on grain boundary (●)  

ii. nucleation on the surface of an existing bainite plate (■)  

iii. nucleation occurring inside the austenitic grain (▲).  

 No bainite nucleation was observed prior to the shortest indicated time and no further 

bainite formation was observed after the longest time indicated in each figure.  
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Bainitic ferrite plates were observed to nucleate predominantly on grain boundaries during 

the onset of the transformation. As the transformation proceeds, new plates are also 

observed to nucleate on previously formed ones. It was observed that some new plates 

emerged from within the matrix, i.e. without any microstructural ‘reason’ in a few cases. 

They have been indexed as 'internal'. All of these so-called ‘internal nucleation events’ took 

place near an existing plate or near a grain boundary. It is thus very likely that such a plate 

may have nucleated at grain boundaries or plate surfaces in the bulk of the material and 

what we observe is the plate emerging from interior on the surface. 

The majority of nucleation events were observed to take place during cooling to the holding 

temperature or at early stages of the isothermal holding at T=723 K (450 °C) (Fig.  7.3), 

T=773 K (500 °C) (Fig.  7.4) and T=823 K (550 °C) (Fig.  7.5), respectively. No new 

nucleation was observed during the later stages of the isothermal holding stage. In contrast, 

nucleation occurred only during the whole isothermal holding stage for holding at T=973 K 

(650 °C) (Fig.  7.6). 

Although all the imaged grains in a particular sample by default were exposed to exactly 

the same thermal history, both the total number of bainite nucleation events per grain and 

the time window during which nucleation took place varied significantly between grains. 

For example, for the isothermal experiment at T=723 K (450 °C), (Fig.  7.3) 13 bainitic 

plates are formed within about 20 s in grain 4, but only 3 nucleation events in 22 s were 

recorded for grain 1. For the experiment at T=773 K (500 °C) (Fig.  7.4) 10 plates formed 

within 35s in grain 1 while only 1 plate formed in grain 8; For the experiment at T=923 K 

(550 °C) (Fig.  7.5) 8 plates nucleated over 45 s in grain 2, while only 2 plates nucleated 

over 20 s in grain 4 and 6 plates nucleated over 85 s in grain 3. For the experiment at 

T=1023 K (650 °C) (Fig.  7.6) 4 plates nucleated over 75 s in grain 1 while only 2 nucleated 

in 13 s in grain 2. 

Both the total number of bainitic plates that nucleated in each experiment and the time 

window Δt of total nucleation events, i.e. the time difference between first and last 

nucleation event were found to depend on the degree of undercooling (ΔT). For the 

experiment at T=723 K (450 °C), nucleation of new bainitic plates stopped 28 s after 
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formation of the first bainitic plate, while at T=923 K (650 °C) nucleation continued for 

about 75 s. In addition, the total number of nuclei formed in the different grains was higher 

at lower transformation temperatures, i.e. bainite formation is more rapid at higher degrees 

of undercooling. 

7.3.2 Growth 

The growth of individual bainitic plates was investigated through measuring the plate 

lengths from images separated by 1 s in time (i.e. only a fraction of all the images collected 

at a rate of 15 Hz was used). Fig.  7.7 a-c shows three individual images for the experiment 

at T=923 K (650 °C). The corresponding plate lengths as a function of time are shown in 

Fig.  7.7d. The plate growth rates are determined by linear regression and the corresponding 

fit lines are also plotted in Fig.  7.7d. It is observed that some plates grow at different rates 

at different stages of their evolution. In these cases, the velocities of distinct stages are 

obtained from piecewise linear regression. As shown in Fig.  7.7d, plate 4 (not contained in 

Fig.  7.7 a-c) first grew at 3.57 μm/s followed by a slower lengthening rate of 0.43 μm/s and 

then continued at a speed of 4.66 μm/s until it stopped growing abruptly. 

The results of all plate lengthening measurements are reported in Fig.  7.8, Fig.  7.9, 

Fig.  7.10 and Fig.  7.11 for isothermal holding at 723 K, 773 K, 823K and 923 K (450 °C, 

500 °C, 550 °C and 650 °C), respectively. In each figure the relevant stage of the time-

temperature profiles is also plotted. Time is set to zero at the onset of isothermal holding. 

For each plate the length evolution is indicated by a line drawn through the data points 

taken at 1 second interval. The symbol at the start of the line indicates the type of 

nucleation site (GB, on a plate (OP) or internal with no clear initiation source (IN). The 

symbol at the end of the line section indicates the microstructural feature at which the plate 

stopped (GB, OP or IN where IN may also be a topological defect on the surface other than 

a grain boundary or bainitic plate).  
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Fig.  7.3- Temperature and nucleation sequence versus time of bainitic ferrite plates in Fe-0.2C-1.5Mn-2.0Cr 

during isothermal holding treatment at 723 K (450 °C). 

 

Fig.  7.4- Temperature and nucleation sequence versus time of bainitic ferrite plates in Fe-0.2C-1.5Mn-2.0Cr 

during isothermal holding treatment at 773 K (500 °C). 
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Fig.  7.5- Temperature and nucleation sequence versus time of bainitic ferrite plates in Fe-0.2C-1.5Mn-2.0Cr 

during isothermal holding treatment at 823 K (550 °C). 

 

Fig.  7.6- Temperature and nucleation sequence versus time of bainitic ferrite plates in Fe-0.2C-1.5Mn-2.0Cr 

during isothermal holding treatment at 923 K (650 °C). 
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Fig.  7.7- (a), (b), (c) Micrographs showing growth of bainitic ferrite plates during holding at 923 K (650 °C) 

at various stages of isothermal holding time and (d) Length versus time plot of the corresponding plates and 

their lengthening rate. 
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Fig.  7.8- Temperature versus time and temporal plate growth sequence of bainitic ferrite plates in Fe-0.2C-

1.5Mn-2.0Cr during isothermal holding treatment at 723 K (450 °C). 

 

Fig.  7.9- Temperature versus time and temporal plate growth sequence of bainitic ferrite plates in Fe-0.2C-

1.5Mn-2.0Cr during isothermal holding treatment at 773 K (500 °C). 
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Fig.  7.10- Temperature versus time and temporal plate growth sequence of bainitic ferrite plates in Fe-0.2C-

1.5Mn-2.0Cr during isothermal holding treatment at 823 K (550 °C). 

 

 

Fig.  7.11- Temperature versus time and temporal plate growth sequence of bainitic ferrite plates in Fe-0.2C-

1.5Mn-2.0Cr during isothermal holding treatment at 923 K (650 °C). 
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Various combinations of type of nucleation site and termination site can be distinguished. 

Plates that formed at the initial stage of the transformation generally started from the grain 

boundary and grew until their growth was stopped by impingement with another segment 

of the grain boundary. Plates that started growing at later stages were also stopped due to 

previously formed plates and thus these plates grew to a shorter length than ones formed at 

initial stages. No cases of bainite growth continuing in the neighbouring grain after 

impacting a grain boundary were observed. As can also be seen from the Fig.  7.8, Fig.  7.9, 

Fig.  7.10 and Fig.  7.11, most plates stopped due to impingement with either a grain 

boundary or another bainitic plate. In only a very few cases the bainitic transformation 

stopped within a grain without any microscopically detectable reason. The plate thickening 

or widening rates were observed to be slower than the lengthening rates yet the kinetics 

could not be quantified due to the limited spatial resolution in the LSCM images and the 

less clearly defined boundary. There were no indications that the plate widening was also 

interrupted due to interactions with other local features or distortions in the microstructure. 

The observed lengthening rate of individual plates in a particular experiment showed some 

variation from plate to plate and between different grains but overall the lengthening rates 

were found to be approximately in the same order of magnitude, see Fig.  7.8, Fig.  7.9 and 

Fig.  7.10. In contrast the lengthening rates scattered largely for the highest transformation 

temperature (Fig.  7.11). In general, a shorter time window for growth, ∆t, and a higher 

lengthening rate is observed for lower transformation temperatures. Given the effect of 

transformation temperature on the nucleation rates (Fig.  7.3 to Fig.  7.6) and the growth 

rates (Fig.  7.8 to Fig.  7.11), one can expect a more rapid bainite transformation at higher 

undercooling as a cooperative result of both higher nucleation and lengthening rates.   

7.4 Discussion 

7.4.1 Nucleation 

As described in the Results section, plates of bainitic ferrite were observed to nucleate at 

three different types of location. The total number of observed nucleation phenomena 
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grouped by nucleation sites versus holding temperature is presented in Fig.  7.12. The total 

number of nucleation events increases by reducing transformation temperature, reaching its 

maximum at T=773 K (500 °C) and decreases for lower temperatures. Nuclei are mainly 

formed at grain boundaries. Nucleation inside the austenite grains is a rare event and were 

difficult to observe unambiguously by means of LSCM measurements. Such nucleation 

events were strongly outnumbered by nucleation events from grain boundaries or newly 

formed bainite plates. Nucleation on existing bainitic plates -autocatalytic nucleation- 

occurs at all transformation temperatures, and its fraction increases at lower transformation 

temperatures. 

 

Fig.  7.12- Total number of observed nucleation events grouped by the observed nucleation sites versus the 

isothermal temperature of each experiment. 

Fig.  7.3, Fig.  7.4, Fig.  7.5 and Fig.  7.6, as presented, provide only a 2D view of the 

nucleation rate in different grains and the differences in nucleation rate between the 

different grains is likely due to the orientation of the grain with respect to the observed 

surface. Due to complexity of the nucleation in 3D structures, there is no assumption-free 

method of quantitatively evaluating and comparing the overall nucleation rate per unit of 

volume from such 2D observations. The average nucleation rate per unit area versus the 
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temperature range of observation is shown in Fig.  7.13. The average nucleation rate 

decreases upon increasing isothermal holding temperature from 723 K to 823 K (450 °C to 

650 °C). The scatter in nucleation rates was more pronounced at lower transformation 

temperatures compared to higher temperatures.    

 

Fig.  7.13- Temperature dependence on the average nucleation rate per unit area. 

Enhanced analysis of the observed nucleation behaviour can be done by comparing the 

averaged nucleation rates to those obtained by classical nucleation theory (CNT) [75,76]. 

According to CNT, the nucleation rate is expressed as a product of two exponential terms: 

one accounting for the number of stable nuclei n* being formed such that 𝑛𝑛∗ ∝ 𝑒𝑒𝑒𝑒𝑒𝑒 �− ∆𝐺𝐺∗

𝑘𝑘𝐵𝐵𝑇𝑇
� 

where ΔG* is the activation energy needed for nucleation of product phase from parent 

nuclei and kB is the Boltzmann constant. ΔG* can be in general written in as ∆𝐺𝐺∗ = Ψ
∆𝑔𝑔𝑣𝑣2�  

, where Δgv being changes in Gibbs energy of phases under para-equilibrium condition and 

factor Ψ accounts for geometry and interfacial energies between nucleus and original 

phase.  The other term accounts for cluster dynamics or the frequency with which parent 

phase atoms attach themselves to product nuclei cluster, 𝑣𝑣𝑑𝑑 ∝ 𝑒𝑒𝑒𝑒𝑒𝑒 �− 𝑄𝑄𝐷𝐷
𝑘𝑘𝐵𝐵𝑇𝑇

�, where 𝑄𝑄𝐷𝐷 is the 
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activation energy for diffusion of migrating atoms, so the total nucleation rate, Ṅ, would be 

product of these two factors as 

Ṅ ∝ exp �−
∆𝐺𝐺∗ + 𝑄𝑄𝐷𝐷
𝑘𝑘𝐵𝐵𝑇𝑇

�  ( 7.2) 

The low nucleation rate at high undercooling is attributed to the high activation energy for 

diffusion at lower temperatures. At lower undercooling, or at higher transformation 

temperature, the driving force is too low to produce a perceptible nucleation rate. Using the 

driving force for nucleation calculated by Thermo-Calc software linked to TCFE8 data base 

[77], leading to equilibrium transformation start temperature of 1043 K (770 °C), a best fit 

of normalized experimental data to equation ( 7.2) when QD=4.72×10-19 J [78], gives 

Ψ=1.2×10-13 J3mol-2 (with ∆𝑔𝑔𝑣𝑣 in Jmol-1) which is orders of magnitude smaller than the 

values predicted for ferrite nucleation [79–81] *. The values of ΔG* using fitted parameter 

of Ψ, vary from 3.9kBT to 47.5kBT between 723 K (450 °C) to 923 K (650 °C), 

respectively. These values are higher than the predicted values by Quidort and Bréchet [82] 

for bainite nucleation in a 0.5 mass%. carbon steel varying from 1.1kBT to 1.7kBT between 

648 K (375 °C) to 773 K (500 °C), very different from the value of 0.03kBT predicted by 

van Dijk et al. [83] for barrier free heterogeneous nucleation of ferrite grains in C35 steel at 

T=1003 K (730 °C). The driving force ∆𝑔𝑔𝑣𝑣 is plotted versus temperature in Fig.  7.14a. The 

nucleation energy barrier ΔG* and the activation energy QD as multiples of (kBT) are linked 

to the normalized nucleation rate  Ṅ Ṅ𝑒𝑒𝑚𝑚𝑚𝑚
�  according to CNT and these quantities versus 

temperature are presented in Fig.  7.14b as best fit to the experimental data. 

 

_____________________________________________________ 
 

* After conversion of the units, Ψ=1.2×10-3 J3m-6 which is orders of magnitude greater than the values 
fitted for the ferrite nucleation in references [79–81]. 
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7.4.2 Growth 

Results in Section 150 show the temporal evolution of plate lengths for different isothermal 

temperatures. The data analysis was done corresponding to a frequency of 1Hz, though the 

experimental data were recorded at 15 Hz. To check that the lower sampling frequency did 

not lead to loss of information, two bainite plate growth events were analysed both at the 

lower sampling frequency of 1 Hz and one at the actual data recording frequency of 15 Hz: 

one plate with a high growth rate and other one with a lower growth rate. The results of the 

four analyses are shown in Fig.  7.15 a-d. The figures demonstrate that the low frequency 

data analysis provides complete information with respect to plate growth and that, at the 

temporal and spatial resolution used, the plate growth is continuous without any jerkiness, 

while the error associated with low resolution measurements remains between 0.79-3.01 

µm (equal to 3-13 pixels in 1024×1024 pixels images). 

 

Fig.  7.14- (a) Nucleation driving force and (b) fitted energy barrier and nucleation rate according to classical 

nucleation theory. 

Fig.  7.8, Fig.  7.9, Fig.  7.10 and Fig.  7.11 show the evolution of individual plates for the 

three transformation temperatures. Fig.  7.16 summarizes the average and range of measured 

lengthening rates during total transformation for bainite plates initiated at grain boundaries, 

within the grains and on preformed bainite plates for each experiment. Comparing all 
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transformation temperatures, no clear relationship between nucleation site and lengthening 

rates of bainite plates is observed. However, the average and range of lengthening rate 

increases remarkably for lower transformation temperatures. In a similar LSCM study, Hu 

et al. [67] reported different bainite plate lengthening rates during cooling and isothermal 

holding. Such a difference was not observed in the current experiment.  

 

Fig.  7.15- High time resolution measurements on plates observed in Fe-0.2C-1.5Mn-2.0Cr at isothermal 

holding conditions: (a) T=723 K (450 °C) (b) T=773 K (500 °C) (c) T=823 K (550 °C) (d) T=923 K (650 °C). 

 

Fig.  7.8, Fig.  7.9, Fig.  7.10 and Fig.  7.11 show the evolution of individual plates for the 

three transformation temperatures. Fig.  7.16 summarizes the average and range of measured 

lengthening rates during total transformation for bainite plates initiated at grain boundaries, 

within the grains and on preformed bainite plates for each experiment. Comparing all 

transformation temperatures, no clear relationship between nucleation site and lengthening 

rates of bainite plates is observed. However, the average and range of lengthening rate 

increases remarkably for lower transformation temperatures. In a similar LSCM study, Hu 
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et al. [67] reported different bainite plate lengthening rates during cooling and isothermal 

holding. Such a difference was not observed in the current experiment.  

Now the growth data are to be compared with the predictions by available models in the 

literature. The diffusionless hypothesis suggests that the lengthening rate of bainitic plates 

depends on the nucleation rate of bainite subunits. Due to complex dependence of the 

nucleation rate to different fitting parameters (discussed in [46,84]), which actually justifies 

the nucleation rate of subunit itself as a fitting parameter, the direct comparison of the 

experimental data can only be made with the diffusional model proposed for prediction of 

the maximum lengthening rate of bainitic plates. 

 

Fig.  7.16- Lengthening rates of bainite plates (in logarithmic scale) observed to nucleated and grow during 

cooling step and isothermal holding step on different locations namely grain boundary (GB), within the grain  

(IN) and on preformed bainite (OP) at (a) T=723 K (450 °C), (b) T=773 K (500 °C), (c) T=823 K (550 °C), 

(d) T=923 K (650 °C). 

The diffusion controlled equation of lengthening known as Zener-Hillert model [68,69] has 

been recently improved by Leach et al. [85]. Upon removing the original simplifying 

approximations made by Zener [86], the lengthening rate, 𝑣𝑣, is described by: 
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𝑣𝑣 =
𝐷𝐷𝐴𝐴𝑒𝑒𝑒𝑒 (∆𝐺𝐺𝑒𝑒0 − 𝐵𝐵) 𝑉𝑉𝑒𝑒⁄

2𝜎𝜎𝛼𝛼𝛾𝛾
.
𝑒𝑒𝛾𝛾/𝛼𝛼 − 𝑒𝑒0

𝛾𝛾

𝑒𝑒0
𝛾𝛾 − 𝑒𝑒𝛼𝛼/𝛾𝛾 .

𝜌𝜌𝑐𝑐𝑒𝑒
𝜌𝜌

.  ( 7.3) 

where 𝐷𝐷𝐴𝐴𝑒𝑒𝑒𝑒 is the effective diffusion coefficient of carbon, ∆𝐺𝐺𝑒𝑒0  is the maximum driving 

force of transformation, 𝐵𝐵 is the energy barrier of the transformation, 𝑉𝑉𝑒𝑒 is molar volume, 

𝜎𝜎𝛼𝛼𝛾𝛾 is the interface energy, 𝑒𝑒𝛾𝛾/𝛼𝛼, 𝑒𝑒𝛼𝛼/𝛾𝛾 and 𝑒𝑒0
𝛾𝛾 mole fraction of carbon at the austenitic side 

of interface, ferritic side of interface and in initial austenite phase; 𝜌𝜌 is the radius of 

curvature of the plate tip and  𝜌𝜌𝑐𝑐𝑒𝑒 is the critical radius for which the growth rate is zero. The 

effective diffusion coefficient of carbon can be calculated by 

𝐷𝐷𝐶𝐶
𝐴𝐴𝑒𝑒𝑒𝑒 = �

𝐷𝐷𝐶𝐶
𝛾𝛾(𝑒𝑒𝑐𝑐)

(𝑒𝑒𝛾𝛾/𝛼𝛼 − 𝑒𝑒0
𝛾𝛾)
𝑑𝑑𝑒𝑒𝑐𝑐

𝑚𝑚𝛾𝛾/𝛼𝛼

𝑚𝑚0
𝛾𝛾

  ( 7.4) 

The dependency of carbon diffusivity in austenite to its mole fraction can be calculated by 

the following expression suggested by Ågren [87]: 

𝐷𝐷𝐶𝐶
𝛾𝛾 = 4.53 × 10−7 �1 + 𝑒𝑒𝑐𝑐(1 − 𝑒𝑒𝑐𝑐)

8339.9
𝑇𝑇

� exp [−(
1
𝑇𝑇
− 2.221 × 10−4)(17767

− 𝑒𝑒𝑐𝑐26436)]  
( 7.5) 

Equation ( 7.3) has been applied with parameters similar to those used in [88] for modelling 

the maximum growth rate of bainitic plates at different temperatures with assuming energy 

barrier B of 0 and 400 J/mol for growth. The equilibrium composition of austenite (Ae3 

line) at low temperatures and transformation driving force have been calculated using 

Thermo-Calc software linked to TCFE8 data base [77]. The value for B= 400 J/mol is 

selected according to strain the energy barrier concept suggested by Bhadeshia [33,89] to 

accommodate the displacive nature of bainitic ferrite formation.  

Fig.  7.17 shows the predicted maximum lengthening rates according to equation ( 7.3) for 

the two values for the energy barrier as well as the experimentally recorded growth data at 

the different temperatures. Equation ( 7.3) yields a typical C-type growth rate with a 
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maximum shifting to a lower growth rate at a lower temperature upon introducing an 

energy barrier of 400 J/mol. In general, the correspondence between the calculated 

velocities and the experimental data is modest. The actual experimental growth rates at 

T=923 K (650 °C) are well captured by the model with B=400 J/mol. For T=823 K (550 

°C), the measured lengthening rates are still in the range of the maximum growth rate 

predicted by the model. However, for lower temperatures, the predicted velocity grossly 

underestimates the actual values. This can be in-line with the other reports describing 

possibility of massive growth mechanism for bainitic plates at low temperatures [83]–[85].  

 

Fig.  7.17- Predicted maximum lengthening rates with equation ( 7.3) in logarithmic scale and the 

experimentally recorded growth data at different temperatures. 

Given the composition of the samples studied an incomplete bainite transformation 

phenomenon [40,92–95] is expected to occur at the transformation temperatures imposed. 

As can be observed in Fig. of 8, 9, 10 and 11, (and in the supplementary information 

showing the original recordings of the isothermal transformation experiment at T=723 K 

(450 °C), the lengthening of the majority of bainite plates is independent of the nucleation 

time and location, terminates on geometrical obstacles of austenite grain boundaries or 

existing plates. However, widening of all the plates terminate within the austenite grains 

results in a limited width of the bainitic plates. This indicates that the transformation stasis 

can be caused by stasis in the widening of the bainitic plates, restricted by a growth limiting 



 7.5 Conclusions 165 

 

mechanism such as formation of Mn spike in front of the migrating interface, while the 

lengthening is assumed to be a massive transformation, i.e. no compositional changes in the 

bulk material but a carbon spike in front of the migrating interface. Such a mechanism for 

incomplete bainite transformation has been previously suggested in a modelling work by 

Yang et al. [96], where in ferrite transformation with plate-like morphology a complete 

transformation in the lengthening direction and incomplete growth in widening of the plates 

were predicted; proposing that the global stasis in ferrite formation with plate-like geometry 

is due to local stasis in widening of the previously nucleated plates and not in lengthening, 

while for an isotropic ferrite morphology the stasis occurs in all directions of growth. 

7.5 Conclusions 

In this study, isothermal bainite transformation in a C-Mn steel has been investigated using 

in-situ LSCM and image analysis. Assuming that the transformation features observed at 

the sample surface qualitatively reflect the features of the bainite formation in the bulk, the 

following conclusions are achieved: 

1. The rate of nucleation (initiation) of bainitic plates is observed to be rather different in 

different austenite grains.  

2. The majority of the bainitic plates nucleate on austenite grain boundaries. 

3. The observed averaged nucleation rate for bainitic plates is found to be in qualitative 

agreement with the classical nucleation theory. 

4. No special relationship is found between the lengthening rate of bainite plates and their 

nucleation site. 

5. The predicted values of the maximum lengthening rate by means of an improved 

diffusional model considering 400 J/mol of growth barrier energy are in agreement with 

experimentally measured growth rates of bainite plates at high temperatures. 
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and Mn-Mo on the incomplete bainite formation in quaternary Fe-C alloys, 
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ABSTRACT  
Predicting the effect of alloying elements on the degree of incomplete austenite to bainite 

transformation in low carbon steels is of great industrial importance. This study introduces 

an extended Gibbs Energy Balance model which makes use of an additive approach to 

calculate the coupled effect of Mn, Si and Mo on the fraction of bainitic ferrite after the 

incomplete transformation in multicomponent steels. The model predicts significant effects 

of Mn and Mo and negligible effect of Si levels on the fraction of bainitic ferrite. This is 

attributed to the high value of dissipation of Gibbs energy caused by interfacial diffusion of 

Mn and Mo and low values caused by Si diffusion. The model predictions for quaternary 

Fe-C-Mn-Si system are comparable with the experimentally measured values of bainite 

fraction. For the Fe-C-Mn-Mo system, the agreement is less accurate, and the accuracy 

decreases with increasing Mo content, which is attributed a substantial carbide formation 

but interaction effects between Mn and Mo or a temperature dependent binding energy 

cannot be rules out. 
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8.1 Introduction 

The effect of alloying elements on the incomplete transformation (ICT) phenomenon [1,2] 

during bainite formation in low carbon steels is of great technical importance. The 

simultaneous presence of alloying elements like Mn, Mo and Si in appropriate amounts 

enhances the mechanical properties achieved by bainitic microstructures obtained during 

quasi-isothermal annealing during industrial production; However, the addition of such 

alloying elements increases the degree of ICT and hence the fraction of untransformed 

austenite or unscheduled martensite formation. As the mechanical properties of the final 

microstructure of the alloy are strongly influenced by the bainite fraction, it is essential to 

predict the effect of alloying elements on the degree of ICT [3,4].   

Two general theories have been proposed in the past to describe the mechanism of the 

bainite formation and consequently describe the effect of alloying elements on the ICT 

phenomenon in the bainite formation. The first theory assumes a non-diffusional and 

displacive growth mode for sheaves of bainitic ferrite [5–7]. According to this approach, 

the austenite to bainite transformation is stopped when the free energy of the supersaturated 

ferritic bainite equals the free energy of the untransformed austenite at the transformation 

temperature (𝑇𝑇0 model). Therefore, this theory models the effect of alloying elements on the 

ICT by predicting their effect on the total free energy of the supersaturated ferritic bainite 

and the austenite. In a later extension of the model a strain energy term compensating for 

the local elastic stresses due the bainite formation was added in order to improve the 

agreement between the experimental data and the model predictions.  This model 

modification is called the 𝑇𝑇′0 model. The second theory is based on a diffusion-controlled 

mechanism for the austenite to bainite transformation. In this theory, the effect of the 

alloying elements on the incomplete bainite formation is modelled by considering their 

effect on the migration velocity of the austenite/bainitic ferrite interface. Both schools have 

applied their models to predict the effect of alloying elements on the incomplete bainite 

formation and are able to describe the experimental observations to extent reasonable 

degree [8–10]. 
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Recently, the Gibbs Energy Balance (GEB) model has been successfully introduced to 

predict the effect of alloying elements on the degree of the ICT in isothermal bainite 

transformation more accurately  [11–13]. The GEB model, closest related to the diffusional 

theory, focusses on the solute drag effect of substitutional alloying elements at the 

migrating austenite/bainitic ferrite interface [14]. In this model, the velocity of migrating 

austenite/bainitic ferrite interface is calculated by matching the chemical driving force of 

the isothermal transformation as a function of the degree of transformation with the energy 

required to move the austenite-ferrite locally enriched by solute atoms trapped in the 

interface.  The model assumes the carbon to partition to proceed with such a high speed that 

a mean field approximation can be applied. In the GEB model the bainite reaction will stop 

if the available energy is insufficient to drive the interface forward with a realistic velocity.  

For ternary, Fe-C-X alloys, it has been shown that the GEB model predictions of the degree 

of incomplete transformation as a function of the alloy composition and the transformation 

temperature are significantly better than those of the 𝑇𝑇′0 model with a constant value for the 

strain energy contribution [13].   

The present study introduces an extended Gibbs Energy Balance model. The extended GEB 

model makes use of a simple additive approach in the calculation of the Gibbs energy 

dissipation caused by interfacial diffusion of substitutional alloying elements in order to 

predict the cooperative effect of alloying elements on the bainitic ferrite fraction (𝑓𝑓𝛼𝛼) in 

multicomponent steels and as function of the isothermal transformation temperature. The 

assumption of a simple additivity rule was prompted by the observation that the length of 

the stagnant stage during partially cyclic transformations, which is also related to the 

trapping of the interface by the local enrichment of the substitutional alloying element was 

found to depend on the linear sum of the concentrations of the alloying elements [15]. The 

predictions of 𝑓𝑓𝛼𝛼 versus the critical concentrations of alloying elements in Fe-C-Mn-Si and 

Fe-C-Mn-Mo quaternary steels are presented, discussed and analysed and compared to 

experimental data reported in the literature as well as predictions by the 𝑇𝑇0 and the  𝑇𝑇′0 

model. 
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8.2 Model 

The GEB model as developed by Chen et al [16] is based on two fundamental components. 

The first component is the chemical driving force of the phase transformation, which is 

taken to be the Gibbs energy change for the transformation. The chemical driving force due 

to compositional and thermodynamic differences between the austenite and bainitic ferrite 

phases can be generally calculated using 

∆𝐺𝐺𝑒𝑒𝑐𝑐ℎ𝐴𝐴𝑒𝑒 = �𝑒𝑒𝑒𝑒0(𝜇𝜇𝑒𝑒
𝛾𝛾/𝛼𝛼(𝑒𝑒𝑒𝑒

𝛾𝛾/𝛼𝛼) − 𝜇𝜇𝑒𝑒
𝛼𝛼/𝛾𝛾(𝑒𝑒𝑒𝑒

𝛼𝛼/𝛾𝛾))
𝑛𝑛

𝑒𝑒

 ( 8.1) 

where ∆𝐺𝐺𝑒𝑒𝑐𝑐ℎ𝐴𝐴𝑒𝑒 is the chemical driving force per mole atom, i is the element in the alloy, n is 

the total number of elements in the alloy, 𝑒𝑒𝑒𝑒0 is the composition of material transferred over 

the interface, 𝜇𝜇𝑒𝑒
𝛼𝛼/𝛾𝛾 and 𝜇𝜇𝑒𝑒

𝛾𝛾/𝛼𝛼 are the chemical potential of the element i ferrite and austenite, 

and 𝑒𝑒𝑒𝑒
𝛼𝛼/𝛾𝛾 is the mole fraction of element i in ferritic side of interface and 𝑒𝑒𝑒𝑒

𝛾𝛾/𝛼𝛼 is the mole 

fraction at austenitic sides of interface [17]. For substitutional alloying elements, 𝑒𝑒𝑒𝑒
𝛼𝛼/𝛾𝛾 and 

𝑒𝑒𝑒𝑒
𝛾𝛾/𝛼𝛼 are chosen according to the Negligible Partitioning Local Equilibrium (NPLE) 

thermodynamic model, but for carbon, being a fast diffusing interstitial alloying element, 

𝑒𝑒𝐶𝐶
𝛼𝛼/𝛾𝛾 is assumed to be equal to the equilibrium concentrations of carbon in ferrite. 𝑒𝑒𝐶𝐶

𝛾𝛾/𝛼𝛼 is 

calculated from the Zener-Hillert equation [18]: 

𝑒𝑒𝐶𝐶
𝛾𝛾/𝛼𝛼 = 𝑒𝑒𝐶𝐶

𝛾𝛾 + �
𝑣𝑣𝑒𝑒𝐶𝐶

𝛾𝛾

25 × 105𝐷𝐷𝐶𝐶
𝛾𝛾𝑇𝑇

2
 , ( 8.2) 

where 𝑒𝑒𝐶𝐶
𝛾𝛾 is the average carbon concentration in austenite, v is the velocity of migrating 

austenite/ferritic bainite interface, 𝐷𝐷𝐶𝐶
𝛾𝛾 is the diffusion coefficient of carbon in austenite and 

T is the temperature. The equilibrium carbon concentration in bainitic ferrite compared to 

carbon content of austenite is assumed to be negligible. As the carbon diffusion in austenite 

is much faster than of the substitutional alloying elements, the carbon content in the 

remaining austenite can be calculated using mean-field approximation leading to 
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𝑒𝑒𝑐𝑐
𝛾𝛾 = 𝑚𝑚0

𝛾𝛾

1−𝑒𝑒𝛼𝛼
 .  ( 8.3) 

where 𝑓𝑓𝛼𝛼 is the fraction of bainitic ferrite and 𝑒𝑒0
𝛾𝛾 is the initial carbon concentration in 

austenite. Combining equation ( 8.2) and ( 8.3), 𝑒𝑒𝐶𝐶
𝛾𝛾/𝛼𝛼 can be calculated as a function 𝑓𝑓𝛼𝛼 and 

migration rate of austenite/bainitic ferrite interface.  

The second component of the GEB model is the dissipation of Gibbs energy due to 

interfacial diffusion of the substitutional alloying elements. As in the approach by Purdy 

and Bréchet [19] a triangular potential well inside the interface is assumed and the solute 

profile is calculated as a function of interface velocity. Based on the diffusion equation and 

the potential well and the solute profile inside the interface with width of 2δ at a given 

velocity, the dissipation of Gibbs energy due to diffusion inside interface can be calculated 

from 

∆𝐺𝐺𝑒𝑒
𝑑𝑑𝑒𝑒𝑒𝑒𝑒𝑒 = −� (𝑒𝑒𝑒𝑒 − 𝑒𝑒𝑒𝑒0)(

𝑑𝑑𝑑𝑑
𝑑𝑑𝑑𝑑

)𝑒𝑒𝑑𝑑𝑑𝑑
+𝛿𝛿

−𝛿𝛿
 , ( 8.4) 

where ∆𝐺𝐺𝑒𝑒
𝑑𝑑𝑒𝑒𝑒𝑒𝑒𝑒 is the dissipation of Gibbs energy due to diffusion of substitutional alloying 

element of i inside the interface, 𝑒𝑒𝑒𝑒 is the concentration of the element i at point z inside the 

interface, 𝑒𝑒𝑒𝑒0 are the nominal concentration of the element i and 𝑑𝑑𝑑𝑑
𝑑𝑑𝑑𝑑

 is the gradient of the 

potential energy inside the interface. According to [19], (𝑑𝑑𝑑𝑑
𝑑𝑑𝑑𝑑

)𝑒𝑒 = (𝑑𝑑0−|∆𝑑𝑑|)−𝜇𝜇𝑖𝑖
𝛼𝛼/𝛾𝛾

𝛿𝛿
 in the ferritic 

side of the interface and (𝑑𝑑𝑑𝑑
𝑑𝑑𝑑𝑑

)𝑒𝑒 = 𝜇𝜇𝑖𝑖
𝛾𝛾/𝛼𝛼−(𝑑𝑑0−|∆𝑑𝑑|)

𝛿𝛿
 in the austenitic side of the interface, where  

∆𝑑𝑑 = (𝜇𝜇𝑖𝑖
𝛾𝛾/𝛼𝛼−𝜇𝜇𝑖𝑖

𝛼𝛼/𝛾𝛾)
2

 and 𝑑𝑑0 is the binding energy for atoms of alloy i inside the interface 

[17,19,20].  

In the present model, the total dissipation of Gibbs energy caused by interfacial diffusion is 

calculated separately for each of the substitutional alloying elements present, and the total 

dissipation, ∆𝐺𝐺𝑡𝑡𝑡𝑡𝑡𝑡𝑚𝑚𝑒𝑒𝑑𝑑𝑒𝑒𝑠𝑠𝑠𝑠 , is the summation of all contributions 
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∆𝐺𝐺𝑡𝑡𝑡𝑡𝑡𝑡𝑚𝑚𝑒𝑒𝑑𝑑𝑒𝑒𝑠𝑠𝑠𝑠 = �∆𝐺𝐺𝑒𝑒
𝑑𝑑𝑒𝑒𝑒𝑒𝑒𝑒

𝑒𝑒

𝑒𝑒

 , ( 8.5) 

where m is the number of substitutional alloying elements.  

As in the original GEB model, for a given composition and transformation temperature, in 

the simulations 𝑓𝑓𝛼𝛼 is gradually increased and the interface velocity is calculated in a 

recursive loop establishing a balance between the components of the model described 

above. Once the interface velocity is calculated to be smaller than 0.1 𝜇𝜇𝜇𝜇 𝑠𝑠⁄ , the condition 

for stagnant stage in bainite transformation is assumed to have been reached and the ferrite 

fraction at that state is taken to be the bainitic (stasis) fraction. 

8.3 Results  

In this section, the results of the GEB model in predicting the total fraction of isothermally 

formed bainitic ferrite in Fe-C-Mn-Si and Fe-C-Mn-Mo quaternary steels are presented. For 

both systems, the thickness of the interface, 2𝛿𝛿, is assumed to be 0.5 nm and independent of 

the transformation temperature and the degree of enrichment. Similar to the assumptions in 

previous studies [12,13], the binding energies for the substitutional alloying elements Mn, 

Si and Mo are taken as 9.9, 12.3 and 30.3 kJ/mol, respectively. The interfacial diffusion 

coefficient of these elements are again assumed to be the geometric average of the diffusion 

coefficients in austenite, in ferrite, and in the ferrite grain boundary [21].   Solute 

interaction terms or interactions between Carbon and the substitutional alloying elements 

are not considered. 

Fig.  8.1 a-c displays the calculated bainite fractions at which the stasis occurs as a function 

of the Mn and Si concentration for three isothermal transformation temperatures T=450, 

500 and 550 °C in Fe-0.1C-xMn-ySi system, where 0<x<3 mass% and 0<y<4 mass%. In 

each plot the iso-bainite fraction contours are plotted for the following bainitic stasis 

volume fractions fα=0.05, 0.25, 0.50, 0.75 and 0.95.  The contours were determined on the 

basis of linear interpolations over the results of a large set of simulations.  The curve of 
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fα=0.05 specifies the concentrations above which bainite is predicted not to form.  On the 

other side, the curve of fα=0.95 marks the domain below which the bainite formation is 

predicted to run close to the final thermodynamic fraction, i.e. bainitic stasis not to occur.  

The space between both curves is split up by the iso-bainite fraction contours. The results 

show that, more or less irrespective of the transformation temperature, the fraction of 

isothermally formed bainitic ferrite depends primarily on the Mn concentration, while the 

effect of Si content seems to be negligible. This is in agreement with previous experimental 

findings on Mn and Si quaternary alloys and steels that the ICT phenomenon critically 

depends on the composition of the alloy, in particular the Mn concentration [22]. The 

critical Mn concentration above which no bainite is predicted to form increases 3.0 to 3.25 

mass% when the transformation temperature is lowered from 550 to 450 °C. For the 

fα=0.05 contour the critical Mn concentration increases slightly with the Si concentration, 

while the opposite trend is observed for the fα=0.95 contour.    

 

Fig.  8.1- The effect of Si and Mn addition on the volume fraction of bainitic ferrite calculated by GEB model 

at a) T = 450 °C, b) T = 500 °C and c) T = 550 °C in Fe-0.1C-xSi-yMn system (0<x<3 mass%, 0<y<4 

mass%). 

The calculated effect of the combinations of specific Mo and Mn levels on the total bainitic 

ferrite fractions for temperatures T=450, 500 and 550°C in Fe-0.1C-xMo-yMn system, 

where 0<x<3 mass% and 0<y<4 mass%, is shown in Fig.  8.2 a-c. It is immediately obvious 

that the dependence on elemental concentration is very different from that in the Si-Mn 

system. The model predicts a major effect of the Mo concentration on the degree of ICT. 

The critical Mn concentration for bainite formation drops from 3.25 mass% at 0 mass% Mo 
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to about 0.1% for 2.5 mass% Mo. A lowering of the transformation temperature shifts the 

iso-bainite contours to lower Mn and Mo concentration levels.   

 

Fig.  8.2- The effect of Mo and Mn addition on the volume fraction of bainitic ferrite calculated by GEB 

model at a) T = 450 °C, b) T = 500 °C and c) T = 550 °C in Fe-0.1C-xMo-yMn system (0<x<3 mass%, 0<y<4 

mass%). 

8.4 Discussion   

The present model on the cooperative effect of substitutional alloying elements on the 

degree of incomplete bainite phase transformation showed significant effects of Mn and Mo 

and negligible effect of Si addition on the degree of ICT. In this section, first the 

predictions of the GEB model for each system are discussed, followed by a more detailed 

analysis of model performance. 

Fig.  8.3a shows the calculated dissipation of Gibbs energy caused by Mn and Si diffusion 

as a function of the interface velocity (in solid lines) and the calculated chemical driving 

force for the phase transformation for different bainitic ferrite fractions (in dashed lines) for 

the case of isothermal transformations in Fe-0.1C-1.0Mn-1.0Si quaternary system at T=550 

°C at several stages of bainite formation. It is evident that the contribution of Si diffusion in 

the total dissipation of energy is negligible as the dissipation of energy by interfacial 

diffusion of Mn is much higher and the critical conditions for reaching the critical velocity, 

taken to represent the bainitic stasis, are barely affected by the Si level and for this 
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combination of composition and temperature the transformation is predicted to run more or 

less to completion.  

Fig.  8.3b illustrates the calculated dissipation (Solid lines) and driving force (dashed lines) 

in Fe-0.1C-1.0Mn-1.0Mo (all in mass%) quaternary system at T=550 °C. Contrary to Si, 

interfacial diffusion of Mo atoms generates huge dissipation of Gibbs energy and modifies 

the shape of the total dissipation curve and consequently shifts the intersection between the 

total dissipation curve and chemical driving force curves from v≈9μm/s for 𝑓𝑓𝛼𝛼=0.75 to 

v≈3nm/s for 𝑓𝑓𝛼𝛼=0.9. This sudden shift in migration rate of interface suggests that addition 

of Mo should be more effective than that of Mn in creating the transformation stasis. The 

predicted effect is supported by experimental observations of transformation stasis in Mo 

containing low-alloy low carbon steels. Furuhara et al. [23] reported complete bainitic 

transformations for transformations above T=550 °C for the Fe-0.15C-1.5Mn system but 

incomplete transformation for the alloy co-alloyed with 0.5 mass% Mo. 

 

Fig.  8.3- The calculated dissipation of Gibbs energy (solid lines) and chemical driving force (dashed lines) for 

isothermal bainite transformation in a) Fe-0.1C-1.0Mn-1.0Si and b) Fe-0.1C-1.0Mn-1.0Mo systems at 

T=550°C. 

In order to evaluate the performance of the GEB model for the multicomponent alloys, its 

predictions of the volume fraction of bainitic ferrite (𝑓𝑓𝛼𝛼) are compared with experimentally 

reported values. Fig.  8.4 shows the comparison between prediction of the GEB model and 

experimental reports in Fe-0.1C-3.0Mn-1.5Si, Fe-0.1C-1.5Mn , Fe-0.1C-1.5Mn-0.3Mo, Fe-

0.1C-1.5Mn-1Mo and Fe-0.2C-1.5Mn-1.5Si-xMo (x=0.2,1.5 and 3 mass%) alloys taken 
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from [3,12,24]. In general, the agreement between both data sets is rather good for the 

quaternary Fe-C-Mn-Si system. However, in Fe-C-Mn-Mo and Fe-C-Mn-Si-Mo system 

there are discrepancies between predictions of the current GEB model and experimental 

data, which rise with increasing Mo content. In principle the value 𝑓𝑓𝛼𝛼 predicted by the GEB 

model could have been corrected by adjusting the values of binding energy (𝑑𝑑0) for Mn or 

Mo as a function of the transformation temperature or the elemental concentration [12]; 

however, we could not find solid physical arguments which type of dependence to select. 

Instead, we may have a critical look at the general validity of the assumptions made in the 

GEB model.  

 

Fig.  8.4- Comparison between predicted values of fraction of bainitic ferrite (𝑓𝑓𝛼𝛼) with the GEB model (shown 

with hollow symbols/dashed lines) and experimental reports (shown with solid symbols/lines) in Fe-0.1C-

3.0Mn-1.5Si, , Fe-0.1C-1.5Mn, Fe-0.1C-1.5Mn-0.3Mo, Fe-0.1C-1.5Mn-1Mo alloys Fe-0.2C-1.5Mn-1.5Si-

xMo (x=0.2,1.5,3.0 mass%) [3,12,24]. 

In the GEB model, the carbide formation during bainite transformation is taken to be zero 

and according to equation ( 8.3), it is assumed that during migration of the interface all of 

the carbon atoms are rejected to the austenite region making a flat profile. The accuracy of 

this assumptions can be investigated by comparing the carbon content in austenite at the 



 8.4 Discussion 185 

 

transformation stasis stage (𝐶𝐶𝑠𝑠𝑡𝑡𝑚𝑚𝑠𝑠𝑒𝑒𝑠𝑠
𝛾𝛾 ) predicted by the model and the experimentally 

measured data. Fig.  8.5 a-b compares values of 𝐶𝐶𝑠𝑠𝑡𝑡𝑚𝑚𝑠𝑠𝑒𝑒𝑠𝑠
𝛾𝛾  as function of temperature, 

experimentally measured in Fe-0.43C-3.0Mn-2.12Si [5] and Fe-0.1C-1.5Mn-0.3Mo (all in 

mass%) [3] quaternary alloys and calculated by the GEB model, 𝑇𝑇0 model and 𝑇𝑇0′ model 

predictions. In the 𝑇𝑇0′ model, additional deformation energies of 200 and 400 J/mol are 

assumed to take into account the shear deformation [25]. For Fe-0.43C-3.0Mn-2.12Si alloy, 

Fig.  8.5a, the experimental values of 𝐶𝐶𝑠𝑠𝑡𝑡𝑚𝑚𝑠𝑠𝑒𝑒𝑠𝑠
𝛾𝛾  are close to the GEB model predictions but 

below the 𝑇𝑇0′ model assuming a strain energy of 400 J/mol. The high Si content in this 

system is known to suppress carbide formation [26,27], hence neglecting the carbide 

formation in the GEB model is an accurate assumption for this system. In Fe-0.1C-1.5Mn-

0.3Mo alloy, Fig.  8.5b, the experimental values of 𝐶𝐶𝑠𝑠𝑡𝑡𝑚𝑚𝑠𝑠𝑒𝑒𝑠𝑠
𝛾𝛾  are much lower than the 

predictions by the GEB model but correspond better to the predictions of the 𝑇𝑇0 and 𝑇𝑇0′ 

model (assuming a strain energy of 200 J/mol) predictions. Neglecting the carbide 

formation the GEB model overestimates the carbon content in untransformed austenite, 

which has a major effect on the bainite formation in the presence of Mo [3].  
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Fig.  8.5- Carbon concentration in austenite in the stasis stage calculated by the GEB model, 𝑇𝑇0 and 𝑇𝑇0′ models 

and the experimentally measured values in a) Fe-0.43C-3Mn-2.12Si [5] and b) Fe-0.1C-1.5Mn-0.3Mo 

(mass%) [3] quaternary systems. 

In addition to ignoring carbide formation  [3], or in general the interaction between 

different alloying elements [24,28,29], the assumed mean field approximation of the carbon 

profile in austenite can limit the accuracy of the model predictions of the onset of 

transformation stasis [30]. Furthermore, the assumed perfect NPLE thermodynamic 

condition for calculation of the drag of substitutional elements during the whole 

transformation, may not be applicable under all conditions during the bainite formation. In 

general, bainite formation proceeds with transitions in partitioning mode of alloying 

elements at existing interfaces while concurrent nucleation of new bainitic plates and 

initiation of new interfaces takes place [11]. So, while the current model takes our 

understanding of the effect of alloying elements on bainite formation a little further, the 

need for more accurate models making fewer simplifying assumptions on the solute 

transport remains. 
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8.5 Conclusions 

In this study, the original GEB model was extended in order to predict the coupled effect of 

Mn, Si and Mo on the fraction of bainitic ferrite after the incomplete transformation in 

multicomponent steels alloys and the following conclusions were made: 

1. Addition of Si has a minor effect on the degree of incomplete bainite transformation via 

immobilizing migration of interfaces while addition of Mn and Mo significantly reduces 

fraction of isothermally formed bainite and these effects are qualitatively well captured in 

the extended GEB model. 

2. The predicted minor effect of Si addition and major effect of Mn and Mo addition on the 

degree of incomplete bainite transformation are attributed to the high value of dissipation of 

Gibbs energy caused by interfacial diffusion of Mn and Mo and low values caused by Si 

diffusion. 

3. Considering possible interaction between alloying elements, especially carbide formation 

in presence of Mo, can improve model prediction of the onset of transformation stasis, but 

also the option to make the binding energy for each element a function of other parameters, 

such as co-solutes and concentrations levels is to be explored.  
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Appendix A 

HT in-situ EBSD maps 

Creator/Director: H. Farahani, G. Zijlstra, V. Ocelík, J. Th. M. De Hosson, S. van der 

Zwaag 

Description: 

This video shows the in-situ high temperature Electron Backscatter Diffraction 

measurements during cyclic partial phase transformations in an Fe-0.056C-2.0Mn (all in 

mass%) alloy. The video includes the recorded OIM maps and the time and temperature for 

each measurement. This experiment has been conducted in the Zernike Institute for 

Advanced Materials, University of Groningen, the Netherlands. 

DOI: https://doi.org/10.4121/uuid:a390e8d4-d2dc-4f5c-9e41-03df0e5252bd 
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Appendix B 

3D Phase Field Simulation  

Creator/Director: H. Farahani, M. G. Mecozzi, S. van der Zwaag 

Description: 

This video shows results of 3D Phase Field simulation of cyclic partial phase 

transformation using MICRESS software. Back and Forth migration of austenite/ferrite 

interfaces during partial transformations are explicitly visible in this video. This simulation 

has been conducted in Delft University of Technology, the Netherlands. 

DOI: https://doi.org/10.4121/uuid:327a72a5-51cd-42d5-b6b4-8b6dc6467894 

 

https://doi.org/10.4121/uuid:327a72a5-51cd-42d5-b6b4-8b6dc6467894
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Appendix C  

Two different sections of a 3D Phase Field Simulations 

Creator/Director: H. Farahani, M. G. Mecozzi, S. van der Zwaag 

Description: 

This video shows results of 3D Phase Field simulation of cyclic partial phase 

transformation at two different 2D sections. The interfaces show different behaviors at 

these two different 2D sections. This simulation has been conducted in Delft University of 

Technology, the Netherlands. 

DOI: https://doi.org/10.4121/uuid:5bef9e0d-bb44-4186-ab70-f4c72b9b9e7a 

https://doi.org/10.4121/uuid:5bef9e0d-bb44-4186-ab70-f4c72b9b9e7a
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Appendix D 

Isothermal bainite transformation at 723 K 

Creator/Director: H. Farahani, E. Gamsjäger, S. van der Zwaag 

Description: 

This video shows in-situ bainite formation in Fe-0.2C-1.5Mn-2Cr (all in mass%) steel at T= 

723 K (450 ℃) recorded using high temperature Confocal Laser Scanning Microscopy 

Method. This experiment has been conducted in the Montanuniversität Leoben, Austria. 

DOI: https://doi.org/10.4121/uuid:f5d8a28a-9f53-4a29-bd36-8560584eb6aa 
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