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In metals and alloys, solute segregation at grain boundaries typically undermines cohesion and ductility. Here,
we overturn this paradigm by showing that solvent Fe atoms can preferentially enrich low-angle grain bound-
aries (LAGBs) in a ferrous alloy, dramatically enhancing ductility. Cold rolling and aging generate coherent
nanoprecipitates, a high dislocation density, and abundant LAGBs in an austenitic matrix, yielding an ultrahigh
tensile yield strength of ~ 1.74 GPa. Moreover, the solvent Fe enrichment at LAGBs lowers local stacking fault

energy and activates austenite-to-martensite transformation under load. This transformation-induced plasticity
effect stabilizes plastic flow, enabling a uniform elongation of ~ 26.2 % despite the alloy’s exceptional strength.
Our findings challenge conventional views of segregation and offer a new design strategy for ultra-strong, highly

ductile alloys.

1. Introduction

Alloys typically comprise a solvent element alongside several solute
elements [1]. Variations in physical and chemical properties among
these elements often result in non-uniform distribution [2], with a ten-
dency for elements to segregate toward defect sites, particularly at in-
terfaces such as grain boundaries that are prevalent in alloys. Solute
atoms, present in lower concentrations and inducing greater lattice
distortion than solvent atoms, have strong thermodynamic and kinetic
incentives to segregate at grain boundaries [3-5].

Solute segregation at grain boundaries significantly impacts the
microstructure and mechanical properties of alloys by altering the
thermodynamic and kinetic behavior of grain boundaries [6-8]. For
instance, solute segregation reduces grain boundary energy, capillary
driving forces, and grain boundary mobility [9,10], which retards grain
growth, stabilizing small grain sizes and increasing alloy strength in line
with the Hall-Petch relationship [11-13]. However, this segregation
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often weakens cohesion, causing alloy embrittlement. In Mo alloys,
oxygen segregation at grain boundaries increases the volume of poly-
hedron sites and reduces charge density among adjacent Mo atoms,
weakening Mo-Mo bonds and disrupting grain boundary cohesion,
thereby increasing the tendency for intergranular cleavage [14]. Simi-
larly, in Al alloys, Mg segregation at grain boundaries causes expansion
and charge density depletion, leading to significant grain boundary
embrittlement [15]. Thus, while solute segregation at grain boundaries
can improve alloy strength, it often compromises ductility [16]. The
segregation of solute element B at grain boundaries is one of the few
known strategies to improve alloy ductility, provided that the B con-
centration is maintained below its solubility limit in the matrix to avoid
the formation of brittle borides. These borides can serve as sites for crack
initiation and lead to catastrophic intergranular fracture [17].

The classical view that only solute elements exhibit pronounced
grain boundary segregation has recently been challenged by both
theoretical and experimental advances. For instance, Calderon et al.
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demonstrated a reversible solvent segregation transition in Au-Pt alloys,
where Au—the solvent—was shown to enrich at grain boundaries
following high-temperature annealing, driven by its lower intrinsic
boundary energy relative to Pt [18]. This finding provided direct
experimental evidence that solvent enrichment can, under certain con-
ditions, dominate interface chemistry. More recently, Petrazoller et al.
developed an elastic dipole model to predict segregation energy spectra
at low-angle grain boundaries (LAGBs) [19]. Their analysis revealed that
the coupling between atomic size misfit and the strain field of disloca-
tion arrays generates energetically favorable segregation sites. Together,
these advances establish a new theoretical foundation for understanding
interface chemistry and open new opportunities for alloy design through
controlled solvent and solute partitioning.

Here, we present a counterintuitive phenomenon in the Fe-33Ni-6Al-
1.5Ta-1.5Ti-0.2C-0.05B (at. %) alloy, where solvent element Fe, rather
than the expected solute elements, preferentially enriches at LAGBs with
misorientation angles ranging from 2° to 15°. This solvent enrichment,
coupled with a high density of coherent nanoprecipitates and disloca-
tions, contributes to an exceptional tensile yield strength of ~ 1.74 GPa.
Importantly, the solvent enrichment at LAGBs lowers the stacking fault
energy in these areas, which promotes martensitic transformation. As a
result, the alloy demonstrates an outstanding uniform elongation of ~
26.2 %. These findings challenge conventional views of grain boundary
segregation and open new avenues for designing high-strength, high-
ductility alloys.

2. Materials and methods
2.1. Materials preparation

The alloy composition was optimized through systematic variation of
Al content and the (Ta + Ti) content to balance strength and ductility
(Fig. S1). The final composition, Fe-33Ni-6Al-1.5Ta-1.5Ti-0.2C-0.05B
(at. %), was identified as the optimum formulation. The ferrous alloy
was synthesized by arc-melting high-purity elemental metals (> 99.95
wt. %) along with carbon and boron (99.99 wt. %) under a Ti-gettered,
high-purity argon atmosphere. To achieve chemical homogeneity, the
ingots were remelted at least eight times before being drop-cast into a
water-cooled copper mold with dimensions of 10 x 10 x 80 mm®, The
as-cast ingots underwent homogenization at 1200 °C for 2 h, yielding
the solution-treated (ST) alloy. Subsequently, the homogenized alloys
were cold-rolled to achieve a thickness reduction of ~ 90 %, forming the
cold-rolled (CR) alloy. Aging treatments were then performed at 725 °C
for 4 h to obtain the cold-rolled and aged (CRA) alloy. For comparison,
an additional set of cold-rolled alloys was annealed at 1050 °C for 10
min, followed by aging at 725 °C for 4 h, producing the cold-rolled,
annealed, and aged (CRAA) alloy. All thermal treatments were
completed with water quenching to retain microstructural features.

2.2. Mechanical characterization

Dog-bone-shaped tensile samples with a 10 mm gauge length and 2 x
1 mm? cross-sectional area were prepared by electrical discharge
machining. Before testing, all specimens were finally polished to a 2000-
grit finish using SiC paper. Uniaxial tensile tests were conducted at
ambient temperature on a Shimadzu AGS-X-50 kN universal testing
machine, with a nominal strain rate of 1 x 10~ s\, For each alloy
condition, at least five samples were tested to ensure reproducibility and
statistical accuracy.

2.3. Scanning electron microscopy (SEM)

Microstructural and morphological analyses were performed using a
MIRA3 LMU scanning electron microscope (SEM, TESCAN company)
operated at 20 kV at Hunan Nano Micro New Materials Technology Co.,
Ltd. Electron back-scattering diffraction (EBSD) mapping was conducted
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on a Zeiss Gemini 300 microscope equipped with an Oxford Symmetry
detector at 15 kV, employing a 0.04 pm step size. Before imaging,
specimens were prepared by grinding with 2000-grit SiC paper followed
by mechanical polishing on a metallographic polishing machine (LMD-
2C) to achieve a high-quality surface finish.

2.4. Transmission electron microscopy (TEM)

Detailed microstructure characterization and microstructural evo-
lution at various stages of deformation were conducted using a trans-
mission electron microscope (TEM, FEI Talos F200X) operated at 200
kV. Aberration-corrected scanning transmission electron microscopy
(STEM, Thermo Scientific Themis Z in Analytical Instrumentation Cen-
ter of Hunan University), equipped with a four-quadrant ChemiSTEM
EDS system, was employed at 300 kV. TEM specimens were initially
polished to a thickness of 50 pm, followed by twin-jet electropolishing in
a solution of 90 % ethanol and 10 % perchloric acid (vol. %) at —25 °C
with an applied voltage of 20 V. For aberration-corrected STEM, speci-
mens were prepared using a Helios 5 CX dual-beam focused ion beam
(FIB) system to achieve site-specific thinning.

2.5. Atom probe tomography (APT)

APT analyses were performed on a Cameca LEAP 5000XR instrument
under ultrahigh vacuum conditions (approximately 2.5 x 107! torr).
Measurements were carried out at 60 K, with a pulse frequency of 120
kHz and pulse energy of 40 pJ. Specimens for APT were prepared using a
dual-beam FEI Helios 600i focused ion beam (FIB) system. Data recon-
struction and analysis were completed using AP Suite software (v6.1).

2.6. Synchrotron X-ray diffraction (SXRD)

The phase compositions of the alloys were examined using SXRD at
beamline 4W2 of the Beijing Synchrotron Radiation Facility (BSRF). A
monochromatic X-ray diffraction beam with an energy of 60 keV
(wavelength of 0.2061 A) was employed; the detector position and
orientation were calibrated with a CeO; standard. Two-dimensional
(2D) diffraction patterns were acquired using a Pilatus3 x 2 M detec-
tor. The 2D images were integrated into one-dimensional (1D) XRD
patterns along azimuths from 3° to 15° using Dioptas software [20].
Rietveld refinement was performed with GSAS-II software [21]. In-situ
SXRD experiments were conducted at the Powder Diffraction and Total
Scattering Beamline P02.1 of PETRA III at Deutsches
Elektronen-Synchrotron (DESY) in Hamburg, Germany [22]. The
beamline was operated at a fixed energy of 60 keV, providing a mono-
chromatic X-ray with a wavelength of ~ 0.20738 A. A Kammrath &
Weiss stress rig with a maximum load of 5 kN was placed between the
incident beam and the 2D detector to perform the tensile deformation.
Sub-sized tensile samples (gauge length 12 mm, width 2 mm, thickness
~ 1 mm) were tested at room temperature with an initial strain rate of ~
1 x 10°3. The sample-to-detector distance was approximately 1 m, with
the incident beam size set to 0.6 mm x 0.6 mm. Calibration procedures
were executed using a LaBg standard to ascertain the detector distance
and instrument broadening. During tensile testing, 2D diffraction pat-
terns were collected every 5 s using a fast area detector (Varex XRpad
4343CT, 2880 x 2880 pixels). These 2D Debye-Scherrer diffraction
images were integrated into 1D patterns using GSAS-II software [23],
with the phase evolution during tensile deformation analyzed by seg-
menting the 2D images into 5° sectors along the axial direction (azimuth
angle 85°-95°).

3. Results
3.1. Solvent-enrichment-driven alloy design

We engineered an austenitic ferrous alloy that combines exceptional
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Fig. 1. Mechanical properties. (a) Room-temperature tensile engineering stress-strain curves of ST, CR, CRAA, and CRA alloys. The CRA alloy demonstrates an
extraordinary combination of ultra-high yield strength and exceptional ductility. The inset displays the work-hardening rate and true stress-strain curves of the CRA
alloy. The inset shows the Kocks-Mecking plot (work-hardening rate, 6 versus true stress, ¢) for the CRA alloy, revealing its distinctive multi-stage hardening
behavior. (b) Comparison of uniform elongation versus yield strength of the CRA alloy with various other alloys, including quench and partition steels (Q&P steels)
[24-28], lamellar alloys [29-31], medium-Mn steels [32,33], eutectic high-entropy alloys (HEAs) [34,35], 3D-printing eutectic HEAs [36,37], equal channel angular
pressing (ECAP) steels [38,39], FeCoNi-based HEAs [40-42], and CoCrNi-based medium-entropy alloys (MEAs) [43-46].

strength with outstanding ductility by uniting targeted chemistry and
controlled processing to drive solvent enrichment at grain boundaries.
Starting from Fe-33Ni-6Al-1.5Ta-1.5Ti-0.2C-0.05B, we first selected an
austenitic matrix to ensure excellent inherent deformability and high
solute solubility. To impart exceptional yield strength, we incorporated
Ni, Al, Ta, and Ti as the primary elements for forming coherent L1,
nanoprecipitates during subsequent heat treatment, while minor C and B
additions were included to refine grain boundary chemistry and stabil-
ity. The processing route begins with a solution treatment at elevated
temperature, dissolving solute elements into a homogeneous austenite
phase. Immediately following this, heavy cold rolling imposes a high
density of dislocations and an abundance of LAGBs, deliberately intro-
ducing a three-dimensional network of rapid diffusion pathways. These
defects serve as highways for Fe atoms, dramatically lowering their
diffusion barrier compared to the undisturbed lattice. Next, the alloy
undergoes an intermediate-temperature aging treatment. During this
step, the L1, nanoprecipitates nucleate and grow coherently within the
austenite. Simultaneously, the high defect density created by cold roll-
ing channels Fe solvent atoms toward the LAGBs, resulting in local
enrichment. This dual strategy—composition engineering for precipi-
tation hardening, combined with defect engineering to drive solvent
enrichment—is essential to achieving the unprecedented combination of
ultra-high strength and high ductility in this ferrous alloy.

3.2. Tensile properties

For clarity, we refer to the solution-treated alloy as ST and the cold-
rolled alloy as CR. The alloy subjected to recrystallization annealing
before aging is termed CRAA, while the alloy aged directly after cold
rolling is designated CRA. Fig. 1a presents the room-temperature tensile
engineering stress-strain curves for these alloys. The ST alloy demon-
strates a tensile yield strength of 306 + 18 MPa with a uniform elon-
gation of 41.4 % =+ 5.6 %. In contrast, while the CR alloy achieves a
tensile yield strength of 1290 + 29 MPa, its uniform elongation is
markedly reduced to 1.9 % =+ 0.1 %. The CRA alloy, however, exhibits
an impressive tensile yield strength of 1737 + 39 MPa coupled with a
uniform elongation of 26.2 % =+ 3.1 %, outperforming the CR alloy in
both metrics. Furthermore, even compared to its fully recrystallized
counterpart, CRAA, the CRA alloy nearly doubles the yield strength
while maintaining a comparable uniform elongation. Such a marked
increase in yield strength through cold rolling and aging, without
compromising ductility, is exceedingly rare. The Kocks-Mecking (K-M)

plot (inset in Fig. 1a) reveals a distinctive multi-stage work-hardening
response in the CRA alloy, indicating the activation of complex defor-
mation mechanisms, which are discussed in detail in subsequent sec-
tions. Fig. 1b compares the yield strength and uniform elongation of
CRA with other typical alloys. Remarkably, CRA exhibits an unprece-
dented combination of ultra-high yield strength and superior ductility.

3.3. Microstructure characterization

To elucidate the mechanisms behind the strengthening and ductili-
zation of the CRA alloy, we conducted a detailed microstructural anal-
ysis. Fig. 2a presents synchrotron high-energy X-ray diffraction (SXRD)
patterns for the ST, CR, CRAA, and CRA alloys. Both the ST and CR alloys
primarily consist of face-centered cubic (FCC) austenite. However, the
CRAA and CRA alloys predominantly exhibit both FCC and L15 phases.
In the CRA alloy, the lattice parameters for FCC austenite and L1, phase
are 3.6167 £ 0.0009 A and 3.6224 + 0.0023 A, respectively, resulting in
a lattice misfit of 0.16 % (Fig. S2). Additionally, all these alloys exhibit
small amounts of (Ta, Ti)C carbides. Scanning electron micrographs
further reveal that these finely dispersed carbides constitute a small
fraction (~ 3 %) of the microstructure in the CRA alloy (Fig. $3). Their
direct influence as heterogeneous nucleation sites for L1, precipitates or
as major pinning agents for dislocations and grain boundaries is ex-
pected to be minor. Electron backscatter diffraction (EBSD) analysis
reveals that the CRA alloy contains a high fraction of LAGBs (~ 95.7 %)
(Fig. S4). In contrast, the CRAA alloy exhibits a fully recrystallized
microstructure after annealing at 1050 °C, characterized by a single FCC
phase, equiaxed grains (~ 28.8 pm), a distinct <101> texture, and
uniformly low kernel average misorientation—all confirming the
absence of deformation substructures (Fig. S5). Fig. 2b shows an
aberration-corrected scanning transmission electron microscope high-
angle annular dark field (STEM-HAADF) image of the CRA alloy,
revealing high-density spherical nanoprecipitates (yellow arrows) and
grain boundaries (white arrows) within the austenite matrix. Further,
selected area electron diffraction (SAED) analysis demonstrates that the
nanoprecipitates are L1, phase, and the grain boundaries are LAGBs
(Fig. 2¢). A dark-field transmission electron microscopy (TEM) image
further demonstrates the distribution of L1; nanoparticles, approxi-
mately 10 nm in size, within the matrix (Fig. 2d). A representative
aberration-corrected STEM-HAADF micrograph shows a fully coherent
interface between L1, nanoprecipitates and the FCC matrix (Fig. 2e).
Fig. 2f displays a typical STEM-HAADF image and corresponding
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Fig. 2. Microstructures. (a) Synchrotron high-energy X-ray diffraction (SXRD) patterns of the ST, CR, CRAA, and CRA alloys. The ST and CR alloys primarily consist
of face-centered cubic (FCC) austenite with a small amount of carbides, while the CRA and CRAA alloys predominantly contain FCC austenite and L1, phases. (b)
Aberration-corrected scanning transmission electron microscopy high-angle annular dark field (STEM-HAADF) image of the CRA alloy, showing spherical L1,
nanoprecipitates (yellow arrows) and numerous low-angle grain boundaries (LAGBs) (white arrows) in the matrix. (c) Selected area electron diffraction (SAED)
pattern from the blue circle in b, displaying the FCC austenite matrix, L1, precipitates, and LAGBs (misorientation angle 4.5°) along the [110]pcc zone axis. (d) Dark-
field transmission electron microscopy (TEM) image of the L1, precipitates using a superlattice reflection. (e) Aberration-corrected STEM-HAADF image highlighting
the interfacial coherency between L1, precipitates and the FCC matrix. (f) STEM image and corresponding STEM energy-dispersive X-ray spectroscopy (EDS) maps,
showing L1, precipitates and an LAGB in the CRA alloy. (g) Atomic-resolution STEM-HAADF image and EDS maps of an LAGB (misorientation angle 3.85°), with Fe

enrichment observed at the LAGB.

energy-dispersive X-ray spectroscopy (EDS) mapping of the CRA alloy.
The analysis reveals that Ni, Al, Ta, and Ti are concentrated in the
nanoprecipitates, while Fe predominantly remains in the matrix, with a
slight tendency to accumulate at the LAGBs. To further explore Fe
enrichment, atomic resolution STEM-HAADF imaging and EDS mapping
were performed at the LAGBs (Fig. 2g), revealing a thin Fe-enriched
layer, approximately 2 nm thick.

The localized chemistry of the CRA alloy at the near-atomic scale was
investigated by atom probe tomography (APT), as shown in Figs. 3a—d.
A three-dimensional APT tip with a thickness of 20 nm visualized the
different chemistries between the L1, nanoparticles and the FCC matrix
(Fig. 3a). The volume fraction and number density of the uniformly

distributed L1 nanoparticles were determined to be 23.9 % and 3.5 x
10 m3, respectively, based on isocomposition surfaces containing 50
at. % Ni (Fig. $6). The corresponding proximity histograms using the
same isocomposition surfaces, that is, 50 at. % Ni is shown in Fig. 3b.
Across the L1,-(FCC matrix + LAGBs) interfaces, Ni, Al, Ta, and Ti
accumulate in the L15 nanoparticles, while Fe is enriched in the FCC
matrix and LAGBs. It should also be noted that enrichment of Fe and
depletion of Ni were observed in the LAGBs within the FCC matrix, as
indicated by the black arrows in Fig. 3a. This is also confirmed by the
density distribution map of Fe in the FCC matrix (Fig. 3¢). Fig. 3d shows
the corresponding one-dimensional elemental profiles computed along
the cylinder in Fig. 3a. The Fe element concentration in the matrix is ~
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Fig. 3. Atom probe tomography (APT) analysis of the CRA alloy. (a) Three-dimensional atom probe tomography reconstruction of the CRA alloy specimen. The
thickness of the three-dimensional APT tip is 20 nm. (b) Proximity histograms computed using 50 at. % Ni showing the concentration across the FCC matrix and L1,
nanoprecipitates. (¢) The corresponding density map shows the enrichment of Fe in the LAGBs. (d) One-dimensional concentration profiles are perpendicular to the

interfaces of the LAGBs.

60 at. %, while the Fe elemental enrichment concentration at the LAGB
reaches up to ~ 70 at. %. The detailed compositions of the FCC matrix,
L1, nanoprecipitates, and LAGBs are provided in Table S1.

3.4. Deformation mechanism

To explore the plastic deformation behavior of the CRA alloy, we
examined its microstructural evolution under loading. At 5 % strain,
body-centered cubic (BCC) martensite with an estimated volume frac-
tion of 5 % forms along the LAGBs within the austenite matrix (Fig. 4a).
Concurrently, the matrix develops a dislocation cell structure, charac-
terized by a high density of entangled dislocations, and several stacking
faults (Figs. 4b and c). Interestingly, dislocations traverse the LAGBs
(Fig. S7). Upon reaching 15 % strain, the volume fraction of BCC
martensite increases substantially to about 10 %, with the martensite
predominantly aligning along LAGBs (Fig. 4d). A dark field TEM image
reveals the presence of BCC martensite (Fig. 4e), with the corresponding
SAED pattern demonstrating a Kurdjumov-Sachs (K-S) orientation
relationship with the austenite matrix, specifically {110}gcc//{111}gcc
and <—111>pcc//<011>pcc (inset in Fig. 4e). This indicates an indirect
martensitic transformation through the sequence FCC austeni-
te—hexagonal closed-packed (HCP) martensite—~BCC martensite [47].
Stacking faults, aligned parallel to each other, and cutting through L1,
nanoparticles, are also observed in the matrix (Fig. 4f). After the frac-
ture, the volume fraction of BCC martensite increases further to 40 %
(Fig. 4g). A dark field TEM image illustrates the development of BCC
martensite laths (Fig. 4h). The SAED pattern from these laths, alongside

the corresponding dark field TEM image, confirms the persistence of L1
nanoparticles within the martensite (Fig. 4i). This finding underscores
that, despite the martensitic transformation of the austenite, the L1,
nanoparticles remain intact. Thus, in the CRA alloy, martensitic trans-
formation plays a dominant role in plastic deformation, with martensite
primarily forming along LAGBs (Fig. 4j).

To further elucidate the deformation mechanism of the CRA alloy,
we conducted in-situ SXRD experiments during tensile loading. Fig. 5a
presents the integrated diffraction patterns recorded along the loading
direction. As strain increases, additional diffraction peaks corresponding
to BCC and HCP martensites emerge at approximately 5.4 % strain,
signifying an indirect martensitic transformation pathway (FCC auste-
nite—~HCP martensite—~BCC martensite). The diffraction intensity of
BCC martensite further intensifies with continued straining (see the inset
in Fig. 5a). Phase quantification via Rietveld refinement, based on the in-
situ SXRD data (Fig. S8), tracks the evolution of BCC and HCP martensite
volume fractions as a function of applied engineering strain (Fig. 5b).
Notably, the BCC martensite volume fraction increases rapidly during
deformation, reaching approximately 40 % at fracture, while the HCP
martensite fraction increases more gradually. These findings indicate
that indirect martensitic transformation primarily drives the plastic
deformation of the austenitic matrix in the CRA alloy.

In contrast, martensitic transformation also plays a crucial role in
shaping the plastic deformation behavior of the CRAA alloy (Fig. 6).
Deformation proceeds through a sequence of dislocation motion,
stacking fault formation, and strain-induced phase transformation. At 5
% strain, dislocations and stacking faults appear, indicating that early-
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Fig. 4. Deformation behavior of the CRA alloy. (a) Electron back-scattering diffraction (EBSD) phase map showing the onset of the FCC austenite to BCC
martensite transformation along the LAGBs (white arrows) at 5 % strain. (b) Bright-field TEM image of the austenite matrix with a high density of dislocations at 5 %
strain. (¢) High-resolution TEM image revealing the activation of planar stacking faults (purple arrows) within the austenite matrix at 5 % strain. Inset: Fast Fourier
transform (FFT) pattern corresponding to the austenite matrix. (d) EBSD phase map showing the progression of martensite formation (10 % martensite) near LAGBs
at 15 % strain. (e) Dark-field TEM image of martensite, acquired using the {110} BCC reflection at the [110]pcc zone axis. The inset SAED pattern confirms the
Kurdjumov-Sachs orientation relationship (K-S OR) between the austenite and martensite. (f) High-resolution TEM image showing the formation of multiple stacking
faults (purple arrows). L1, precipitates are sheared by stacking faults. Inset: SAED pattern of the austenitic matrix along the [110]gcc zone axis. (g) EBSD phase map
indicating the formation of 40 % martensite near LAGBs at fracture. (h) Dark-field TEM image of martensite, using the {200} lattice reflection (red circle in inset) of
martensite at the [110]pcc zone axis, illustrating a substantial martensitic transformation of the austenite matrix. (i) Dark-field TEM image of L1, precipitates, using
the {100} superlattice reflection (yellow circle in inset) at the [110]pcc zone axis, showing L1, precipitates in the martensitic phase. (j) Schematic illustration of the
deformation mechanism in the CRA alloy.
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Fig. 5. In-situ synchrotron X-ray diffraction measurements of the CRA alloy. (a) One-dimensional diffraction patterns were integrated along the tensile direction
at various stages of deformation. Stage I corresponds to the state before the martensitic transformation. Stage II marks the initiation of the martensitic transformation
of the FCC austenitic matrix. Stage III corresponds to the significant martensitic transformation occurring. (b) Volume fraction of HCP and BCC martensites as a
function of applied engineering strain, illustrating the evolution of phase fractions during deformation in the CRA alloy. Inset: Schematic illustration of the in-situ X-

ray diffraction measurements, with the integrating sectors indicated.

=R
Fig. 6. Deformation behaviors of CRAA alloy. (a) Bright-field TEM image of CRAA alloy at 5 % strain. (b) STEM-HAADF image of CRAA alloy at 5 % strain. (c)
Bright-field TEM image of CRAA alloy at 10 % strain. (d) The FCC austenite to BCC martensitic transformation starts to occur at 10 % deformation. (e) Bright-field

TEM image of CRAA alloy at 20 % strain. (f) Dark-field TEM image of BCC martensite using the {110} lattice reflection (red circles in inset) at the [111]pcc zone axis.
(g) Bright-field TEM image of CRAA alloy at fracture. (h) STEM-HAADF image of CRA alloy at fracture.

stage deformation is driven by dislocation glide and planar faulting
(Figs. 6a and 6b). As strain increases to 10 %, dislocations begin to
entangle, and a phase transformation from FCC austenite to BCC
martensite initiates (Figs. 6¢ and 6d). By 20 % strain, dislocation density
rises sharply, and widespread martensitic transformation occurs
throughout the matrix (Figs. 6e and f). At fracture, bright-field TEM
reveals dense dislocation walls, highlighting severe plastic deformation
(Fig. 6g). Notably, L1, precipitates remain intact within the BCC
martensite, as shown in the STEM-HAADF image (Fig. 6h), confirming
their stability during the transformation. These observations suggest
that recrystallization has little influence on the alloy’s deformation

20% Fracture

behavior.

3.5. Solvent enrichment promoted martensitic transformation

To clarify the influence of solvent Fe enrichment at LAGBs on the
plastic deformation behavior of the CRA alloy, we investigated the phase
stability of both the austenitic matrix and the enrichment nanolayers.
The fact that a bulk alloy with a composition equivalent to the Fe-
enriched LAGBs forms a martensitic (BCC) microstructure (Fig. S9)
intuitively suggests a drastically reduced stability of the FCC phase in
this composition compared to the austenitic matrix. To quantitatively
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Fig. 7. Thermodynamic calculation of the CRA alloy. (a, b) Phase stability assessment using the sub-regular solution formalism for LAGBs and the FCC austenitic

matrix. The term AGIGG~HCP

between the FCC and HCP phases in the pristine state, AGE:

bin.

denotes the total Gibbs free energy change for the FCC to HCP phase transformation. AGj ,, represents the Gibbs free energy difference
corresponds to the binary excess free energy, and AGy, refers to the magnetic contribution. (¢)The total

Gibbs free energy change AGE“~HCP for LAGBs and the austenitic matrix. (d) Comparison of the intrinsic stacking fault energy of LAGBs and the austenitic matrix as a

function of temperature.

confirm this and compare it with the matrix, direct experimental
determination of the stacking fault energy (SFE) is precluded, as con-
ventional techniques require a stable FCC structure. We therefore
employed thermodynamic calculations to estimate the relative SFE
variation between the LAGB and matrix regions. The compositional data
obtained from APT for both regions were directly incorporated into
these calculations. The SFEs were estimated using a thermodynamic
model adapted from Olson and Cohen [48], which relates the SFE to the
free energy difference between the FCC and HCP phases (Note S1).
Figs. 7a and 7b present phase stability assessments of the matrix and
LAGBs using subregular solution formalism. The Gibbs free energy dif-
ference between the FCC and HCP phases (AGISSHCP) approaches zero
at LAGBs near room temperature, whereas it remains significantly pos-
itive in the matrix, indicating reduced austenite stability at LAGBs. This
is further corroborated by the temperature dependence of AGFCS~HCP in
both regions (Fig. 7¢). Additionally, at ambient temperature, the SFEs
for the LAGBs and matrix are estimated to be 27.5 mJ/m? and 54.5
mJ/m?, respectively (Fig. 7d). These results suggest that Fe enrichment

at LAGBs reduces austenite stability, thereby promoting martensitic
transformation during plastic deformation of the alloy.

4. Discussion
4.1. Formation of the solvent-enriched interface

In the CRA alloy, the enrichment of solvent Fe at LAGBs constitutes a
key microstructural feature, achieved through a systematic exploration
and optimization of the thermomechanical processing route (see Note
$2 and Fig. S10). This section demonstrates that this phenomenon is
fundamentally a thermodynamically driven process, the realization of
which is kinetically facilitated by the specific thermomechanical pro-
cessing route.

4.1.1. Thermodynamic driving force for Fe segregation

The thermodynamic tendency for Fe to segregate to LAGBs originates
from a reduction in chemical potential, which is governed by the sys-
tem’s Gibbs free energy under constant pressure and temperature [49].
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Fig. 8. Temperature dependence of Gibbs free energy for LAGBs and matrix-boundary system. At 725 °C, the Gibbs free energy of the Fe-enriched LAGBs is
calculated as -58.6 kJ/mol, compared to -57.1 kJ/mol for the combined matrix and LAGB system. The lower free energy of the enriched boundaries indicates

enhanced interfacial stability driven by Fe enrichment.

To evaluate the thermodynamic driving force for the observed LAGB
chemistry, we compared the Gibbs free energy of two chemically defined
systems derived from APT: the local Fe-enriched LAGB composition
(LAGBs) and the bulk FCC matrix composition (Matrix + LAGBs). Gibbs
free energies were calculated using Thermo-Calc (TCHEAT database)
over 400-1800 °C, with the comparison reported at the aging temper-
ature of 725 °C (Fig. 8). LAGB exhibits a lower Gibbs free energy than
(Matrix + LAGBs), indicating a thermodynamic preference for the
Fe-enriched LAGB composition.

To quantitatively assess the thermodynamic driving force for
elemental segregation, the Gibbs free energy change of segregation
(AGyg) for each element was calculated using the classical Langmuir-
McLean isotherm [49]:

X-GB Xi

(1 :X_GB) — a-%) exp ( — AGeg /RT) (€))

where X% and X; are the concentration of element i at the grain
boundary and in the matrix, respectively, and R is the gas constant. As
shown in Fig. S11, Fe exhibits a negative segregation energy (—3.66 kJ/
mol), confirming its thermodynamic preference for LAGB enrichment,
while all other alloying elements (Ni, Al, Ta, Ti) have positive segrega-
tion energies, indicating the opposite tendency.

To present the effect normalized to grain-boundary area, we
computed the interfacial excess of Fe (I'r.) and the corresponding change
in interfacial energy (Ay) via the Gibbs adsorption approach [49,50]:

( B _XBulk>
=" = /5 2
Fe (Vm) ( )
A = Tr-|AGE, ©)

Here X% and XP“* are the atomic fractions determined by APT, & is
the enrichment-layer thickness (from APT), Afog = —3.66 kJ/mol and
V. is the molar volume (from alloy density 7.972 g/cm® and mean
atomic weight 56.7 g/mol). This yields Ay ~ —106 mJ/m?, indicating
that Fe segregation lowers the grain-boundary energy by ~ 106 mJ/m?2.
The normalized excess energy agrees with the Thermo-Calc Gibbs-en-
ergy comparison and the negative segregation energy, supporting the
conclusion that Fe enrichment at LAGBs is thermodynamically sponta-
neous and significant in magnitude.

Thermo-Calc simulations provide a macroscopic view of the ther-
modynamic stability associated with Fe enrichment. At the atomic scale,
recent theoretical insights help elucidate the underlying mechanisms.
Petrazoller et al. introduced an elastic dipole model that predicts
segregation energy spectra at LAGBs, demonstrating that the interaction
between atomic size misfit and the strain field of a dislocation wall
creates favorable segregation sites [19]. While our alloy system is
considerably more complex than the binary systems examined in that
study, the underlying principle remains applicable: atoms that relieve
local elastic strain energy will preferentially segregate to regions of high
strain.

In the CRA alloy, a dense network of edge dislocations forms LAGBs
with significant elastic strain fields. The spatial correlation between Fe-
enriched regions in the APT data (Fig. 3) and these boundaries suggests
that segregation is at least partly driven by such elastic interactions. This
defect-mediated mechanism is further corroborated by the crystallo-
graphic character of the interfaces. EBSD analysis confirms that the
boundary network is overwhelmingly composed of random LAGBs, with
special low-X coincident site lattice boundaries constituting <1.5 % of
the total population (Fig. S12). The predominant Fe enrichment at these
random LAGBs, rather than at specific crystallographic boundaries,
demonstrates that the driving force for segregation originates from the
local elastic strain and high defect density inherent to dislocation arrays.
Although a full quantitative simulation using the elastic dipole approach
is beyond the scope of the present work, the qualitative consistency
between its physical predictions and our experimental observations
strongly supports a defect-mediated, thermodynamically favorable
segregation process that operates across different compositional
complexities.

4.1.2. Kinetic pathways enabled by processing

While thermodynamics defines the equilibrium state, its realization
within practical time scales requires efficient kinetic pathways. In our
CRA alloy, the cold-rolling and aging process ensures both the supply
and transport of Fe atoms to LAGBs through two complementary
mechanisms. The supply of Fe atoms is established through elemental
partitioning. The distribution of elements is quantified by the parti-
tioning coefficient [51]:

ci

ki = cree ()]
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Table 1
Elemental partitioning coefficient k;.

Elements Fe Ni Al Ta Ti

ki 0.099 2.789 2.116 15.028 20.610
Table 2

Calculated diffusion coefficients and diffusion activation energies for each
element at 725 °C.

Elements Fe Ni Al Ta Ti
Intrinsic diffusion 6.8 5.12 1x 1.9 x 1.7 x
coefficient (10~* m?/ 107 103 108

s)

Diffuse activation 258.9 297.3 260 370.8 192.8
energy (kJ/mol)

Diffusion coefficient at ~ 1.81 x 1.32 x 2.3 x 6.89 x 1.32 x
725 °C (m?/s) 107" 1078 1078 107 1078

Where CH2and Cfrepresent the atomic fractions of element i in the L1,
and FCC phases, respectively. Accordingly, Fe preferentially partitions
to the FCC matrix (k; < 1), while Ni, Al, Ta, and Ti favor the L15 pre-
cipitates (k; > 1) (Table 1). Consequently, Fe is preferentially retained in
the FCC matrix, while Ni, Al, Ta, and Ti concentrate in the L1,
precipitates.

In addition, LAGBs serve as fast diffusion pathways, promoting
atomic accumulation. The self-diffusion coefficients for each element at
725 °C were calculated using the equation [52,53]:

D = Doexp (—Qp /RT) 5)
Where D is the diffusion coefficient, Dy is the intrinsic diffusion coeffi-
cient and Qp is the activation energy for diffusion. Fe exhibits a higher
diffusion coefficient than the solute Ni, Al, Ta, and Ti elements (Table 2),
indicating a faster diffusion rate. As a result, Fe preferentially diffuses to
the LAGBs, leading to its enrichment at these boundaries.

This finding was further supported by tracer diffusion coefficients
calculated using the TCFE10 module of Thermo-Calc in combination
with the MOBFES mobility database (Fig. $13). This method captures
the complex solute-solute interactions in the concentrated alloy,
yielding more realistic diffusivity values than handbook estimates. The
results indicate that Al diffuses fastest, followed by Fe, while Ni, Ta, and
Ti are markedly slower. Although Al exhibits the highest diffusivity, its
strong partitioning into L1, precipitates limits its effective mobility at
boundaries. In contrast, Fe, with its high diffusivity and weak affinity for
precipitates, readily migrates toward LAGBs and accumulates there,
underscoring the coupled thermodynamic and kinetic origins of solvent
enrichment. This principle is further exemplified by other alloying ele-
ments: the interstitial carbon is effectively gettered by stable (Ta, Ti)C
carbides, while boron’s negligible concentration (0.05 at. %) precludes
any significant segregation competition. Consequently, Fe emerges as
the uniquely optimized element, combining high matrix solubility, su-
perior mobility, and a strong thermodynamic driving force for boundary
segregation.

Comparison between the CRA and CRAA samples provides definitive
evidence that the observed Fe segregation is a thermodynamically
driven phenomenon kinetically enabled by the defect structure. As
shown in Fig. S14, the CRAA alloy, which underwent recrystallization
annealing before aging and thus lacks the dense network of dislocations
and LAGBs, exhibits no detectable Fe enrichment at grain boundaries. In
contrast, the CRA alloy displays pronounced Fe segregation along
LAGBs, consistent with a lower Gibbs free energy for the Fe-enriched
configuration. These observations establish that the solvent segrega-
tion is not a transient kinetic artifact but a stable thermodynamic state

10
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that can only be realized when sufficient diffusion pathways are avail-
able. The formation of this solvent-enriched interface therefore reflects a
synergistic interplay between thermodynamics, which defines the
equilibrium configuration, and kinetics, which governs its accessibility.

It is important to note, however, that this “thermodynamically
favored configuration” exists within the specific microstructural context
of a metastable matrix containing a high density of nonequilibrium
defects. The stability of this solvent-enriched state was further examined
by prolonged aging at 725 °C for 48 h (see Figs. S15 and S16). Extended
annealing results in pronounced microstructural coarsening and a
marked reduction in Fe enrichment at LAGBs, accompanied by a severe
loss in both yield strength and ductility. These results confirm that the
solvent-enriched LAGB structure represents a kinetically optimized
metastable state rather than the global equilibrium configuration.
Maintaining this state through controlled processing is therefore crucial
to preserving the alloy’s exceptional combination of strength and
ductility.

4.2. Deformation behavior in CRA alloy

The enrichment of Fe at LAGBs promotes deformation-induced
martensitic transformation, thereby enhancing the alloy’s ductility. It
is well established that the SFE plays a critical role in controlling
deformation mechanisms in metastable austenitic steels [54]. When the
SFE of austenite falls below approximately 20 mJ/m?, martensitic
transformation becomes the dominant deformation behavior. For the
CRA alloy, the calculated SFE at LAGBs is 27.5 mJ. /m?, which is close to
this threshold. It should be noted that thermodynamic models may
overestimate the SFE [55,56]. In addition to SFE, the driving force for
martensitic transformation is crucial [57,58]. The tendency for austenite
to undergo deformation-induced martensitic transformation increases
with the ratio of driving force to SFE. We calculated the driving forces
for martensitic transformation at both the LAGBs and in the matrix.

The expression proposed for the free energy difference between the
BCC and FCC phases in the Fe-Ni system is used to calculate the free
energy of FCC—BCC transformation (AG"¢~B%C(T)) at Ms temperature.

AGFCC=EBCC(T) for the binary solid solution of the Fe-Ni system can be
written as follows [59]:

AGFEC=BCC — (1 — X)) AG;ECC*BCC + X AG;“I?@BCC + Xi(1 — X EFCCBCC

'Fe—Ni

(6)

where Xy; is the mole fraction of the element Ni. AGEC~BCC and
AGEEC—BCC are the Gibbs free energy changes of the FCC—BCC trans-
formation of elements Fe and Ni, respectively; EECBCC is the excess free
energy coefficient for the binary system Fe-Ni. AGFC~BCC(T) can be
obtained by substituting the corresponding values of AGECC—BCC,

AGEEC—BCC and EECCLECC in Eq. (6) [60]:

AGFP(LAGBs) = (1 —Xw;) (
—1661.59—5.308T—1.69 x 10 >T*+1.245TIn(T))
+Xni(—15540+2.97 x10°T*+1.64 x1077T%)
+Xpi(1—Xni)(15120+2.43T(1 —InT)

7
AGF=BC (Matrix) = (1 — Xwm) (
—1590 —6.55T — 1.8 x 107°T* +1.43TIn(T))
+ Xni (
—15540+2.97 x107°T?+1.64 x 1077T%)
+ Xni(1 — Xni) (15120 + 2.43T(1 — InT)
(8)



T. Liu et al.

Table 3
Data concerning the FCC—HCP and FCC—BCC transformations in CRA alloy are
studied.

Ms AGFCC=BCC(Ms) (J /mol)  SFE -
0 (mJ/ AGFOC—BCC /SEE ratio
m?)
LAGBs  270.38  —2413.07 27.5 87.75
Matrix ~ 164.08  —3155.22 54.5 57.89

The martensitic transition temperature (Ms) can be roughly esti-
mated by the following empirical formula (9):
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flow leads to an apparent yield drop and the formation of the plateau.
Notably, the exceptional stability and extent of the plateau are not due
to a lack of strain hardening, but rather to a dynamic balance between
local softening and transformation-induced hardening. The intense
strain concentration at the advancing band front provides a mechanical
driving force that, together with Fe-enriched LAGBs of reduced stacking
fault energy, promotes continuous transformation-induced plasticity
(TRIP) activity. This transformation generates new phase boundaries
and dislocations, providing sustained hardening that counterbalances
the local softening associated with dislocation glide. The resulting dy-
namic equilibrium enables stable band propagation under nearly con-
stant flow stress. The transition at ~ 15 % strain thus represents the
completion of this propagation process and the onset of homogeneous

Ms (°C, at. %) = 545 — 71C + Al + 7Co — 14Cr — 15Cu — 23Mn — 8Mo — 6Nb — 13Ni — 4Si + 3Ti — 4V + OW 9

The Ms of the LAGBs and matrix in CRA alloy are estimated as 270.38
°C and 164.08 °C, respectively.

The driving force/SFE ratio at the LAGBs exceeds that of the matrix
(Table 3), indicating a greater propensity for martensitic transformation
at the LAGBs. This observation aligns with EBSD results, which show
that martensite first forms at the LAGBs. Furthermore, because the
driving force for martensitic transformation in the matrix is also sig-
nificant, the transformation occurring at the LAGBs can easily propagate
and grow into the matrix. Our thermodynamic model, based on the
average LAGB composition, captures the primary chemical driving force
for martensitic transformation. The actual driving force is likely further
enhanced by the local interfacial environment: the elastic strain field of
the LAGBs may promote nucleation by accommodating the trans-
formation strain, while the nanoscale chemical gradient provides addi-
tional compositional instability. The preferential martensite nucleation
observed at these sites confirms that the composite driving force-
—integrating both chemical and mechanical factors—is maximized at
Fe-enriched LAGBs. Thus, the enrichment of Fe at LAGBs reduces the
austenite stability, promotes deformation-induced martensitic trans-
formation, and ultimately enhances the alloy’s strain-hardening capa-
bility and ductility.

While Calderon et al. demonstrated a thermally activated and
reversible solvent (Au) segregation in Au-Pt alloys driven by differences
in pure component grain boundary energies, our approach is based on a
thermodynamically favorable and kinetically facilitated process, as
confirmed by Thermo-Calc simulations showing a lower Gibbs free en-
ergy for the Fe-enriched state. This driving force is further enabled by
cold rolling, which introduces dislocations serving as rapid diffusion
pathways that stabilize Fe enrichment at LAGBs. This defect-mediated
process is purposefully engineered to promote deformation-induced
martensitic transformation, thereby achieving an unprecedented syn-
ergy of strength and ductility and extending the concept of solvent
segregation into the realm of high-performance structural alloys.

Additionally, the pronounced yield plateau observed in the tensile
response of the CRA alloy was further analyzed using digital image
correlation to elucidate its physical origin (Fig. S17). Upon yielding at
approximately 1.75 % strain, a well-defined Liiders band nucleates at an
angle of ~ 45° to the tensile axis, initiating heterogeneous plastic
deformation. As the strain increases to ~ 15 %, the band propagates
steadily across the gauge length. Once the propagation is complete, the
deformation mode transitions to uniform plastic flow throughout the
specimen, which persists until the onset of diffuse necking and fracture.
The Liiders band originates from the high initial density of immobile
dislocations and LAGBs introduced during cold rolling, which require a
critical stress for collective activation. The resulting localized plastic

deformation, during which accelerated TRIP activity governs the strong
parabolic strain hardening observed in the CRA alloy.

Further insight into the deformation behavior of the CRA alloy is
provided by its Kocks-Mecking (K-M) profile (work-hardening rate 6 vs.
true stress o, Fig. 1a, inset), which reveals a distinct hardening profile
diverging from the classical stages of FCC alloys [61]. This atypical
profile can be delineated into three sequential regimes: In Stage I, at low
stresses (< 1.75 GPa), the sharp decrease in work-hardening rate with
increasing true stress reflects the predominantly elastic regime preced-
ing macroscopic yielding. This is followed by Stage I, a regime of mild
oscillations in work-hardening rate as the stress rises to ~ 2.0 GPa,
corresponding to the nucleation and steady propagation of Liiders
bands—a hallmark of materials exhibiting yield-point elongation [62].
Within these propagating bands, localized strain promotes the onset of
strain-induced martensitic transformation, preferentially at LAGBs.
Most critically, in Stage III, beyond a true stress of ~ 2.0 GPa, the K-M
plot exhibits an unexpected upturn in the hardening rate (d6/ds > 0), in
contrast to the monotonic decrease characteristic of classical Stage III
hardening in FCC metals [61]. This anomalous Stage III response reflects
the rapid acceleration of the TRIP effect, driven by Fe-enriched LAGBs
that facilitate martensitic transformation. The resulting increase in
martensite fraction, confirmed by in-situ SXRD, introduces a high density
of phase boundaries and dislocations, thereby sustaining a strong
hardening rate and delaying the onset of necking. This
transformation-assisted mechanism underpins the alloy’s exceptional
combination of strength and ductility.

In addition to deformation-induced martensitic transformation, the
formation of extensive stacking faults during deformation in CRA alloy
plays a role in enhancing ductility [63,64]. A high density of stacking
faults reduces the dislocation mean free path, triggering the dynamic
Hall-Petch effect, which further strengthens the alloy and improves
ductility [65]. The effectiveness of these ductility-enhancing mecha-
nisms is directly reflected in the fracture behavior. The presence of
uniform dimples and the absence of grain-boundary facets in the frac-
ture surface (Fig. S18) confirm a transgranular fracture mode, indi-
cating that the solvent Fe-enriched LAGBs retain strong cohesion and do
not act as crack initiation sites.

4.3. Strength contributions in CRA alloy

The CRA alloy demonstrates an impressive uniform elongation of
26.2 % and achieves a tensile yield strength of 1.74 GPa. Strength
contributions from various mechanisms have been calculated. The yield
strength of the CRA alloy is primarily composed of contributions from
intrinsic strength (op), solid solution strengthening (Acs), grain
boundary strengthening (Aocg), dislocation strengthening (Acp) and
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precipitation strengthening (Aop). Thus, the overall yield strength o, can
be expressed as [66]:

6y = 09 + Acs + Ao + Aop + Aop (10)

Intrinsic strength (6,) and solid solution strengthening (Acs) are
mainly attributed to lattice distortions arising from atomic size mis-
matches between the solute elements. The solid solution strengthening
effect in the dilute solid solution alloys is typically described by the
dilute solid solution model, which can be written as [40,67,68]:

31
G-g52-C2-

Aos =M
% 700

an
where M is the Taylor coefficient, G is the shear modulus, c represents
the total molar ratio of the solid solution elements, and s is the inter-
action parameter. Here, the constant 700 is an empirical proportionality
factor that accounts for geometric and material-specific parameters in
the interaction between dislocations and solute atoms. It follows the
classical formulation for soft-obstacle solid-solution strengthening [69].
However, due to the complex composition of CRA alloy, the conven-
tional dilute solid solution model is not directly applicable here [70]. As
a result, we estimate the solid solution strength contribution to be 305
MPa, derived from experimental tensile data of the solid solution-treated
ST alloy.

Grain boundary strengthening (Aocg) in CRA alloy is influenced by
the presence of both low-angle grain boundaries and subgrain bound-
aries. The relationship between yield strength and grain size can be
described by:

60 + Aog = oo + ky(2d) ™" 12)

Thompson’s research shows that for well-developed LAGBs, the
value of n can be taken as ranging from 1/2 to 1. In this study, we adopt n
= 1/2, which satisfies the Hall-Petch relationship [71,72]:

Acg = ky(2d)7? (13)
where k, = 226 MPa/pml/ 2 is the Hall-Petch coefficient [73],d=0.317
pm represents the average grain diameter measured by EBSD. The factor

of 2 in (2d)~'/? denotes the effective spacing between geometrically
necessary boundaries in cold-rolled structures, consistent with prior
Hall-Petch treatments for deformed metals [74,75]. Based on this, the
grain boundary strengthening contribution Aocg is calculated to be
approximately 284 MPa.

Dislocation strengthening (Asp) in CRA alloy arises from the high
dislocation density. Quantitative measurements of dislocation density
were obtained through synchrotron X-ray diffraction, employing the
Williamson-Hall method [76-78]. From the relationship:

AK = —+

0.9 N2b?

% 1 1 _
-p2-KC? + O(K*C)

where d is the average grain size. N is the Wilkens alignment parameter,
which is determined by the effective outer cutoff radius Re of the dis-
locations. The factor 0.9 is a standard constant used in dislocation line
profile analysis, derived from the average dislocation contrast factor and
the outer cutoff radius, as established in the classical works of Wilkens
[76] and Ungar [79]. The value of N is typically in the range of 1 to 2,
and in this paper, it is taken as 1.2. b = 0.254 nm is the Burgers vector. O
stands for the higher-order term in the equation involving K2C which
can generally be ignored in this context. h, k, and [ are the Miller indices
corresponding to each diffraction peak. AK, K, and C are the full width at
half-maximum (FWHM) of the diffraction peak, the diffraction vector,
and the average contrast factor of the broadened peaks in reciprocal
space, respectively. They are defined as follows:
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Ak = Peosd 1s)
i
K- 2sind 16)
7
C = Cuoo-(1- 1P a7
H? = (K2 + 1P + Ph?) (4 K2 + 1) as)

where 0 is the diffraction angle,  is the full width at half maximum
(FWHM) of the diffraction peak, and 4 is the X-ray wavelength (0.20738
nm). The parameter Cpo depends on the anisotropic elastic constants
Ci1, C12, and Cy4. The variable q is a fitting parameter in X-ray diffrac-
tion line profile analysis. It quantifies the anisotropy of strain broad-
ening, which is influenced by the crystal’s elastic constants and the
character of the dislocations (edge/screw ratio) [80,81]. To determine

the dislocation density, the best linear fit of AK versus KC); is performed
according to Eq (14). As shown in Fig. S19, the slope of the fitted line is
0.02163, from which the dislocation density is determined to be 3.206 x
10'®> m™. The dislocation density estimated using the Williamson-Hall
method represents a volume-averaged value that includes both
geometrically necessary dislocations associated with LAGBs and statis-
tically stored dislocations within the matrix. Given that the CRA
microstructure is dominated by a high density of LAGBs, this averaged
density is considered representative of the overall defect state.

The dislocation strengthening (Aocp) is then calculated using the
classical dislocation strengthening equation [40,82,83]:
Aop = MaGbp% 19
where M is the Taylor coefficient, a is a constant that quantifies the
intensity of dislocation interactions. A value of o ~ 0.2 is typically
employed for FCC alloys, as established in foundational studies of high-
strength FCC systems [40], and G is the shear modulus (81 GPa). This
gives a dislocation strengthening contribution of approximately 704
MPa.

Precipitation strengthening (Acp) is attributed to the presence of
coherent nanoprecipitates in the CRA alloy. When the precipitates are
sufficiently small and coherent, the shear mechanism governs the
strengthening. Given the current morphology of the nanoprecipitates,
dislocation shearing dominates the strengthening mechanism. Three
factors contribute to the strengthening effect: particle-substrate coher-
ence (Aocs), modulus mismatch (Aoys), and atomic ordering (Aocos)
[84-86]. The first two factors act before dislocation shearing, while the
third becomes significant during shear. The overall strengthening
contribution is determined by the largest of these sequential factors. The
governing equations are as follows [87]:

3
2

Aocs = M-a.(G-€) <0.5Gb)2 (20)
3 /9f\3 21
Acys = M-0.0055(AG)2 (%’c) (g) 2 1)
3
Acos = M-0.81 %(%) (22)

Here, a, = 2.6 (for FCC structures), m = 0.85, and ¢ ~ %-(Aa /a), where
Aa/a = 0.001573, derived from synchrotron radiation measurements of
lattice constants for the L1, precipitates and FCC matrix. The volume
fraction of the precipitate phase (f) is 0.24. The shear modulus mismatch
(AG) between the precipitates and matrix is 4 GPa (AG = 81— 77 =
4 GPa). The shear modulus (G = 81 GPa) and modulus mismatch (AG =
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Opxp. Tepresent the calculated and experimental yield strength, respectively. The
calculated strengthening contributions are in good agreement with the exper-
imental yield strength data.
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4 GPa) used in the precipitation strengthening calculations were taken
from literature for comparable Fe-Ni-Co based FCC systems [40], as the
matrix chemistry in this work is compositionally analogous. The coef-
ficient 0.81 is a standard empirical constant derived from the theoretical
work of Brown and Ham and subsequent simulations by Foreman and
Makin [88], representing the average interaction strength between a
dislocation and a coherent precipitate. The antiphase boundary energy
(74pg) is 200 mJ m’z, based on L1, precipitates in Fe-Ni alloys [89].
Using these parameters, the contributions are calculated as Aocs =
71.48 MPa, Aoys = 24.287 MPa, Acpos = 519 MPa. As the atomic
ordering term dominates, the total contribution of precipitation
strengthening is determined to be 519 MPa. In the present model, the
strengthening contribution is estimated using averaged parameters,
which adequately capture the macroscopic behavior. However, a more
advanced formulation could introduce a spatially dependent precipitate
fraction to account for the gradient in strengthening near LAGBs. Such
an approach would provide a more complete description of the hierar-
chical hardening architecture and is an important avenue for future
investigation.

Coherent L1, nanoparticles with high density and volume fraction
significantly enhance the alloy’s strength, contributing 519 MPa to the
yield strength. Synchrotron high-energy X-ray diffraction measurements
reveal a dislocation density of 3.2 x 10'® m™, which correlates with a
strength contribution of 704 MPa. In contrast, the contributions from
other mechanisms, including solid solution strengthening and grain
boundary strengthening, are relatively minor (Fig. 9). Therefore, we
attribute the exceptional yield strength of the CRA alloy primarily to
precipitation strengthening and dislocation strengthening.

5. Conclusion

Here, we uncover an unprecedented phenomenon in a ferrous alloy,
where Fe, the solvent element, preferentially segregates at low-angle
grain boundaries (LAGBs), rather than the traditional solute elements.
This Fe enrichment at LAGBs notably reduces the local stacking fault
energy, inducing an austenite-to-martensite transformation upon
deformation. The enhanced interface coherence between LAGBs and the
matrix, together with a high density of coherent nanoprecipitates and
dislocations, contributes to an exceptional combination of mechanical
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properties: an ultra-high yield strength of 1737 + 39 MPa, achieved
through synergistic precipitation and dislocation strengthening, along-
side an exceptional uniform elongation of 26.2 % =+ 3.1 %. Our findings
challenge prevailing theories of element segregation and introduce
transformative avenues for engineering alloys that combine extraordi-
nary strength with high ductility.

The present results suggest that solvent enrichment at LAGBs can
serve as a general design strategy to enhance ductility without
compromising strength. By promoting defect-mediated segregation and
exploiting thermodynamic driving forces, this approach may be applied
to a wide range of multi-principal element alloys and brittle in-
termetallics. Future alloy design could leverage controlled processing
routes to tailor solvent segregation at grain boundaries, enabling next-
generation structural materials with optimized mechanical
performance.
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