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Summary

Self-healing of creep-induced damage in newly designed 12Cr self-healing ferritic
steels is studied. The damage healing is achieved by the segregation of supersat-
urated solute atoms at the free surface of the creep-induced cavities, and in this
research, the healing phase is the W-riched Laves phase. Two kinds of self-healing
steel with different precipitation driving forces of Laves phase are investigated,
namely fast self-healing steel (FSHS) and slow self-healing steel (SSHS), in which
the FSHS is designed to show the healing effect after 280 hours, while SSHS is
designed to show healing effect after 27000 hours. Although both systems are
self-healing systems, only FSHS is expected to show the self-healing phenomenon
under the testing condition of this study, while SSHS not. Creep tests were per-
formed on bone-shaped samples with constant stresses ranging from 100 to 260
MPa at 550 °C. The creep behavior is compared with traditional 9-12Cr ferritic steels,
the relationship between the minimum creep rate and stress obeys Norton’s power
law, and the relationship between the lifetime and stress also obeys a power law.
The total strain and stress exponents in power law of both SSHS and FSHS are
relatively high compared to traditional 12Cr ferritic steel with similar grain size.
The microstructure of the creep-failed samples, including the fracture surfaces, the
uniformly-strained region (i.e., the stress-affected region), and the stress-free re-
gion are investigated with scanning electron microscopy (SEM). By comparing the
feature of stress-affected region and stress-free region exposed to the same ther-
mal history, the effect of high-temperature exposure could be isolated from this.
The effect of stress on the Laves phase precipitation behavior and the damage evo-
lution could be understood more clearly. For both the SSHS and FSHS, a ductile and
transgranular fracture mode is confirmed by analyzing the fracture surfaces. In the
stress-affected region and stress-free region of the creep-failed samples, M,3Cyg
precipitates, Si/C-rich impurities, and pores were found in all observed samples.
The Laves phase was only found in the samples with a longer lifetime (> 300 h). A
TEM observation and EDX scanning was conducted on the FSHS sample with a life-
time of 2487.2 hours. Laves phase precipitates were found on the grain boundaries
and in the matrix, while no grain boundary cavities were found. Statistics based
on pores observed on samples tested under different stress showed that the pores
were present prior to creep tests and are generally not due to creep. A combined
analysis of creep behavior and microstructure showed that dislocation climbing is
likely the dominant creep mechanism. The absence of typical creep grain-boundary
cavities was allocated to the relatively ductile matrix of 12Cr self-healing steel or
the unfavorable dominating creep mechanism for creep cavity forming. With the
prerequisite of self-healing not found in all tested samples, self-healing was consid-
ered not found under current testing conditions. The statistics based on the Laves
phase showed that the precipitation depends on creep time, and the stress is in-
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viii Summary

deed lowering the nucleation barrier, thus promoting the Laves phase to precipitate
in the stress-affected areas.



1

Introduction



2 1. Introduction

High-performance ferritic creep-resistant steel is one of the essential material
categories in engineering applications, such as constructing a thermal power gen-
erating unit and the first-wall or blanket structure of fusion reactors. Two clear
demand-led strategies in this material category can be seen throughout the devel-
opment history. One is to increase the operating temperature to obtain higher heat
efficiency of thermal power plants, as the turbine thermal efficiency is positively
related to the steam temperature [1, 2], thus saving heat resources. Another trend
is to substitute the alloying element with high activation, such as molybdenum (Mo)
and niobium (Nb), by low activation elements such as tungsten (W) and vanadium
(V) while maintaining the creep-resistant properties. By this strategy, the decom-
missioned nuclear reactor becomes more manageable and safer [3, 4]. Note that
other performances such as tolerance of neutron-induced embrittlement and excel-
lent corrosion resistance [5] are required for nuclear applications but not explicitly
addressed in this review.

Ferritic creep-resistant steel with 9-12wt.% of chromium (Cr) is a steel family
with over fifty years of developing history while remaining popular in constructing
steam pipe of ultra-supercritical (USC) thermal generators and some other compo-
nents due to its good thermal conductivity, low coefficient of thermal expansion,
good fatigue-resistant properties, and relatively low-cost [6]. Besides, it is also find-
ing its way into nuclear application. Many different alloying elements were added
and optimized in order to enhance the effect of solid solution strengthening (e.g.,
Mo and W) [7] or precipitate strengthening (e.g., V and Nb) [8]. The ratio of com-
positions and heat treatments are also optimized to obtain desirable grain size and
distribution of strengthening precipitates. [9] Those strategies collectively increase
the creep lifetime by inhibiting the formation of damage and reducing the initial
damage.

As an alternative design strategy to the "damage prevention” scheme, self-
healing based on "damage management” conceptualized by Van der Zwaag in 2008
[10] has been widely studied over the last ten years. Many material classes have
successfully implemented this designing concept to reach desirable healing prop-
erties, including polymers [11], concretes [12] and asphalts [13]. The self-healing
materials mentioned above can partially or fully repair the damage during their
service life. Such characteristics are highly desirable to high-temperature compo-
nents, which require a typical lifetime of over 100,000 h [9]. Since in traditional
creep-resistant steels, once the damage takes place, there is hardly any means to
reverse the degradation of the material. Some undetected manufacturing flaws
or creep damage formed at microstructural weak points could grow and propagate
rapidly, causing the unexpected fracture. By implementing self-healing in the creep-
resistant steels, such drawbacks could be compensated and increase the credibility
of the nominal lifetime.

The implementation of self-healing in the creep-resistant steel is dedicated to
creep damage filling. The tungsten-rich Laves phase is chosen as the healing agent.
The tungsten is being brought into the supersaturated status before the service
stage. Due to the sheer difference in atomic size between tungsten and iron, a
significant strain energy barrier prevents tungsten from homogeneous precipitation



into Laves phase when there is no damage. When the creep cavity forms free sur-
face within the material, the strain energy barrier is reduced and the Laves phase
could precipitate at the cavity, thus perfoms the healing. Based on this strategy,
a computational model was developed to design self-healing ferritic steels working
under 550 °C with comparable composition as commercial creep-resistant ferritic
steels [14]. A genetic algorithm was designed to enumerate and filtrate composition
with decent mechanical properties among C, Cr, Mn, Si, and W within a certain pro-
portion range. A few go/no-go criteria were set in the algorithm to ensure specific
microstructure after annealing and during the in-service period. The compositions
and corresponding solid solution strengthinging factors and precipitation hardening
contribution factors were recorded. The Laves phase driving force was determined
as the parameter to describe the healing efficiency. The Laves phase driving force
was related with strenghtening factors, and a few candidates with similar mechan-
ical properties but different healing efficiency was selected manually.

In this thesis, two kinds of 12Cr self-healing ferritic steels with different precipi-
tation driving forces of Laves phase, namely fast self-healing steel (FSHS) and slow
self-healing steel (SSHS), designed by this computational model, were put to the
creep tests at 550 °C under different stresses. The FSHS is designed to show the
healing effect after 280 hours, while SSHS is designed to show healing effect after
27000 hours. Only FSHS is expected to show healing effect within the time limit of
this study. The creep data were collected and compared with commercial steel. The
creep failed samples were observed on the fracture surface, the uniformly-strained
region (i.e., the stress-affected region), and the stress-free region using scanning
electron microscopy (SEM) and transmitting electron microscopy (TEM). The dam-
age evolution of FSHS and SSHS in the stress-affected region and stress-free region
were investigated and compared. The behavior of Laves phase was also investi-
gated in FSHS on both stress-affected and stress-free regions to find the filling of
cavities by Laves phase, as it is designed to show healing behavior within the time
scale of this study.

The thisis starts with theoretical background on creep deformation in 9-12Cr
ferritic steel, current theories on creep cavity nucleation and growth, the strength-
ening mechanisms in traditionally designed 9-12Cr creep-resistant steel, and fac-
tors related creep-resistant properties (Chapter 2). Then, the mechanism and de-
sign strategies of self-healing in creep-resistant steel are introduced, together with
previous development in self-healing model alloys and detailed illustration of the
computational model used to design the self-healing systems tested in this thesis
(Chapter 3). Subsequently, the experiment detail is introduced, including geometry
specifications and heat treatment of the creep samples, creep experiment setups
and microscopy setups (Chapter 4). Then, the creep results and microstructural
observations of FSHS and SSHS are presented (Chapter 5). The analysis of creep
data, discussion on damage evolution and Laves phase precipitation behavior based
on microscopy results are presented in the following chapter (Chapter 6). Finally,
the conclusions and recommendation for next generation of SH steels are drawn.
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6 2. Creep Deformation

Creep is a phenomenon in which a material undergoes time-dependent plastic
deformation under constant stress below the quasistatic yield stress at an elevated
temperature. The elevated temperature is often quantified by the homologous
temperature, which is defined as Ty, = T/T,, in which T is the test environment
temperature, and T,, is the melting temperature of the material (both in Kelvin).
Often, creep starts to greatly influence the design when the homologous temper-
ature reaches beyond 0.4, which is a rule-of-thumb from an engineering point of
view. Indeed, there were researches showing creep phenomenon in steels below
this temperature [15], but it is not the major concerning aspect in this research.
One of the engineering application examples is the main steam pipe in USC thermal
power plant, the steam temperature in the pipe can reach 600-650 °C, and the melt-
ing temperature for one of the most widely used ferritic creep-resistant steel P92
is about 1370 °C. In this case, the homologous temperature is around 0.44-0.47,
and with the existence of steam pressure, creep degradation constantly erodes the
material’s performance. Therefore, creep is one of the dominant damage effects
limiting these components’ lifetime.

This section focuses fundamental aspects of creep in ferritic creep-resistant
steels.

2.1. Overview of Creep

2.1.1. Three Stages of Creep
The process of creep can generally be divided into three regions, as shown in Fig-
ure 2.1.

{a} T=05T,
g =constant = gee

Ep

Figure 2.1: Strain-time curve for constant true stress in pure and class M metals [16]

In the first stage, the strain rate decreases with increasing strain or time; this
stage is also known as primary creep or transient creep. In this stage, the strength-
ening mechanisms surpass the softening mechanisms at the beginning. The acti-
vation of primary glide systems causes a high initial creep rate. The primary dis-
locations become mobile and adapt to the tensile deformation. Meanwhile, the
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Frank-Read source can multiply the primary dislocations during the deformation
and increase the resistance towards deformation. This process is called work hard-
ening, causing the creep rate to decrease with time. However, the strengthening
effect does not always surpass the softening effect at an elevated temperature. The
recovery (annihilation) of dislocation caused by diffusion also softens the material
during this process. Two factors slowly reach an equilibrium at the end of the first
stage, and the equilibrium indicates the start of the second stage.

In the second stage, known as the steady-state creep, the strain rate tends to
be constant. This stage usually takes up most of the creep lifetime. In this stage,
softening mechanisms such as dislocation climb and dislocation annihilation main-
tain balance with strengthening mechanisms, and dynamic equilibrium between
strengthening and softening is established.

In the third stage, also known as the tertiary stage, the creep rate increases
rapidly, eventually leading to fracture. In this stage, creep cavities previously
formed coalesce and reduce the material strength significantly. The actual stress
also increases considerably due to local shrinkage of the cross-section (i.e., neck-
ing). Final fracture is usually caused by insufficient fracture toughness to prevent
catastrophic failure due to the coalesced grain pores having reached the critical
size.

2.1.2. Creep Behavior of Ferritic Steels

Power-law creep, a largely phenomenological relationship between the steady-state
strain rate ¢, and stress g, was described in [17] (shown as equation 2.1) and
was consistent with Norton's Law first proposed it in 1929 [18].

€ss = Agexp[—Qc/kT](oss/E)" (2.1)

where 4, is a constant, k is Boltzmann’s constant, E is Young’s modulus, and Q.
is the activation energy for creep. This relationship is also conveniently named
five-power-law because exponent n is about 5 (4-7) for pure metals, ceramic, and
other alloys over a relatively wide range of creep temperatures and strain rates
[17]. However, the name of this creep relationship does not show any of the
microstructural mechanisms. In fact, the underlying mechanism is still under de-
bate. In some of the "mechanism-wise” creep categorize methods [19], creep can
be divided into solid state diffusion dominated creep and dislocation motion dom-
inated creep. The solid state diffusion dominated creep includes Nabarro-Herring
creep, and Coble creep, in which the stress exponent is 1; the dislocation motion
dominated creep includes many other creep phenomena with their stress exponent
higher than 3, five-power-law naturally falls into this category according to the def-
inition. However, some [17] claim that such categorize method may be misleading
as dislocation climb control appears to occur in other regimes such as Harper-Dorn
creep, superplasticity, power-law break down (PLB), etc. Furthermore, an excellent
correlation has been found between the activation energy for five-power-law creep
Q. and self-diffusion Q,, for over 20 kinds of metals, as shown in Figure 2.2. On the
other hand, some experimental observations on microscopic local effective stress
during secondary creep showed that it produces dislocation emission and controls
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the creep rate [20]. Though the correlation between Q. and Q,,; becomes a con-
sensus, experimental evidence on dislocation dominance is still not to be ignored
and adopted by many researchers. The mechanism involved in power law creep
could be material specific, temperature specific, and stress specific.

AV, (mm3/mol)

103
1000

100 + - 10°

Qg (Kl/mol)
AV, (mm3/mol)

: L P 10*
10 100 1000

Q¢ (kJ/mol)

Figure 2.2: The activation energy and volume for lattice self-diffusion versus the activation energy and
volume for creep. [21]

For some of the ferritic creep-resistant steels working in their designed envi-
ronment, the steady-state creep region is sometimes absent due to instability of
the microstructure at elevated temperature, and no dynamic microstructural equi-
librium is reached [9]. Such continuous change in creep rate is more evident in
the creep rate-time graph than a strain-time graph, as shown in Figure 2.3. There-
fore, the terminology “minimum creep rate” is sometimes more informative than
"steady-state creep rate” when estimating the creep lifetime of the steels.

10° g
(a) F Mod. 8Cr-1Mo Steel
10" ;,Temperature -873K 1 A
& % {
o
@
o f O
o 107 E e
o F —0—200 MPa —2—175 MPa
107 f—n—157 MPa —v— 150 MPa
; f —0—142 MPa —I1—125 MPa
107 . L ) . -
10° 10' 10° 10° 10°*
Time (t), h

Figure 2.3: Creep rate-time curve for a 9Cr creep-resistant steel at different applied stresses [22]
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Even so, a generalized power law was still found between minimum creep rate
and applied stress at a fixed temperature in many of the reported chromium-
containing ferritic steels. Choudhary and Isaac Samuel [22] investigated the creep
behavior of a modified 9Cr-1Mo ferritic steel. The result showed that the stress de-
pendence of the minimum creep rate followed Norton’s power law. The exponents
for 550°C, 575°C, and 600°C were 12.9, 12.7, and 12.4, respectively. Similarly,
the rupture life dependence on stress obeys the power-law but slightly different
exponents. Sklenicka et al. [23] also reported that the power-law stress exponent
of P91 and P92 under test temperature of 600°C could vary between 12 and 18
for the high-stress region (¢ = 100 MPa). The investigation conducted by Abe
and Nakazawa [24] on the effect of tungsten on the creep behavior of ferritic steel
also shows a power-law relationship between rupture life and stress. Ferritic steels
with higher chromium content, for instance, 12Cr [25], collectively show power-law
behavior. Similar creep characteristics were also found in some other studies for
ferritic creep-resistant steels [23, 26].

When discussing one material under a constant temperature, the equation can
be written more simply by compressing the constants mentioned above into con-
stant 4, as shown in equation 2.2.

Emin = Ac™ 2.2)

As the total failure strain in creep loading is often constant (i.e., independent of
the imposed stress), a power-law can also be found between time to rupture and
imposed stress, as shown in equation 3.

tp=Ac™ (2.3)

2.2. Creep Damage Mechanisms

Characterizing creep cavities is essential to evaluate the self-healing effect. There-
fore, this section is dedicated to collecting and understanding the creep damage
and cavitation mechanisms. According to the investigation on 12Cr steel tested
above 600°C conducted by Wu and Sandstrém [27, 28], the number of cavities per
unit area, mean cavity diameter, and cavitated area fraction are positively related
to strain or creep time in 12Cr steel. At the same strain, the number of cavities per
unit area is dependent on the material and test conditions. The cavity nucleation
rate is dependent on the stress and temperature; decreasing the temperature or
stress will prolong the time available for cavity nucleation [27]. The larger average
cavity size at a given strain is obtained at lower stress levels if the stress sensitivity
of the creep rate is high [29]. The grain boundary creep cavities were reported in
[30] when testing P91 steel under 66 MPa at 650 °C, while no creep cavities were
reported in [22] when testing P91 steel under 125-200 MPa at 650 °C. In general,
longer creep time and larger strain tend to lead to more severe creep damage. The
average creep cavity size depends on the stress sensitivity of the creep rate.
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2.2.1. Nucleation of Creep Cavities
Although the creep cavity nucleation mechanism is still not fully classified, there are
three generally recognized mechanisms of creep cavity nucleation, namely:

¢ Vacancy accumulation
e Grain Boundary Sliding

¢ Dislocation Pile-ups (Zener-Stroh mechanism)

The mechanisms mentioned above are schematically shown in Figure 2.4a-c. A
schematic figure of combined cavity nucleation mechanism working on a particle-
obstacle is also shown in Figure 2.4d.

tensile ledge
compressive
ledge

(c)

grain boundary or
interface

cavity

Figure 2.4: Cavity nucleation mechanism. (a) Sliding leading to cavitation from ledges (and triple
points). (b) Cavity nucleation from vacancy condensation at a high stress region. (c) Cavity nucleation
from a Zener-Stroh mechanism. (d) The formation of a cavity from a particle-obstacle in conjunction
with the mechanisms described in (a—c). [31]

Vacancy Accumulation

The vacancy accumulation theory was developed by Raj and Ashby [32] in an at-
tempt to build a creep lifetime prediction model considering microstructural evolu-
tion during creep. The theory was based on the free energy change of the system
due to the formation of voids. A direct relationship was built between nucleation
rate and applied stress with the geometry of the cavity considered. There are three
parts of the energy related to the nucleation of a void in a grain boundary with the
presence of tensile stress o,,: (a) the work done by the system to its surroundings,
(b) the interface energy, (c) the elastic energy. The elastic energy is usually ne-
glected since it is much smaller compared to the energy term in (a). The change
in free energy for the nucleation of one void can be expressed as:

AG = —Va, + Sy — Bys (2.4)
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In which V is the volume of the void, S is the surface area of the void, B is the area
of the grain boundary which the void occupies, y is the surface free energy per unit
area of the matrix material, and y; is the interface free energy per unit area of the
matrix grain boundary. The geometry parameters (V, S, B) mentioned above are
related to the radius of the void surface r, and the angle at the junction of the void
and the grain boundary «. Specific expression can be found in [32]. The critical
radius of the nucleated void can be obtained when AG reaches the maximum AG,,
as shown in equation 2.5, in which V, is the critical volume of the void. The critical
radius is shown in equation 2.6.

17

AG, = 020" (2.5)
2y

T'C = a (26)

A void can only proceed into the growth phase if its radius exceeds the critical
radius. Otherwise, it re-dissolves into the matrix. The number of critical nuclei per
unit area is given by

AG,
Pc = pmaxexp(_k_Tc)' (27)

in which p,,4. is the maximum number of potential nucleation sites at the grain
boundary per unit area. The nucleation rate can be calculated by p. times the
time-dependent probability, which is related to boundary self-diffusion coefficient,
Dgyp,, and the probability of finding a vacancy at the perimeter of the nucleus with
critical size. By assuming uniform nucleation over the creep lifetime, the nucleation
rate can be written in a more concise form, as shown in equation 2.8 proposed by
Kassner [31].

p= PcDgp (2.8)

Grain Boundary Sliding (GBS)

The effect of grain boundary sliding (GBS) in cavity nucleation is still largely unclear.
Although GBS could lead to stress concentrations at the conjunction points of the
grain boundaries and hard particles, there were debates on whether the stress
is sufficient enough to nucleate cavities [33, 34]. The "transverse” boundaries,
which represent boundaries perpendicular to the tensile direction in some of the
2D observation techniques, tend to nucleate cavities without obvious GBS[35]. On
the other hand, an experiment conducted on bicrystal copper showed that the
specimen prestrained in favor of GBS and subsequently subjected to stress normal
to the sliding direction nucleate more cavities than the specimen that had not been
subjected to GBS [33]. The grain boundary sliding could affect the creep cavity
nucleation since it at least promotes the stress concentration at the weak points,
but no numerical relationship was built like the vacancy accumulation theory.
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Dislocation Pile-Ups
The dislocation pile-ups theory is widely accepted as a mechanism explaining va-
cancy accumulates at the hard second phase particles at transverse grain bound-
aries [31]. The dislocation pile-ups can lead to cavitation related to hard particles
inside the grain as well, but without fast diffusion paths such as grain boundaries,
the nucleated cavities may not expand as fast as the cavities nucleated at the
boundaries. The Zener-Stroh mechanism (a dislocation-related cavity nucleation
mechanism under room temperature) could also be in effect during high temper-
ature creep since more cavities were found in ambient temperature prestrained
specimens as reported [36]. Dyson [37] showed that the nucleation process could
be continuous throughout creep, and the growth and nucleation of the cavity could
happen simultaneously; this is also agreed by some other researchers [34, 38].
The predisposition for creep cavitation of dislocation-abundant specimen combined
with continuous nucleation perspective leads to the point of plasticity controlled
nucleation under the dislocation pile-ups theory [31], and this point consists with
some of the experimental observations [39, 40]. As a result, the dislocation pile-
ups mechanism is considered to be a plasticity-controlled nucleation process that
requires the interaction between obstacles and the Zener-Stroh mechanism.
Although the nucleation mechanism is still not fully understood, the prevailing
theories could point out the sites prone to nucleate creep cavities, nhamely rigid
inclusions at the grain boundaries and conjunction points of the grain boundaries.
The critical size of nucleated voids was predicted to be 2-5nm [41]. Based on
these theories, qualitative or quantitative predictions on the newly developed creep-
resistant steel are possible.

2.2.2. Growth of Creep Cavities

As briefly mentioned before, cavity nucleation is generally considered a continuous
procedure during creep, and creep cavities form at a very early stage of creep. The
subsequent creep damage leading to fracture could involve more influence of creep
cavity growth. As the understanding of the microstructural evolution mechanisms
went deeper, many cavity evolution-based computational models were developed to
predict the creep lifetime [42, 43], some dedicated to 9-12Cr ferritic creep-resistant
steels [27, 28, 44] and provided relative accurate results. The computational model
predicting the cavity nucleation rate, number density, and size distribution was also
developed [30]. The cavity growth mechanism can be divided into four categories,
namely:

« Diffusion-controlled growth

— Unconstrained diffusional growth

o Grain boundary (GB) diffusion-controlled growth
o Surface diffusion-controlled growth

— Constrained diffusional growth

¢ Grain boundary sliding
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« Plasticity-controlled growth

¢ Coupled diffusion and plastic growth

Unconstrained Diffusional Growth

Grain Boundary Diffusion-Controlled Growth The grain boundary diffusion-
controlled growth theory was first proposed by Hull and Rimmer in 1959 [45]. It was
believed that the cavity growth at the grain boundaries at elevated temperatures
involves vacancy diffusion. The nucleated voids diffuse by surface migration and
subsequent transport through GB with applied external stress, o. The growth rate
of a void is determined by the gradient of chemical potential, Vf. The diffusion flux,
Jgp, in the grain boundary is given in equation 2.9.

D
Jgb =~ Vf (2.9)

In which Dy, is the grain boundary diffusion coefficient, Q is the atomic volume, k is
the Boltzmann'’s constant, T is the temperature. At the grain boundary, the potential
is given by f = —0,Q. 0, is the local normal-tension stress acting across the
boundary. At a point far away from the void, it was estimated to have a maximum
value of (¢ — P), in which P is the hydrostatic pressure. On the surface of a void,
the potential is f = —2yQ/a, in which a is the cavity radius, and y is the surface
free energy per unit area of the matrix material as mentioned before. Therefore,
the approximation of Vf can be given as

Q 2
v~ —P=D), (2.10)

in which A; is the cavity separation. The diffusion flux is then approximated as

D 2
gb . &V
Job ~ @ =P = (2.11)

Notice that the a crtical stress (0. = 2y/a) is needed for the cavity to grow, which
is consistent with the vacancy accumulation theory in the situation that hydrostatic
pressure can be ignored. For a spherical cavity, the rate of growth is given as

da _ (Dgp8)(o—P - T 2.12)
dt — 2kTAsa ’ '

in which ¢ is the width of the grain boundary. A schematic illustration of the basic
concept in this theory is shown in Figure 2.5.
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Figure 2.5: Cavity growth from vacancy diffusion across the cavity surface and through the grain
boundaries due to a stress gradient. [31]

—

Surface Diffusion-Controlled Growth Unlike the GB diffusion-controlled growth
theory, the surface diffusion-controlled growth suggests that the growth of cavity is
actually controlled by surface diffusion, which leads to a 3-power stress relationship
for cavity growth at low stresses, as shown in equation 2.13. [46].

da _ Q8D
dt — 2kTy°

3 (2.13)

where Dy is the diffusion coefficient on the surface, and the rest symbols remain
the same meaning as mentioned before. The exponent for stress will change to 1.5
at higher stresses. This theory is not widely accepted as the experimental evidence
is not clear. In the observed 3-power stress-dependent cavity growth, the diffusion
coefficient is higher than the surface diffusion coefficient [31]. It is necessary to
note that the growth rate of the creep cavity presented by 2.12 and 2.13 are incon-
sistent with Monkman-Grant phenomenology, which suggests that the growth rate
should be proportional to the stress with an exponent of five. The inconsistency
suggests that these theories are more relevant to diffusional controlled creep. The
applicability will probably decrease with the increase of plasticity involvement.

Constrained diffusional growth

For a metallic polycrystalline material, it is natural for it to present an anisotropic
microscopic behavior due to the different orientations of the grains. Thus, some
sites are more vulnerable to cavitation than others. The difference in cavitation vul-
nerability will lead to a heterogeneous cavity distribution, so the growth behavior
is different from the unconstrained cavity growth. The growth theory for hetero-
geneous cavity distribution is constrained diffusional cavity growth. Considering
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a scenario with heterogeneous cavity nucleation, the growth of these cavities by
diffusion will cause the areas not affected by the cavity growth to constrain the
"growing area” as the continuity of geometry and stress equilibrium must be satis-
fied. The constrain around the cavity-affected zones could lead to redistribution of
stress among the "cavity-free” areas. Thus the fracture could also be controlled by
the plasticity in those areas [31]. The schematic comparison of homogeneous and
heterogeneous cavitation is shown in Figure 2.6. The constrained cavity growth
rate is derived in [47].

(@) - r\ (b)

Figure 2.6: Homogeneous (a) and heterogeneous (b) cavitation at boundaries. The latter condition
can particularly lead to constrained cavity growth. [31, 48]

Grain Boundary Sliding

While being unclear in cavity nucleation, grain boundary sliding has been considered
a important aspect for cavity growth at the grain boundaries [31]. The sliding does
not necessarily lead to significant volume change of the cavity, but it changes the
cavity into a sharper geometry as shown in Figure 2.7. Because the tip sliding
velocity is limited by surface diffusion, the third-power relation becomes reasonable
in this situation [31].

S S
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fa) BEFORE SLIDING (b) AFTER SLIDING

Figure 2.7: Schematic illustration of shapening a cavity by grain boundary sliding[48]

Plasticity Controlled Growth & Coupled diffusion and plastic growth

It is possible for a cavity to grow exclusively by plasticity under a high strain rate.
Hancock [49] presented a model in which the cavity growth is irrelevant with va-
cancy flux. However, achieving a fully plasticity-controlled creep in most experi-
ment cases is not realistic. A more reasonable model may actually be a coupled
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diffusion and plastic growth. The GB diffusion only dominates the growth over a
limited region around the cavity. The plasticity dominates the growth further away
from the cavity, and interact with GB diffusion by controlling the diffusion length.
A schematic illustration of the coupled growth is shown in Figure 2.8. The diffusion
length is derived by Needleman and Rice as shown in equation 2.14.

ng.Q(SO'

— 1/3
A= (=) (2.14)
[ Coupled Cavity Growth
A
T " =" s

— power law
creep

power law [1 _«—
creep boundary boundary

K %diffusionl-; N _.(’jiffusion / ///%//

AN

e 2b

Figure 2.8: Schematic illustration of cavity growth by coupled diffusion and plasticity [50]

2.3. Creep-Resistant Strategies in Traditional Fer-

ritic Creep-Resistant steels

Creep is one of the most significant challenges for steel to be used at elevated
temperatures. The main drivers for developing long-life creep-resistant steels are
the inconvenience and the costs involved in the frequent changing of the compo-
nents in a thermal power plant (including coal-fired power plants and nuclear power
plants). As a relatively cheap choice with decent properties, the development of
ferritic creep-resistant steels drew great attention.

This section discusses the strengthening mechanisms used in traditional creep-
resistant steels and gives a brief summary of the development of traditional creep-
resistant steels.

2.3.1. Strengthening Mechanisms in Ferritic Creep-Resistant

Steels

Traditionally designed creep-resistant steels under the guidance of the "damage
prevention” methodology mainly include four strengthening mechanisms: solid so-
lution strengthening, precipitation strengthening, dislocation strengthening, and
boundary/sub-boundary strengthening[9, 51]. Generally, these four mechanisms
work collectively. The predominance of each mechanism usually depends on the
condition, for example, temperature [14]. Besides, it is usually difficult to study the
working of these mechanisms in an alloy separately.
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Solid Solution Strengthening

Solid solution strengthening is the most direct and time-independent strengthen-
ing mechanism for alloys. The substitutional solute atoms, such as Mo and W,
have a much bigger atomic radius than solvent iron atoms; they provide excellent
impedance toward deformation. Although they also serve as essential constituents
of some strengthening precipitates, as solid solutions alone, they provide a sig-
nificant increase in creep-resistance properties. Maruyama et al. [52] compared
the minimum creep rate between « iron (0.001wt.%C) and Fe-2.3wt.%W alloy.
Neither of these two materials has precipitates or the subgrain structure with the
free dislocations as strengthening effect. The result shows that with only solution
strengthening in effect, the creep rate can be reduced by three orders of magnitude,
as shown in Figure 2.9

0

10 E T T T T
—_ | 600°C
= 3 3
2107} :
& &
o, 0
o &
§ 104 E Q°9 4
£ ]
=

IO*[‘ 1 1 1 R R | 1

20 40 60 80100 200

Stress [ MPa |

Figure 2.9: Minimum creep rates of ferritic steels at 600°C.[52]

Precipitation Strengthening
Precipitates usually form from the base alloy matrix during heat treatment. The pas-
sage of dislocation through a precipitate leads to the formation of a new dislocation.
Finner dispersed precipitates can generate more dislocations during deformation.
The precipitates also provide resistance to the dislocations. The resistance capabil-
ity of the precipitates towards deformation is often characterized by the threshold
stress needed for a dislocation to pass through precipitate particles. Several mech-
anisms are proposed to describe the threshold stress; one of the most widely known
mechanisms is the Orowan mechanism. The Orowan stress can be calculated using
the following equation [52],

Oor = 0.8MGb/A (2.15)

in which M is the Taylor factor (= 3), G the shear modulus, b the magnitude of
the Burgers vector, and 1 is the mean inter-particle spacing, which can be derived
from volume fraction [9]. The schematic drawing of a dislocation passing through
a precipitate is shown in Figure 2.10.
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Dislocation

Particle

Figure 2.10: Schematic drawing of the Orowan mechanism [9]

Ferritic creep-resistant steel can include several kinds of carbides and carboni-
trides within the matrix and grain boundaries, such as M,3Cq, MgC, M;C3, MX,
and M,X, in which M denotes metallic elements, C the carbon atoms, and X the
carbon and nitrogen. Intermetallic compounds like Fe,(Mo, W) Laves phase can
also be found [51]. The critical feature in all these precipitates is the rate at which
they coarsen (i.e., lose their strengthening contribution).

Dislocation Strengthening

Every dislocation is associated with a stress field around its core; when another
dislocation moves through this stress field, it needs to overcome the force imposed
by the stress field. This interaction is the origin of dislocation strengthening. The
effectiveness of dislocation strengthening is demonstrated by Maruyama et al. [52]
through comparing the minimum creep rate between bainitic (B) steel with the dis-
location substructure and ferritic (F) steel without the dislocation substructure, as
shown in Figure 2.11. With solid solution strengthening and precipitation strength-
ening also present, the dislocation substructure lowered the minimum creep rate
to 1/70. The strengthening effect is also evident in Figure 2.9 by comparing the
minimum creep rate between Fe-9Cr—VNbCN and Fe-VNbC, in which the former
one has the dislocation substructure, and the latter one does not. The effect of
dislocation strengthening is given in the following equation [52]:

0, = 0.5MGb(ps)*/? (2.16)

in which py is the free dislocation density in the matrix.
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Figure 2.11: Minimum creep rates of ferritic (F) and bainitic (B) steels at 600°C and 98MPa. +P and
+S mean that MX particles and solute atoms (0.6W+0.15Mo) were added to the steels.[52]

However, there are two limitations for dislocation strengthening:

o At elevated temperatures, the recovery of excessive dislocations and recrys-
tallization of the deformed microstructure will erode the creep strength in
long-term use.[9]

¢ It depends strongly on precipitation and solid solution strengthening since
the dislocation substructures are not stable during creep without these obsta-
cles. [52] As the precipitates coarsen during the creep and the pinning effect
weakens, the dislocation strengthening effect would also vanish.

Boundary/sub-boundary Strengthening

Boundary/sub-boundary strengthening is technically a form of precipitation strength-
ening. It is specified because the boundaries (including grain boundaries and sub-
boundaries hereafter) are relatively unstable under elevated temperatures, where
creep cavities nucleate and grow. Creep cavities at the grain boundaries were found
by scanning electron microscopy (SEM) [29] and transmission electron microscopy
(TEM) [34] in the 1970s, as shown in Figure 2.12a and Figure 2.12b. A schematic
structure of a tempered 9Cr to 12Cr martensitic steel provided by Abe [51] is shown
in Figure 2.13. It consists of laths, blocks, and packets in a prior austenite grain
(PAG). After appropriate normalizing and tempering heat treatment, the dislocation
density within the laths is relatively high, the M,3C¢ precipitates are mainly dis-
tributed along the boundaries while the MX precipitates are mainly located in the
matrix. The effect of sub-boundary strengthening due to the presence of laths and
blocks can be calculated by

0y = 10Gb/ s, (2.17)

in which A, is the short width of elongated sub-grains [52], and it is enhanced by
a fine dispersion of precipitates along boundaries.
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(b) TEM photo of a polyhedral shaped cavity associated with
grain boundary particles. [34]

Figure 2.12: Cavities found by electron microscopy techniques

Prior austenite
grain boundary

Figure 2.13: Schematic illustration of tempered martensitic microstructure [51]

As a result, the importance of reinforcing those boundaries became evident, and
many studies were dedicated to optimizing the size, distribution, and composition
of the boundary precipitates [53-55].
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2.3.2. Compositional and Microstructural Effect in Ferritic Creep-

resistant steels
Cr-containing (9wt.%-12wt.%) ferritic steels form a relatively mature and widely
studied creep-resistant steel family among traditionally designed creep-resistant
steels. Creep behavior and microstructural strengthening mechanisms are studied
to a great extent. Some of the commercial creep-resistant steels like P91 and P92
also belong to this category [56].

In order to enhance the performance of the Cr-containing ferritic steels, many
studies aimed at optimising the alloying elements. The development of the com-
positional optimisation of creep-resistant ferritic steels could be divided into four
phases [6]. The first phase happened in the 1960s; the major improvement strat-
egy was the addition of Mo, V, and Nb. The second phase happened between
1970-1985 when Oak Ridge National Laboratory optimized the content of C, V, and
Nb and designed a commercially successful T/P91 creep-resistant steel grade.

The third phase happened between 1985-1995. Tungsten was found to be one
of the potential components on delaying softening and hindering self-diffusion rates
of iron, thus improving the stability of M,3Cg precipitates [57]. Fine Fe, W precip-
itates could impede creep in the transient creep region as well [58]. Furthermore,
a meager amount of boron (B) (about 0.002wt.%) was found to help to delay the
coarsening of M,3Cg¢ just like W, and keep fine sub-grains, concluded later by
Maruyama et al. [52]. Based on the findings at that time, Nippon Steel Corporation
carried out further development based on T/P91, the content of W and Mo was
adjusted, and a tiny amount of boron (B) was added. Such modification increased
creep strength by 25%. Later in 1994, the newly developed creep-resistant steel
was registered into ASME standard as the P92 grade.

The fourth phase happened after 1995, the added components became more
diverse, but the underlying aim of improving the performance of the boundary
precipitates and maintaining long-term stability of the precipitates and sub-grains
remained. Tantalum was found to have a significant strengthening effect on 9Cr
steels with a constant 1.1wt.% of tungsten [59]. Later research revealed that
creep rupture strength increases with the content of tungsten within 1-2wt.% and
decreases with the content of tantalum within 0.06-0.14wt.% [60]. Furthermore,
research was done on the effect of W and Co on creep deformation of fully annealed
and precipitation strengthened 15Cr-3W ferritic steels [61]. The result showed that
the combined effect of W and Co increases the creep-resistant performance sig-
nificantly, and W surpasses Co in the effectiveness of promoting long-term creep
regime. The research on the tantalum-tungsten and the cobalt-tungsten system
became the basics of developing creep-resistant steels in Europe and Japan, re-
spectively.

In some more recent researches, yttrium [62] and hafnium [63] were both found
to have a positive effect on extending the creep lifetime. It is also fascinating
to note that in some of the strengthened creep-resistant steels, samples showed
an extensive tertiary creep regime due to a high creep damage tolerance factor
[60, 64]. While in other samples, the extended lifetime was mainly due to the
delayed onset of the tertiary regime. Chen et al. [62] found that yttrium containing
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nano-particles formed during the creep test could compensate for the softening
effect during creep, resulting in longer steady-state creep. Kobayashi and Hara
[63] found that the conventional precipitation of Fe,Hf could reduce the creep
rate in the transient creep regime and interphase precipitation of Fe,Hf showed
a higher stability against coarsening. The combined effect delayed the tertiary
creep. Furthermore, Cao et al. [65] investigated a high entropy alloy that showed
dynamic recrystallization and precipitation, dislocation jogging, and tangling, which
also extended the creep lifetime by delaying tertiary creep onset.

2.3.3. Creep-Resistant Properties and Relevant Microstructural
Aspects

Precipitates

Current commercial creep-resistant steels are generally designed in 1970s-1990s,
in response to the increasing steam temperature used in thermal power plants. A
significant increase in creep lifetime was achieved by optimizing the precipitates.
The Orowan stress of three most commonly used strengthening precipitates in fer-
ritic creep-resistant steels, together with the sub-boundary strengthening effect
calculated using G = 64 GPa, b = 0.25 mm, and A;;, = 0.3 — 0.5 um are listed
in Table 2.1 [51]. Note that the calculated strengthening stress may differ from
value of the actual resistance when deforming the material but serves as a relative
comparison.

Particle Volume Diameter, Spacing, Strengthening
fraction, V(%)  d,(nm) Ap(nm)  stress,a(MPa)
Fe, (W, Mo) 1.5 70 410 95
M,5Ce 2 50 260 150
MX 0.2 20 320 120
Sub-boundary N/A N/A N/A 320-530

Table 2.1: Volume fraction, diameter, and spacing of each kind of precipitates in high Cr ferritic steel,
together with Orowan stress estimated from the values of interparticle spacing, and sub-boundary
strengthening effect[51]

All precipitates mentioned above were found to strengthen the material at ele-
vated temperatures by pinning boundaries or blocking dislocations within the ma-
trix. The M,y3C¢ was the earliest precipitate that caught researchers’ attention in
the 1990s. M,53C¢ were mainly found to precipitate along PAG boundaries (PAGB)
and micro-grain boundaries [58]. However, they only presented a reliable pinning
effect at an early stage because M,3C¢ coarsened relatively fast owing to the sol-
ubility of Fe and Cr [54]. As mentioned in section 2.3.2, W maintains the stability
of M,3Cg by hindering the self-diffusion of Fe atoms, and the creep lifetime is
prolonged [24, 66]. B presents a similar strengthening mechanism by stabilizing
M,5Ce and maintaining fine subgrains [52].

Unlike M,3Cg, MX was mainly found to precipitate within the martensitic matrix
along dislocations. Several groups of stress-time to rupture data tested at 550°C
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from NIMS datasheet [67—74] for different 9Cr to 12Cr ferritic creep-resistant steels
are re-plotted in Figure 2.14 using a common stress and time scale. In Figure 2.14,
the ferritic steels are marked by two different types of symbols. The data denoted
by circles are the steels with V, the data points denoted by squares are the steels
without V. It is clear from the graph that the ferritic steels with V surpass the ferritic
steels without V in terms of creep rupture stress for long-life service.
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Figure 2.14: Stress-time to rupture for different 9-12Cr steels tested at 550°C [67-74]

One of the most widely accepted microstructural explanations for such superi-
ority in creep lifetime is due to the addition of V or Nb, which promotes the precip-
itation of MX during tempering. The MX carbonitrides consist mainly of vanadium
nitrides and a tiny amount of niobium carbides[51], Agamennone et al. [25] investi-
gated the composition of the precipitates of the martensitic 9-12%Cr-2%W-5%Co
steels, the mean atomic fractions of Si, V, Cr, Fe, W, and Nb are shown in Figure 2.15
also proved the constitution of MX.

While the tendency of precipitation gives M,3Cg and MX different strengthening
roles naturally, MX outperforms M,3C¢ in terms of precipitation strengthening,
because of its fine size (typical size of MX is about 2 to 20 nm, while M,3Cg is
about 200 to 300 nm) and the uniform distribution. Many studies also pointed out
that the long-term stability under the elevated temperatures of MX precipitates
surpass Fe, (W, Mo) and M,3Cg [25, 52, 55, 75, 76], due to the low solubility of V
in the Fe matrix and the low driving force of the growth for MX. The comparison
was made by Hald [76] and Maruyama [52] as shown in Figure 2.16 and Figure 2.17,
respectively.
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Figure 2.15: Mean atomic fractions of investigated elements Si, V, Cr, Fe, W, Nb in precipitates. [25]
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Figure 2.16: Left: Particle sizes of M,3Cg (thin lines) and Laves phase (thick lines) in steels P91 and
P92. Right: Size evolution of MX particles in steel P92. A similar MX evolution is observed in P91.[76]
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Figure 2.17: Precipitation sequence and particle diameter in 10Cr— 1W—-1Mo—-VNb steel.[52]

Based on the characteristics of the precipitates, Abe [55] proposed three pre-
cipitate design strategies:
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* Reduce the unstable M,3C¢ through suppressing the C content, and only
keep the finely dispersed MX as strengthening precipitates.

« Utilize B as a stabilizer for the M,3Cg to further reduce their coarsening rate.

» Use a combination of nanosized MX and coarsening-resistant M,35Cg

Taneike et al. [53, 54] tried to alter the precipitation tendency of MX so that they
could also contribute greatly to the boundary strengthening while eliminating big
M,5C¢ precipitates along the boundaries. The strategy was to suppress carbon
(C) concentration to 0.002wt.%. The time to rupture tested at 650°C and 140
MPa increased drastically compared to their base composition (9Cr-0.3Si-0.5Mn-3W-
0.2V0.06Nb-3Co-0.05N-0.007B-C) when C concentration dropped below 0.05wt.%,
as shown in Figure 2.18. Note that the base composition is taken from [54] because
the composition shown in [53] has an obvious typo. Two TEM observations on the
boundary precipitates from samples with different C concentrations clearly showed
the variations, as shown in Figure 2.19.
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Figure 2.18: Time to rupture of the 9Cr steels at 923 K and 140 MPa, as a function of carbon
concentration.[53]




26 2. Creep Deformation

Figure 2.19: MX and M,3Cg along grain boundaries in the specimens after heat treatment. a, 0.002%
C steel and b, 0.078 % C steel. Both steels were normalized at 1,373 K for 0.5 h, cooled in air and
then tempered at 1,073 K for 1 h. [53]

As a result, the prolonged lifetime was mainly attributed to the addition of V
or Nb and the forming of fine MX during the tempering process, which delays the
process of recrystallization. Abe [51] also concluded that the boundary and sub-
boundary strengthening are the most crucial strengthening mechanism in creep-
resistant steels and is enhanced by fine dispersion of precipitates along the bound-
aries, such as MX as mentioned above. It is worth to note that the most detrimental
degradation related to MX is the formation of notorious Z-phase [23, 25, 76]. It
is a complex nitride (Cr(V,Nb)N), and its composition is shown in Figure 2.15. Itis
evident from the graph that Z-phase is exceptionally rich in V. As mentioned before,
V has low solubility in the iron matrix, so the growth of the Z-phase naturally con-
sumes the V within MX, leaving a V-free zone. The depletion of V and precipitation
of coarse Z-phase significantly reduce the overall pinning effect, making it easier for
creep cavities to grow. Abe [51] concluded a few more microstructure degradation
mechanisms in one of his reviews:

« Precipitation of thermally stable phases and dissolution of fine carbonitrides

Preferential recovery of microstructure near PAGBs

Combined coarsening of precipitates and laths

Recovery of excess dislocations resulting from low-temperature tempering

Static recovery

Adverse effect of §-ferrite

Loss of creep ductility
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Similar to the mechanisms of creep degradation, the improvement of creep per-
formance is not a single factor problem as well. Nevertheless, the studies on the
MX strengthening mechanism and optimization are of monumental significance, so
they are introduced in great detail in this section.

Grain/Subgrain Size

For most 9-12Cr ferritic/martensitic creep-resistant steels, a complex but hierarchi-
cal microstructure is often observed; a schematic illustration is previously shown in
Figure 2.13. In a prior austenite grain (PAG), several packets with parallel aligned
blocks can be found. The orientation of the blocks between different packets can
be different. The martensitic laths, also referred to as subgrains, are located within
the blocks. The governing status of PAGs and inside packets of former martensite
laths ultrafine subgrains to the strength of this material class [77] draws signifi-
cant attention to finding and optimizing boundary-strengthening (including grain
boundary and subgrain boundary hereafter) precipitates that maintain the desired
microstructure. The grain/subgrain size, closely related to the boundary density,
also plays a role in creep-resistance properties.

Nevertheless, creep is a process that is widely considered a diffusion-related
process as introduced in previous section. Since the boundaries serve as “short-
cuts” for atom diffusion [78], a low density of the boundaries is generally beneficial
for creep-resistants properties. One of the extreme examples is the Nickel-based
single-crystal superalloy [79] that is widely used on turbine blades in turbojet en-
gines. It is not suitable for large creep-resistant structural components due to its
high cost. Therefore, the change of grain/subgrain size of the polycrystalline fer-
ritic steels during heat treatment and creep process and the effect of size change
to creep-resistant properties are mainly discussed.

Heat treatment for 9-12Cr ferritic/martensitic creep-resistant steel generally in-
cludes austenitizing and subsequent tempering. Kim and Kim [80] studied the
effect of austenitizing temperature on 12Cr steel. The as-received samples were
austenitized at different temperatures for one hour and air-cooled. It was found
that the PAG size increased with increased austenitizing temperature, as shown in
Figure 2.20. A similar trend was also found by Chandravathi et al. in 9Cr—1.0W-
0.06Ta RAFM steel [81], but with a small drop in PAG size around intercritical heating
temperature (around 1125K), as shown in Figure 2.21.
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Figure 2.20: Effect of austenitizing temperature on PAG size [80]
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Figure 2.21: Variation of PAG size of 9Cr-1.0W-0.06Ta RAFM steel with heat treatment temperature in
the as-quenched condition [81]

An exhaustive and quantitative study on PAG size and martensitic lath width
during different heat phases (e.g., austenitizing, tempering, and creep) was con-
ducted by Dronhofer et al. [82] using a 12Cr steel. The results are presented as
probability nets (linearized Gauss distributions), the cumulative normalized frequen-
cies are plotted against logarithmic microstructural sizes, as shown in Figure 2.22,
Figure 2.23, and Figure 2.24. In Figure 2.22, statistical data of the PAG sizes from
samples that underwent different austenitizing times are plotted. Differences in
grain size are relatively small up to 4h of austenitizing time, but significantly bigger
grain sizes are observed after 9h. However, the martensitic lath width is not sen-
sitive to austenitizing time as shown in Figure 2.23, in which three samples were
directly air-cooled after austenitizing. The effect of tempering and creep on sub-
grains are shown in Figure 2.24, the subgrains coarsened into bigger sizes as the
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tempering time increased from 1h to 100h, and the subgrains further coarsened as
they underwent the creep process.
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Figure 2.22: Probability net (numerically linearized error function) where the cumulative frequency of
PAGs is plotted against the logarithm of the corresponding grain areas (x-axis) for increasing annealing
times (T= 1050 °C, t = 0.25, 1, 4 and 9 h). Am-values (representing grain areas at a cumulative
frequency of 50%) are given in the diagram. [82]
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Figure 2.23: Probability net (numerically linearized error function) where the cumulative frequency of
martensitic laths is plotted against the logarithm of the corresponding lath widths for increasing
annealing times (T= 1050 °C; t = 0.25, 1 and 9 h; air cooling). [82]
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Figure 2.24: Probability net (numerically linearized error function) showing the influence of tempering
time on the widths of micro grains (first: T= 1050 °C; t = 1 h; air cooling. then: tempering at 750 °C
for 1 and 100 h and tempering for 1 hour followed by 650 °C creep at 120 MPa to 1.2 and 8% strain).
Am-values (representing grain areas at a cumulative frequency of 50%) are given in the diagram. [82]

Similar coarsen of subgrains was also observed in a creep-fatigued ferritic 12Cr-
2W steel by Hayakawa et al. [83]. The sample underwent creep-fatigue tests at
923K (650°C), trapezoidal waves with the peak value of 1.0% were applied, the
sample was kept at peak strain for 10.8ks in each cycle, and the transition strain
rate was 5 x 10™*/s. The creep-fatigue life was 309 cycles. The block size and
subgrain size were measured by field emission-type scanning electron microscope
(FE-SEM) before and after creep-fatigue tests. The results were shown in size dis-
tribution histograms in Figure 2.25 and Figure 2.26 respectively. Comparing the
size distribution of blocks and subgrains, it is not difficult to observe that subgrains
coarsen much more than blocks. The average subgrain width changed from 0.45um
to 0.93um, with about 106.7% coarsen ratio, while average block width changed
from 1.58um to 1.62um, with only 2.5% coarsen ratio. With coarse subgrain near
PAG boundaries, the local deformations were concentrated. The recovery near PAG
boundaries also progressed faster than in other regions. Coarse subgrains were
found to frequently form near PAG boundaries during the creep-fatigue tests, and
they were likely to be implicated in grain boundary fractures. Non-uniform changes
in the distribution of precipitates on the boundaries were also reported and sug-
gested to be related to fractures that originate at grain boundaries. Note that
such non-uniform distribution of precipitates along the subgrain boundaries was
also observed and reported in [77]. It is interesting to note that in the study con-
ducted by Wang et al. [84], fine MX failed to maintain the substructure of NS1 and
NS2 samples during aging, they all recrystallized during aging and their tempered
martensitic microstructures evolved into a ferritic microstructure with low disloca-
tion density, while still presented superior creep-resistant properties in the creep
tests. On the other hand, Wang et al. [84] also pointed out that NS1 normalized
at 980°C (should have smaller PAG) had superior creep-resistant properties than
CS normalized at 1050°C, while NS2 surpassed CNS even though they were both
austenitized at 1210°C (should have similar PAG size). It indicated that the PAG
sizes did not play a critical role in these tested alloys. It is possible to infer that
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the coarsening of subgrains in Hayakawa’s study does not necessarily lead to the
degradation of the sample.
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Figure 2.25: The frequency of the block size is shown as the function of width. Width were measured
in several FE-scanning electron images before and after the creep-fatigue testing in (a) and (b),
respectively. [83]
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Figure 2.26: The frequency of the subgrain size is shown as the function of width. Width were
measured in four transmission electron images before and after the creep-fatigue testing in (a) and
(b), respectively. [83]

However, the grain does not always coarsen in the process of creep. Mulyana
et al. [85] analyzed the microstructure of ferritic SA-213 T22 and austenitic SA-
213 TP301H during interrupted creep tests in different percentages of the fracture
time. It was found that the grain diameter decreased with the increase of damage
level. As a result, the relation between creep properties and grain/subgrain sizes
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during the creep process remains unclear; there could be other relevant coaction
parameters that affect the creep properties.

Some studies are also dedicated to the effect of initial grain/subgrain size on
creep-resistant properties. The creep property of ultrafine-grained (UFG) P92 steel
was studied by Karl et al. [86] by performing creep tensile tests under 873K (600°C)
with applied stress between 50 and 160MPa. The UFG microstructure was obtained
by severe plastic deformation (SPD), such as high-pressure torsion (HPT) used in
this study. The researchers concluded that the UFG P92 steel exhibits significantly
faster minimum creep rates, and there was a decrease in the value of the stress
exponent in comparison with coarse-grained P92 steel, though no specific coarse-
grained P92 data was provided. Interestingly, the UFG P92 has a shift in stress
exponent of the minimum creep rate, implying a shift in the deformation mecha-
nism. The relation is shown in Figure 2.27.
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Figure 2.27: Stress dependence of the minimum creep rate measured for UFG P92 steel. [86]

Furthermore, another report on long-term creep behavior of welded joints of
P91 steel by Abd EI-Azim [87] suggested that the fine-grained heat-affected zone
(FGHAZ) severely degraded the creep-resistant properties. The subgrain size of
base metal (BM) and FGHAZ after post-weld heat treatment (PWHT) are listed in
Table 2.2. The rupture strength is plotted against rupture time for both welded
joint and base metal in Figure 2.28. The inferior creep-resistant property of the
welded section is attributed to fine prior austenite grain size in FGHAZ as the recov-
ery rate of dislocations and the coarsening rate of the subgrain are higher in this
zone. However, in an oxide-dispersion-strengthened (ODS) ferritic steel studied
by Hayashi et al. [88], ultra-fine initial grain size maintained stable after shortest
annealing time and subsequent creep at 800°C. It is interesting to note that the
longest creep lifetime was found in a sample annealed for a longer period with
anomalous grain growth, the strengthening effect was attributed to Ti-rich nan-
oclusters in the anomalous coarse grains, and the creep-resistant performance is
relatively insensitive to the grain size.
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Figure 2.28: Creep rupture strength versus log rupture time plots of P91steel at 650°C. [87]

Condition Subgrain size (um)
BM of welded joint after PWHT 0.458
BM of welded joint after creep 0.597
FGHAZ after PWHT 0.718
FGHAZ after creep 1.230

Table 2.2: The Average subgrain size for P91 welded joint before and after creep at 650 °C/40 MPa.
[87]

It can be concluded that the grain/subgrain size is relevant to creep-resistant
properties, the specific effect strongly dependent on the constitution of alloy, pre-
cipitate types, heat treatment, and applied stresses. The desired grain size strongly
depends on the application. For the applications in thermal power plants and nu-
clear facilities, the structures usually endure relatively low stress, while the required
lifetime is usually quite long. Therefore, a longer austenitization time or higher
austenitization temperature is needed to obtain a relatively larger grain size. How-
ever, the dynamic nature of creep and complexity of the alloy makes it difficult to
relate the variation of grain size with the degradation of creep properties.







3

Development of Self-Healing
Creep-Resistant Steels

35



36 3. Development of Self-Healing Creep-Resistant Steels

The traditional ferritic/martensitic creep-resistant steels are more sensitive to
pre-existed and creep-induced damage because there is almost no turning back
once the damage happens. However, increasing the service life for current ferritic
steels is still an attractive research field, and self-healing serves as an alternative
strategy. Although the research is still preliminary, successful self-healing applica-
tion in ferritic steels may lead to a breakthrough in this field.

This section includes a description of the early discovery of the self-healing
phenomenon in creep-resistant steels, some general principles for designing self-
healing creep-resistant steels, and the development of the theories and mechanisms
based on model alloys.

3.1. Early Discovery of Self-Healing Phenomenon in

Creep-Resistant Steels

In 2003, Kyono and Shinya [89] modified a 304 stainless steel by adding cerium
(Ce), titanium (Ti), boron (B), and nitrogen (N). It was postulated that high-temperature
stable boron nitride (BN) could form on the creep cavity surface and impede the
growth of the cavity. The subsequent creep test confirmed the formation of BN on
the cavity surface and was considered to suppress the growth of the cavities. The
creep data also revealed an increase in creep rupture strength and creep rupture
strain. Similar results were also observed in [90], a schematic graph showing the
formation process of BN film is shown in Figure 3.1. Note that such healing is only
possible when the precipitation of noxious sulfur (S) into the cavity surface is sup-
pressed. Co-additions of Ce and Ti perform such suppression. The Shinya group
also did the research on a modified 347 austenitic stainless steels [91, 92]. Film
BN precipitates were found on the cavity surface, and a substantial improvement
in the creep properties was reported.

3.2. Design Strategy

Though successfully implemented and even commercialized in numerous other en-
gineering materials, the implementation of the self-healing strategy in steel has
its difficulties. For structural materials, “local temporary mobility” suggests that the
material maintains rigid when there is no damage; as the damage happens, the ma-
terial at the damaged perimeter becomes mobile and shrinks or fills up the damage
site. The criterion was proposed by van der Zwaag [10] as an essential considera-
tion to realize self-healing. However, the rigid connection between atoms and the
high melting point severely limits the realization of the required “local temporary
mobility” criterion. The metal atoms are intrinsically small, thus unable to per-
form proper healing for damage that grows too big and requires a punctual design
of self-healing mechanism [14]. The creep damage scenario provides an excel-
lent application environment for self-healing steels [93]. The elevated temperature
(usually 0.3T,, — 0.6T,,) provides sufficient mobility for the healing agent.

Currently, the most developed self-healing strategy for creep-resistant steel is by
bringing the healing agent into a supersaturated state so that the healing agent of
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Figure 3.1: An illustration of S and B segregation and BN precipitation on creep cavity surface. [90]

the self-healing creep-resistant steels is stored as one or multiple alloying elements
within the iron matrix. A few criteria for choosing the suitable alloying element to
achieve successful self-healing was concluded by Van der Zwaag [94] in a review:

» The healing element can be brought into a supersaturated state with at least
1at.% excess level in the iron matrix.

e The healing atoms should have a larger atomic radius to ensure sufficient
strain energy related to homogeneous precipitation so that the healing atoms
will not precipitate randomly within the matrix.

¢ The healing atoms should have a faster diffusion rate than Fe atoms.

» The healing atoms should not interact with other atoms in their paths from
the interior to the damage site.

Such a design implies that when a cavity is formed at the grain boundary during
creep, a free surface is generated, and the energy barrier for nucleation of pre-
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cipitates caused by the strain energy is reduced. The healing atoms will start to
move towards the cavities and form precipitates to fill them. The combination of
the thermodynamic driving force and energy barrier can drive the healing agents to
the cavities while keeping the supersaturated solute atoms immobile and not con-
suming themselves by random precipitation when there is no damage. The careful
control of the supersaturated percentage to get a good balance between the driving
force and the energy barrier and sufficient high healing rate are vital in designing
successful self-healing creep-resistant steels.

3.3. Model Alloys

Based on the design concept above, a few elements were chosen to set up mul-
tiple kinds of Fe-X binary systems dedicated to demonstrating self-healing behav-
ior and revealing microstructural mechanisms. The chosen elements were copper
(Cu), gold (Au), molybdnum (Mo) and tungsten (W). The early research on Cu with
and without added B and N [95-98] showed that dislocations and free surfaces
indeed accelerated the precipitation of supersaturated Cu. However, the precip-
itation did not show a strong preference for the free surface, thus leading to a
significant amount of healing agents being wasted within the matrix and subse-
quently reducing the healing effect. The lack of selectivity was ascribed to the
similar atomic radius of the precipitating Cu atom and the matrix Fe atom, which
resulted in a limited strain energy for segregation of Cu-rich precipitates in the Fe-
based matrix. Later research on the Fe-Au binary system [99-104] showed that
Au indeed performs better than Cu in prolonging creep lifetime, as shown in Fig-
ure 3.2. Various microscopy techniques, includeing scanning electron microscopy
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Figure 3.2: Comparison of the creep curves for the Fe—Au (solutionized) and Fe—Cu (solutionized and
solution-depleted) alloys at an applied stress of 100 MPa and a temperature of 550 °C. The creep time
has been compensated for variations in grain size. [99]

(SEM), transmit electron microscopy (TEM), electron probe microanalyzer (EPMA),
electron backscatter diffraction (EBSD), synchrotron X-ray nano-tomography and
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atom probe tomography (APT) were used to observe the samples. It was con-
cluded that the supersaturated solute Au shows a strong tendency to precipitate on
the surface of the creep cavities. Although some nano-sized gold precipitates can
be found within the matrix, their contribution to the consumption of the Au atoms
was negligible. A relatively significant difference in size between Au and Fe atoms
ensured that considerable strain energy was involved in the heterogeneous nucle-
ation, which helped to suppress random precipitate nucleation within the matrix.
To achieve a more applicable self-healing creep-resistant design, Fe-Mo [105] and
Fe-W [106] binary systems were studied. Due to the fact that nuclear application
expects the reduction in Mo use [3], Fe-Mo binary system was not further studied
by the Van der Zwaag group. Fe-W binary system was studied using synchrotron
X-ray nano-tomography, which showed 3D images of the creep cavities and filling
situation. The segregation of supersaturated W from the matrix and the precip-
itation of Fe,W Laves phase in the creep cavities are the basis of self-healing in
the Fe-W system. In this research, most isolated cavities were completely filled,
while linked cavities were mostly partially filled, indicating a sufficient healing rate
for isolated cavities until coalescence of the cavities. The self-healing potential of
supersaturated W atoms in iron-based alloys provides new perspectives on the role
of W for high-temperature creep-resistant steels. Subsequently, the study on the
interplay between two separate healing agents was conducted by Fu. et al [107].

3.4. Design of the Novel Ferritic Creep-Resistat Steel

With previous studies on binary Fe-X and Fe-X-Y ternary systems, the W-rich Laves
phase, was selected as a promising healing agent in the newly designed self-healing
ferritic creep-resistant steel due to its decent healing rate and acceptable cost. The
ferritic steel, which contains 9-12wt.% of chromium, was selected as the matrix
to implement self-healing. To find optimal designs for multiple-component ferritic
creep resistant steels with kinetically tuned self-healing behaviour, Yu et al. [14]
proposed a computational model. The design of subsequently studied alloy was
based on this computational model.

In this computational model, a generic algorithm is combined with a conven-
tional alloy-design method to efficiently filtrate potential candidate alloys based on
physical mechanisms. The design methodology follows that a requirement is first
analyzed and translated into corresponding properties. In order to obtain these
properties, the desired microstructure is then found and converted into quantifiable
criteria. Finally, the criteria are associated with the composition and related heat
treatment derived from physical metallurgy models.

The composition and homogenising temperature of the alloy candidates were
generated via the genetic algorithm (GA). The alloys are designed to show a nearly
fully ferritic matrix with a limited amount of primary carbides at the stage of an-
nealing, decent corrosion-resistant properties, and desirable mechanical properties
due to precipitation strengthening of M,;C, and solid solution strengthening of the
alloying elements at the service temperature. The candidates should also be able to
precipitate a sufficient healing phase during service to perform an effective cavity
filling. The volume criterion of the healing agent was set based on the previous
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experimental observation of cavity volume fraction in a Fe-W self-healing system
[106]. The following go/no-go criteria were set in the algorithm:

« At homogenising temperature, the equilibrium volume fraction of ferrite should
be larger than 99%.

¢ At homogenising temperature, the maximum level of primary carbides should
be limited to 0.5% in vol.%

« At homogenising temperature, the maximum amount for all undesirable phases
(which leads to early component failure excluding M23C6 carbide and Laves
phase) should be no more than 1 vol.%

o At service temperature, a minimum chromium concentration of 8 wt. %
should remain in solid solution in the matrix to yield adequate corrosion and
oxidation resistance.

o At service temperature, the volume fraction of Laves phase at equilibrium
should be higher than 1%

A relatively simple alloying system containing C, Cr, Mn, Si, and W was selected as
alloying elements. The algorithm was set to generate and filtrate candidates within
the range listed in Table 3.1, in which Ty,,,,4 Stands for homogenize temperature.
At the beginning of the calculation, a random combination of composition and an-
nealing temperature was generated, the thermodynamic equilibrium of this specific
combination was then calculated at the annealing process and in the service stage.
The result should fulfill the aforementioned go/no-go criteria. For the candidates
that passed the go/no-go criteria, their solid solution strengthening factor (SSS)
and precipitation hardening contribution (PH) were calculated and stored. The flow
chart of this design strategy is shown in Figure 3.3, and the calculation method for
strengthening factors can be found in [14]. A selection pool with different mechan-
ical properties and healing potential is fully established up to this stage.

H C C Mn Si W Fe Thomog H

Min. 0 ] 0 0 O Balance 800
Max. 0.1 20 5 5 3 1200

Table 3.1: Search range (in wt.%) for alloying elements and the homogenisation temperatures (in
°C).[14]

In order to achieve timely and effective healing, the time of Laves phase pre-
cipitation and the time of creep cavities growing into a considerable size should
correlate with each other. While the nucleation and growth of the cavity include
complicated calculations, the Laves phase driving force was chosen as the deci-
sion parameter. Such simplification required linkage between the calculated driving
force with the direct formation behavior of the Laves phase. The incubation time
obtained from the experimental data of several commercial W-containing creep-
resistant steels was chosen as the parameter describing the formation behavior in
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this case. A relationship between the calculated thermodynamic driving force (DF)
and the incubation time for Laves phase precipitation was established. A relatively
linear relation was found between the logarithm incubation time and thermody-
namic driving force at different temperatures, as shown in Figure 3.4.
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Figure 3.3: Alloy design strategy and criteria evaluation [108]

As a result, the strengthening factors of the candidate alloys were then linked
with driving force (DF) at different service temperatures, which created a selection
pool of self-healing creep-resistant steels with decent mechanical properties and
different initiation times of self-healing. Two candidates with similar precipitation
hardening factor at around 28 h and solid solution strengthening factor but with
a varying driving force of Laves phase precipitation were selected under the use
temperature of 550°C and subsequently studied. The compositions are listed in
Table 3.2, in which FSHS stands for fast self-healing steel, SSHS stands for slow
self-healing steel, and t;,,;; stands for estimated healing initiation time at 550°C.
The DF of Laves phase and corresponding incubation time of FSHS and SSHS are
also marked in Figure 3.4. Both of these alloys were designed to homogenize at
1200°C.
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Figure 3.4: Experimentally observed incubation times for Laves phase precipitation against DF at
several temperatures as reported for nine commercial steels, together with designed Laves phase DF
and corresponding incubation time of FSHS and SSHS. [108]

. DF of Laves  ti,i;

C Cr Mn Si w Fe /. mol~1 /h

FSHS 0.023 13.03 0.01 0.97 3.0 Balance 4848.8 280
SSHS 0.026 12 0.81 0.32 1.45 Balance 2964.2 27000

Table 3.2: Designed compostion of the self-healing steels (in wt.%).[14]
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4.1. Sample preparation

4.1.1. Pre-treatment for as received sample

The samples were ingots with a thickness of 15mm as received. The ingots were
firstly heat-treated at 1200°C for 5 hours before being hot-rolled into sheets of 5mm
thickness. The finishing temperature of hot-rolling was around 800°C, and the hot-
rolled sheets were water quenched. The thickness of samples was then reduced to
1.5mm by cold rolling and was further reduced to 0.5mm by milling. The dog-bone
shaped samples with a gauge length of 12.5mm, a width of 6mm, and a thickness of
0.5mm (crosssection of 3 mm?) were machined from the milled sheets with spark
erosion. The shape and dimension of the creep samples are shown in Figure 4.1.

Ti'i“ﬁ
_!_/
|
|
A
S
i

Figure 4.1: Shape and dimensions of the creep test sample[mm]

4.1.2. Heat treatment

The composition of the received samples have slightly different composition than
the designed composition due to the manufacturing errors. The actual compositions
are listed in Table 4.1.

H C Cr Mn Si W Al Fe H

FSHS 0.022 12.6 0.023 0.807 2.23 0.019 Balance
SSHS 0.0226 12 0.806 0.181 1.14 0.046 Balance

Table 4.1: As received compostion of the self-healing steels (in wt.%).

To fully dissolve the tungsten atoms into bcc ferritic matrix and maintain super-
saturation state at room temperature, samples need to be annealed and quenched
before the creep test. Besides, the ideal microstructure after annealing should stay
in the single-phase region while having a comparable grain size for both samples to
minimize the grain size effect towards the creep tests. Furthermore, the grain size
should be reasonably small for easier observation of the grain boundary phenom-
ena. Some preliminary calculations and experiments were conducted to obtain the
ideal annealing parameters. Calculations were made based on the measured com-
position of as-received samples using Thermo-Calc software TCFE9 Steels/Fe-Alloys
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version 9.1. The equilibrium phase composition under different temperatures were
plotted in Figure 4.2. The calculation showed two bcc regions for both FSHS and

SSHS, as listed in Table 4.2.
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Figure 4.2: The amount of phases for two self-healing steels under different temperatures

H bcc region-1  bcc region-2 H

FSHS  770-920°C  Above 1030°C
SSHS  650-820°C  Above 1180°C

Table 4.2: As received compostion of the self-healing steels (in wt.%).
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Heat treatment tests were conducted using different temperatures in two bcc re-
gions with different annealing times. The heat treatment tests and subsequent heat
treatment before creep tests were conducted using an electric high-temperature
vertical tube furnace. During homogenising, the samples were sealed in quartz
tubes filled with 200 mbar ultra-high purity argon to prevent oxidation. The sam-
ples which underwent different annealing statuses were water quenched to main-
tain the microstructure obtained at higher temperatures and subsequently observed
by optical microscopy. Before the observation, samples were pre-treated by grind-
ing, polishing, and etching in ferric chloride solution (0.08 g/mL FeCI3 in 8 vol.%
HCI solution). The results, together with the heat treatment parameters are listed
inTable 4.3. In which DP stands for dual phase region, and SP stands for single
phase region, the number marked after DP or NP is the average grain size in mi-
crometers.

H 10min@780°C  30min@780°C  60min@780°C H

FSHS DP 14.8 DP 16.6 DP 20.0
SSHS DP N/A DP 21.7 DP 26.8
1min@1100°C 1min@1150°C 1min@1200°C
FSHS DP 36.3 SP 187.3 SP 256.0
SSHS DP 15.0 DP 29.1 SP 243.2

Table 4.3: Heat treatment parameters and corresponding result.

The results showed that after annealing for 1 min at temperatures higher than
1200°C, a single phase can be obtained for both FSHS and SSHS. However, the
grain size for both samples started to grow rapidly when the annealing tempera-
ture reached beyond this point. The grain size could typically reach 200um after
annealing for 1 min at 1200°C. Furthermore, all of the samples annealed at 780°C
had undissolved M,5Cs particles in the matrix.

In order to keep the growth of grain size under control and fully dissolve the
M,5Cg particles, annealing tests were conducted for FSHS and SSHS in bcc region-
1 at 750°C and 810°C, respectively. The annealing time were set to 15 minutes,
4 hours, and 16 hours. The optical microscope photos of the samples are shown
in Figure 4.3. The particle size and the grain size to annealing time are plotted in
Figure 4.4. The growth of the grain size was relatively slow, the grain sizes were
still below 30um even after 16 hours of annealing. Moreover, the grains show an
equiaxed structure after 30 minutes’ annealing. However, some M,3Cq particles
remain undissolved in the matrix after 16 hours of annealing.
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Figure 4.3: Optical microscope photos for FSHS and SSHS underwent different annealing time.
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Figure 4.4: Undissolved M,3Cg particle size and grain size with respect to annealing time.

Compromise is needed for a time and energy economical experiment. As a
result, the annealing time was set to four hours and the temperatures for FSHS and
SSHS was set to 810°C and 750°C, respectively. The average grain sizes of FSHS
and SSHS are 20.3 um and 22.1 um, respectively.
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4.2, Creep Tests

The creep tests were performed using a home-build creep tester which mainly con-
sists of an Instron 5567 model loading frame, a computer, an upper connection
structure with three thermocouple connection ports on it, a vacuum chamber with
a heating component attached to the lower part of the chamber, a digital power
supply of the heating component, a pre-stage pump, and a turbo-pump as shown in
Figure 4.5. When mounting the sample, the upper connection structure, the upper

Instron 5567 loading frame

Power supply
for heating component

Figure 4.5: Experimental setup.

part of the vacuum chamber, and the lower part of the vacuum chamber can be
disassembled from each other by following a sophisticated procedure. The samples
are ground using sandpaper before being mounted to the upper sample clamping
site located on the upper connection structure. Two thermocouples monitoring the
temperature of the sample are spark welded onto the sample and one thermo-
couple monitoring the chamber temperature is free-hanged in the chamber. The
whole testing setup can then be assembled following the reversed disassembling
procedure.

A vacuum testing environment was needed to prevent the oxidation of the
sample and obtain a clearer view of self-healing phenomena. After the sample
is mounted properly, the pre-stage pump is started first to obtain a certain degree
of vacuum (< 1 x 10~2mbar), the turbopump is then started to obtain a higher de-
gree of vacuum. The vacuum can typically reach < 4 x 10~’mbar after 24 hours of
pumping. A constant temperature and load can be applied to the sample when the
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vacuum is ready. The temperature is controlled by a LabView program using PID
control in this experimental setup. The temperature data used to control the heater
comes from one of the thermocouples attached to the sample; the data source is
selectable on the program interface in case one of the thermocouples stops working
during the test. The load applied on the sample is controlled by Instron Bluehill, a
bundled loading frame software. This software can select the desired load applied
to the sample and other creep-related parameters. The load on the sample is cal-
culated based on desired stress and gauge length cross-section and set prior to the
test. The Instron Bluehill also records the load and displacement data periodically
according to the preset interval.

Every creep test is performed in the same manner. After mounting the sample
and getting the vacuum ready, find zero programs in the Instron Bluehill software
is run to find the exact point that the sample is pulled straight but without any load.
Then the tensile relaxation program is run to adapt the thermal expansion of the
sample during heat up. A relatively low load (50N) is applied to the sample; then
the heat up is started by setting the desired temperature to 550°C in the LabView
interface. The heating procedure takes 90 minutes so that the heating and thermal
expansion could reach a stable state. Finally, the creep program is run to conduct
either creep deformed or failed tests.

4.3. Microstructure Observations

Scanning electron microscopy (SEM), energy dispersive X-ray (EDX) analysis, and
transmitting electron microscopy (TEM) were used to examine the creep-failed sam-
ples. SEM observations were conducted on the rupture surface and polished sur-
face. The rupture surface observation does not need pre-treatment, while the sam-
ple preparation for the polished surface is similar to the preparation for optical mi-
croscope observations mentioned before. Some samples are not etched for SEM
observation to prevent etching from interfering with cavity observation. The equip-
ment used in SEM observation was JEOL JSM-6500F Scanning Electron Microscope
equipped with a field-emission electron gun. To identify the observed precipitates,
EDX analysis was also conducted using the Oxford Instrument Ultim® Max 170
integrated with the scanning electron microscope.

TEM observation was conducted on the FSHS sample tested with a lifetime of
2487.2 hours by the Quantum Nanoscience department from the faculty of Applied
Science. The elemental mapping in STEM mode was done using the Super-X in the
ChemiSTEM™configuration. In scanning mode (STEM), annular dark field (ADF)
images were collected. In this mode, a sub-nanometer beam is scanned on the
electron transparent sample, and for each beam position, the diffracted electrons
are collected on a ring shape detector. On heavy/thicker parts of the sample, more
diffracted electrons are collected, showing bright in the image. EDX spectrum is
also collected for each beam position in a STEM image to generate the elemental
map. The sample was mechanically polished to about 20 um thickness. Then,
2.3 mm discs were punched from the alloy at the neck of the plate and glued on
a 3 mm (outer diameter) copper ring. The sample was Ar ion milled to electron
transparency.
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5.1. Creep Data

The creep tests were conducted following the procedure mentioned in the previous
chapter for FSHS samples and SSHS samples under different constant stresses. One
of the fractured samples is shown in Figure 5.1. The strain (¢)-time (h) curves at 550
°C are shown in Figure 5.2. At all tested stresses, the creep deformation of FSHS
and SSHS is characterized by a relatively short primary creep stage, a prolonged
secondary creep stage, followed by a short tertiary creep stage. The transition
between the stages is relatively fast. Most of the creep strain was accumulated
during the tertiary stage, but the necking is not obvious from direct observation,
possibly due to the relatively thin sample used in the test. The tilted fracture site
indicate shear invlovement in the final fracture. The variation of creep rate (¢)
with respect to time and strain are shown in double logarithmic plots in Figure 5.3
and Figure 5.4, respectively. The double logarithmic strain rate-time plot for FSHS
and SSHS at all tested stresses shows a general drop in strain rate with time at an
eraly stage of the creep and a rapid rise in strain rate by the end of creep lifetime.
The double logarithmic strain rate-strain plots show a similar trend. The minimum
creep rate (é,,;,,) is used to characterize the material behavior in the secondary

creep stage.
E M"[lﬂ,’/"l

///////

Figure 5.1: Creep failed SSHS sample tested under 140 MPa (Lifetime 33.6 h).
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Figure 5.2: Strain-time curve for samples under different constant load.
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Figure 5.3: Strain rate-time curve for samples under different constant load.
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Figure 5.4: Strain rate-strain curve for samples under different constant load.
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The minimum creep rate and lifetime is plotted against stress for FSHS and SSHS
in double logarithmic scale, as shown in Figure 5.5 and Figure 5.6, respectively. The
stress dependence of minimum creep rate obeys the Norton’s power law for both
FSHS and SSHS. As introduced in chapter two, the compact form of Norton’s power
law is €,,;,, = Ac™. The stess dependence of lifetime also obeys power law as
tyg = A'c~™. The power law coefficients and stress exponents are given in the
Table 5.1.

Alloy Type €min = Aa™ tg = Ag

A (MPa—"h~1) n A’ (MPa™h) n’
FSHS 10201 7.8+ 0.6 10251 10.2 + 0.5
SSHS 10-22%1 9.4+ 0.6 102241 94+ 0.6

Table 5.1: Values of power law coefficients and stress exponents for the stress dependence of
minimum creep rate and lifetime for FSHS and SSHS.
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Figure 5.6: Stress dependence of minimum creep rate and lifetime for SSHS.
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5.2. Microstructure of Creep Failed Samples

5.2.1. Fracture Surface

The genaral fracture surface features of the creep failed SSHS and FSHS samples
are similar to each other, independent of lifetime. The backscattered electron (BSE)
image of fracture surface taken from the FSHS sample with longer lifetime (130
MPa, 2487.2 h) and shorter lifetime (180 MPa, 73.9 h) are shown in Figure 5.7 and
Figure 5.8, respectively. Besides, the BSE image of fracture surface taken from SSHS
sample with longer lifetime (100 MPa, 1433.3 h) and shorther lifetime (140MPa,
33.6 h) are shown in Figure 5.9 and Figure 5.10, respectively , respectively. The
fracture mechanism is studied based on SEM observation of these samples.

g

= .Zoomsin A

- 10pm 10
15.0KV COMPO IM WD 37.0mm 1:13:10 X 1,000 15.0KV COMPO IM WD 37.0mm 1:14:36

(a) Low magnification. (b) High magnification.

Figure 5.7: Fracture surface of FSHS tested under 130 MPa (Lifetime 2487.2 h).

0
15.0KV COMPO LM X 1,000 15.0kV COMPO IM

(a) Low magnification. (b) High magnification.

Figure 5.8: Fracture surface of FSHS tested under 180 MPa (Lifetime 73.9 h).

All the SEM figures show that the fracture surfaces show a "tip” like feature,
where the feature consists of steep necking areas on two sides and a small "plateau”
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Figure 5.9: Fracture surface of SSHS tested under 100 MPa (Lifetime 1433.3 h)
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Figure 5.10: Fracture surface of SSHS tested under 140 MPa (Lifetime 33.6 h).

in the middle with dimples on it. The necking areas are relatively large compared
to the “plateau” area, indicating significant strain before fracture and a ductile frac-
ture mode. In the zoom-in views, dimples with a parabolic outline are known as
shear dimples caused by shear stresses [109], which indicates extensive shear in-
volved in the creep fracture. The relatively large dark precipitates are silicon-rich or
carbon-rich impurities, marked by a blue arrow in Figure 5.9b. The bright spots are
chromium-rich M,3C¢ precipitates, marked by an orange arrow in the same graph.
The precipitates mentioned above will be further discussed later.

The short-term creep fracture surface of a 9Cr tempered martensite ferric steel
is observed by Xiao [110] et al. The fracture surface of a rod-shaped sample tested
at 625 °C under 220 MPa is shown in Figure 5.11, which was identified as a typical
ductile fracture. Comparing the fracture surface of the 9Cr steel with SSHS and
FSHS, there are some similar features, such as distinct necking areas and shear
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dimples, confirming the ductile fracture behavior of SSHS and FSHS. The "plateau”
area on the fracture surface of SSHS and FSHS is mainly occupied by shear dimples,
showing similar characteristics to the radiation zone or shear-lip zone on the 9Cr
steel, which correspond to the previous judgment on extensive shear involvement
in creep fracture. However, the fiber zone with equiaxed dimples is almost absent in
the SSHS and FSHS samples, possibly due to different specimen geometry. Besides,
fractures surface showing dimple/foam like feature could also indicate transgranular
fracture [22], as shown in Figure 5.12.

b B

Figure 5.11: SEM fracture surface images of the ruptured specimen at 625 °C under 220 MPa: (a)
macro view exhibiting elliptical necking, (b) magnified image showing shear dimples characteristic on
the shear-lip zone, (c) magnified view of the fiber zone showing equiaxed dimples, and (d) magnified

view of the radiation zone [110].

Figure 5.12: SEM fractograph showing transgranular fracture in specimen creep tested at 550 °C/200
MPa for 8098 h [22].

The comparison suggests that a ductile and transgranular fracture is the dom-
inant fracture mechanism for the self-healing ferritic steel under the the tested
conditions.
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5.2.2. Stress-Affected Region
FSHS

The overview BSE images of FSHS were taken at the polished stress-affected re-
gion as shown in Figure 5.13. The tensile direction is marked in Figure 5.13a using
a black arrow. The image of the as-quenched FSHS sample is also provided as a
reference. In the overviews of FSHS, M,3Cg precipitates can be observed in all
samples, irrespective of the lifetime. Note that some M,;Cg precipitates are found
undissolved during sample pre-treatment and correspond with the phase fraction
diagram shown in the previous chapter. The M,3Cg¢ in FSHS show a band-like dis-
tribution. Some dark spots are also observed in all samples and will be discussed
later in this chapter. As mentioned previously, FSHS is expected to show self-
healing behavior after approximately 280 hours in service. Zoom-in investigations
are conducted on FSHS to find the W-rich Laves phase, which is the most crucial
kind of precipitate as it is designed to be the healing agent in the newly designed
self-healing ferritic steels. The zoom-in BSE images of the stress-affected regions
taken from FSHS are shown in Figure 5.14. In the FSHS sample with a lifetime of
465.3 hours (Figure 5.14b) and 2487.2 hours (Figure 5.14c), another kind of bright
and starry-like precipitates, different from M,3Cg, are found and could possibly be
W-rich Laves phase.

To confirm the composition of the starry-like precipitates found in SEM observa-
tions. A detailed investigation was conducted on the FSHS sample with a lifetime
of 2487.2 hours using TEM. The images of the electron transparent area are shown
in Figure 5.15. Initial investigated area (a) shows the same orientation every-
where within 10-20° around the [111] surface normal. Only low angle boundaries
are seen, decorated with precipitates, and no cavities are found at these bound-
aries. The precipitates in the matrix are almost more or less aligned in the same
direction, and dislocation lines can be seen between the precipitates as marked in
Figure 5.15a. EDX elemental maps show the same composition in low-angle grain
boundary precipitates and matrix precipitates. A TEM image showing low angle
grain boundary precipitates and matrix precipitates, together with relevant elemen-
tal maps in the corresponding area, is shown in Figure 5.16. A matrix precipitate
with its relevant elemental maps is shown in Figure 5.17. The detailed composition
of the precipitate and matrix measured by EDX in atom percent and the equilibrium
composition of the W-rich Laves phase and matrix of FSHS calculated by Thermo-
Calc software TCFE9 Steels/Fe-Alloys version 9.1 are listed in Table 5.2. These pre-
cipitates are identified as W-rich Laves phase precipitates because they are indeed
richer in tungsten than the matrix. A M,3Cg precipitate with its relevant elemental
maps are also shown in Figure 5.18, and the measured composition (in at. %) is
listed in Table 5.3. Note the scale bar shown below; the M,3C¢ precipitates are
much larger compared to W-rich Laves phase precipitates.

The presence of Laves phase precipitates is confirmed in the FSHS with a life-
time of 465.3 hours (Figure 5.14b) and 2487.2 hours (Figure 5.14c). Comparing
two FSHS images tested under different stresses shows that the Laves phase pre-
cipitates are denser and larger in the sample with a longer lifetime (2487.2 h) than
in the sample with a shorter lifetime (465.3 h). The sheer difference in size be-
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tween M,3Cq precipitates and W-rich Laves phase precipitates, as shown in TEM
observations, could help differentiate them effectively in other SEM observations.

MZSCG
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15.0kV COMPO  SEM WD 13.2mm 10:49:37 X 15.0kV COMPO  SEM WD 13.4nm 10:40:16

— 10pm - — 10pm
15.0KV COMPO  SEM WD 13.0mm 10:21:50 15.0KV COMPO  SEM WD 14.7mm 10:02:49

(c) Tested under 130 MPa (Lifetime 2487.2 h). (d) As-quenched

Figure 5.13: BSE image of stress-affected region taken from FSHS creep-failed samples and
as-quenched sample.
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Figure 5.14: BSE image of stress-affected region taken from FSHS creep-failed samples and

as-quenched sample with higher magnification.
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(a) TEM image showing low angle grain (b) TEM image showing larger electron
boundary with precipiates and dislocation lines. transparent area.

Figure 5.15: TEM image of the stress-affected region taken from FSHS tested under 130 MPa (Lifetime
2487.2 h).
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(a) TEM image. (b) Elemental map of Fe.
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(c) Elemental map of W. (d) Elemental map of Cr.

Figure 5.16: TEM image and elemental maps showing both low angle grain boundary precipitates and
matrix precipitates in FSHS tested under 130 MPa (Lifetime 2487.2 h).
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(a) TEM image.

Scan fov | STEM Mag | Pixel size | CL

(c) Elemental map of W. (d) Elemental map of Cr.

Figure 5.17: TEM image and elemental maps showing single matrix precipitate in FSHS tested under
130 MPa (Lifetime 2487.2 h).



5.2. Microstructure of Creep Failed Samples 67

164 x 221 | 50.0 ps | 300 kV | 2.59 pm

(b) Elemental map of Fe.
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(c) Elemental map of C. (d) Elemental map of Cr.

Figure 5.18: TEM image and elemental maps showing M,3Cg¢ precipitate in FSHS tested under 130
MPa (Lifetime 2487.2 h).
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C S C Mn Fe W

EDX result

Laves phase ~0 7 20 0.4 55 18
Matrix ~0 2 13 1.2 84 03
Thermo-calc result (Equilbrium Status)

Laves phase 0 06 18 ~0 48 33
Matrix ~0 16 13 0.02 85 0.09

Table 5.2: EDX measured and Thermo-calc calculated Laves phase and matrix composition in FSHS
sample with a lifetime of 2487.2 hours (in at.%).

C Si Cr Mn Fe W

EDX result
M,5Ce 11 0 55 04 30 4

Table 5.3: EDX measured M,3Cg composition in FSHS sample with a lifetime of 2487.2 hours (in at.%).
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SSHS

The overview BSE images of SSHS were taken at the polished stress-affected re-
gion as shown in Figure 5.19. The tensile direction is marked in Figure 5.19a using
a black arrow. The image of the as-quenched SSHS sample is also provided as a
reference. Similar to FSHS, M,5C4 were also observed in creep-failed SSHS sam-
ples with different lifetime and as-quenched SSHS samples. However, the number
density of M,3Cg¢ in SSHS is lower than in FSHS, and the M,;Cq precipitates SSHS
show a more dispersed distribution according to direct observation. The healing in
SSHS is designed to initiate after approximately 27000 hours in service. Given that
the most extended lifetime of SSHS obtained in this research is 1433.3 hours, none
of the tested SSHS samples should present W-rich Laves phase precipitates. Zoom-
in investigations are conducted on SSHS samples to verify this assumption. The
zoom-in BSE images of the stress-affected regions taken from creep-failed SSHS
samples are shown in Figure 5.20. Some bright precipitates are observed at the
grain boundaries in the stress-affected regions taken from creep-failed SSHS sam-
ples with a lifetime of 307.5 hours (Figure 5.20b) and 1433.3 hours (Figure 5.20b).
These grain boundary precipitates could be W-rich Laves phase precipitates. To ver-
ify the identification of W-rich Laves phase shown in Figure 5.20, EDX scanning was
conducted on the etched stress-affected region of the SSHS sample with a lifetime
of 1433.3 hours. The scanned area, together with the tungsten map (at.%), are
shown in Figure 5.21. The contour of the tungsten map matches the bright areas
in the BSE image, indicating the bright areas are indeed W-rich Laves phase. Be-
sides, the W-rich Laves phase precipitates show obvious grain boundary preference
in SSHS.
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(c) Tested under 100 MPa (Lifetime 1433.3 h). (d) As-quenched.

Figure 5.19: BSE image of stress-affected region taken from SSHS creep-failed samples and
as-quenched sample.
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Figure 5.20: BSE image of stress-affected region taken from SSHS creep-failed samples and
as-quenched sample with higher magnification.
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(a) BSE image of the stress-affected region from SSHS (b) Zoom-in image (marked by white square) showing
sample tested under 100 MPa (lifetime 1433.3 h). W-rich Laves phase.
W Mal

rum 274

(c) EDX atom percent map of tungsten.

Figure 5.21: W-rich Laves phase in SSHS tested under 100 MPa (lifetime 1433.3 h) and EDX map of
tungsten.
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5.2.3. Stress-Free Region

FSHS

The primary purpose of self-healing in creep-resistant steel is to fill the creep-
induced damage autonomously, and one of the most crucial criteria is that the
healing agent should not be wasted in the matrix when there is no damage. The
investigation on microstructure evolution for unstressed but thermally exposed ma-
terials were also conducted. The SEM images of the stress-free regions in each
samples were taken from the clamping area as illustrated by red region in Fig-
ure 5.22,

Figure 5.22: Schematic illustration the stress-free region in creep-failed samples.

The overview BSE images of creep-failed FSHS samples were taken at the pol-
ished stress-free region as shown in Figure 5.23. The image of the as-quenched
FSHS sample is provided as a reference. Similar to stress-affected regions, both
M,3Cg and dark spots are observed in all of the samples, irrespective of the el-
evated temperature exposure time. As shown in Figure 5.13c and Figure 5.23c,
the grain boundaries in FSHS sample with a lifetime of 2487.2 hours are relatively
clearer than other samples. The grains are elongated according to the tensile direc-
tion in Figure 5.13c, while the grains maintain an equiaxed shape in Figure 5.23c.
Zoom-in investigations were conducted on the stress-free regions as shown in Fig-
ure 5.24. W-rich precipitates are observed in the stress-free region of the sample
with a lifetime of 2487.2 hours (Figure 5.24c).

The dark areas/spots generally exist in all samples in stress-affected and stress-
free areas. Some of them are pores, while others are Si/C-rich impurities. Because
characterizing the evolution of pores and cavities is significant in this study, dis-
tinguish the pores from the impurities is also vital. EDX scanning was done in the
stress-free region of FSHS with a lifetime of 465.3 hours shown in Figure 5.253,
where a large dark area with sharp edges is shown, the zoom-in area is shown
in Figure 5.25b. The EDX scanning atom percent maps of silicon and carbon are
shown in Figure 5.25c and Figure 5.25d, respectively. The Si-rich area corresponds
with the dark area shown in the BSE image, indicating that the dark area is indeed
Si-rich impurities. The Si/C-rich impurities in the samples are generally large (over
1 um) and have sharp edges.
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(c) FSHS sample with a lifetime of 2487.2 hours. (d) As-quenched

Figure 5.23: BSE image of stress-free region taken from FSHS creep-failed samples and as-quenched
sample.
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X 10,000 15.0kV COMPO SEM . :09:2 X 10,000 15.0kV COMPO  SEM

(b) FSHS sample with a lifetime of 465.3 hours.

X 10,000 15.0kV COMPO  SEM

(c) FSHS sample with a lifetime of 2487.2 hours. (d) As-quenched

X 10,000 15.0kV COMPO  SEM

Figure 5.24: BSE image of stress-free region taken from FSHS creep-failed samples and as-quenched
sample with higher magnification.
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(a) Stress-free region of FSHS with a lifetime of 465.3 (b) Zoom-in view of Figure 5.24a showing the Si-rich
hours. impurty.
Si Kal C Kal 2

trum 267

f 2.5um f 2.5um
(c) EDX atom percent map of silicon. (d) EDX atom percent map of carbon.

Figure 5.25: Images showing a Si/C-rich impurity and relevant EDX elemental scanning maps.
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SSHS

SEM observations was also conducted on the stress-free regions in SSHS samples
with different lifetimes. The overview and zoom-in BSE images are shown in Fig-
ure 5.26 and Figure 5.27 respectively. The general characterisitcs of M,3C¢ pre-
cipitates and Si/C-rich impurities remain the same as the stress-affected regions.
However, the W-rich precipitates are observed at the grain boundaries in the stress-
free region of the SSHS with the lifetime of 1433.3 hours (Figure 5.27a), similar to
the stress-affected region.
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X 1,000 15.0KV COMPO  SEM WD 11.8mm 10:04:54

— 10pm
X 1,000 15.0KV COMPO  SEM WD 13.1nm 10:08:39

(a) SSHS sample with a lifetime of 33.6 hours. (b) SSHS sample with a lifetime of 307.5 hours.
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10pm 10pm

—
X 1,000 15.0KV COMPO  SEM WD 10.5mm 10:57:51

(c) SSHS sample with a lifetime of 1433.3 hours. (d) As-quenched

X 1,000 15.0KV COMPO  SEM WD 14.7mm 10:15:10

Figure 5.26: BSE image of stress-free region taken from SSHS creep-failed samples and as-quenched
sample.
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1pm
X 10,000 15.0kV COMPO SEM WD 9.2mm  10:26:00 X 10,000 15.0kV COMPO SEM

(a) SSHS sample with a lifetime of 33.6 hours. (b) SSHS sample with a lifetime of 307.5 hours.

i

prrey — 1pm
X 10,000 15.0kV COMPO SEM WD 10.5mm 10:55:05 X 10,000 15.0kV COMPO SEM WD 9.9mm  10:03:37

(c) SSHS sample with a lifetime of 1433.3 hours. (d) As-quenched

Figure 5.27: BSE image of stress-free region taken from SSHS creep-failed samples and as-quenched
sample with higher magnification.
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5.2.4. Cavity Statistics

The healing in the newly designed 12Cr self-healing ferritic steel is dedicated to
creep damage filling, which implies that the formation of creep cavities, such as
wedge cracks or r-type cavities, is the prerequisite for the healing to come into
effect. Investigation of the pores and cavities observed through SEM observation is
needed to evaluate the performance of the newly designed 12Cr self-healing ferritic
steel. Statistics of the pores and cavities are obtained from SSHS tested under 140
MPa (lifetime 33.6 h), 120 MPa (lifetime 307.5 h), and 100 MPa (lifetime 1433.3
h), as well as FSHS tested under 180 MPa (lifetime 73.9 h), 150 MPa (lifetime
465.3 h), and 130 MPa (lifetime 2487.2 h). Images were taken from both stress-
affected and stress-free regions for each testing condition. The number and size
of the pores were counted and measured using an open-source software named
Imagel. Eight random sites with a magnification of 10000 were taken to calculate
the pores’ number density. The humber density is calculated by N/4, in which N is
the number of pores found in one site, and A is the area of the site. SEM images with
a magnification of 50000 were also taken to calculate the average size of the pores.
Ten pores are involved in the statistics for each gauge area and stress-free areas.
The size of the pores is described by equivalent diameter, d, in which the pores are
considered circular and d = \/A/m = 2. The pore statistics of as-quenched FSHS
and SSHS are also obtained as references. Besides, all of the SEM images were
taken from the polished surfaces without etching to prevent etching influence. The
example of the BSE image used is shown in Figure 5.28 and Figure 5.29; the image
was taken from stress-affected and stress-free areas of FSHS tested under 130 MPa,
and SSHS tested under 100 MPa. The pores observed in these samples generally
distribute randomly in the matrix and have no site preferences. To avoid taking Si/C-
rich impurities as pores, secondary electron (SE) images were also compared for
each site to double-check if the dark sites are pores or not; an example is provided
in Figure 5.30.

The damage evolution is characterized by average nhumber density and average
equivalent diameter of the pores with respect to stress and lifetime. The data is
presented in the form of net values (e.g., value of stress-affected region - value
of corresponding stress-free region), as plotted in Figure 5.31 and Figure 5.32 for
FSHS and SSHS, respectively.
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X 10,000 15.0kV COMPO SEM . :07: X 50,000 15.0kV COMPO SEM

(b) Stress-affected region (magnification x 50000).

1
X 10,000 15.0kV COMPO SEM WD 12.9mm 10:38:00

— 100nm|
X 50,000 15.0kV COMPO SEM WD 13.0mm 10:15:40

(c) Stress-free region (magnification x 10000). (d) Stress-free region (magnification x 50000.)

Figure 5.28: Example BSE images used for pore statistics taken from FSHS tested under 130 MPa
(Lifetime 2487.2).
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X 10,000 15.0kV COMPO SEM . :25: X 50,000 15.0kV COMPO  SEM

(a) Stress-affected region (magnification x 10000). (b) Stress-affected region (magnification x 50000).

&

— 1pm
X 10,000 15.0kV COMPO  SEM WD 12.8mm 10:54:02 X 50,000 15.0kV COMPO  SEM

(c) Stress-free region (magnification x 10000). (d) Stress-free region (magnification x 50000.)

Figure 5.29: Example BSE images used for pore statistics taken from SSHS tested under 100 MPa
(1433.3 h).

X 10,000 15.0kV COMPO  SEM W . :31: X 10,000 15.0kV LEI  SEM

(a) BSE image. (b) SE image.

Figure 5.30: Same site but different electron signal image for pore statistics taken from FSHS tested
under 130 MPa (Lifetime 2487.2 h).
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Figure 5.31: Pore statistics in FSHS.
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5.2.5. Laves Phase Precipitates Statistics

The Laves phase precipitates in FSHS were investigated using similar counting
methods. Eight random sites were taken at the etched stress-affected and stress-
free regions in FSHS tested under 130 MPa, 150 MPa, and 180 MPa. The BSE images
were taken at the magnification of 20000. The number of the precipitates and their
covered areas were counted and calculated using the open-source software Im-
agel. For each site, the number densities of the precipitates were calculated using
the same method as mentioned in the cavity development analysis, and the covered
area percentage is calculated by Ap,ccipitate/Arov, in Which FOV stands for field of
view. W-rich Laves phase precipitates are observed in stress-affected and stress-
free regions in the FSHS sample with a lifetime of 2487.2 hours and stress-affected
regions in the FSHS sample with a lifetime of 465.3 hours; the example BSE im-
ages of the regions mentioned above are shown in Figure 5.33. The Laves phase
precipitates are observed in the matrix and grain boundaries. The grain boundary
precipitates are not taken into account since their contours are not clear enough for
counting. The average number density and average precipitate area fraction are
plotted against lifetime as shown in Figure 5.34.
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(a) Stress-affected region of FSHS with a lifetime of (b) Stress-free region of FSHS with a lifetime of 2487.2
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(c) Stress-affected region of FSHS with a lifetime of 465.3
hours.

Figure 5.33: Example BSE images used for precipitate statistics.
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Figure 5.34: Lifetime dependence of the precipitate statistical data in FSHS.
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6.1. Creep-Rupture Properties

The overall creep behavior, including primary, secondary, and tertiary creep stages
of FSHS and SSHS, shows a relatively conventional behavior and is in agreement
with traditionally designed 9-12Cr ferritic steels [22, 23, 26, 74, 111]. Comparing
the strain rate-strain plots between FSHS and SSHS, it is found that the creep rate
for SSHS shows a sheer drop at an early stage and maintains a quasi-steady pattern
before entering the tertiary creep stage, while the creep rate for FSHS shows a sheer
drop at an early stage of the creep followed by a steady increase for samples tested
above 180 MPa (including 180 MPa), the boundary between creep stages is not easy
to identify. The FSHS samples tested below 180 MPa show similar trends to SSHS.
Such phenomena can also be found in strain rate-time plots, except that the strain
rate variation for SSHS is more prominent over time.

The relation between minimum creep rate and lifetime is usually characterized
by the Monkman-Grant relationship (MGR) [112], and modified Monkman-Grant
relationship (MMGR) [113]. The generalized form of these two relationships are
shown in equation 5.1 and equation 5.2, respectively, where ¢,,;,, is the minimum
creep rate, t, is the lifetime, ¢ is the strain to failure, a, a’, C, and C' are constants.
The modified Monkman-Grant relationship is used to reduce the scattering in the
data caused by large tertiary creep and a decrease in creep strain to failure with
increasing rupture life.

X tr=C (6.1)

rt

€% —=C' (6.2)
r

The MGR and MMGR is valid when ploting t, or t,/e; against é,,;,, under double

logarithmic scale, and « or a’ equals to 1. The constant ¢ or ¢’ will then become

Cyg OF Cymg- The logt, vs. logé,,, and log(t,/ef) Vs. logép, of FSHS and

SSHS are plotted in Figure 6.1a and Figure 6.1b. The slopes of SSHS in both of the
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(a) Rupture time vs. minimum creep rate plot of FSHS  (b) Rupture time/strain to failure vs. minimum creep rate
and SSHS. plot of FSHS and SSHS.

Figure 6.1: Validation graph of the MGR and MMGR in FSHS and SSHS.

graphs are very close to -1, which means SSHS obeys the MGR and MMGR, and
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the calculated constants are Cssys_ye = 0.354 and Cssys—yme = 0.471. However,
the slopes of FSHS in logt, vs. logé, and log(t,/ef) VS. logén;, are -1.28
and -1.22, respectively, indicating an unstable secondary creep and possible shift
in creep mechanisms between higher stress range (180-260 MPa) and lower stress
range (130-180 MPa), which corresponds to the different strain rate-strain behavior
between these two stress ranges as mentioned before. Choudhary and Samuel
[22] reported the MGR and MMGR constant in their modified 9Cr-1Mo tested under
different stresses at 550 °C, 575 °C, and 600 °C as C,;; = 0.036 and Cyp¢ = 0.205.
They also mentioned that their relatively low values of C,; and Cy ¢ indicate a
small contribution of secondary creep strain to overall creep strain. Comparing the
MGR and MMGR between SSHS and modified 9Cr-1Mo steel, the MGR constant of
SSHS is almost ten times higher while the MMGR constant is two times higher than
the modified 9Cr-1Mo steel, which means it is reasonable to infer a relatively higher
contribution of secondary creep strain to overall creep strain in SSHS qualitatively.
Moreover, the FSHS tested at lower stresses (130-180 MPa) with a similar quasi-
steady stage as the SSHS could possess similar characteristics. The contribution
of secondary creep strain to overall creep strain in FSHS tested at higher stresses
(180-260 MPa) becomes less. This is consistent with the creep results as shown in
section 5.1, where the strain rates for FSHS with high applied stresses (> 180 MPa)
keep increasing during creep, instead of showing a steady secondary stage.

The overall strain of both FSHS and SSHS is relatively high compared to tra-
ditionally designed ferritic steels. The rupture elongation data of 12Cr steel from
NIMS data sheet [74] together with elongation data of FSHS and SSHS are plotted
against their lifetime using a common scale, as shown in Figure 6.2. A reference line
is drawn at the strain of 0.5, among 72 data points obtained from NIMS datasheet,
28 data points stay beyond this value, which gives 38.9% of traditional 12Cr steel
samples have a rupture strain beyond 0.5. For all the tested FSHS and SSHS sam-
ples, this ratio is 75% and 100%, respectively.

The lifetime of two traditional 12Cr steels, FSHS, and SSHS, is plotted against
the applied stress to investigate the effect of self-healing design to creep lifetime, as
shown in Figure 6.3. Among the 4 groups of steels, the 12Cr-2W-0.4Mo-1Cu-Nb-V
steels show the highest lifetimes at the same stress level, mainly due to the precip-
itation straightening effect provided by MX precipitates. The FSHS and SSHS steels
show comparable lifetimes with 12Cr steels, especially in the low-stress regime. Due
to disobedience of the Monkman-Grant relationship and the design of the healing
initiation time of FSHS, the linear regression for FSHS in Figure 6.3 is done sepa-
rately in this chapter. The data dots of FSHS are divided into two groups. One is
shown green in the graph, which has a lifetime longer than or close to the designed
healing initiation time of the FSHS; the other is shown red in the graph, which has
a lifetime shorter than the designed healing initiation time. However, the later mi-
crostructural investigation does not show expected cavity filling behavior. One of
the reasons for the "kink” shown in FSHS data could be a shift in the creep mech-
anism as the stress changes. The power law coefficients and exponents of these
three groups of data are shown in Table 6.1.
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Figure 6.2: Strain at fracture vs. lifetime of FSHS, SSHS, and traditional 12Cr steel

Alloy Type tg =A'g™"

A (MPa"h) n'
FSHS-SH 1033%4 13.8+ 2.0
FSHS-non-SH 10242 9.8+ 0.8
SSHS 10221 9.4+06

Table 6.1: Values of power law coefficients and stress exponents for the stress dependence of lifetime
in Figure 6.3.
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Figure 6.3: Stress dependence of lifetime for FSHS, SSHS, and traditional 12Cr steel.
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The stress used to test the 12Cr self-healing ferritic steels in this research was
relatively high compared to the testing stress used in NIMS data sheet for tradi-
tional 12Cr ferritic steel. Under such testing conditions, the FSHS and SSHS have
much higher stress exponents than the traditional 12Cr ferritic steel with a similar
average grain size. Relatively high values of stress exponents were found in many
previous studies related to 9-12Cr ferritic steels tested in their high-stress regimes
[22, 23, 26, 114-116]. The dislocation-controlled creep seems to be the dominant
creep mechanism for modified 9Cr-1Mo (ASME Gr. 91) ferritic steel tested under
high-stress regimes since the high exponent in power-law reveals dislocation domi-
nation in the creep deformation [22]. The dominance of the power-law breakdown
(PLB) mechanism, known as one of the dislocation controlled creep mechanisms,
was also found in G115 (9Cr) ferritic steel tested under high stresses. TEM image
showing complicated dislocation structures in the tested samples provided further
proof [110]. For the 12Cr self-healing ferritic steels showing high stress exponents
and high strain before fracture, dislocation involvement is expected to be high. TEM
images in the previous chapter with dislocation lines also provide experimental ev-
idence for extensive dislocation involvement during creep deformation in the self-
healing ferritic steels. Therefore, under current testing conditions, the dominant
creep mechanism of 12Cr ferritic self-healing steels are likely to be the dislocation-
dominated creep, despite some of the analysis being based on the behavior of 9Cr
ferritic steels tested under their high stress regime.

In conclusion, the creep lifetime is comparable with traditional 12Cr steel; a
detailed comparison reveals that FSHS and SSHS could surpass traditional 12Cr steel
with similar average grain size in terms of lifetime if tested in lower stresses. The
newly designed FSHS and SSHS have pretty high stress exponent and creep strain
before rupture compared to traditional 12Cr steel. Compared with other 9-12Cr
traditional ferritic steels, the dislocation controlled creep is considered the dominant
creep mechanism in FSHS and SSHS under testing conditions in this research.

6.2. Cavity Development

As an essential premise for self-healing, creep cavities and damage observed in
section 5.2.4 are discussed. The cavities generally have no site preference and
show a random distribution over the observed area according to the example images
shown in Figure 5.28 and Figure 5.29. The statistics show hardly any tendency in
average number density and average equivalent diameter with respect to stress or
lifetime for both FSHS and SSHS. Some abnormal data, such as negative average
number density or negative equivalent diameter, implies that the pores found in
the samples were not a result of creep. The nucleation and growth of the creep
cavity have a close relationship with diffusion, which means the creep time plays
a significant role in the size of creep cavities. In the creep cavity nucleation and
growth model constructed by Ahmadi et al. [30], the creep cavity growth rate and
mean diameter were both creep time-dependent functions. As a more intuitionistic
comparison, in the creep test to verify their model, a traditional 9Cr ferritic steel
sample tested for 8030 hours has an average pore diameter of 82 + 6 nm, while the
average pore diameter in FSHS tested for 2487 hours already reached 89 + 12 nm.
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Consequently, the pores found in FSHS and SSHS are considered to form before
creep tests and are not related to creep.

Transgranular fracture and absence of typical creep damage in the form of
wedge cracks or r-type cavities were reported for modified 9Cr-1Mo (ASME Gr. 91)
ferritic steels being tested under high stress regime [22, 117, 118]. The absence of
typical creep damage was attributed to the absence of precipitate free zone (PFZ)
[117-119], which promotes strain concentration and subsequently promotes cavity
nucleation and growth [120]. Some also suggest that the grain boundary cohesion
of 9Cr-1Mo ferritic steel is high, and the strength of the matrix is similar to the
strength of the grain boundaries, which reduces the stress concentration and is not
in favor of grain boundary cavitation [117, 119]. However, the absence of creep
cavities in FSHS and SSHS is unlikely to be attributed to the absence of PFZ as no
aging treatments were performed on the self-healing steels to form strengthening
precipitates at the grain boundaries. The matrix’s coherency could be one reason
for the absence of creep cavities, but it needs further investigation.

Considering the observation of creep cavities, the mean diameter of the creep
cavities is also important as the size directly affects whether the cavity could be
observed by the characterization methods or not. Wu and Sandstrém conducted
detailed quantitative measurements on creep cavities found in 12Cr-Mo-V steel [27,
28], in which their samples underwent constant load creep tests (¢ = 80 MPa, T
= 600-670 °C) and constant temperature tests (¢ = 90-185 MPa, T = 600°C). It
was concluded that the mean cavity diameter is related to strain or creep time. The
mean cavity diameter growth rate is positively related to temperature and stress.
However, in the constant load tests, lower temperature leads to a larger mean cav-
ity diameter, while in the constant temperature tests, the observed mean cavity
diameter first decreases with the increasing stress and then increases with the in-
creasing stress. Therefore, both stress and temperature control the mean cavity
diameter at fracture by controlling the growth rate of mean cavity diameter and
lifetime. Considering the situation in FSHS and SSHS, the stress used in the tests
was relatively high compared to the tests conducted in the NIMS data sheets [74],
while the temperature is relatively low compared to the literature [27, 28, 30], in
which the creep cavities were observed. With relatively low temperature, the diffu-
sion is less active, and the growth rate of the cavity diameter might be insufficient
for the lifetime of FSHS and SSHS to generate observable cavities. The effect of
growth rate becomes evident when the lifetime under current testing conditions is
short. The chance of observing creep cavities in FSHS and SSHS might be higher
if the samples could survive longer. Since the designed service temperature of the
self-healing steel is not adjustable in this study, the only way to obtain a longer life-
time is to reduce the testing stress further. This becomes tricky because the mean
cavity diameter growth rate will also decrease accrding to the literature results.
Nevertheless, further experiment under lower stress is required.

The nucleation and growth of grain boundary cavities are dominated by diffu-
sion, which intrinsically requires sufficient time under stress and elevated temper-
ature. The applied stress should also be kept under a certain level for the diffusion
mechanism to dominate. Ahmadi et al. [30] conducted creep tests on grade 91
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under 66 MPa at 650 °C, which is a relatively high temperature and low stress,
preferable for diffusional creep [121]. The grain boundary cavities were indeed
found in the interrupted creep test samples, and the creep cavities’ size depends
on the creep time. Therefore, a possible reason for the absence of grain boundary
cavity could be unsuitable testing conditions applied to FSHS and SSHS, leading
to dislocation-dominated creep rather than diffusion-dominated creep. Besides, a
relatively short lifetime might also be insufficient for the cavities to nucleate and
grow.

The alloying elements could also affect the diffusion behavior of the matrix. Ac-
cording to the investigation on the effect of tungsten on creep behavior of 9Cr steels,
the addition of tungsten could reduce the self-diffusion rate and microstructural
evolution rate, thus increasing the creep performance by decreasing the minimum
creep rate and increasing the apparent activation energy for the minimum creep
rate [24]. Because specific reduction in self-diffusion rate was not specified using
data and no investigation on creep cavity was conducted, the effect of tungsten on
cavity nucleation and growth is not fully understood. The solubility of tungsten in
the iron matrix is low, and its effect on matrix diffusion behavior remains doubtful.
However, if the specific suggestion on the experimental conditions does not present
the expected cavitation phenomenon, investigation of the creep cavity in plain 12Cr
steel and tungsten added 12Cr steel is recommended.

As a result, the absence of grain boundary cavities is attributed to the unfa-
vorable dominating creep mechanism and relatively short lifetime for creep cavity
nucleation and growth. In order to fully understand the reason for the absence
of grain boundary cavities and to obtain suitable creep damage for self-healing
demonstration, the following investigations are recommended: 1) Microstructural
investigation of the coherence of matrix in the current samples; 2) Further lowering
the testing stress; 3) Independent investigation on the effect of tungsten on the
creep cavitation behavior in 12Cr steel, if the previous two investigations do not
give satisfactory results.

6.3. Behavior of W-rich Laves Phase

The behavior of the W-rich Laves phase is discussed in this section as it is crucial
for the evaluation of the self-healing effect and the design. The designed driving
force of the Laves phase in FSHS is 4849 J/mol, which corresponds to a healing
initiation time of 280 hours. The statistics of the W-rich Laves phase observed in
FSHS show that the volume and number of the Laves phase precipitates in FSHS
are positively related to the creep lifetime, as shown in Figure 5.34. Such time
dependence is expected according to the design. The W-rich precipitates were
observed in the samples with a lifetime of 465.3 hours and 2487.2 hours, while no
W-rich precipitates were observed in the sample with 73.9 hours. It is important to
note that the precipitation behavior of the W-rich Laves phase in the computational
model was based on the driving force of homogeneous precipitation. The actual
chemical driving force of FSHS calculated using the composition of the as-received
samples listed in Table 4.1 is 4362 J/mol, which corresponds to a healing initiation
time of approximately 900 hours. Thus, the experimentally observed precipitation
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time of the W-rich Laves phase is generally consistent with the design. The statistics
also show that the stress-affected region dramatically surpasses the stress-free area
in terms of volume and number of the precipitates, indicating a positive effect of
applied stress on the precipitation of the Laves phase.

SSHS is the self-healing steel with a lower driving force of tungsten precipitation
and is expected to show the healing effect after 27000 hours in service. The W-
rich Laves phase precipitates were observed at the grain boundaries in the stress-
affected region of the SSHS sample with a lifetime of 307.5 hours and both the
stress-affected and stress-free region of the SSHS sample with a lifetime of 1433.3
hours, while no bulk precipitates were observed. According to the design, the
precipitation of the W-rich Laves phase at the grain boundaries is not expected, but
the bulk precipitation behavior also corresponds with the timing-related design.

Nevertheless, the distribution of the W-rich Laves phase precipitates is different
from the expectation of the design. The W-rich precipitates were observed in both
matrix and grain boundaries without apparent site preference in the stress-affected
region of the FSHS samples with a lifetime of 465.3 and 2487.2 hours, respectively.
The precipitates generally have no connections with the defects reported in section
5.2.4. Therefore, no direct experimental evidence for the cavity filling behavior was
found in the FSHS. As mentioned before, the precipitation site selectivity is essential
for a successful self-healing material. One reason for lacking site selectivity is the
absence of grain boundary cavities, which provide preferred nucleation sites for the
healing precipitates. As discussed in the previous section, the absence of grain
boundary cavities results from dislocation-dominated creep.

Based on the homogeneous precipitation of the Laves phase in the stress-
affected region and the Laves phase precipitates observed in the stress-free region
of FSHS with a lifetime of 2487.2 hours. Another reason for lacking site selectivity
is the limited strain energy that failed to keep the tungsten within the matrix when
there was no damage. In other words, the chemical driving force of the FSHS might
be too high for the matrix. The equation used to calculate the strain energy result-
ing from the mismatch between the precipitate and the matrix can be described as
equation 6-1 [122].

B Vp€iEpEm
©3[2(1 = 2vp)Ep + (1 + v Eyp)

AG, (6.3)

In which E, and E,, are Young's moduli of the precipitate and the matrix, v,, and
v, are the Poisson’s ratios of the precipitate and the matrix, € = v, /v, — 1 is the
volume misfit between the precipitate and the matrix, v, and v,, are the molar
volumes of the precipitate and the matrix phase. Taking E,,, = 205 GPa, v,, = 0.29
[123], E, = 337 GPa, v, = 0.29 [124], the molar strain energies for thr precipitation
of the W-rich Laves phase in the bcc matrix under equilibrium conditions at 550 °C
for FSHS and and SSHS are calculated as 2690 J/mol and 2461 J/mol, respectively.
The chemical driving force calculated based on the as-recieved composition for
FSHS and SSHS are 4362 J/mol and 2208 J/mol, respectively. The chemical driving
force for the precipitation of W-rich Laves phase in FSHS is clearly beyond the strain
energy, resulting extensive precipitation in the stress-free region.
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The linear distribution pattern parallel to the tensile direction could indicate that
some sub-structures (e.g., dislocation lines or sub-grain boundaries) provide prefer-
able sites for precipitation. The fine W-rich Laves phase precipitated in the matrix,
and the grain boundaries might strengthen the material during the creep and pro-
vide another explanation for the "kink” shown in the lifetime-stress graph of FSHS
(Figure 6.3).

As a result, the matrix precipitation timing of the W-rich Laves phase in the newly
designed self-healing steels generally follows the innovative relationship between
the chemical driving force and incubation time of the Laves phase used in this
computational design, and the stress helps reduce the strain energy barrier of the
precipitation as expected. However, the expected cavity filling phenomena are not
found in FSHS due to the absence of grain boundary creep cavities and excessive
driving force of the Laves phase precipitation.
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According to the creep test result of FSHS and SSHS and comparison with tradi-
tionally designed 12Cr steel, the creep-resistant property of two newly designed
12Cr self-healing ferritic steels are comparable with traditional 12Cr steels and
would surpass them if tested under lower stresses. The FSHS and SSHS also show
a higher total strain and power-law exponents than traditional 12Cr steels. The
SSHS obeys the Monkman-Grant relationship and modified Monkman-Grant rela-
tionship while FSHS disobeys, indicating a varying creep process for FSHS under
current testing conditions. Such variation corresponds with the “kink” shown in the
lifetime-stress graph of FSHS and could be due to 1) Change of creep mechanism as
the testing stress decreases; 2) Strengthening effect caused by fine W-rich Laves
phase precipitation during the creep. The dominant creep mechanism for FSHS
and SSHS is likely to be the dislocation-dominated creep under current testing con-
ditions. The microstructural analysis reveals that the observed pores in fractured
FSHS and SSHS samples are not caused by creep. Typical creep damage may not
exist in all tested samples. The absence of typical creep damage is attributed to
the unfavorable dominating creep mechanism and relatively short lifetime for creep
cavity nucleation and growth.

The W-rich Laves phase behavior investigation shows that the matrix precip-
itation timing of the W-rich Laves phase in FSHS generally follows the computa-
tional design. Although W-rich Laves phase precipitates are observed in the stress-
affected FSHS samples with a lifetime of 2487.2 hours and 465.3 hours, they present
a homogeneous precipitation behavior and have no connections to the existing
pores. Therefore, the expected self-healing phenomena are considered not found
in FSHS under current testing conditions due to the absence of grain boundary cav-
ities, so the prerequisite for self-healing is not fulfilled. The precipitates observed
in the stress-free region of FSHS tested under 2487.2 hours, and the calculation
of the strain energy caused by the mismatch between the precipitation and the
matrix reveals that the precipitation driving force design might need amendments
to obtain a sufficient site selectivity. However, the volume and number of W-rich
Laves phase precipitate in stress-affected regions surpass the stress-free regions
according to the precipitate statistics in FSHS. This means the stress is indeed low-
ering the strain energy barrier and promoting Laves phase to precipitate in the
stress-affected regions.

Based on the findings in the newly designed 12Cr self-healing steels, several rec-
ommendations are proposed to fully understand the reason for the absence of grain
boundary cavities and obtain suitable creep damage for self-healing demonstration.
The recommendations are: 1) Microstructural investigation of the coherency of the
matrix in the current samples; 2) Further lowering the testing stress; 3) Indepen-
dent investigation of the effect of tungsten on the creep cavitation behavior in 12Cr
steel if the previous two investigations do not give satisfactory results. Considering
the homogeneous precipitation in FSHS and waste of healing agents in the stress-
free region, an upper limit of the precipitation driving force is needed. Introducing
the strain energy of the matrix could be one of the solutions. Besides, some cav-
ity nucleation and growth models include simple relations between applied stress,
temperature, and growth rate of creep cavity diameter. Including these parameters
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as the timing reference for the precipitation could also help reduce the number of
creep tests.
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