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This study investigates the microstructural evolution, crystallographic texture, and mechanical properties of a
nickel-aluminium bronze (NAB)/410 NiMo martensitic stainless steel bimetallic structure fabricated via wire arc
additive manufacturing (WAAM). The work provides a detailed assessment of the interfacial characteristics,
phase transformations, and texture development across both alloys, as well as their impact on mechanical
behaviour. Microstructural characterisation using optical microscopy, SEM, EBSD, and TEM revealed that the
stainless steel region predominantly consists of martensite with minor fractions of d-ferrite, a-ferrite, and
retained austenite. A distinct Fe-rich interfacial layer was identified, from which columnar dendrites grow
epitaxially into the NAB side. The NAB region exhibits a-phase grains with various k-phase precipitates whose
distribution and morphology evolve with build height due to thermal cycling and dilution effects. Evidence of
liquid metal embrittlement (LME) was observed at the interface. Texture analysis indicated a weak crystallo-
graphic texture in the stainless steel due to solid-state transformations, whereas the NAB exhibited a more
textured structure, especially <101>//BD. Despite the presence of LME cracks at the interface, tensile testing
consistently resulted in fracture within the NAB region, away from the interface, demonstrating effective load
transfer across the interface under uniaxial tensile loading parallel to the building direction. The bimetallic
structure achieved an ultimate tensile strength of 587 MPa and total elongation of ~12%.

Microstructure and texture
Interfacial properties

1. Introduction

Wire arc additive manufacturing (WAAM) is regarded as one of the
primary additive manufacturing techniques for fabricating large
metallic components. Specific characteristics, such as a high deposition
rate (up to 15 kg/h), efficient material usage, and cost-effectiveness,
render WAAM a promising method for producing not only mono-
metallic large parts but also large multi-metallic components [1]. The
integration of two distinct materials into a single structure is considered
a powerful method for achieving enhanced and localised performance.
By strategically placing materials with tailored properties, engineers can
create components that more efficiently meet complex functional re-
quirements. This design versatility opens up new possibilities across
various industries, thereby driving increasing interest in the develop-
ment and manufacturing of multi-material systems [2] [3].
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The bimetallic combination of bronze and stainless steel (SS) is of
great importance in marine applications, particularly for propeller
production. Bronze alloys offer excellent corrosion and cavitation
resistance in seawater and possess good wear properties [4], while
stainless steels can provide high mechanical strength and toughness [5].
By combining these two materials, it is possible to produce components
that withstand harsh marine environments whilst maintaining structural
integrity and durability. This synergy makes the bronze-stainless steel
combination particularly advantageous for high-performance and
long-lasting propeller systems [6].

Despite the promising benefits of combining bronze (a copper-based
alloy) with stainless steel, manufacturing such bimetallic components
presents significant challenges due to the fundamental dissimilarities in
their physical, chemical, and thermo-mechanical properties. Issues such
as solidification and liquation cracking often occur at the interface due
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to a mismatch in thermal expansion and conductivity, resulting in high
residual stresses [7] [8]. Furthermore, the limited solubility between Cu
and Fe results in interfacial segregation and weak bonding, diminishing
mechanical performance [9]. Given these challenges, recent research
has increasingly concentrated on exploring the additive manufacturing
of copper alloy-stainless steel hybrid components. Most of this research
has utilised a laser as the heating source for the AM process. In this re-
gard, Liu et al. [7] used selective laser melting (SLM) to produce 316L
stainless steel/CuCrZr alloy hybrid material. Although the tensile
properties were reported to be satisfactory, they reported the formation
of some solidification cracks at the interface. Chen et al. [9] also used
SLM to build a 316L/CuSn10 bimetallic structure. They also observed
dendritic cracks at the boundary between the bimetallic fusion zone and
the steel. Although they managed to minimise solidification cracking by
optimising processing parameters, it was not possible to eliminate it.
Despite the benefits of laser-based AM techniques, their usage in the
production of this specific bimetallic structure has had challenges: (a)
the copper exhibits high reflectivity to lasers, which are widely used in
industrial applications, and it absorbs less than 5% of the incident laser
energy, which makes the effective melting and deposition of copper
highly challenging [10](b) High heating and cooling rates are charac-
teristic of laser processing due to the focused nature of the laser. This
intensifies the formation of defects and incompatibilities between two
different materials.

Using an electric arc as the heat source may alleviate limitations of
the high reflectivity of the copper and the high heating and cooling rates
of laser-based AM techniques for the production of bronze/stainless steel
hybrid components [11] [12]. However, there is not much literature
reported on this subject. Dharmendra et al. [13] printed a nickel
aluminium bronze (NAB) on a block of 316 austenitic stainless steel
using gas metal arc welding (GMAW). They observed good metallurgical
bonding at the interface, and solidification cracks were not present.
However, they noted liquid metal embrittlement (LME) phenomena in
the heat-affected zone (HAZ) of 316 stainless steel. To the authors’
knowledge, there is no reported study on using WAAM for the produc-
tion of nickel-aluminium bronze-martensitic stainless steel bimetallic
components. The present study aims to investigate the production of a
bimetallic structure composed of nickel aluminium bronze and 410
NiMo martensitic stainless steel using WAAM with the focus is on un-
derstanding microstructural development and interface properties.

2. Materials and methods

The bronze/steel hybrid part was produced using WAAM based on
the GMAW process. First, the steel part was printed as a base structure
with dimensions of 200 mm (length) x 30 mm (width) x 30 mm (height)
using a linear bi-directional strategy with a 1.2 mm diameter wire.
Subsequently, an NAB alloy was deposited on top of the steel substrate
using a weaving deposition pattern. The bronze layers were also built
with a 1.2 mm diameter wire and reached a final height of 20 mm.
Tables 1 and 2 show the chemical composition of the wires and the
processing parameters, respectively.

To analyse the microstructure, the sectioned surface was prepared
using a standard metallography procedure for optical and scanning
electron microscopy (SEM). Etching of the steel was performed using a
solution composed of 100 mL ethanol, 5 mL hydrochloric acid, and 1 g of
picric acid. For the NAB, an etchant consisting of 5 g ferric chloride, 25

Table 1
Nominal chemical composition (wt%) of the feedstock wires used for bimetallic
printing.

C Si Mn Ni Cr Mo Fe Cu Al

410 NiMo 001 065 07 48 122 05 Bal <0.1
steel
Bronze alloy _ 1.8 25 1.3  Bal 8.6
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Table 2
Operating conditions used for manufacturing the bimetallic component.

410 NiMo steel Nickel-Aluminium Bronze

Current (A) 222 212

Voltage (V) 17.2 22

Travel Speed (mm/min) 650 1500-2500
Shield Gas and Flow (L/min)  Ar-35%He-2%CO, 15  Ar-35%He 18
Layer Height (mm) 3 1.5

Hatch Spacing (mm) 5 -

mL hydrochloric acid, and 70 mL distilled water was employed. For
EBSD measurements, the samples were further polished using OPS
colloidal silica suspension. EBSD measurements were performed at an
accelerating voltage of 20 kV with a beam spot size of 5 nm. A hexagonal
scanning grid was used, with a step size ranging from 50 nm to 1 pm. The
acquired data were subsequently processed using OIM Analysis™ soft-
ware (version 9). The thin foils for transmission electron microscopy
(TEM) were prepared by twin-jet electro-polishing using a 10 vol%
HClO4 + 90 vol% CH3COOH solution.

The mechanical properties of the printed part were assessed through
hardness measurements and tensile testing, supported by digital image
correlation (DIC). For the hardness measurements, the Vickers hardness
method was used with a load of 500 g and a dwell time of 10 s. Tensile
test specimens were extracted along the building direction. Three sets of
tensile samples were extracted: samples entirely from the steel part,
samples entirely from the bronze part, and samples with the interface at
the centre. The dimensions and extract location of the samples are
shown in Fig. 1: (a) Dimension (in mm) and extract location of the
tensile test samples All tensile tests were carried out at a strain rate of
& =103 s~ using a Deben testing machine, where the camera and DIC
settings yielded a virtual gauge length, providing sufficient resolution
for strain evaluation.

Additionally, a 2D DIC technique was used to evaluate the strain
concentration of tensile test samples. Finally, the fracture surfaces of the
tensile test samples were also studied using SEM.

3. Results
3.1. Microstructural analysis

Fig. 2 shows the printed part, in which the steel substrate and bronze
deposition can be clearly discerned. In the following, the microstructure
and mechanical properties in different regions of the fabricated part are
further examined.

The optical micrograph in Fig. 3a illustrates the structure of the
printed steel part. In this image, the melt pool structure is clearly visible,
and fusion boundaries are indicated by white dashed lines. A closer
examination of the microstructure is provided in Fig. 3b where within
the melt pool, the microstructure appears coarse and elongated, whereas
in the surrounding areas, a finer and more equiaxed structure is evident,
which illustrates a certain degree of heterogeneity.

This indicates a certain degree of non-uniformity in the created
structure. It is evident that the observed microstructure is the result of
the repetitive formation of the melt pool microstructure and its sur-
rounding areas, which reflects the additive nature of the manufacturing
process. To better understand the differences in microstructural features
and their development in the melt pool and HAZ, high-resolution EBSD
(with step sizes of 100 and 50 nm) was performed, covering both re-
gions. Figs. 4 and 5 show some of these results.

Fig. 4b and c shows the EBSD measured microstructure of the melt
pool with an IPF and a grain boundary misorientation map, respectively.
The latter reveals that 30% of the grain boundaries are Low Angle Grain
Boundaries (LAGBs), indicating the presence of a martensite substruc-
ture. The grain size was measured as 13.39 + 8.4 pm in this region. As
HAGBs are predominantly oriented parallel to the BD, the structure
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Fig. 1. (a) Dimension (in mm) and extract location of the tensile test samples, (b): The tensile test machine and DIC equipment.

4

A A A A AR T

R R R T o

-,

%

Fig. 2. The printed bimetallic part of NAB/SS.

exhibits an elongated morphology. To check the presence of retained
austenite, a higher resolution scan (not shown here) with a step size of

50 nm was done inside the scan of Fig. 4b, and no austenite was observed
in this region. Fig. 5b shows an SEM image of the microstructure within
the melt pool, showing that, besides the martensitic structure, some
§-ferrite has also remained in the melt pool.

Continuation of the scan in Fig. 4b is shown in Fig. 4d and e. By going
downward in the melt pool, it is observed that the lath morphology of
the structure is decreased, and some equiaxed grains appear, see the
bottom part of Fig. 4d. The grain size of the top and bottom regions of
Fig. 4d was measured as 11.8 + 3.8 pm and 8.17 + 4.2 pm, respectively.
Fig. 5c also shows the martensitic structure of this region. The changing
size and shape of the grains in this region indicate some phase trans-
formation during heating and cooling. A higher-resolution scan (not
shown here) was also performed in this case, and no austenite was
detected. No sign of delta ferrite was observed in this region. Fig. 4f and
g shows the continuation of the EBSD scan from Fig. 4d. It is observed
that the microstructure of this region is remarkably different, and the
grain size in this region is decreased to 6.5 + 6.2 pm. The presence of
3.5% retained austenite was also detected from the EBSD results. SEM
images, Fig. 5d and e, reveal the presence of some fine grains of ferrite
and some residual delta ferrite in this part of the HAZ. As the EBSD scan
continued, cf. Fig. 4h and i, it is observed that the microstructure re-
sembles the melt pool once more; however, Fig. 5f shows that the

Fig. 3. (a) and (b), Optical micrograph of the microstructure of the printed steel part.
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(a)

Melt Pool

Melt Pool

Fig. 4. EBSD maps showing a continuous scan from the melt pool through the HAZ (a): Schematic of the measured areas, (b) to (i), The scanning sequence progresses
from (b) to (i) along the build direction (BD), capturing the microstructural transition across different regions. All IPFs are calculated based on BD.
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Fig. 5. The secondary electron-SEM images corresponding to different regions of the melt pool and HAZ.

martensite is slightly tempered. This zone is characterised by the
absence of austenite formation during heating, and the precipitated
carbides can be observed in the laths or at the prior austenite grain
boundaries.

Fig. 6 shows the interface between the steel and bronze regions. It is
observed that some cracks starting from the interface have developed
toward the last deposited steel, cf. red arrow in Fig. 6a.

The EDS analysis shows the presence of a Cu-rich solidified liquid
within the cracks, indicating the occurrence of Liquid Metal Embrittle-
ment (LME). Fig. 7 shows the results of the TEM analysis of the sample
extracted by FIB at the tip of the crack.

The TEM-EDS elemental maps reveal that the crack region is highly
enriched in Cu, confirming that liquid bronze infiltrated the steel along
the crack path. Interestingly, the Cu map also shows a low, but detect-
able, copper concentration in areas adjacent to the crack. This indicates
that, in addition to crack-path infiltration, some Cu atoms have diffused
into the nearby steel matrix during the high-temperature deposition
process. Another notable observation is the presence of Al-rich particles
near the crack tip. These particles display high Al concentration while
showing relatively low levels of other alloying elements. Another
interesting observation is that nearly all examined regions feature Cr-
rich particles surrounding the crack, which appear as localized enrich-
ments in the Cr map. This might be related to the presence of Cr-rich
precipitates at grain boundaries prior to the occurrence of LME, and
this segregation might alter grain boundary decohesion, thereby
affecting crack propagation during the LME. There is no specific data on
the Cu-Fe LME couple; however, studies [14,15] show that, in
lead-induced LME in austenitic stainless steels, cracks usually follow
paths containing impurities such as antimony (Sb), tin, or phosphorus
(P). This can support the idea that, in a Cu-Fe LME couple, crack growth
follows boundaries containing impurities or precipitates, such as Cr-rich
ones.

Fig. 8 shows the microstructural features across the interface and
Fig. 9 also shows the chemical analysis maps in this region. Just below
the interface, a martensitic microstructure is observed on the steel side.

Fig. 6. The interface between steel and bronze parts (a): OM image, (b): back
scatter image, as well as EDS analysis.

This is followed by a narrow interfacial layer, approximately 10-15 pm
thick, above which a dendritic structure appears.
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CuK ——————— 200 nm Fe K ————— 200 nm crk

(i)

Mn K ——————— 200 nm SiK

Fig. 7. TEM analysis of the crack tip (a): FIB sample (b): STEM image, (c-i): The EDS maps for different alloying elements.

Bronze

Interface

Steel

Phase Fraction
I Cooper 0.249
I ron (Alpha)  0.751

Fig. 8. Microstructure transition at the interface of steel and bronze (a) and (b): SE—SEM images, (c): BD-IPF image, (d): Phase map analysis, green BCC, red FCC.
(For interpretation of the references to colour in this figure legend, the reader is referred to the Web version of this article.)

The interfacial layer, which is the first distinct feature observed
above the steel region, exhibits a sharp interface with the martensitic
steel layer. This layer has an average chemical composition (wt%) of Fe:
75.7, Cr: 13.6, Cu: 4.5, Ni: 3.3, Mn: 1.5, and Al: 1.1, indicating it is rich
in Fe and likely formed as a transition zone between the steel and the
overlay. The EBSD analysis also confirmed the BCC structure of this
layer, cf. Fig. 8d. Above this interface layer, the microstructure consists
of an FCC a- matrix with a composition of Fe: 16.3, Cr: 2.9, Cu: 75.4, Ni:

3.3, Mn: 1.4, and Al: 2.9 (wt%), containing a high volume fraction of Fe-
rich columnar-dendrites. These large dendrites, known as k; [16], which
grow in the direction of the build, i.e. the maximum temperature
gradient, exhibit an average composition of Fe: 72.4, Cr: 11.5, Cu: 6.5,
Ni: 3.4, Mn: 1.7, and Al: 2.4 (Wt%).

As shown in Fig. 8¢, the columnar-dendritic structure originates from
the interfacial layer and exhibits the same crystallographic orientation.
This crystallographic continuity was confirmed by superimposing wire-
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Fig. 9. The EDS chemical analysis across the interface of the bimetallic sample.

frame crystal representations on the EBSD map. The analysis reveals that
the roots of the primary dendrite arms are located within the thin
interfacial layer, from which they grow epitaxially along the building
direction (BD). The matrix surrounding the dendritic structure reveals a
face-centred cubic (FCC) structure, cf. Fig. 8d. Quantitative analysis
indicates that the k; phase represents approximately 29% of the overall
microstructure of the bronze deposition.

As the distance from the interface increases, a transition in the
microstructure is observed, as illustrated in Fig. 10. The initially large,
columnar-dendritic structures are progressively replaced by smaller,
globular and more equiaxed features of k; phase [17] [18], with an
average composition of Fe: 71.1, Cr: 0.4, Cu: 8.4, Ni: 2.9, Mn: 2.1, and
Al: 4.1 (wt%), cf.Fig. 10b. These structures are embedded within an FCC
matrix exhibiting a composition of Fe: 4.0, Cr: 10.6, Cu: 76.9, Ni: 3.3,

Fig. 10. The microstructure of the bronze part at the height of 1 mm from the interface (a): SEM image of the transition in microstructure (b) and (c): SEM images

with higher magnification (d): BD-IPF image (e): phase analysis image.
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Mn: 1.8, and Al: 3.4 (wt%). The literature reports that kj is based on
FesAl whereby Ni, Cu and Mn substitute for iron [19]. Additionally, a
eutectoid-like microstructure is observed in certain areas, cf. Fig. 10c,
along with the presence of fine precipitates located at the grain
boundaries of the a-matrix. This eutectoid feature is known as o + kg
mixture, which is formed from the reaction of f— a+ kp. The ky is
reported to be the intermetallic of NiAl [20] with minor solubility of Cu,
Fe and Mn. It has been reported that by increasing the cooling rate, the
temperature of the eutectoid reaction is decreased, resulting in a finer
eutectoid microstructure [4]. The fraction of the BCC structure was
measured to be 8% and reduced compared to the zone closer to the
interface. The EDS map also confirmed the high concentration of Ni and
Al in the region of this eutectoid mixture. The grain size of the FCC
matrix was measured as 159.6 + 81.6 pm.

At a larger distance of the interface in the bronze part, it is observed
that the microstructure will also change. Fig. 11 shows the microstruc-
ture at a distance of 3.8 mm from the interface. It is observed that the
grain size of the matrix is refined compared to the region just above the
interface, exhibiting an average grain diameter of 28 + 14 pm. The
fraction of BCC phases has also decreased to 3%. In this region, the
microstructure consists of a-dendrite, globular k; and lamellar kj
phases. Fig. 11d shows the microstructure with higher resolution. It is
seen that very fine precipitates have formed within the o-dendrites.
These fine precipitates are known as k;y phase. Some remaining  phases
were also observed at grain boundaries as well as some twin boundaries.
The presence of these twin boundaries is attributed to recrystallisation
occurring during the deposition of the copper alloy. The high residual
stresses can lead to localized plastic deformation, while the repeated
thermal cycles from subsequent layer deposition act as a form of heat
treatment, promoting recrystallisation.

Materials Science & Engineering A 961 (2026) 150140

At a distance of 4 to 5 mm from the interface, the microstructure is
somewhat stabilized and remains stationary. Fig. 12 shows the micro-
structure of the last deposited layer, revealing that coarse grains of
a-phase with a Widmanstatten morphology are the dominant structure.
Moreover, some retained § and kj phases are seen within the
microstructure.

The EDS analysis also confirmed the enrichment of p regions with Ni
and Al, cf. Fig. 12d.

3.2. Texture development

To analyse the crystallographic texture in the manufactured struc-
ture, the EBSD data were analysed. Fig. 13a shows an EBSD map in the
middle height of the steel part. In this figure, the distinct microstructures
of the melt pool and HAZ are clearly visible. The relevant pole figures, cf.
Fig. 13b, show that this microstructural site exhibits a weakened texture.
This is probably because of the successive solid-state phase trans-
formations between high temperature and low temperature phases
occurring during cooling of the steel structure.

Fig. 14 shows crystallographic texture analysis of two sequential
layers in the NAB deposition. Fig. 14a presents the BD-IPF map, illus-
trating distinct crystallographic orientations between the top and bot-
tom layers. The bottom layer is predominantly characterized by green
colour, indicating a dominant <110>//BD orientation, whereas the top
layer exhibits a more heterogeneous and multi-colored pattern, reflect-
ing a wider range of orientations.

Fig. 14b and c provide the corresponding PFs and IPFs for the top and
underlying layers, respectively. In the top layer, Fig. 14b, the PFs show
nearly uniform intensity distributions, with a maximum pole density of
only ~2, indicating a weak or nearly random crystallographic texture.

Fig. 11. The microstructure at a height of 3.8 mm from the interface (a), (b), (c), (d): SEM images (e) BD-IPF image (f): Phase map results.
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Fig. 12. The microstructure of the last deposited layer of bronze. (a): BD-IPF image (b): phase analysis image (c) and (d): SE—SEM images (e) EDS analysis of the area

which is defined in (d).

The IPFs further support this, revealing no dominant crystallographic
orientation along any of the three principal directions.

In contrast, the underlying layer, Fig. 14c, exhibits a noticeably
stronger texture, with a maximum pole density of ~6.6. The PFs show
preferential alignment of <101> and to a lesser extent <111> di-
rections with the BD, whereas the <111> direction is aligned with WD.
The IPFs confirm a more pronounced fiber texture, with grains prefer-
entially oriented along <101>//BD and <111>//WD.

3.3. Mechanical properties

Fig. 15 shows the microhardness measurement results across the
bimetallic interface.
On the steel side, the hardness value fluctuates between 340 and 380

HV. This fluctuation continues up to approximately 5 mm from the
interface. These variations in hardness are attributed to the presence of
distinct microstructural zones, such as the melt pool and HAZ. In the
final two deposited steel layers, the hardness drops to a stable value of
350 HV. At the interface, a sharp drop in hardness is observed, from
approximately 350 HV to 250 HV. Moving further into the NAB region,
the hardness continues to decline, reaching a minimum of around 170
HV at ~16 mm from the sharp interface. This is followed by a slight
increase to approximately 220 HV, after which a gradual decrease in
hardness is observed toward the final deposited layers. The decrease in
hardness in the NAB after the interface is attributed to a lower level of
iron-rich constituents.

Fig. 16 and Table 3 present the engineering stress—strain curves and
the corresponding tensile properties obtained from uniaxial tensile
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Fig. 14. (a): BD-IPF map of the bronze side at a height of 17 mm from the interface (b): The relevant PFs.
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Fig. 15. The hardness variation across the interface of the bimetallic structure.
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Fig. 16. The stress - strain behaviour obtained from tensile tests of steel, bronze and bimetallic samples.

Table 3
The mechanical properties derived from the tensile test measurements.

Material UTS (MPa) Uniform Elongation (%) Total Elongation (%)
Steel 1045 + 7 4+0.5 7.4 +1.4
NAB alloy 561 + 29 19.2 + 3.6 20.8 + 3.6
Bimetal 587 + 23 11.7 £ 0.8 12+1.2

testing. It should be noted that the NAB region exhibits a pronounced
microstructural gradient along the build direction. Therefore, the tensile
properties reported in Fig. 16 represent an effective macroscopic
response of the NAB material observed macroscopically in a defined
region of the build, rather than a spatially resolved assessment of each
microstructural zone. As such, the measured strength and ductility
reflect an average homogenized response that integrates contributions
from different k-phase populations and matrix morphologies within the
gauge length. It is important to note that the NAB tensile specimens were
obtained from the upper section of the NAB build, positioned several
millimeters away from the steel-NAB interface. In this region, the
microstructure had stabilized and dilution effects from the steel sub-
strate were minimal.

The steel and NAB samples exhibited ultimate tensile strengths (UTS)
of 1045 + 7 MPa and 561 + 29 MPa, respectively. The total elongation
at fracture was 7.4 + 1.4% for the steel and 20.8 + 3.6% for the NAB
specimens.

The steel samples also exhibited pronounced necking before fracture,
indicating a high degree of localized plastic deformation after the onset
of necking. Such necking stability is not common in martensitic stainless
steels, which are typically characterised by limited ductility and early
fracture. The presence of retained austenite, which was quantified by
EBSD, may contribute to sustained work hardening during tensile
deformation via a TRIP-assisted mechanism, thereby delaying strain
localization and localized necking. However, it should be noted that the
rather small fraction of retained austenite (~3.5%) cannot provide a
dominant contribution to work hardening through a TRIP-assisted
mechanism. Instead, the observed behavior can also be attributed to
the microstructural heterogeneity introduced by the WAAM process,
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including variations in grain morphology and phase distribution. These
heterogeneities can promote strain partitioning and progressive plastic
deformation, thereby delaying strain localization and enhancing
necking stability. The bimetallic sample demonstrated a UTS of 587 +
23 MPa and a total elongation of 12 + 1.2%, indicating its mechanical
performance lies between that of the steel and NAB materials. The
extended post-necking deformation was not observed in NAB or the
bimetallic samples. In the bimetallic samples, it was observed that the
failure location is always on the bronze side. To gain a better under-
standing of the deformation process, DIC was also conducted during
tensile tests of which the results are summarised in Fig. 17.

For the steel sample, Fig. 17a, the evaluation of the strain field, in the
X direction, begins with an initially uniform distribution across the
gauge length. As the loading progresses, the strain starts to concentrate
in certain bands. With further increasing load, the higher concentration
occurs in one of these bands, and ultimately, fracture occurs in that
band. The strain concentration in bands is observed in those bands until
the fracture. For NAB samples, Fig. 17b, strain is started in a uniform
manner, and as deformation proceeds, a gradual increase in strain
concentration is observed along the gauge section. Unlike the steel
samples, this specimen exhibits a more diffuse strain localization over a
broader zone before necking fully develops. The peak strain for the NAB
sample was 0.7, which is higher than that observed for the steel sample,
indicating higher plastic deformation before fracture. For the bimetallic
samples (Fig. 17¢), the strain initially remains uniformly low throughout
both the steel and NAB regions, points 1 and 2 on the stress-strain curve.
As loading increases, strain localization begins in the softer bronze
section, while the steel region shows limited deformation, point 3. At
higher strains, points 4 and 5, the bronze undergoes significant plastic
deformation, with the strain concentrating near the upper gauge length,
while the interface does not fail. The final frame shows that failure
initiates in the bronze region, well away from the interface at the
beginning of the stabilized NAB zone, where the microstructure is
dominated by Widmanstdtten morphology, suggesting efficient load
transfer across the interface of dissimilar materials under the uniaxial
loading conditions.

Fig. 18 shows the fractography of the fracture surfaces of the tensile
test samples. The steel fracture surfaces, Fig. 18a—c, display a ductile
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Fig. 17. The DIC results for tensile test samples, (a): Steel, (b): NAB and (c): Bimetallic sample.

fracture mode, with conical equiaxed and fine dimples covering the
surface. This indicates the formation and coalescence of microvoids.

In the NAB, the fracture surfaces (Fig. 18d-f) also exhibit areas
covered with dimples. Besides dimples, smooth facets perpendicular to
the tensile direction (highlighted by red arrows), which are surrounded
by tear ridges (yellow arrows), are also visible on the surface, indicating
the brittle fracture. Additionally, some microcracks are also observed in
the facets (green arrows). These cracks are formed after passing the main
cracks during fracture, and are considered secondary cracks. The pres-
ence of secondary cracks is another feature of brittle fracture. It has been
reported that in NAB alloys, they occur at the boundary between a grains
and lamellar eutectoid structure (o« + Kj;) and propagate along phase
interfaces [21]. In the bimetallic sample (Fig. 18g-i), the fracture sur-
face morphology closely resembles that of the NAB sample; however,
qualitative observations show a greater presence of brittle features,
suggesting a higher contribution of brittle fracture during tensile
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loading. This may be related to the distinct microstructural context at
the fracture location. In the bimetallic specimen, fracture initiation
occurred at the onset of the stabilized NAB region, whereas in the
monolithic NAB sample it occurred at higher build heights within a more
uniformly stabilized microstructure. Consequently, the NAB region
involved in fracture in the bimetallic sample contains a higher fraction
of intermetallic and secondary phases, in addition to the FCC Cu-based
matrix. The presence of these harder, less deformable phases promotes
local strain localization and early damage initiation, which can reduce
the extent of ductile deformation and result in a higher proportion of
brittle-appearing features on the fracture surface than in the monolithic
NAB sample.
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Fig. 18. The SEM images of the fracture morphologies of tensile test samples, (a), (b), (c): steel samples, (d), (), (f): NAB sample and (g), (h), (i): bimetalllic sample.

4. Discussion
4.1. Microstructure formation

Although detailed thermal history data (e.g., in situ temperature
measurements or modeled heating and cooling rates) were not acquired
in this study, the microstructural evolution is interpreted in the context
of the characteristic thermal cycling inherent to the WAAM process.
WAAM is known to involve repeated heating and cooling cycles, steep
thermal gradients, and non-equilibrium solidification, which strongly
influence phase formation, grain morphology, and elemental redistri-
bution. The discussion, therefore, focuses on correlating the observed
microstructural trends with these established thermal characteristics
rather than with explicitly measured thermal histories.

4.1.1. Stainless steel side

The microstructure of the 410 NiMo stainless steel part shows a
predominant martensitic structure along with other phases such as
S-ferrite, a-ferrite, and retained austenite. The microstructure of the
melt pool was identified as martensite and retained §-ferrite, cf. Fig. 4a,
b and i. The development of this microstructure relates to solidification
and solid-state phase transformations occurring in this region. The
transformation path for the melt pool is as follows:

L — L+ 6§ (ferrite) > 5 — 6 +y (austenite) — 5 + M(martensite) 1)

The melt pool solidifies as 5-ferrite, and by the end of solidification,
the microstructure is entirely d-ferrite. With further cooling in the solid
state, the &-ferrite transforms into austenite, which then converts to
martensite upon additional cooling. Notably, some parts of the &-ferrite
phase formed at the end of solidification may be enriched with ferrite-
stabilising elements like Cr and Mo. Consequently, this ferrite does not
transform into austenite during cooling and remains present in the final
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microstructure alongside martensite. Therefore, the final microstructure
of the melt pool consists of martensite and &-ferrite, as observed in
Fig. 4b and c. Other researchers [22] [23] [24] have also reported such
microstructure during the additive manufacturing of 410 stainless steel.

The material surrounding the melt pool, i.e. the HAZ, experiences
only heating and cooling cycles. Depending on the peak temperatures
reached in various sub-regions, different microstructures may develop.
The initial microstructure in this region is the melt pool, which consists
of martensite and retained §-ferrite. When the temperature exceeds the
ferritization temperature (Acy), 8-ferrite forms during heating. At such
high temperatures (1230°C for the proposed steel), diffusion is suffi-
ciently enhanced, even if the exposure time is short, to dissolve the
initial 8-ferrite. This explains the absence of &-ferrite in the micro-
structure of this region [25]. So, the retained -ferrite in the initial
microstructure dissolves, and upon cooling, austenite forms. With
further cooling, the microstructure becomes fully martensitic (cf. Fig. 4d
and e). Another notable point is that the cooling rate in the HAZ is
significantly lower than in the melt pool, allowing sufficient time for
§-ferrite to transform into ferrite during cooling.

If the peak temperature is not sufficient for ferritisation but is higher
than austenisation (approximately 730 °C), austenite forms during
heating and, after cooling, transforms into martensite. When partial
austenisation occurs, a-ferrite also forms during heating together with
austenite and remains in the microstructure after cooling, cf. Fig. 4f and
g. Additionally, in these regions, the temperature and time conditions
are not high enough to dissolve the initial §-ferrite, so it remains in the
microstructure. If the temperature is below austenisation, no austenite
forms, and only the initial microstructure experiences tempering,
resulting in tempered martensite and residual §-ferrite.

One interesting aspect of the steel microstructure is the lack of
coarse-grained structures in HAZ, which are often seen during the
welding of this group of steels [26]. One reason may be the presence of
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inclusions in the microstructure of printed steel, arising from undesir-
able chemical reactions in the melt pool. To investigate this hypothesis,
TEM analysis was performed on steel samples, as shown in Fig. 19. The
chemical analysis revealed the presence of fine silicon and manganese
oxide particles, which result from the oxidation during WAAM. These
oxide particles serve as barriers that pin the grain boundaries, pre-
venting their movement and suppressing grain growth, ultimately
leading to a fine-grained microstructure [27,28].

4.1.2. Interface and NAB side

The microstructure of NAB alloys depends on their chemical
composition and the thermal path experienced during cooling. The so-
lidification of the proposed NAB alloy starts with the solidification of a
dendrites from the liquid. Then, at the temperature of 1030 °C, a portion
of the a-phase experiences the peritectic reaction of L+ a— f to form the
p phase in interdendritic regions. Because of the high tendency of
alloying elements to segregate into the liquid, especially Fe, the last
portion of liquid which solidifies has a higher level of alloying elements.
This can cause the formation of large and rossette-like k; particles, which
are based on FegAl, in interdendritic regions. It is noticeable that at high
cooling rates, the segregation of elements will be restricted and the
formation of the k; phase is suppressed. This is the reason that re-
searchers have reported the absence of k; phases in the microstructure of
additively manufactured NAB alloys [29] [30].

After solidification, the alloy undergoes solid-state phase trans-
formations upon cooling, the first of which is entering the a + f region.
In this region, the k; phase is formed at the interface of a and p during
cooling. Like k;, the k;; phase is also based on FesAl, but its particle size is
smaller.

After that, at temperatures around 800 °C, the eutectoid reaction of
p—a + kg consumes the p phase. This results in the formation of a
lamellar structure of kj; + o in interdendritic regions where the initial
was present. The ky phase is a Ni-rich phase based on NiAl. If the cooling
rate is high, then not all the p experiences the eutectic reaction, and
some of it remains in the microstructure.

Finally, upon further cooling, fine k;y phase particles precipitate and
become uniformly dispersed within the primary a dendrites. The k;y
phase is based on FegAl and are formed as the solubility of iron in o is
exceeded. They precipitate at the center of the « grains, as this region
remains unaffected by local iron depletion associated with the formation
of k; or kj; phases.

In WAAM, cooling rates are high enough to suppress high-
temperature k; precipitation but insufficient to fully inhibit ki, kp,
and kjy formation. As cooling rate slows with decreasing temperature,
intermediate-temperature precipitations are more likely to occur.
Therefore, ky v phases still form via solid-state transformations in
WAAM-NAB.

Accordingly, the microstructure of the proposed NAB alloy is
generally expected to comprise a-phase grains accompanied by various
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K phase precipitates. However, due to complex thermal cycling
accompanied by WAAM and local variations in chemical composition
arising from dilution effects, the resulting microstructure exhibits spatial
heterogeneity. It is notable that the k-phases in NAB alloys are ordered
intermetallics derived from the BCC lattice (e.g., B2 or DOj structures);
however, due to their similar crystal symmetry and the limited sensi-
tivity of conventional EBSD, a clear crystallographic distinction between
individual k-phase types cannot be reliably established using EBSD
alone. So, in the present study, k-phases were primarily distinguished by
their morphology, size, spatial distribution, and region of formation.

During deposition of the first NAB layer on the steel substrate, a
portion of the substrate remelts and mixes with the molten NAB. The
complex interaction involving melting, mixing, diffusion and solidifi-
cation under non-equilibrium conditions governs the formation of the
interface between NAB and SS. Considering the binary phase diagram of
Cu-Fe, there is a miscibility gap, which implies that the Fe-Cu liquid
separates in an Fe-rich and a Cu-rich liquid during cooling [31].
Accordingly, it is logical to consider that the liquid containing NAB and
SS undergoes a liquid separation during cooling. Another factor that can
corroborate the separation of SS and NAB is the different surface ten-
sions of the SS and NAB phases. Additionally, this is intensified by high
cooling rates accompanied by additive manufacturing, especially at the
bottom of the melt pool with increased cooling rate. It is noticeable that
the separation of the Cu-rich and Fe-rich liquid phases does not preclude
interfacial interaction between them. Even after phase separation,
chemical exchange may occur before solidification, as evidenced by the
presence of Cu and Al, originating from the NAB side, within the so-
lidified interface layer. The incorporation of these elements cannot be
solely attributed to post-solidification diffusion, indicating that inter-
diffusion between the immiscible liquid phases likely occurred before
starting solidification. In fact, during mixing, both liquids can dissolve
into each other, which results in the enrichment of the SS liquid with Cu
and Al, while the NAB liquid dissolves Fe, Cr, and Ni from SS. Given the
higher melting point of stainless steel (Fe-rich phase) compared to NAB
(Cu-rich phase), the Fe-rich dendrites are the first to solidify from the
melt. Subsequently, the Cu-rich NAB solidifies in the interdendritic re-
gions. This explains the microstructural observation in the first depos-
ited layer of NAB, cf. Fig. 8, where Fe-rich dendrites are embedded
within a Cu-rich matrix occupying the interdendritic spaces.

Li et al. [17] have also reported the formation of such an interface
and dendrites during printing a NAB alloy on top of 15-5 PH steel using
laser-powder directed energy deposition whereby they showed the
presence of Fe and Cr-rich phases. Hassan et al. [16] who studied the
microstructure of NAB alloys, have reported the formation of large
dendritic particles in the microstructure of as-cast NAB alloys that
contain a high level of Fe. They also reported that these k; dendrites
contain small precipitates which are rich in Cu. To check this, the TEM
analysis was done, which confirms the formation of these Cu-rich pre-
cipitates within k; dendrites, cf. Fig. 20.

Fig. 19. (a) and (b): STEM images of inclusions formed within the microstructure of the steel part (c): Chemical analysis of inclusion particle in image (b).
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Fig. 20. STEM image of the microstructure of k; dendrites in the first deposited
layer of NAB, showing the formation of Cu-rich precipitates in k; dendrites.

In the second and further deposited layers of bronze, the k; phase is
no longer observed; instead, other k phases emerge, cf. Figs. 10-9. The
absence of the k; phase is primarily attributed to the reduced Fe con-
centration in these layers, which results from decreased dilution effect
[30]. In fact, the newly deposited NAB is mixed with a previously
deposited substrate that is already diluted and thus contains lower
amounts of stainless steel alloying elements. This leads to a gradual
reduction in Fe and Cr concentrations in the matrix with increasing
distance from the interface, thereby reducing the formation of the k;
phase.

In regions unaffected by dilution, about 4 mm away from the inter-
face, the microstructure of the NAB layers begins to stabilize, exhibiting
a Widmanstatten o structure accompanied by minor amounts of retained
B phase, kyr and kyy precipitates (cf. Fig. 12). Other researchers [32] [33]
have also reported these microstructures during WAAM of NAB.

One interesting phenomenon observed in the microstructure of the
NAB/SS bimetallic structure was the presence of LME. Other researchers
have also observed the presence of LME cracks at the interface during
the additive manufacturing of Cu alloys on top of stainless steels [34]
[35]. The occurrence of LME results from the simultaneous presence of
three factors: (i) an aggressive liquid, (ii) a susceptible solid, and (iii)
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tensile stresses [36]. In the present case, it occurs when the copper-based
liquid in direct contact with the solid steel structure penetrates the grain
boundaries of steel in the presence of tensile stresses. The authors have
explored this phenomenon in this particular case, which can be found in
Ref. [37].

4.2. Texture development

Texture analysis based on EBSD measurements revealed differences
between the stainless steel (SS) and NAB regions. As shown in Fig. 13,
the steel microstructure exhibits a weakened texture. This is primarily
attributed to solid-state phase transformations occurring after solidifi-
cation. Given that martensite constitutes the predominant microstruc-
ture in the steel region, reconstructing the prior austenite phase and
analysing its texture is essential to better understand the texture evo-
lution. The reconstruction was performed using the Greninger-Troiano
(G-T) orientation relationship. This orientation relationship was chosen
based on examination of the interfaces of retained austenite phases,
which showed that most of them adhered to the G-T relationship. Fig. 21
presents the reconstructed austenitic microstructure together with its
PFs. Notably, the austenitic structure also exhibits a weak texture.
Considering the sequence of solid-state transformations, the §-ferrite is
formed as the primary solid phase, which subsequently transforms into
austenite. This diffusive phase transformation can significantly alter or
even destroy the initial texture established in the 8-ferrite phase.

For the NAB part, it was observed that some deposited layers have a
textured microstructure. As the o phase is the primary phase that so-
lidifies from liquid, and it remains in the microstructure till room tem-
perature, it is expected that the final microstructure could have a
textured microstructure. It is noticeable that the two analysed layers
have almost the same microstructure predominantly consisting of
Widmanstatten o as well as some K precipitates. However, it was
observed that the last deposited layer has a weakened texture, while the
next-to-last layer exhibits a strong <101>//BD texture. Development of
the latter has been reported during AM of some metallic alloys [38] [39]
[40]. During solidification, the grain orientations are selected based on
the local thermal gradient. Accordingly, the shape (or geometry) of the
melt pool is a determining factor for texture development during WAAM
and also other AM processes. In the cases that deposition parameters
result in a shape of the melt pool with a near semicircular cross section,
substantial portions of the solid-liquid interface are oriented at angles of
approximately 45° relative to the BD. This geometry favours the crys-
tallographic orientations in which the <110> direction is aligned with
BD [41].

The observed texture transition in the final deposited layer of NAB
can be attributed to the distinct solidification conditions. The use of a

Fig. 21. Reconstructed austenite structure relevant to Fig. 13 and its corspodense PFs.
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weaving deposition strategy introduces layer-to-layer variations in the
scanning direction, which in turn alters the orientation of thermal gra-
dients. As the deposition sequence progresses, the overall cooling rate
tends to decrease, further modifying the local solidification dynamics.
Additionally, unlike the layers beneath, the last layer does not experi-
ence any thermal cycle from the subsequent deposited layers above.
These combined factors, reduced cooling rate, absence of overlying heat
input, and directional changes in scanning, can promote a shift from a
more equiaxed dendritic morphology that influences the crystallo-
graphic texture, thereby producing the distinct texture evolution evident
in the final layer, as illustrated in Fig. 14. The potential influence of the
observed fiber texture on the anisotropy of mechanical behavior re-
quires further investigation.

4.3. Mechanical properties

The hardness gradient observed across the NAB region (Fig. 15) can
be understood by considering the combined microstructural features. In
the region immediately following the interface (Fig. 9), the micro-
structure is strongly influenced by dilution and contains a relatively high
fraction of k; phase embedded in a Cu-based FCC matrix. Due to dilution,
the FCC matrix is highly alloyed, thereby increasing its hardness through
solid-solution strengthening. The combined presence of hard k; phases
and a strongly alloyed FCC matrix therefore accounts for the higher
hardness observed in this region. With increasing the distance from the
interface, the total fraction of k phases is decreased as a result of the
reduced Fe content associated with the diminishing dilution effect. In
addition, the concentration of alloying elements in the FCC matrix de-
creases, and the matrix composition approaches that of the nominal
NAB, resulting in reduced solid-solution strengthening and, conse-
quently, lower hardness. Although grain size decreases, its contribution
is insufficient to compensate for the reduction in hardness resulting from
the decreased phase fraction and matrix softening. Further along the
NAB region (Figs. 11 and 12), the microstructure stabilizes, with a
predominance of the FCC matrix, a reduced contribution of hard sec-
ondary phases, and a more uniform grain morphology, corresponding to
the continuous decrease and stabilization of hardness. When designing
bimetallic structures, regardless of the production method, it is crucial
that the interface between the two different materials possesses suffi-
cient bonding strength to withstand the applied stresses without failure.
In such cases, failure occurs on one side of the interface during loading
rather than within the interface itself. This implies that the bonding
strength of the interface is higher than that of the weaker or softer
material.

Regarding the hardness results, cf. Fig. 15, it is reasonable to assume
that the present bimetallic is generally made up of a hard steel compo-
nent and a soft bronze component, as well as an interface between them.
The deformation behaviour of the bimetallic samples under tensile
loading can be divided into three stages: (i) elastic deformation in both
steel and NAB regions, (ii) yielding and plastic deformation in the NAB
alloy while steel remains in the elastic regime, and (iii) final fracture
occurring within the NAB side. This progression is consistent with the
difference in yield strength between the two alloys; the NAB alloy yields
and deforms plastically much earlier, while the steel remains largely
undeformed until failure. This behavior can be attributed to the signif-
icant strength mismatch between the two materials. The 410NiMo
martensitic stainless steel exhibits a substantially higher yield strength
(=950 MPa) and elastic modulus (=200 GPa) compared to the NiAl
bronze alloy (YS =~ 240 MPa, E ~ 120 GPa). Consequently, under tensile
loading, plastic deformation is preferentially initiated and localized in
the NAB region, which reaches its yield point at much lower stress levels.
As a result, the NAB undergoes significant strain accumulation and
eventually fails before the stress intensity at the LME crack tips in the
stainless steel can reach the critical threshold required for crack prop-
agation. From the stress-strain response, it is evident that the elastic
deformation of the bimetallic samples mirrors that of the NAB alloy
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more than steel, which is reasonable given that the NAB side accom-
modates most of the strain. However, the total elongation of the bime-
tallic sample is significantly lower than that of the monolithic NAB
sample, despite the localized deformation. This discrepancy is attributed
to the fact that strain is concentrated primarily within the softer bronze
region, which spans only half the gauge length. Thus, elongation
calculated over the full gauge length underestimates the localized
ductility of the NAB region.

It can be noted that the presence of LME cracks at the interface may
have important implications for the in-service performance of the
bimetallic component. Although these cracks did not lead to interfacial
failure under monotonic tensile loading in the present study, they
represent localized regions of reduced cohesion that can act as stress
concentrators. Under service conditions involving cyclic loading, shear
stresses, or multiaxial stress states, such defects may promote premature
crack initiation and accelerate crack propagation along grain boundaries
in the steel adjacent to the interface. In addition, residual stresses
introduced during the WAAM process may further exacerbate crack
growth from LME-affected regions. Consequently, although the interface
demonstrates sufficient load-bearing capacity under the investigated
loading conditions, the presence of LME suggests that the long-term
durability and fatigue resistance of the bimetallic structure could be
compromised if these defects are not mitigated. Future studies focusing
on fatigue behavior, crack growth kinetics, and process optimization to
reduce LME susceptibility are therefore necessary to fully assess the
component's suitability for demanding service environments.

5. Conclusions

This work provides a detailed assessment of the microstructure,
texture, and mechanical behaviour of a WAAM-fabricated NAB/410
NiMo stainless steel bimetallic structure. The results reveal strong links
between thermal history, dilution, and alloy chemistry in controlling
phase evolution, texture selection, and interfacial integrity. These
findings offer valuable guidance for optimising WAAM parameters in the
manufacture of high-performance multi-material components. Some of
the key results are as follows:

1 The NAB/stainless steel bimetallic part was produced using
WAAM-GMAW. No lack of fusion, solidification cracking, or porosity
was detected at the interface. The only interfacial defect observed
was localized LME cracking. These cracks are attributed to liquid
bronze penetration along grain boundaries of stainless steel under
thermally induced tensile stresses. Although limited in extent, LME
represents the governing interfacial degradation mechanism and
must be considered in process optimization to ensure long-term
structural reliability.

2 The stainless steel region solidified primarily into martensite with
some d-ferrite, a-ferrite and retained austenite. The structure of the
steel was also further refined by grain boundary pinning from fine
oxide inclusions. A distinct Fe-rich body-centred cubic (BCC) layer
~10-15 pm thick formed at the NAB/steel boundary. The NAB re-
gion consisted of a-phase grains accompanied by multiple K phase
precipitates. Precipitate fraction and morphology varied along the
build height because of different thermal cycles and varying level of
dilution from the steel substrate.

3 EBSD analysis showed weak texture in the stainless steel due to
successive solid-state transformations. In contrast, NAB exhibited a
textured microstructure with strong <101>//BD fibre texture. The
final NAB layer displayed weaker, more random texture, attributed
to reduced cooling rate, absence of overlying thermal input, and
altered scan directions from the weaving strategy.

4 The bimetallic structure achieved an ultimate tensile strength of
~587 MPa and total elongation of ~12%, with fracture consistently
occurring in the NAB region away from the interface. Hardness
showed a gradual transition from ~350 HV in the steel to ~170 HV
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in NAB. Digital image correlation confirmed that strain localised
predominantly in the NAB, while the steel portion remained elastic
until failure.
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