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The problems of chemistry and biology can be greatly helped if our ability
to see what we are doing, and to do things on an atomic level, is ultimately

developed – a development which I think cannot be avoided.

Richard P. Feynman
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Chapter 1

Introduction

1.1 Nanocrystals and Heteronanocrystals with Diverse
Morphologies

Nanotechnology, inspired by Feynman’s lecture [1] ‘There is plenty of room
at the bottom’, has rapidly developed as one of the most advanced topics
in science and technology in the 21th century. Nanostructured materials
have been used by scientists in almost every research field in physics and
chemistry, and are increasingly studied in geology, biology, and the health
sciences as well. If materials have a size at the nanoscale (1 ∼ 100 · 10−9

m), they can easily enter living organisms and can be used in drug delivery
and bio-sensing [2]. Compared to macroscopic materials, nanosized materi-
als usually have special size- or shape-dependent mechanical, optical, and
electronic properties [3, 4]. Nanomaterials have been used in the develop-
ment of superhard materials, solar cells, and high-performance electronic
devices [3–6]. The large surface-to-volume ratio enhances surface properties
of nanomaterials, enabling broad application of nanomaterials in surface
catalysis, surface gas adsorption, and cation exchange process. [7–9]. Due to
these special and novel properties of nanomaterials, it is not difficult to un-
derstand the scientists’ enthusiasm for developing and improving high-yield
fine-controlled synthesis and postsynthsis methods [10–12].
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In this thesis, we focus on several II-VI and IV-VI semiconductors, in-
cluding ZnO, CdS, CdSe, PbS, and PbSe. These materials are all ionic
crystals and popular candidates for the synthesis and design of nanostruc-
tures. Here, we briefly introduce several most commonly used synthesis
and postsynthesis methods for these semiconductor nanocrystals. The hot
injection (HI) method [13] being capable of yielding nearly monodisperse
particles, is one of the most efficient and well-known synthesis methods for
metal, semiconductor, and oxide NCs. In a HI process, precursors contain-
ing cations and anions are injected into a reactor at high temperature [13]
(see Figs. 1.1 a-b). The fast mixing and high reaction temperature enable
instantaneous formation of nuclei which further grow at the expense of
the excess cations and anions in solution [14]. The size, shape and crystal
structure of the produced NCs can be controlled by the types of ligand and
solvent, and the reaction temperature and reaction time [14] (see Figs. 1.1
f-g).

Seeded growth (SG) is similar to the HI method, whereby new layers
of material grow on top of existing NCs (seeds) by a multi-injection pro-
cess [15]. Since seeds are required in a SG experiment, the SG method
is often combined with a HI process. The morphology of heteronanocrys-
tals (HNCs) is controlled by the structure and morphology of the seed
NCs [15, 17]. For example, Manthiram et al. [15] report that a CdSe/CdS
dot-in-rod nanostructure is synthesized using CdSe seeds with the wurtzite
(WZ) structure, while CdSe/CdS branched nanostructures are synthesized
if the CdSe seed NCs have the zinc blende (ZB) structure. Using the SG
method, a number of HNCs with novel morphologies can be successfully
synthesized, including teardrop-like NCs (Fig. 1.1 h), dumbbell-like HNCs
(Fig. 1.1 i), and multipod HNCs (Figs. 1.1 j-k).

Synthesized nanocrystals can also be used as building blocks and can
be connected in a controlled manner [29]. This technique has been first
named “oriented attachment” (OA) by Penn and Banfield [30]. Annealing
is often used to remove the ligands on the NC surface and activate the OA
process [29]. The preferential attachment is often determined by the size
and shape of the NCs and the different surfaces as well as ligands [23, 31, 32].
Several novel 0-D (e.g., Figs. 1.1 m, p), 1-D (e.g., Figs. 1.1 l, o), and 2-D
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Figure 1.1: (a) Illustration of a hot injection (HI) experiment, image adapted with permission
from Ref. [15] (copyright MyJoVE Corporation 2013). (b-d) Schematic representation of synthe-
sis and postsynthesis of nanostructures: (b) HI; (c) seeded growth (SG); (d) oriented attachment
(OA); (e) cation exchange (CE). The black lines show the possible combinations of these meth-
ods. (f-s) TEM/HRTEM images of ionic nanocrystals with diverse morphology synthesized using
these methods: (f) CdSe nanospheres (HI), image adapted with permission from Ref. [14] (copy-
right Wiley Online Library 2005); (g) A PbS nanocube (HI), image adapted with permission from
Ref. [16] (copyright Royal Society of Chemistry 2012); (h) A CdSe teardrop (HI+SG), image adapted
with permission from Ref. [17] (copyright American Chemical Society 2000); (i) A PbS/CdS nan-
odumbbell (HI+SG), image adapted with permission from Ref. [18] (copyright American Chemical
Society 2005); (j) CdTe/CdSe tetrapod (HI+SG), image adapted with permission from Ref. [19]
(copyright Nature Publishing Group 2004); (k) CdSe/CdS octapods (HI+CE+SG), image adapted
with permission from Ref. [20] (copyright American Chemical Society 2010); (l) Interlocked octapods
(HI+SG+OA), image adapted with permission from Ref. [21] (copyright American Chemical Society
2014); (m) Attached PbSe NCs (HI+OA), image adapted with permission from Ref. [22] (copyright
Royal Society of Chemistry 2011); (n) Honeycomb superlattices (HI+OA+CE), image adapted with
permission from Ref. [23] (copyright American Association for the Advancement of Science 2014); (o)
Helical PbSe nanowires (HI+OA), image adapted with permission from Ref. [24] (copyright American
Chemical Society 2005); (p) Nanorod couples (HI+OA+CE), image adapted with permission from
Ref. [25] (copyright Nature Publishing Group 2014); (q) A CdS/Cu2S binary rod (HI+SG+CE), image
adapted with permission from Ref. [26] (copyright American Chemical Society 2009); (r) PbSe/CdSe
dot-in-rod HNCs (HI+OA+CE), image adapted with permission from Ref. [27] (copyright American
Chemical Society 2011); (s) A PbTe/CdTe core/shell HNC (HI+CE), image adapted with permission
from Ref. [28] (copyright American Chemical Society 2009).
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(e.g., Fig. 1.1 n) nanosctructures can be synthesized using the OA method.
A third postsynthesis technique, besides the SG and OA methods, is

cation exchange (CE) [33, 34]. In a CE process, cations in the nanocrystals
are (partially) replaced by another type of cations from the surrounding
solution or vapour [33–35]. Typical CE processes include the Pb→Cd ex-
change in PbE (E = S, Se, Te) NCs [27, 28, 36, 37], Cd→Zn exchange in
CdE NCs [38], and Cd→Ag/Cu exchange in CdE NCs [9, 39–41]. The first
two types of CE processes are relatively slow and require high tempera-
tures to overcome the activation barriers, while the third type is relatively
fast and takes place spontaneously under ambient conditions [33, 34, 42].
The morphologies and structures of the productive NCs/HNCs and the
exchange mechanisms also vary among different CE processes. For example,
PbE/CdE core-shell structures formed by Pb→Cd CE have sharp PbE/CdE
boundaries [37], while CdE/ZnE core-shell structures formed by Cd→Zn
CE have wide CdxZn1−xE mixed phase layers [38]. For Cd→Ag exchange,
CE takes place from the sides of the CdE rods, whereas, in the Cd→Cu ex-
change, CE starts from the tips of the CdE rods [26]. CE is often combined
with OA and SG to synthesize nanostructures with designed structures,
shapes, and materials (see Figs. 1.1 q-s).

There are many experimental characterization techniques that can probe
and measure the physical properties of the NCs. One of the most re-
markable techniques is high resolution transmission electron microscopy
(HRTEM) that enables direct observation of the nanocrystals at the atomic
level [43] (see Figs. 1.1 f-s). The continuous development of TEM method-
ology prompts experimentalists to perform more sophisticated experiments.
For example, the innovation of microelectronic mechanical system technol-
ogy and low-drift heating holders enables the observation of phase tran-
sitions of NCs during in situ heating experiments [44]. For visualizing
heteronanostructures, high-angle annular dark field scanning transmission
electron microscopy (HAADF-STEM) enables one to distinguish different
components in a HNC by Z contrast, which is based on the different atomic
numbers of the constituent atoms [35]. The chemical composition of a
NC in a particular domain can be quantitatively measured by chemical
mapping energy-dispersive X-ray spectrometry (Chemi-STEM EDX) [35].
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There are also limitations to HRTEM experiments. Due to the fast motion
of atoms, the time resolution of HRTEM is not sufficiently high to trace
individual atom, and although nanoscale transformations can be observed
at the atomic level in HRTEM experiments, a fundamental understanding
of the microscopic mechanisms is still missing. Molecular simulations are
needed to obtain this understanding.

1.2 Molecular Simulation

1.2.1 First Principles Density Functional Theory

First principles calculations (also called ab initio calculations) is a method
to investigate materials properties based on quantum mechanics. The term
“first principles” indicates that no empirical parameters enter the calculations,
and all physical properties can be calculated solely from information on atom
types and positions. For a system consisting of many electrons and nuclei
with many-body interactions, the state of the system can be described by
the Schrödinger equation [45]:

HΨ = EΨ (1.1)

where H is the Hamiltonian operator, Ψ is the wave function of the sys-
tem and E is the energy of the system. Under the Born-Oppenheimer
approximation [45], the Hamiltonian H can be further written as:

H = T + Uei + Uee (1.2)

where T is the kinetic operator, Uei is the interaction potential due to the
nuclei, and Uee is the electron-electron interaction operator. While it is very
difficult to solve Eq. 1.1 directly, density functional theory (DFT) transforms
the problem of solving full wave functions into solving the electron density
function ρ(r). It has been mathematically proven [46] that the physical
properties of materials in their ground states are uniquely determined by
the ground state electron density, and the density that minimises the total
energy is the exact ground state density. In 1965, Kohn and Sham [47]
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devised a formalism, now called the Kohn-Sham equations, for carrying-out
DFT calculations. In 1998, Kohn was awarded the Nobel Prize in Chemistry
for his contribution to the Kohn–Sham equations and other work related to
DFT [48]. For a detailed introduction and derivation of DFT, we refer to
several classical review articles and textbooks [45, 49].

As mentioned, DFT can be adopted to calculate many physical proper-
ties including those that can be experimentally measured and those that
cannot be obtained by experiments [50, 51]. An interesting and important
example is the calculation of the effective atomic charges (charge density
population analyses) in solid materials [52, 53]. Given the electron density
of a material, “effective” charges of the ions can be calculated by integrating
the electron cloud over space. However, there is no unique definition of the
effective charges as different values of effective charges may be obtained by
integrating electron density with different boundaries [54, 55]. The Bader
charge analysis [56] (also called atoms in molecules, AIM) has a clear phys-
ical meaning. It defines the boundary of two atoms as the place where flux
of the electron density perpendicular to the surface is zero, and the effective
charge of an atom is the integration of the electron density within these
surfaces [56].

The most significant advantages of DFT calculations are its reliability
and versatility. However, its disadvantage is also obvious: the high computa-
tional cost. To date, DFT can deal with systems that contain up to roughly
1000 atoms [57, 58]. Only a few of the fastest computer facilitates in the
world are able to perform DFT calculations on such a system [57, 58]. The
longest time scale that can be reached in DFT-based MD simulations is also
very short, typically a few tens of ps [59, 60]. Therefore, if we want to model
a large system (e.g., a NC containing 10,000 atoms) or to model a system
for a long simulation time (e.g., 100 ns), performing DFT calculations is
currently not feasible.

1.2.2 Molecular Dynamics

Molecular Dynamics (MD) is a method to obtain a representative trajec-
tory of a set of interacting particles by time integration of their equations
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of motions. The particles can be atoms, molecules or groups consisting
atoms with fixed relative positions (rigid models), molecules with a reduced
resolution (coarse-grained models), or macroscopic materials (e.g., granu-
lar materials). For atomistic MD simulations, the interatomic interactions
can also be treated at different levels: They can be expressed by empirical
analytic functions (the force fields), or obtained by semi-empirical methods
such as the tight-binding method (tight-binding Molecular Dynamics) and
ab-initio DFT calculations (ab initio Molecular Dynamics (AIMD)). The
equations of motions obey Newton’s second law,

fi = miai (1.3)

where fi is the force applied on atom or particle i; mi and ai are the mass
and acceleration of atom i, respectively. The force on atom i can also be
calculated by differentiating the potential surface U with respect to the
coordinates of atom i, fi = −∂U/∂x. The time evolution of the system
can obtained by different time integration schemes, such as Verlet, velocity
Verlet, or frog leap [61, 62].

When performing a MD simulation, an appropriate thermodynamic en-
semble needs to be selected. A microcanonical NV E (the number of atoms
(N), volume (V ), and the total energy (E) of the system are conserved)
ensemble is often used, since the energy is always conserved and there is
no artificial thermodynamic operation in an NV E ensemble. However, the
total energy of a system in the NV E ensemble is determined by the total
energy of its initial configuration, therefore, the temperature and pressure
of the system are difficult to control. For realistic systems, the pressure and
temperature can be easily controlled. For this reason, the canonical (NV T )
or isothermal–isobaric (NPT ) ensembles are sometimes selected. The Nosé-
Hoover thermostat [63] is one of the most frequently used methods to control
the temperature, where one or more virtual heat baths are used to control
the temperature of the system. This extended Lagrangian method does not
affect the results of thermodynamic sampling, but may affect the dynamics
of the system. The time evolution of a system will be affected by the period
and amplitude of the coupling between the thermostat and the system. For
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a more detailed introduction and of MD simulations, we refer readers to
classical textbooks [61, 62, 64–66].

Classical MD simulations can be used to investigate physical properties
related to potential energy surfaces (e.g., crystal structures, phase transi-
tions, and diffusion), but not those related to electronic structures. Classical
MD simulations with empirical force fields allow the investigation of large
systems and at long time scales. An impressive example is a 425-ns MD
simulation with an all-atom model for a HIV-1 virus capsid consisting of
13 million atoms to investigate its stability [67]. Considering the computa-
tional capacity of current computers, these large-sized and long-timescale
simulations can only be carried out by classical molecular simulations with
empirical force fields.

1.3 Linking Molecular Dynamics simulations and
HRTEM Experiments

Molecular simulation provides the opportunity to obtain understanding of
the mechanism underlying the nanoscale transformations of NCs observed in
experiments, especially HRTEM experiments in which the transformations
can be directly observed at the atomic level [31, 68]. For systems contain-
ing more than a few hundred of atoms or for physical processes having a
time scale longer than a few hundreds of picoseconds, performing classi-
cal molecular simulations (MD or MC) with empirical force fields is more
practical than performing DFT calculations or AIMD. However, accurately
reproducing experimental observations by simulations is always difficult,
whereby the results of both simulations and experiments are determined
by many factors (e.g., the choice of simulation method, the accuracy of
the simulation, the techniques used in the experiment, the accuracy of the
experimental measurements). Here, we use two examples to discuss the key
factors linking MD simulations and HRTEM experiments.

In Ref. [69], Hu et al. investigated the crystallization process of ZnO NCs
in liquids using MD simulations with a PCRIM model [70]. ZnO is a typical
(wurtzite) WZ semiconductor. Like in other WZ materials, a wurtzite-to-
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rocksalt (WZ-to-RS) structure transition takes place in ZnO bulk materials
at large external hydrostatic pressures [71]. For ZnO nanocyrstals, this
phase transition requires a high transition pressure of about 15 GPa [72, 73].
However, Hu et al. [69] claimed that ZnO nanocrystals with the RS structure
were found after recrystallization even at zero pressure conditions. These
results clearly contradict the experimental observations that RS is not a
stable phase for ZnO crystals under ambient pressures [71].

The reason of this unanticipated result can be traced back to the force
field used by Hu et al. [69]: a transferable pairwise model [70] including
a few tens of oxides and silicates. Apparently, this model focusses on
transferability but not on accuracy for individual materials. During pa-
rameterization, the stability of the RS phase of ZnO was not included in
the training set nor in the validation set [70]. We calculated the lattice
energy of the WZ and RS phases of ZnO with this force field, and found
that energy of the RS phase at zero pressure condition calculated with this
force field is even lower than that of the WZ phase (simulation details can
be found in Chapter 2 of this thesis). Therefore, it is not surprising that
a WZ ZnO nanocrystal will transform to the RS structure only by heating
in the MD simulations [69]. Here, we conclude that using an inappropriate
force field may lead to erroneous and unphysical results.

In another example, Wang et al. [74] performed a virtual simulation ex-
periment where a single ZnO nanowire was stretched until fracture. In these
MD simulations, a novel body-centered-tetragonal (BCT) structure and a
WZ-to-BCT structural transition have been observed before fracture [74].
This new structural transition and the BCT structure had not been ex-
perimentally observed in ZnO, and therefore this study has attracted the
interests of theorists and experimentalists [57, 75–80]. Remarkably, stretch-
ing experiments [75] have been conducted on single ZnO nanowires together
with large-scale DFT calculations [57] performed for ZnO nanowire models
containing about 800 atoms. Unfortunately, the structural transition of
Ref. [74] has neither been found in the experiments nor in the large-scaled
DFT calculations [57, 75].

Do MD simulations truly predict a novel phase transition of ZnO nanowires
or is the simulation result unphysical? In the original MD paper [74], DFT
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calculations have also been used to calculated the stability of the BCT
phase. According to the DFT calculations, the relative energy of the BCT
phase with respect to the WZ phase is 0.07 eV/f.u. [74]. The force field
used in the MD simulations [81] overestimated the stability of the BCT
phase of ZnO, whereby the relative energy calculated with the force field is
about one tenth of the value found using DFT calculations [82]). However,
the efforts on looking for the BCT structure in ZnO has not weakened.
Morgan [78] has proven that, using DFT calculations, the BCT structure
has a lower energy than the WZ structure and becomes the most stable
structure in thin ZnO films. BCT domains have even been directly observed
on the edges of ZnO nanoislands as observed by HRTEM [77]. An empirical
force field is an approximation, so it cannot precisely reproduce all physical
properties of materials. The inaccuracy of a force field leads to simulation
results that deviate from reality. However, new findings from simulation are
still very interesting. We sometimes need to tolerate some inaccuracy (but
not the limitations) of a force field and focus on capturing the physics of the
“new findings” from the simulations. First principles DFT calculations and
experiments can be subsequently used to validate or amend the findings.

Classical molecular simulations are not first principles methods. The ac-
curacy of the results directly depends on the “quality” of the empirical force
fields. Unfortunately, there is no universal standard to evaluate the quality
of the force fields. Very often, for the same material, different force fields
may provide very different results because of the different aims, functional
forms, and parameterization schemes used when they are developed. The
capabilities as well as the limitations of a force field published in literature
requires attention. Additional tests for a force field may be required before
performing simulations.

Sometimes, there are no force fields developed for a particular system or
the reported force fields in literature are not accurate enough in describing
particular physical properties. In this case, one needs to develop a new
force field. To develop an empirical force field [83], one should basically
follow three steps: (1) choose an appropriate functional form; (2) obtain
force field parameters by fitting to the training set (a training set is a set
of data obtained by experiments and/or DFT calculations which is used
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to fit the force field to reproduce these properties); (3) test the model
using validation set (a validation set is a set of data different from the
training set to test the accuracy of the force field in reproducing other
properties). Step 1 is crucial for a successful development of an empirical
force field. Based on extensive previous development of force fields [84],
the use of different functional forms is generally classified by the type of
solid materials. For example, the shell model and the partial charge rigid
ion model are often used for (partial) ionic crystals (e.g., NaCl, ZnO, and
CdSe) [85]; Models including many-body interactions such as Tersoff or SW
potentials are often used for covalent crystals (e.g., C, Si, and Ge) [86];
The embedded atom model (EAM) is often used for metals (e.g., Au, Ag,
and Cu) [87]. The choice of functional forms is not fixed, and some models
with complex functional forms and higher degrees of freedom (e.g., reactive
force fields (ReaxFF) [88, 89]) can be used to describe different types of
materials. However, parameterizing a complicated model such as ReaxFF
will be much more difficult than parameterizing simple models with fewer
parameters [90].

It is often stated that each term of the force fields should have a clear
physical meaning [83, 91]. If terms in a force field have clear physical mean-
ings, the number of parameters may be reduced and the fitting procedure
could be easier. For example, Rabani [92] has developed a force field for
CdSe solids. Despite the fact that the functional form of this force field [92]
is quite simple (a long-range Coulombic term and a short-range Lennerd-
Jones potential) and the number of the force field parameters is only five,
this force field is able to reproduce several physical properties of CdSe,
including the crystal structures, polymorphic stability, elastic properties,
pressure-induced phase transitions, and vibrational properties [68, 92, 93].
Using the same functional form, Grünwald et al. [94] have extended the
CdSe force field to a transferable force field including CdS and ZnS solids.
Schapotschnikow et al. [31] has developed a new force field for PbSe solids.
These force fields have similar accuracy and the success of these force fields
is not surprising as their functional form captures the essential physics
of ionic crystals (Coulombic interactions + repulsive short-ranged inter-
actions). In addition, full integer charges in traditional models for ionic
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crystals [81, 91] are abandoned, and instead partial charges are used. This
is particularly appropriate for materials like CdS, CdSe, ZnS, or PbSe which
have a half-ionic-half-covalent nature [95]. It is not always necessary that
each term in a force field has a physical meaning. The aim of deriving a
force field is to find a set of functions that is able to reproduce the potential
energy surface (more precisely, the gradient of the potential energy surface)
of materials [96]. If this is the case, the force field should be able to de-
scribe many physical properties of the materials and predict the behaviours
of the material under external perturbations, even if the functional form
may has no physical meaning [96]. One of the examples is the well-known
Lennard-Jones potential that has been widely used in describing the inter-
atomic dipole-dipole and short-ranged repulsive interactions. The former
interactions are theoretically based whereas the latter are purely empirical.
Another interesting example is a Tersoff model developed for GaN [97]. One
may question the choice of Tersoff model for GaN, which is a typical ionic
crystal [98], as no charge and no Coulombic term is included. However, this
force field is fairly accurate and has been widely used in the MD simulations
for GaN materials [99–101]. This is because the carefully parameterized
Tersoff model is able to reproduce the potential energy surface of GaN solid,
and the effect of the Coulombic interactions is included in the total energy
of the Tersoff model [97].

We now summarize our answer to the question of how to link MD sim-
ulations and HRTEM experiments, which is illustrated in Fig. 1.2. First,
using classical MD simulations to investigate transformations in nanocrys-
tals observed in HRTEM experiments is direct and efficient (see the lines
linking classical MD simulations and HRTEM experiments in Fig. 1.2) since
the size of the nanocrystal systems and the time scales that can be reached
by classical MD simulation are a few orders of magnitudes larger than those
in DFT calculations. Note that the time-scales on HRTEM experiments
and MD simulations still often have a few orders difference, but the differ-
ence is much small than that between DFT and HRTEM. Sometimes the
system size and the time scales in MD simulations can directly match those
in atomic-resolution experiments [102]. As shown in Fig. 1.2, an accurate
force field is the “bridge” linking the classical MD simulations and HRTEM
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Figure 1.2: Flowchart showing the relation between the MD simulations, HRTEM experiments,
and DFT calculations. The typical advantages (happy emoticons) and disadvantages (sad
emoticons) of these methods for studying nanostructures are also listed.

experiments. Using accurate force fields is the prerequisite to obtaining
meaningful simulation results, whereas less accurate or inappropriate force
fields only lead to inaccurate or even unphysical simulation results. Second,
to test or to derive a force field for moleculars simulations, first principles
DFT calculations are needed to provide the information that can not be
measured in experiments (the line linking DFT calculations and force field
in Fig. 1.2). Finally, DFT calculations may also be used to validate and
to further explain the phenomena found in classical MD simulations (the
line linking DFT calculations and classical MD simulations in Fig. 1.2).
In particular cases, DFT calculations can, obviously, be directly used in
explaining the experiments (the line linking DFT calculations and HRTEM
experiments in Fig. 1.2), however, this linkage is not in the scope of this
thesis.

1.4 Scope and Outline of this Thesis

Although many methods and techniques have been developed for the synthe-
ses of novel nanostructures, fundamental understanding of their microscopic
mechanisms is still limited. Understanding of transformations of nanocrys-
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tals at the atomic level will improve synthesis methods and fine control
of the nanocrystals with tailor-made structures and shapes. The aim of
this thesis is to investigate structural and morphological transformations
and cation exchange processes of nanocrystals using classical molecular
simulations. Research questions are divided into the following subissues:

• How to appropriately choose a force field and perform molecular dy-
namics simulations, in order to reproduce transformations of nanocrys-
tals observed in HRTEM experiments?

• How to develop (transferable) force fields with simple functional forms
and adequate accuracy for ionic crystals for the simulations of trans-
formations of nanostructures, with the aid of first principles DFT
calculations?

• How to simplify ligand-solvent solutions of colloidal nanocrystals for
molecular simulations of CE processes?

In Chapter 2, ZnO is taken as an example for the development of a
force field for accurate simulations of phase transitions. We emphasize the
accurate description of stability of several ZnO polymorphs and the phase
transitions between them.. This is achieved with the aid of DFT calcula-
tions. The ZnO force field is developed using the partially charged rigid
ion model approach. This model contains only eight parameters. It is able
to accurately reproduce several physical properties of ZnO, including the
crystal structures, elastic constants, phonon dispersion, polymorphic stabil-
ity, phase transitions, and melting points. This new force field can be used
in simulation studies of phase transitions of ZnO bulk and nanostructural
materials.

Chapter 3 treats the development of a transferable force field for CdS-
CdSe-PbS-PbSe solid systems. Similar to the work in Chapter 2, a number
of DFT data is included in the training set during the fitting procedure,
especially for the mixed phases which are not available from experimental
data. MSxSe1−x (M = Cd or Pb) mixed phases simulated with the new
force field show the formation of a solid solution while the CdxPb1−xE (E
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= S or Se) mixed phases show phase separation. This force field is the
first to date developed for CdS-CdSe-PbS-PbSe systems and will be used
in molecular simulations of the CdE/PbE HNCs.

In Chapter 4, MD simulations are performed to investigate a morpho-
logical and structural transformation in CdSe NC upon heating. In MD
simulations, a CdSe nanosphere with ZB structure is transformed to a tetra-
pod with four WZ legs attached to a tetrahedral ZB core. This nanoscale
transformation of CdSe NCs has also been observed in HRTEM in situ
heating experiments. Simulations reveal that the ZB-to-WZ structural tran-
sition is mediated by the vacancy formation and high mobility of the Cd
atoms.

In Chapter 5, MD simulations are used to reveal the mechanism of
a cation exchange process in PbSe/CdSe HNCs observed in HRTEM in
situ heating experiments. In the experiments, PbSe/CdSe nanodumbbells
(a CdSe nanorod with two PbSe tips) transform to PbSe nanodumbbells
by a cation exchange process upon heating. MD simulations with our
newly developed force field for CdS-CdSe-PbS-PbSe systems reveal that
Cd-to-Pb cation exchange is initiated by the structural distortions near the
CdSe/PbSe interface.

In Chapter 6, a coarse-grained psuedoligand model is introduced to study
CE processes in colloidal PbS nanocrystals. MD simulations combined with
a coarse-grained psuedoligand model and the all-atom CdS-PbS force field
accurately reproduce the Pb-to-Cd cation exchange process in PbS NC-
solution systems. It is shown that the exchange rate and the equilibrium can
be controlled by the temperature and the type of ligands. The microscopic
mechanism of the Pb-to-Cd cation exchange revealed by our MD simulations
is consistent with the vacancy-mediated mechanism that was previously
proposed in the literature.





Chapter 2

Deriving Ab-Initio-Based
Pair Potentials for ZnO
Solid Systems

This chapter is based on the paper: S. Wang, Z. Fan, R. S. Koster, C. Fang,
M. A. van Huis, A. O. Yalcin, F. D. Tichelaar, H. W. Zandbergen, and T.
J. H. Vlugt, ‘New Ab Initio Based Pair Potential for Accurate Simulation of
Phase Transitions in ZnO’, J. Phys. Chem. C, 2014, 118, pp 11050–11061.

2.1 Introduction

Zinc Oxide (ZnO) is an II-VI group semiconductor with a very wide range of
applications, which covers the fields of rubber, ceramic and food industries,
paint, pharmaceutics, and electronic devices [71, 103]. The first use of ZnO
can be traced back thousands of years ago and elaborate studies on ZnO
materials have been carried out for more than seven decades [71, 103]. In
recent years, due to the development of the synthesis of low-dimensional
ZnO and its potential application in optoelectronic devices [71, 103–107],
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the interest in ZnO has reached a new peak. In nature, ZnO is stable in the
wurtzite (WZ) structure at ambient conditions. Many different methods
have been developed to synthesize high-quality bulk and thin-film WZ-
ZnO [108–110]. ZnO with the zinc blende (ZB) structure has a relatively
higher cohesive energy compared to the WZ structure which is therefore ener-
getically unfavorable at zero temperature and zero pressure conditions [111].
The synthesis of ZB-ZnO can be achieved by growing thin films on spe-
cific substrates [112, 113]. A pressure-induced wurtzite-to-rocksalt (WZ-to-
RS) phase transition can be observed at a transition pressure of about 10
GPa [114–117]. A further RS-to-CsCl transition was predicted by DFT cal-
culations at 260 GPa [111], which has not yet been observed in experiments.
ZnO nanostructures can be synthesized with diverse morphologies, including
nanoparticles and nanorods [118, 119], nanowires and nanobelts [120, 121],
nanohelices [122], nanorings and nanotubes [123, 124], nanomultipods and
nanoflowers [125–127]. The diversity of the ZnO nanostructures enables the
potential application of ZnO materials in transparent electronics, photode-
tecters, and solar cells, and for nanomotion and biosensing [105–107, 128].

Theoretical studies on ZnO have been mainly first-principles calcula-
tions [57, 74, 78–80, 111, 117, 129–142] and molecular simulations using
empirical or semi-empirical potentials [74–76, 143–156]. Density Functional
Theory (DFT) calculations have been widely used for the studies of the
physical properties of ZnO, including the crystal structures and mechan-
ical properties [111, 129, 130], electronic structure [131, 132], vibrational
properties [117, 133–135], structural stability and phase transitions [78–
80, 111, 129, 133, 136–142]. Although proven to be accurate, DFT cal-
culations were often restricted to static calculations and to small systems
containing few atoms. Moreover, temperature effects were usually treated
within the quasi-harmonic approximation, whereby anharmonicities were
neglected. Alternatively, using classical force fields, not only many physical
properties can be studied easily by lattice statics (LS) and lattice dynamics
(LD) simulations, but also temperature effects with full consideration of
anharmonicities, and larger systems such as nanostructures consisting of
thousands or even a few million atoms [156] can be studied by Molecular
Dynamics (MD) or Monte Carlo (MC) simulations. However, the accuracies
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of MD or MC simulations directly depend on the accuracy of the potentials
used.

There have been several attempts to develop interaction potentials for
ZnO, including shell models (SM) by Lewis and Catlow [91] and by Binks
et al. [81], an analytic bond-order potential (ABOP) by Erhart et al. [157],
and a reactive force field (ReaxFF) by Raymand et al. [88, 147]. The SM
derived by Binks et al. [81] is one of the most frequently used potential
models for ZnO. This potential set reproduces several physical properties
of ZnO in the WZ, ZB and RS structures with considerable accuracy. Un-
fortunately, it fails to precisely reproduce the stabilities of the intermediate
states in the WZ-to-RS phase transition and the phonon dispersion curves
of WZ-ZnO. The SM derived by Lewis and Catlow [91] yields a transition
pressure of 3.7 GPa for the WZ-to-RS phase transition, which differs from
the experimental one by about 60%. In 2002 and 2008, the same research
group proposed a more complicated SM [153] for ZnO with piecewise func-
tions and a modified version [154]. These new SMs accurately predicts
several physical properties of ZnO in multi-structures [155] as well as the
stable and metastable structures of (ZnO)n (n=1-32) clusters [154]. These
SMs contain more than 30 parameters, whose functional forms are complex.
Potentials with a very complex functional form may suffer from difficult
and turbulent fitting procedures in derivations and possible inefficiency in
applications. Similar problem also exists in the ABOP [157] (37 parameters)
and the ReaxFF [88] (93 parameters) for ZnO. Therefore, to develop a novel
interatomic potential model for ZnO which has a simple functional form, is
accurate and computationally efficient is important for simulation studies
of ZnO and its related materials.

The traditional procedure to develop empirical potentials is that the
type of the potential is chosen first, and subsequently the parameters are
obtained by directly fitting to experimental data [83]. The potentials de-
rived in this way obviously match some of the experimental results, but
are likely to be inaccurate in describing the physical properties of other
high-pressure, metastable, or intermediate phases. Although many physical
properties of these non-stable phases can be obtained by DFT calculations
that can be used for fitting the potentials, the correctness of the poten-
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tials derived is not guaranteed directly from the first principles calculations,
since the parameters of potentials with respect to the same set of data
are non-unique. In contrast to any of the fitting procedures, the lattice
inversion (LI) method proposed by Chen [158] directly extracts the infor-
mation on the interatomic interactions from the first principles calculations.
By building multiplicative semigroups and using Möbius inversion, the LI
derives the interatomic potentials in crystals from the energy-lattice (E−a)
curves calculated by DFT. The LI method has been successfully applied to
the development of interaction potentials for metals [159], rare earth ele-
ments [160], alkali halides [161], and semiconductors [162]. The functional
forms of the potentials do not need to be preselected in the LI method but
are chosen based on the shapes of the inverted potential curves. Therefore,
the potentials derived by LI method incorporate intrinsic accuracy from first
principles. However, the LI method has its own limitations. Because three-
body and many-body interactions are not taken into consideration, and due
to approximations made in the first-principles calculations, some physical
properties calculated by the potentials directly derived by the LI method
have a relatively large deviation with respect to experimental results.

We combine the LI method with an empirical and ab-initio energy sur-
face fitting procedure, and we developed a set of interatomic pair potentials
for ZnO within the Partially Charged Rigid Ion Model [163] (PCRIM)
approach. We first used DFT calculations and the LI method to choose ap-
propriate functional forms of the potentials to describe different interatomic
interactions and to obtain the parameters. The parameter set was used as
an initial guess in the next empirical and energy surfaces fitting procedure.
The parameters for the ZnO potential model were adjusted by fitting them
to reproduce the lattice parameters and relative energies of ZnO in the WZ,
ZB, RS and honeycomb (HC) structures as well as the elastic constants of
WZ-ZnO. The potential model with the adjusted parameter set was exam-
ined by comparing with the initial guess to avoid any significant change after
fitting. In this way, the correctness of the potential model is guaranteed
by first-principles calculations and the precision of the potential model is
adjusted by fitting to experimental and DFT data. Our new ZnO potential
model was validated by its ability to reproduce a variety of physical prop-
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erties of ZnO in various structures. The ”validation” set includes lattice
parameters and structural stabilities of ZnO in the cesium chloride (CsCl)
and the body-centered tetragonal (BCT) structures, high-temperature and
high-pressure measurements, vibrational properties and surface energies of
WZ-ZnO. Our ZnO potential model only contains 8 parameters and can
be used in most of the current MD or MC codes. The shortcomings of the
ZnO potentials are also discussed to ensure appropriate use in the future.

2.2 Derivation of Potentials

2.2.1 Density Functional Theory Calculations

First principles density functional theory calculations were performed us-
ing the VASP code [164]. Within the projected augmented wave (PAW)
method [165] the generalized gradient approximation (GGA) functionals
by Perdew, Burke and Ernzerhof [166] (PBE) were used. The cut-off en-
ergy was set to a relatively high value of 600.0 eV, while the cut-off of the
augmentation waves was set to 900.0 eV. Calculations were performed for
six phases: WZ, RS, ZB, HC, CsCl and BCT crystal structures. For the
conventional unit cells of RS and ZB, a Monkhorst Pack k-mesh [167] of
24× 24× 24, was used, while for the CsCl and BCT structures k-meshes of
40 × 40 × 40 and 21 × 21 × 35 were used, respectively. For the hexagonal
WZ and HC structures, gamma centered k-point meshes of 30×30×26 and
30×30×30 respectively were used. A scan over cut off energies and k-point
meshes show that the results are well converged within 0.5 meV/atom.

Bader charge analysis [56] unambiguously defines the effective charges
on the atoms. Hereby the boundary between two atoms is defined by the
surface at which the derivative of the charge density is equal to zero. The
charge in the volume enclosed by that surface then determines the charge
of the atoms. For this method the Bader Charge Analysis code written by
Arnaldsson et al. [168–170] was used. The results shows that the Bader
charges on the Zn atoms in the WZ, RS, ZB, HC, CsCl and BCT structures
are 1.22, 1.26, 1.23, 1.22, 1.12 and 1.22 electrons, respectively. Differences
between the Bader charges of different structures are small, in particular
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between the ZB, WZ, HC and BCT phases, which is in the line of expectation
since ZB, HC and BCT phases are structurally closely related to the WZ
phase.

2.2.2 Lattice Inversion Method

The LI method has been described in detail in Refs. [158, 161], here we
only briefly present the essential steps of the LI method. Assuming that
the interatomic interactions in a system contains only pair-body interaction,
the total energy can be expressed as the sum of the pair potentials, φ(x):

E(x) =
1

2

∞∑
n=1

r0(n)φ(b0(n)x) (2.1)

Where x is the nearest-neighbor atomic distance, r0(n) is the coordination
number and b0(n)x is the atomic distance of the nth neighbor. To solve the
Eq. 6.1, a multiplicative semigroup {b(n)} needs to be extended from the
unclosed group {b0(n)} by multiplying any two elements in {b0(n)}. Then
Eq. 6.1 can be rewritten as:

E(x) =
1

2

∞∑
n=1

r(n)φ(b(n)x) (2.2)

Where

r(n) =

{
r0(b

−1
0 (b(n)), (b(n) ∈ bo(n))

0, (b(n) /∈ bo(n))
(2.3)

Using the Möbius transformation [158], φ(x) can be derived as:

φ(x) = 2
∞∑
n=1

I(n)E(b(n)x) (2.4)

Where I(n) is the inversion coefficient which is uniquely determined by the
crystal geometrical structure.
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Three structures (ZB, RS, and PbO-B10) were chosen to perform the
total energy DFT calculations for ZnO. The lattice constant a varied from
3.0 to 12.0 Å. In this work, the PCRIM [163] was used to describe the
atomic interactions in ZnO. The PCRIM is one of the simplest models in
materials computation which has had great success in the computational
studies of binary semiconductors [31, 92, 94, 171]. In this model, the
interatomic interaction only contains Coulombic interactions and short-
range two-body interactions. The effective charges were initially selected as
1.2 e for our ZnO model based on the Bader analysis. Once the effective
charge had been determined, we used Eq. S5-2.4 to invert the short-range
pair potentials, ϕ(rij). In the RS and ZB structures, both the cation and
the anion sublattices are face-centered cubic. The cation sublattice and
the anion sublattice have a relative displacement along the body diagonal
of (0.5,0.5,0.5)a in the RS structure, and of (0.25,0.25,0.25)a in the ZB
structure, where a is the lattice parameter of the conventional unit cell.
The energy difference between the ZB and RS structures with the same
lattice parameters only contains information about the Zn-O interaction.
The cation sublattice in PbO-B10 structure is the same as that in the ZB
structure (fcc). The relative displacements of the nearest neighbor cations
and anions are the same in PbO-B10 and ZB structures (a/4). Therefore,
the energy difference between ZB and PbO-B10 only originates from the
difference in the anion-anion interactions in these two structures. The
short-range interactions in ZnO can be obtained as follows:

∆ERS−ZB
short−range = (ERS

total − ERS
Coul)− (EZB

total − EZB
Coul) ⇒ ϕ+−(rij), (2.5)

∆EZB−PbO
short−range = (EZB

total −EZB
Coul)− (EPbO

total −EPbO
Coul) ⇒ ϕ−−(rij), (2.6)

∆EZB
short−range = EZB

total − EZB
Coul − EZB

+− − EZB
−− ⇒ ϕ++(rij). (2.7)

Where the subscripts, +−, −− and ++ represent the cation-anion, anion-
anion and cation-cation interactions, respectively. Etotal is the total energy,
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Figure 2.1: Interatomic pair potentials for ZnO. The dashed lines correspond to parameters
obtained by the LI method (the initial guess), and the solid lines correspond to the parameters
after fitting (final parameters). The upper-right inset shows the inverted short-range potential
curves. The inverted Zn-Zn short-range potential curve is shifted 3.0 eV downwards here.

and Ecoul is the electrostatic energy (Madelung energy). Details of the
derivation can be found in Ref [162].

According to Eq. 2.5-2.7, the lattice energy of ZB-ZnO calculated by the
potential model should be consistent with the total energy of ZB-ZnO by
DFT calculations. However, we chose a very simple PCRIM to describe the
interatomic two-body interactions in ZnO. In ZnO solids, bonding is largely
ionic and the electrostatic interaction is dominant. Although reliable and
accurate Bader analysis was used to determine the values of the effect charge,
screening of the electrostatic interaction was omitted and the electron clouds
were simplified as point charges in our potential model. These simplifications
caused relatively large absolute values of the lattice energies of ZnO solids
calculated by this model in comparison to that of the total energies by DFT
calculations. The Zn-Zn short-range interaction potential curve derived
from Eq. 2.7 needs to be shifted 3.0 eV downwards in order to make it
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converged to zero at large interatomic distances. This potential model is
not able to duplicate the absolute locations of the Etotal−a (or Ecohesive−a,
with a clearer physical meaning) curves in the coordinate. Compared to
the DFT calculations, the E − a curves calculated by the potential model
have shifts to lower energies, which is essentially caused by the choice of
the PCRIM that the ions remain charged as being pulled apart from each
others. In consequence, some of the physical properties, e.g., the thermal
expansion coefficient, and ZnO in gas phase may not be properly described
by the potential model. However, in this work, we aimed to develop a simple
model to describe the condensed phases of ZnO. Many physical properties
of the condensed phases are determined by the shapes of the E − a curves
near the equilibrium interatomic distances, and that of ZnO polymorphs
can be correctly described by this potential model which was derived by
the LI method.

The upper-right inset in Fig. 2.1 shows the data points of the inverted
short-range interactions in ZnO. According to the inverted data points,
the non-Coulombic interactions between Zn-O and Zn-Zn are mostly repul-
sive. Therefore, the potential in the Born-Mayer model [172] was chosen to
describe the short-range Zn-O and Zn-Zn interactions:

uij = Ae−rij/ρ (2.8)

The inverted data points of O-O non-Coulombic interaction shows a mini-
mum at the atomic distance of 2.53 Å. The Morse type potential [173] was
chosen to describe the short-range O-O interaction:

uij = A[(1− e−C(rij−ρ))2 − 1)] (2.9)

All eight potential parameters were listed in Table 2.1. A cut-off radius
of 12.0 Å was set for all short-range non-Coulombic interactions, and the
Ewald method [61, 174] was used to calculate the long-range Coulombic
interactions in both real and reciprocal space.

Before any further improvement was carried out to the parameter set,
we had checked the quality of the current version that was directly derived
by the LI method. Several physical properties of ZnO polymorphs were
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Table 2.1: Parameters of the potentials for ZnO from the LI method (initial guess) and after
applying the fitting procedures (final parameters). A is in eV; ρ is in Å; C is in Å−1; and the
effective charge, q, is in e.

short-range interactions effective charge

interaction type A ρ C q

initial guess

Zn-Zn Born-Mayera 111.6 0.5372

±1.2Zn-O Born-Mayera 7995000 0.1114

O-O Morseb 0.2885 2.529 1.584

final parameters

Zn-Zn Born-Mayera 78.91 0.5177
±1.14Zn-O Born-Mayera 257600 0.1396

O-O Morseb 0.1567 3.405 1.164

a Eq. 2.8; b Eq. 2.9.

calculated by the potential model with parameters derived by the LI method
and were listed in Table 2.2 in braces. The current parameter set, which
would be used as an initial guess in the fitting procedure, was already able
to accurately reproduce the lattice parameters of WZ-, ZB-, and BCT-ZnO,
elastic properties of WZ-ZnO, and relative stabilities of the WZ, ZB, and
RS phases. However, the equilibrated lattice parameter of RS-ZnO and the
relative stability of the HC phase could not be accurately reproduced by the
current parameter set. Although the lattice parameters of the BCT-ZnO
could be quite accurately reproduced, the calculated stability of the BCT
phase was even slightly higher than the WZ phase, which was unreasonable
and about to be improved.

2.2.3 Fitting Methodology

The 8-parameter PCRIM obtained from the LI was used as an initial guess
in the fitting procedures described below. Since the initial guess from the LI
method is considerably reliable, only the relaxed fitting procedure [83] was
used to further adjust the parameters. Compared to the conventional fitting
procedure, the relaxed fitting procedure is computationally more expensive
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but a higher quality of fitting is achieved. In the relaxed fitting procedure,
the error was defined as the squared residual of the physical properties
of the optimized configurations. Empirical fitting based on experimental
data and ab-initio energy surface fitting based on DFT data were combined
and carried out simultaneously in our fitting procedure. The schemes in
the ab-initio energy surface fitting used in this work was slightly different
from the conventional ones. Four ZnO polymorphs (WZ, ZB, RS, and HC)
were chose as energy surfaces and the relaxed fitting was used. All eight
parameters obtained from the LI method, including the effective charge,
were set as parameters and were adjusted by fitting the experimental data
and the DFT data. The experimental data include the lattice parameters
of WZ-ZnO measured by neutron diffractometer at 20 K [175] and the WZ
elastic constants measured at 4 K [176]. The DFT data for the ab-initio
energy surface fitting include the lattice parameters of the ZnO in the ZB,
RS and HC structures and the energy differences of ZnO in these structures
with respect to WZ. It is generally known that DFT-GGA calculations
systemically show larger lattice parameters in comparison to experimental
data. The lattice parameters of ZB-, RS- and HC- ZnO from our DFT-GGA
calculations were normalized by rescaling their volumes. The scale factor
used for the rescaling was the ratio of the volume of WZ-ZnO from our
DFT-GGA calculation over that of the experimental result [175]. The ratio
c/a from our DFT calculations remained unchanged. Besides the structures
used in the fitting procedure, the lattice parameters of other structures (the
CsCl and BCT structures) from our DFT calculations were also normalized
for validation. These normalized lattice parameters are listed in Table 2.2
in square brackets and the data used in the fitting procedures are listed in
Table 2.2 in bold. All calculations in the fitting procedures were carried out
by GULP [177].
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The final parameters are listed in Table 2.1. Lastly, we checked if the
potential model with the adjusted parameters did significantly change from
those derived by the LI method. The potentials of different interatomic
interactions as function of interatomic distance are plotted in Fig. 2.1 for
both the parameters obtained from the LI method, and those adjusted
by the fitting. The shapes of the potential curves calculated by the two
parameter sets were similar. Comparing the physical properties calculated
by the two parameter sets (see Table 2.2), no significant change was found,
only the aforementioned deficiencies of the initial guess were improved.
Obviously, only minor modifications were applied to the potentials by the
fitting procedure. The potentials with adjusted parameters is very similar
to the initial guess from the LI method. Therefore, the intrinsic correctness
of the ab-initio calculations is retained.

2.3 Physical Properties of ZnO

2.3.1 Lattice Parameters, Elastic Properties and Structural
Stabilities

The most basic requirement for a potential model is that it should accurately
reproduce lattice parameters and elastic properties of the materials that
are stable in nature. The elastic properties, including elastic constants and
bulk modulus, are related to first-order derivatives of the total free energy
with respect to atomic displacements. A potential model should also show
considerable accuracy of its description of the high-pressure, meta-stable,
or transition phases, in order to ensure that related phase transitions and
the mechanism are described accurately as well.

We now verify our ZnO potential model by reproducing several physical
properties of ZnO in different crystal structures. The physical properties
of ZnO in the CsCl and BCT structures are in the ”validation” set, as
those data was not used in the fitting procedure. Physical properties of
ZnO at 0 K were calculated by lattice statics (LS) simulations and physical
properties of ZnO at finite temperatures were obtained by MD simulations.
LS and MD simulations were performed by GULP [177] and LAMMPS [178]
codes, respectively. In the MD simulations, a periodic WZ-ZnO matrix
containing 4312 atoms is constructed based on the experimental lattice
parameters. The equations of motion are integrated using the velocity
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Verlet algorithm with a time step of 1 fs. At 300 K and zero pressure,
a MD simulation of 0.5 ns was performed on WZ-ZnO in the Isobaric-
Isothermal (NPT) ensemble, out of which the first 0.1 ns was used for
equilibration. The velocities were rescaled to the target temperature during
the equilibration. The temperature and the pressure were controlled by
a standard Nosé-Hoover thermostat and barostat [63]. The results from
the LS simulations at 0 K and MD simulations at 300 K are listed in
Table 2.2, together with available experimental data, DFT calculations
and the results calculated using other potentials. In our DFT calculations,
the elastic constants were calculated by applying small strains to the unit
cell [179]. As with all other DFT calculations in this work, the GGA
approach was used, which is known to underestimate the elastic constants.
When comparing with the experimental data, it is clear that our potential
model is able to accurately reproduce the crystal structure and the elastic
properties of WZ-ZnO. The result of our MD simulation at 300 K indicates
a volume of the ZnO unit cell of 47.60 Å3, a ratio of c/a of 1.598, and a
u of 0.3814, while the experimental values [175] are 47.63 Å3, 1.602 and
0.3819, respectively. For the other phases, because they are not stable in
nature, the only possible comparison is with DFT calculations. Special
emphases should be placed on the relative stabilities of two phases: HC
and BCT. HC is a possible intermediate phase in the pressure-induced
WZ-to-RS phase transition [136, 143], and the BCT structure, which has
been directly observed by HRTEM in ZnO nanoislands recently [77], is
predicted to be stable under mild negative pressure [74, 80, 137]. The lattice
parameters of all the high-pressure, meta-stable or unstable structures in
equilibrium calculated by the potential model have good agreement with
the normalized DFT results. The potential model also reproduces the
correct order of the stabilities of bulk ZnO in the six structures studied:
EWZ < EZB < EBCT < EHC < ERS < ECsCl. The calculated lattice
energy differences of the ZB, RS, HC and BCT structures with respect
to the WZ structure are in good agreement with DFT calculations (see
Table 2.2). In general, our PCRIM shows higher accuracy of reproducing the
lattice parameters and relative stabilities of ZnO in comparison with other
empirical or semi-empirical potential models [81, 88, 91, 155, 157]. Only
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the stability of the CsCl structure is underestimated by the potential model
(1.816 eV/f.u.) compared to DFT calculations (∼1.4 eV/f.u.). However, the
inaccurately described stability of the CsCl structure also exists in other
ZnO potentials [81, 88, 91, 155, 157].

2.3.2 Phonon Dispersion and DOS

In order to further test the validity and accuracy of our ZnO potential, we
have calculated the vibrational properties of WZ-ZnO. WZ-ZnO belongs
to the space group P63mc (C4

6v). Four atoms in the primitive cell have
12 degrees of freedom, and those at the Brillouin zone center (Γ) can be
classified by group theory as 2A1 + 2B1 + 2E1 + 2E2, including 3 acoustic
modes E1 + A1. In all of the optical modes, A1 and E2 modes are both
Raman and infrared active, E2 modes are Raman active only, and the B1

modes are silent modes. Figure. 2.2 shows the calculated phonon dispersion
curves in the directions of Γ →A and Γ →M and the normalized partial
phonon density of state (DOS). The calculated phonon dispersion curves
are in excellent agreement with the DFT, inelastic neutron scattering and
Raman data [134, 135]. Note that the ABOP [157] for ZnO whose functional
form does not include the long-range Coulombic interactions is not able
to describe the splitting of the longitudinal and transverse modes (LO-TO
splitting). Our calculated partial phonon DOS also shows similar results as
previous DFT calculations [133]. The partial phonon DOS indicates that
the Zn atoms contribute mostly in the low frequency phonons and the O
atoms contribute mostly in the high-frequency vibration.

2.3.3 High-Temperature Simulations

Using the same periodic WZ-ZnO model as in the previous MD simulation
at 300K, a direct heating MD simulation was performed in NPT ensemble to
test the thermal expansion and melting point for WZ-ZnO. Here, a relatively
short time step of 0.5 fs was used. First, the system was equilibrated at 300
K for 1 ns, then the temperature was elevated by 10 K in every 5 ps, from 300
K to 3300 K. During heating, the Nosé-Hoover thermostat [63] was used to
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Figure 2.2: Phonon dispersion (left, solid lines) of WZ-ZnO along Γ-A and Γ-M directions and
normalized partial phonon DOS (right) calculated by LD. The experimental data (diamonds)
and DFT data (dashed lines) is extracted from Ref. [134].

control the temperature of the system. In Fig. 2.3 a, the lattice parameters
a and c and the ratio c/a are displayed as a function of temperature. In
comparison to experimental results [180], the linear thermal expansion
coefficient obtained from MD simulations is overestimated by a factor of
about three. Nonetheless, our MD simulations show correct trends in the
changes of a, c and c/a with increasing temperature. The relative error
of the lattice parameters from MD simulations is less than 1% compared
with experimental data [180] in the temperature range of 300-1400 K. The
melting point from the direct MD simulation was ∼2680 K (see Fig. 2.3
b), which is higher than that of experimental value [181] of 2242 K. This
superheating phenomenon was caused by the finite size effects and the
limited simulation time in MD simulations.

In order to obtain a more accurate melting point for WZ-ZnO from
MD simulations, the two-phase method [182] was performed with our
ZnO potential model. A simulation box was constructed as a cuboid
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Figure 2.3: (a) Lattice parameters a (blue squares) and c (red triangles) and the ratio c/a
(black crosses) calculated from the MD simulations as a function of temperature compared
with experimental data Ref[180] (a: the blue solid line; c: the red dashed line; c/a: the black
dotted line). (b) Variation of the normalized volume, V/V0, as a function of temperature from
the direct heating MD simulation. The system contained 2156 ZnO pairs, and was annealed
from 300 K to 3300 K at a constant rate of 10 K/5 ps during the simulation.
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(2.36 nm × 2.04 nm × 8.70 nm), whereby the c axis in the WZ struc-
ture was along the longest side of the cuboid. Here, we only considered
the case that the melting fount is perpendicular to the c axis. In total,
the simulation box contained 1536 ZnO pairs. The simulation box was
divided into a solid phase region and a liquid phase region, both of which
had equal numbers of ZnO pairs. The lattice parameters of the WZ-ZnO at
2200K obtained by the previous MD simulations were used to construct the
solid phase. First the atoms in the solid phase were frozen while the liquid
phase were equilibrated at temperatures of about 2200 K for 50000 time
steps. The atoms in the solid phase were then released and equilibrated
together with the liquid phase at NVE ensemble for 1.5 × 105 time steps,
where the last 105 time steps were used to monitor the solid-liquid inter-
faces. The initial lengths of the cuboid sides were moderately changed in
different attempts to obtain slightly different temperatures and pressures.
An equilibrium P-T point was affirmed to be found only if the number of
the {0001} bilayers in solid phase remained unchanged during the last 105

time steps of simulation. Details of simulation methods can be found in
Refs [182, 183]. We have tried more than 50 initial configurations and an
equilibrated solid-liquid interface was found in nine of them. The melting
temperature obtained from the two-phase method is 2308 K, which is in
excellent agreement with experimental values [181].

2.3.4 High-Pressure Simulations

The pressure-induced WZ-to-RS phase transition in ZnO [111, 114–117,
129, 133, 136, 139, 143, 152] and other WZ crystals [93, 171, 184–186] is
an intriguing phenomenon, whereby the mechanism remains unclear. The
HC structure as a possible intermediate phase in the WZ-to-RS phase
transition as predicted by DFT calculations [186] and molecular dynamics
simulations [93, 143, 152, 184] has not yet been found experimentally. How-
ever the HC structure has been reported experimentally only in ZnO: a few
layers of local HC structure have been observed at ZnO/Ag boundaries [187].
Our own DFT calculations showed that among several II-VI semiconduc-
tors (here we considered ZnS, CdS, and CdSe), ZnO has the smallest energy
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Figure 2.4: Enthalpies as a function of hydrostatic pressure for ZnO in the WZ (solid line),
HC (dotted line) and RS (dashed line) structures. The vertical arrow indicates the pressure
of equal enthalpy for the WZ and the RS structures.

difference of the HC structure compared to the WZ structure, ∆EHC−WZ

(∆EZnO
HC−WZ = 0.138 eV/f.u.; ∆EZnS

HC−WZ = 0.332 eV/f.u.; ∆ECdS
HC−WZ = 0.180

eV/f.u.; ∆ECdSe
HC−WZ = 0.208 eV/f.u.;) and the lowest value of ratio ρ, where

ρ = ∆EHC−WZ/∆ERS−WZ under zero temperature zero pressure conditions
(ρZnO = 0.469; ρZnS = 0.530; ρCdS = 0.672; ρCdSe = 0.717.) ZnO may be
the best candidate to find stabilized HC structure in experiments.

Figure 2.4 shows the enthalpies of ZnO with WZ, HC and RS crystal
structures as a function of hydrostatic pressure at 0 K. Our potential model
predicts that the point where the enthalpies of the WZ- and RS- ZnO are
equal is 12.3 GPa, which is slightly higher than that reported in experi-
ments [114–117] (8.7-10.5 GPa) and in DFT calculations [111, 117, 136, 139]
(6.6-14.5 GPa). The enthalpy of the HC structure never shows a minimum
in the studied pressure range, which agrees with previous DFT studies [129].
Therefore, it is unlikely to stabilize the HC structure in ZnO by merely
applying hydrostatic pressure.
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However, it was predicted by DFT calculations [129] that in a certain
pressure range, the enthalpy of HC-ZnO was minimized by applying uniax-
ial pressure along the c axis (the WZ <0001> direction). The transition
pressure is 6.0 GPa found by means of DFT calculations using the local den-
sity approximation (LDA) [129]. Using our potential model, the WZ-to-HC
transition under uniaxial pressure was tested by means of MD simulations.
The same system as in the direct heating MD simulation was used and
first equilibrated at 300 K and zero pressure for 2 ns. After equilibration,
the temperature was kept constant at 300 K. Uniaxial pressure along the
c axis was applied and increased at a rate of 0.05 GPa/10 ps until the
pressure reached 10 GPa. Next, the uniaxial pressure was released at the
same rate until it reached zero. During the compression and the reverse
process, the pressure in other directions was kept at a value of zero. In
Fig. 2.5 a, the snapshots of the ZnO matrix clearly indicate the WZ-to-HC
phase transition and its reverse transition. By plotting the ratio of c/a as a
function of pressure, it is shown in Fig. 2.5 c that the WZ-to-HC transition
pressure takes place at 8.8 GPa and the reverse transition takes place at
2.9 GPa with a large hysteresis. Based on the previous studies [129] and
our MD simulations, the HC structure is very likely to be stabilized by
applying uniaxial pressure along the c axis in WZ-ZnO. If the HC phase can
be stabilized in ZnO or other WZ materials, many interesting phenomena
are expected to be observed: the dipole moments in the WZ nanostructures
will totally disappear, and so does the piezoelectric property in the WZ
materials. However, difficulties can be expected in experiments: for bulk
materials, a perfect single crystal may be hard to access, as achieving a
homogeneous transition in bulk materials is difficult. For mesomaterials or
nanomaterials, applying a uniaxial pressure on a single object is difficult.

Another interesting phenomenon found in the MD simulations is that
the BCT structure formed in the reverse HC-to-WZ transition (see Figs. 2.5
a and b). In Fig. 2.5 b, the final configuration of the released unit cell
was expanded to a 3 × 3 × 3 matrix and each atom was colored by the
number of its nearest neighbors, nnn. Here, the atoms are defined to be the
nearest neighbors if their interatomic distance is less than 2.8 Å. In this way,
the BCT domains (nnn = 5) and the WZ domains (nnn = 4) can be easily
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Figure 2.5: (a) Snapshots of bulk ZnO from MD simulations at 300 K. A uniaxial pressure
was applied along the c axis (WZ <0001> direction) and released when it was reached 10
GPa. A WZ-to-HC phase transition was observed under an uniaxial pressure of 8.8 GPa and
the reverse transition was observed under 2.9 GPa. The red and black spheres are O and Zn
respectively (b) A 3×3×3 matrix (lower left) shows that BCT-ZnO was formed as boundaries
(darker regions) that separate two WZ-ZnO grains (lighter regions) with anti-parallel c axes
(c) c/a as a function of uniaxial pressure from MD simulations. Black squares are the data
from up-stroke phase transition and the red circles are the data from down-stroke reversed
phase transition.
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distinguished. It is clear from Fig. 2.5 b that the BCT-ZnO domains formed
as boundaries that are separating two WZ-ZnO grains with anti-parallel c
axes. Recently, there has been much discussion about the BCT structure in
ZnO and other binary semiconductors [57, 74–78, 80, 137, 145], including
molecular simulation studies with various ZnO potentials [74–76]. Here we
note that the SMs derived by Binks et al. [81] and Alsunaidi et al. [154]
overestimates the stability of BCT-ZnO. The relative energy differences of
the BCT compared to the WZ (∆EBCT−WZ) calculated using these potential
models [81, 155] is about 0.007 eV/f.u., which is very small in comparison to
our DFT-GGA results of 0.048 eV/f.u. and previous LDA-GGA results [74]
of 0.074 eV/f.u.. Therefore, we should strongly question the findings of the
BCT-ZnO structure appearing in the molecular simulations as it may be
an artifact of the interaction potential model.

2.3.5 Surface Energy Calculations

If the interaction potentials are to be used in the studies of ZnO nanostruc-
tures, the capability of the potentials to reproduce the surface properties of
ZnO needs to be tested. Previous studies showed that the non-polar {101̄0}
and {112̄0} surfaces are the most stable surfaces [188, 189]. However, the
polar ±{0001} surfaces can be stabilized by different mechanisms [190–194].
The surface energies of these four different polar and non-polar surfaces
in WZ-ZnO were calculated by both DFT and the ZnO potential model.
In the classical LS simulations, four two-dimensional periodical slab mod-
els were constructed, whereby the four different surfaces are oriented in a
non-periodic direction. These slabs were divided into two regions though
the middle planes perpendicular to the surface normal. The atoms in the
region 1 (surface region) were allowed to relax while the atoms in region
2 (bulk region) were fixed. The thickness of slabs was at least 20 Å and
the surface areas ranged from 402 to 581 Å2. It is possible to cut a slab
with a {101̄0} surface in two ways: either breaking one bond or two bonds.
Only the former case is considered here, since it is most favorable. The
{112̄0} surface can only be cut in one way, while there are two ways for
the ±{0001}, one by breaking one bond, the other by breaking three bonds.
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Again, only the surface obtained by breaking one bond is considered. In
order to stabilize the polar surfaces, point defects [195] were constructed by
moving a quarter of surface atoms from the surface to the bottoms of the
slabs. The surface energies can be calculated as:

E =
Esurface − nEbulk

A
(2.10)

Where Esurface is the energy of all the atoms in the surface region, and n is
the number of {ZnO} pairs in surface region, Ebulk is the energy per {ZnO}
pair in the bulk, and A is the surface area of the simulation cell.

For the DFT calculations, the schemes used to calculate the surface
energies are slightly different from those in the classical LS simulations.
First, in DFT calculations, 3-D periodic conditions must be used so the
vacuum needs to be constructed as a vacuum slab between the ZnO slab
surfaces. Large slab models as in the LS simulations exceed the compu-
tational limit of DFT calculations. However, to obtain a reliable surface
energy, both the slab itself and the vacuum must be sufficiently thick. The
thickness of the {101̄0}−, {112̄0}− and ±{0001}− slabs were 21.22 (16
layers), 19.36 (13 layers), and 29.20 (12 bilayers) Å, respectively, and the
thickness of the vacuum layers were ∼28 Å. Monkhorst Pack k-meshes [167]
of 28 × 17 × 1, 17 × 17 × 1, and 28 × 28 × 1 were used for the {101̄0}−,
{112̄0}− and ±{0001}− slabs, respectively. Second, since the total energy
of the slab needs to be compared with the total energy of a bulk cell, only
stoichiometric cells can be used. For the {101̄0} and {112̄0} surfaces, this
is automatically the case, since each layer contains an equal amount of
Zn and O. The {0001} surface slab however, consists of bilayers, thus an
(unreconstructed) {0001}-slab always contains one Zn-terminated and one
O-terminated surface. Since only the total energy can be calculated, these
surfaces cannot be distinguished, and therefore an average surface energy
is obtained.

The relaxed and unrelaxed surface energies of four surfaces are listed
in Table 2.3 and are compared with SMs [153, 196], ReaxFF [88], and
other DFT results [188–190]. Even though PCRIM was used in our ZnO
potentials whereby surface atoms cannot have a different charge than the
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Table 2.3: Relaxed and unrelaxed (in parentheses) surface energy for non-polar and polar
ZnO surfaces in comparison with Shell Models (SMs), reactive force field (ReaxFF), and DFT
calculations. The unit of the surface energy is in J/m2.

Force Fields Ab-Initio Calculations

PCRIM SMa SMb ReaxFFc this work literatured

{101̄0} 1.46 (1.60) 1.1 1.003 0.96 0.94 (1.28) 1.04 (1.20), 1.3

{112̄0} 1.51 (1.59) 1.2 - 1.06 0.98 (1.28) 1.06 (1.19), 1.4

Zn-{0001} 2.00 (2.53)e 2.1f - - 1.90 (2.16)g (∼2.0)h
O-{0001̄} 2.23 (3.04)e

a Ref. [196]; b Ref. [153]; c Ref. [88]; d Ref. [188–190]; e ”Point defects” [195] were constructed
on the surfaces in order to remove the dipole moments; f 1/4 of the surface atoms were
removed from both sides of the polar surfaces to stabilized them [196]. The difference in surface
energies between the Zn-terminated and O-terminated ±{0001} surfaces can not be
distinguished; g The average of the Zn-terminated and O-terminated ±{0001} surfaces; h The
average of unrelaxed surface energies of the Zn-terminated and O-terminated ±{0001} surfaces,
which is derived by the cleavage energy [190] divided by two.

bulk atoms, the surface energy calculations with the newly developed po-
tentials show considerable agreement with DFT results. The calculations
predict the correct relative order of the surface energies for different sur-
faces: EO−{0001̄} and EZn−{0001} > E{112̄0} > E{101̄0}. However, the surface
energies calculated for the non-polar {101̄0} and {112̄0} surfaces using our
ZnO potential model (∼1.5 J/m2) are slightly larger than those obtained
from the DFT calculations (0.94∼1.4 J/m2). SMs and ReaxFF shows better
capabilities to reproduce the surface energies of non-polar surfaces of ZnO
than the PCRIM.

2.4 Conclusions

Two main conclusions can be drawn from this chapter: (1) we demonstrated
that the combination of the LI, empirical and ab-initio energy surfaces fit-
tings is an efficient way to develop new potentials with high intrinsic accu-
racy. (2) a high-performance set of interatomic pair potentials based on an
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8-parameters PCRIM was developed and validated for ZnO. Compared to
other SMs, ABOP, or ReaxFF, which have much more parameters and much
more complex functional forms to describe the interactions, our 8-parameter
PCRIM shows similar or even better results in reproducing physical proper-
ties of ZnO. These physical properties include the lattice parameters, elastic
constants, bulk modulus, structural stabilities, lattice dynamics and sur-
face energies. The variation of the lattice parameters of WZ-ZnO at high
temperature conditions can be quantitatively correctly described by the
potentials. The melting point of ZnO was estimated to be 2308 K by the
two-phase method which is in excellent agreement with the experimental
result of 2242 K. The coexistence pressure of the WZ and RS phase at 0
K is predicted at 12.3 GPa. A WZ-to-HC transition induced by uniaxial
pressure predicted by previous DFT calculations was also reproduced by
means of MD simulations with our newly developed ZnO potential model.
Finally we summarized the shortcomings of our ZnO potential model: (1)
The stabilities of the CsCl structures in ZnO are underestimated by this
model; (2) The linear expansion coefficient of WZ-ZnO is overestimated by
a factor of three when compared with experimental data; (3) The surface
energies calculated for the non-polar {101̄0} and {112̄0} surfaces are slightly
larger than the DFT results. In this chapter, we explored a rational and
efficient routine to develop pair potentials for a binary compound. There is
an urgent need for a set of simple but effective potentials to extend theo-
retical studies on semiconductor materials, especially for accurate modeling
of phase transitions and big systems. Using this new approach to devel-
oping potentials, many other potentials for materials of interest could be
developed. In particular, this novel set of potentials for ZnO is expected
to enable reliable studies of the physical properties of ZnO bulk materials
and certain of the solid-solid phase transitions in ZnO. Surface properties
are essential at nanoscale. Some of the calculated surface energies by this
potential model deviate from DFT-GGA results about 50%. However, dif-
ferences in DFT results with different schemes (LDA, GGA, B3LYP, and
HF) are also large [189]. Whether this potential model is suitable to use
in simulating ZnO nanostructures is still unclear. We encourage reader to
apply our ZnO potential model to ZnO nanostructures and compare the
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results with first principles calculations or experiments.



Chapter 3

Deriving a Transferable
Force Field for
CdS-CdSe-PbS-PbSe Solid
Systems

This chapter is based on the paper: Z. Fan, R. S. Koster, S. Wang, C. Fang,
A. O. Yalcin, F. D. Tichelaar, H. W. Zandbergen, M. A. van Huis, and
T. J. H. Vlugt, ‘A Transferable Force Field for CdS-CdSe-PbS-PbSe Solid
Systems’, J. Chem. Phys., 2014, 141, pp 244503

3.1 Introduction

Transition metal monochalcogenides with the formula ME (M is a tran-
sition metal, E = S, Se, or Te) are key materials in the development of
nanoscience and nanotechnology [197–200]. Within this class of materials,
cadmium chalcogenides (CdE) and lead chalcogenides (PbE) are abundantly
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used because of their each intriguing physical properties. CdE are wide-
bandgap II-VI semiconductors with a four-fold wurtzite (WZ) or zinc blende
(ZB) crystalline structures [201]. CdE nanostructures show quantum con-
finement so that the effective band gap depends on the crystalline size [202].
PbE belong to IV-VI semiconductors forming a six-fold rocksalt (RS) crys-
talline structure [203], which are important thermoelectric materials with a
low thermal conductivity and high thermoelectric figures of merit [204, 205].
CdE and PbE nanocrystals (NCs) can be synthesized in diverse morpholo-
gies, e.g., spheres, cubes, rods, tetrahedrons, truncated octahedron, and
hexagonal disks [197, 206–211]. These NCs can also be used as seeds in
the seed growth (SG) process to obtain heteronanocrystals (HNCs) such
as core-shell and core-multishell structures, tetrapods and octapods, and
nanodumbbells [18–20]. Recently, oriented attachment (OA) and ion ex-
change (IE) [33, 212, 213] have been shown to be very powerful tools in the
synthesis and design of nanostructures. In OA, NCs are used as building
blocks and are assembled in different patterns depending on the preferred
attachments of particular facets [30, 213]. In the IE process, either the
cations or anions in a nanostructure are partially or completely replaced
by a substitutional ion from a solution or vapor [33, 212]. OA and IC
can be independently used [9, 24, 25, 27, 35, 214–216] or combined [23] to
synthesize nanostructures such as nanowires, nanorod couples, dimers, thin
films, and 2-D superlattices. They are promising techniques in the design
and application of nanomaterials and nanodevices.

To theoretically study bulk crystalline materials, first principles den-
sity functional theory (DFT) calculations using three-dimensional periodic
boundary conditions provide reliable and accurate results within affordable
computational requirements [35, 82, 136, 139, 217–219]. However, to simu-
late NCs containing more than a few thousands of atoms, DFT calculations
are no longer possible because of the huge computational demands. Instead,
classical molecular simulations techniques such as molecular dynamics (MD)
or Monte Carlo (MC) using classical force fields are more commonly used
to deal with large systems [35, 68, 75, 94]. Deriving accurate force fields us-
ing appropriate functional forms is an essential prerequisite for performing
reliable and accurate classical MD and MC simulations.
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There is limited number of force field models developed for cadmium
chalcogenides. Wright and Gale [220] proposed a transferable shell model
(SM) for both ZnS and CdS. The SM has a long history of success in model-
ing ionic materials [221]. In such a model, an ion is presented by a massive
and positively charged core and a massless and negatively charged shell,
and a ”spring” is used to connect the core and shell, thus the SM is able to
describe ionic polarizability. The SM developed by Wright and Gale [220]
is able to accurately reproduce several physical properties for ZnS but has
a poor performance for CdS. Moreover, there are three limitations in this
SM: (1) most transition metal chalcogenides are partially ionic and partially
covalent [222], but full integer charges, ±2 e were still used in this model.
The use of integer charges in force fields of ionic solid materials helps their
transferability and enables modelling of the energy and local structure of
defects in the materials [91, 155, 223]. However, there is also evidence that
force fields developed for ionic solids using partial charges [82, 94, 224] have
superior performance to those using integer charges [220, 225, 226] for re-
producing physical properties such as lattice parameters, elastic constants,
and phase stabilities; (2) Three-body and four-body interatomic interaction
potentials were used in this SM to stabilize the tetrahedrally coordinated
structure of CdS and ZnS. Three-body interatomic interaction potentials
are often used to describe the directional feature of the covalent bonds.
However the presently used functional forms of these angle dependent po-
tentials [220, 227] are often pointed to the materials’ stable phases with a
particular bond angle (e.g. 104.7◦ for tetrahedral coordination structures),
thus the stabilities for other structures with different bond angles (e.g., 90◦

and 180◦ for octahedral coordination structures) are significantly underes-
timated. (3) One third of the total atoms are extra “shell” atoms which
decreases the computational efficiency. Other interaction models which do
not include charges and attempt to incorporate Coulomb interactions into
effective two-body or many-body interactions. Two examples thereof are
a transferable Stillinger-Weber (SW) potential developed for the Zn-Cd-
Hg-S-Se-Te system [227] and a analytical bond order potential (ABOP) for
Cd-Zn-Te systems [228]. These potentials cover several elements and can
accurately reproduce the lattice parameters, elastic properties and cohesive
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energies for II-VI binary compounds in the four-fold WZ or ZB structures.
However, both the SW potential [227] and the ABOP [228] models failed to
accurately reproduce the relative stabilities between the six-fold RS phase
and the four-fold WZ and ZB phases. Therefore, the description of the
pressure-induced ZB-to-RS or WZ-to-RS phase transitions in II-VI binary
compounds using these potential models could be questionable. A simple
but effective partially charged rigid ion model (PCRIM) [163] was first used
to develop a pair potential for CdSe by Rabani [92], and the model was
extended to CdS and ZnS by Grünwald et al [94]. In this model, effective
charges of ±1.18 e were set for cations and anions, and Lennard-Jones (LJ)
potentials were used to describe the short-range interactions (in the text,
this model will be referred as the LJ model) [92, 94]. Unlike the SM, SW
potentials, and the ABOP model mentioned above [220, 227, 228] which
are only valid to describe the four-fold WZ and ZB phases, this LJ model
captured the energy features for three phases, WZ, ZB and RS [92, 94].
Therefore, it has been frequently used in simulation studies of phase tran-
sitions [68, 93, 184, 229]. One minor flaw in this LJ model is that the
parameterization was over-constrained: Both the cation-cation and anion-
anion short-range interatomic interactions were included and the remaining
parameters in the cross terms (cation-anion, S-Se, and Zn-Cd short-range in-
teratomic interactions) are obtained by the Lorentz-Berthelot mixing rules.
Using too many constrains in the fitting procedures decreases the degrees
of the freedom, thus may lead to less accurate results. For example, the
calculated bulk moduli of CdS and CdSe by this LJ model were smaller
than the experimental data, and physical properties of ZnSe can not be
accurately described by this LJ model [94]. There are even fewer force fields
published for lead chalcogenides. Schapotschnikow et al. [31] derived a pair
potential model for PbSe within the same LJ model approach, and used
it in the atomistic simulations of the morphological transformations and
fusion of PbSe NCs. In this LJ model for PbSe, the effective charges for Pb
and Se ions are ±1.29 e, and the parameters that describe the Se-Se short-
range interactions in PbSe are very different from that in the LJ model for
CdSe [92]. Therefore, to describe the PbSe-CdSe ternary system, this PbSe
LJ model [31] cannot be easily combined with the CdSe LJ model [92]. The
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PCRIM has also been applied to develop force fields for PbTe [217, 230].
To our best knowledge, no force field has yet been published for PbS.

When deriving force fields for ionic solid materials, it is important
to note the following: (1) For half-ionic-half-covalent materials, the use of
partial (effective) charges has a considerable advantage over using full integer
charges [82]. (2) Although three-body and many-body interactions may exist
in the systems, including them in a force field model should be applied with
caution. In many cases, force fields consisting of only pair potentials can
already describe a wide range of polymorphs for materials with considerably
good accuracy [31, 82, 92, 94], but those including many-body potentials can
often be applied to fewer phases [217, 220, 227]. (3) Force fields developed by
following a conventional fitting procedure whereby the training sets merely
include available experimental data can not satisfy the increasing needs of
high accuracy and wide utilizable range [83]. DFT and ab-initio-MD data
are commonly included in the training sets to develop “nearly prefect” force
fields to describe not only crystal structures, elastic and vibration properties,
but also properties of high-pressure, metastable, liquid, and gas phases, and
of different surfaces and interfaces [31, 82, 155, 217, 228]. On the other
hand, a classical force field can never perfectly describe the quantum world.
However, using suitable functional forms with careful parameterization, a
derived classical force field with simple functional forms can capture many
essential physical and chemical properties of materials and is useful in the
atomistic simulations for large systems (e.g., nanostructures).

We developed a transferable PCRIM for the CdS-CdS-PbS-PbSe solid
system and used it in a MD study of cation exchange in PbSe-CdSe HNCs.
In this model, the values of the effective charges were determined by a Bader
analysis [56]. The short-range interatomic interaction potentials were pa-
rameterized to reproduce the lattice parameters, elastic properties, and
relative stability for CdS, CdSe, PbS, and PbSe polymorphs. In particular,
we included the relative stabilities of stable WZ and ZB, high-pressure RS
and CsCl, and metastable honeycomb (HC) phases from DFT calculations
in the training set to ensure an accurate description of the possible struc-
tural transitions. DFT calculations for the four II-VI and IV-VI binary
compounds and a board range of validation tests for the force field are also
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Table 3.1: DFT-calculated Bader charges of cations in CdS, CdSe, PbS, and PbSe polymorphs.
All charges are in e.

CsCl RS ZB WZ HC

CdS 0.847 0.810 0.852 0.867 0.843
CdSe 0.712 0.825 0.725 0.711 0.750
PbS 0.929 1.001 0.913 - 0.933
PbSe 0.813 0.812 0.804 - 0.781

provided in details.

3.2 Methods

3.2.1 Density Functional Theory Calculations

First principles DFT calculations were employed to calculate the crystal
structures and relative stabilities of CdS, CdSe, PbS and PbSe polymorphs
and their mixed phases, as well as the surface energies for several different
non-polar surfaces in WZ-CdX (X = S or Se) and RS-PbX. For each material,
calculations were performed for five polymorphs: WZ, RS, ZB, HC and
CsCl (Figure 3.1 a-e). By a full structural optimization, WZ-PbX will
automatically transfer into a five-fold HC structure, which indicates that
the WZ phase is unstable for PbS and PbSe. A Bader charge analysis [56]
was carried out to determine the effective charges on the atoms for each
polymorph. For the details of these DFT calculations, we refer to our
previous work [35, 82]. The results of the Bader charges of the cations
are listed in Table 3.1. Differences between the Bader charges of different
materials and different structures are small. These similar Bader charges
enable us to develop a transferable force field with a uniform absolute value
of effective charge for all four materials. The effective charges were fixed at
±0.8 e for all cations and anions as in our previous work [35].

To provide DFT data of the mixed phases for the fitting procedure, four
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Figure 3.1: Unit cells for binary compounds (a-e) and for QMPs (f-i). (a) ZB, (b) WZ, (c)
HC, (d) RS, (e) CsCl, (f) ZB’, (g) WZ’, (h) HC’, and (i) RS’. The space groups are listed
for each structures. The green spheres represent one type of cations (Cd or Pb); Yellow and
purple spheres represent two different anions (S and Se).
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quasi-mixed phases (QMPs) were constructed by replacing half of the total
anions in a unit cell (S and Se) with the other type (Se or S). The formulas
of these QMPs are Cd2SSe and Pb2SSe. Due to the relatively small unit
cell used, rather than being randomly distributed, the two different anions
are arranged in alternate layers in the QMPs when 3-D periodic boundary
conditions applied. We labeled these QMPs as WZ’, RS’, ZB’, and HC’
to correlate them with their original crystal structures and also to mark
the reduced symmetry of these QMPs with a prime symbol. Schematic
representations of these QMPs are shown in Figure 3.1 f-i together with
their space groups. Note that because of the reduced symmetry in these
QMPs, the internal coordinations in these QMPs may differ from those in
their correlated crystal structures, and for ZB’ and RS’, lattice parameter
a is not necessarily equal to c. Full structural optimization were carried
out for WZ’-, ZB’-, and RS’-Cd2SSe and HC’-, ZB’- and RS’-Pb2SSe. The
basic set-up of DFT calculations for each QMP is the same as that for its
correlated crystal structure.

3.2.2 Fitting Methodology

The functional format of the interaction potentials for CdS and PbS were
kept the same as those for CdSe and PbSe [35]. It only contains Coulomb
interactions and short-range two-body interactions [35]:

uij =
qiqj
rij

+Ae−rij/ρ − C6

r6ij
(3.1)

The first term describes the long-range Coulomb interactions. The sec-
ond and the third terms are the Buckingham potential that describes the
repulsive and dipole-dipole interactions. A, ρ and C6 are parameters to
be obtained by fitting. The short-range cation-cation interactions (the
Buckingham potential) are ignored.

Both a conventional and relaxed fitting procedure [83] were used to
obtain the parameters. Empirical fitting based on experimental data and
relaxed ab-initio energy surface fitting [35, 82] based on DFT data were
combined to obtain all parameters. All 18 parameters in the Buckingham
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potentials were relaxed simultaneously and obtained by fitting to the ex-
perimental data, including the lattice parameters and elastic constants of
RS-PbX, WZ- and ZB-CdX measured at room temperature, as well as the
DFT data, including the lattice parameters and relative stabilities of RS-,
ZB-, CsCl-, and HC-PbX and WZ-, ZB-, RS-, and HC-CdX. For DFT-
GGA calculations are generally known to systemically show larger lattice
parameters in comparison to experimental data. The lattice parameters
obtained by our DFT-GGA calculations were normalized by rescaling their
volumes [35, 82]. All calculations in the fitting procedures were carried
out by GULP [177]. A cut-off radius of 12 Å was set for the short-range
Buckingham potentials and long-range tail correction were not applied. The
Ewald summation method [61, 174] was used to calculate the electrostatic
interactions. Further details about the fitting procedures can be found
elsewhere [35].

To complete the parameter set, the parameters of the short-range S-Se
Buckingham potential are also required. These parameters were obtained
by fitting the DFT data of the lattice parameters, internal coordinations,
and relative stabilities of the QMPs (WZ’-, ZB’-, and RS’-Cd2SSe; and
RS’-, ZB’-, and HC’-Pb2SSe). The lattice parameters of the QMPs from
the DFT-GGA calculations were also rescaled [35, 82] for fitting. During
fitting, all previously determined parameters remained unchanged, only
the three parameters A, ρ and C6 in the S-Se Buckingham potential were
relaxed. The complete parameter set of the transferable force field for
CdS-CdSe-PbS-PbSe system is listed in Table 3.2.

3.2.3 Molecular Dynamics Simulations

MD simulations were used to compute several properties of the CdX and
PbX and their mixed phase at finite temperatures. For bulk materials,
periodic matrices containing about 4000 atoms were constructed for WZ-
and ZB-CdX and RS-PbX based on the experimental lattice parameters.
In the MD simulations, the equations of motion were integrated using the
velocity Verlet algorithm with a time step of 1 fs. At T = 300 K and p = 0
GPa, Each MD simulation of 0.5 ns was performed in the Isobaric-Isothermal
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Table 3.2: The complete set of parameters of the transferable force field for CdS, CdSe, PbS,
PbSe, and their mixed phases (see Eq. 6.1). Parameters A, ρ, and C are in eV, Å, and
eV·Å6, respectively. The short-range interactions between cations are ignored. The effective
ion charges q are ±0.8 e.

interaction A ρ C

Cd-S 1.26× 109 0.107 53.5
Cd-Se 2.64× 109 0.108 64.4
Pb-S 3.05× 106 0.173 154
Pb-Se 4.88× 106 0.173 211
S-S 4.68× 103 0.374 120
Se-Se 5.20× 103 0.384 127
S-Se 5.44× 103 0.376 122

(NpT ) ensemble, The first 0.1 ns was used for equilibration whereby the
velocities were rescaled to the target temperature. This MD time is long
enough to equilibrate the systems. The temperature and the pressure were
controlled by a standard Nosé-Hoover thermostat and barostat [231].

3.3 Physical Properties of CdS, CdSe, PbS, and
PbSe

We first test our transferable force field by reproducing the geometrical
structures and elastic properties of CdX and PbX. For the lattice parameters,
we considered five structures (WZ, ZB, RS, HC and CsCl) for CdX and four
structures (RS, ZB, HC and CsCl) for PbX. For the elastic constants and
bulk moduli, we only considered the most stable phases for CdX (WZ and
ZB) and PbX (RS). Reliable experimental data are only partially available
for the lattice parameters, elastic constants, and bulk moduli of these binary
compounds in their stable and high-pressure phases. Lattice parameters
for the other phases can only be compared with DFT calculations. In
addition, MD simulations were performed for the stable phases for each
material to obtained the lattice parameters at finite temperature (300 K).



3.3 Physical Properties of CdS, CdSe, PbS, and PbSe 53

The results are listed in Tables 3.3 and 3.4 for lattice parameters and elastic
properties, respectively, together with available experimental data, DFT
calculations and the results calculated using the LJ models [31, 92, 94]. It
should be clarified that most of these physical properties were used in the
fitting procedure as training sets, therefore our potential set was expected to
accurately reproduce these properties. As is shown in Table 3.3 and 3.4, this
new force field is able to accurately reproduce all properties concerned for
all four binary compounds. Compared to other models [31, 92, 94], our force
field model shows equivalent or higher accuracy when reproducing lattice
parameters and elastic properties. Note that we repeated the calculations
using the previous LJ models for CdS [94], CdSe [92] and PbSe [31]. The
results were slightly different from the original values reported [31, 92, 94].

The cohesive energy, defined as the energy required for separating a
solid or liquid into isolated free atoms, is often used to describe the energy
features of condensed materials and to compare the energies of a material
between different phases. Cohesive energies of solids can be either measured
by experiments or calculated by DFT. The cohesive energies of WZ-CdX
and RS-PbX calculated by DFT-GGA are listed in Table 3.5. The DFT-
calculated cohesive energies of CdS and CdSe are 6.603 and 5.414 eV/f.u.,
respectively, which are slightly larger than the experimentally measured
values [232] of 5.71 and 4.93 eV/f.u. for CdS and CdSe, respectively. The
cohesive energies by DFT calculations are 8.640 and 8.065 eV/f.u. for PbS
and PbSe, respectively. For PbX, there is no available experimental data
for comparison. These DFT-calculated cohesive energy values were not
included in the training set for fitting, because the PCRIM was chosen to
describe the interatomic interactions whereby the ions remain charged while
being pulled apart from each other [82]. Therefore, force field models with
fixed charges are only applicable to calculating lattice energies (the energy
required for separating a solid into a gas of its ions). The lattice energies
calculated with the present force field are -6.320, -6.027, -6.034, and -6.079
eV/f.u for WZ-CdS, WZ-CdSe, RS-PbS, and RS-PbSe, respectively. For a
more detail discussion on the difference between the lattice energy and the
cohesive energy, the reader is referred to Refs. [82, 223].

Compared to reproducing the absolute energies (cohesive energy or
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lattice energy), accurately reproducing the relative stability (energies) of
different phases of a material is more important for a force field to accu-
rately simulate solid-solid phase transitions [82]. The relative stability of
polymorphs was included in the training set, thus assuring accuracy in
describing the related solid-solid phase transitions [82]. The calculated
relative stabilities are also listed in Table 3.5, in comparison with the
data calculated with the LJ models [31, 92, 94] and by DFT-GGA. Ac-
cording to our DFT-GGA results, CdS and CdSe have very similar rela-
tions of the phase stabilities. The order of their polymorphic stabilities is:
EWZ ∼ EZB < EHC < ERS < ECsCl. Here, E can either be the opposite
number of cohesive energy or the total energy. Note that our DFT-GGA cal-
culations predicted a higher stability of the HC phase than the RS phase for
CdSe at zero temperature and zero pressure conditions, in contrast to previ-
ous DFT calculations whereby the local density approximation (LDA) was
used [218]. In general, both of our new transferable PCRIM and the previ-
ous LJ model [92, 94] can correctly reproduce the order of the stabilities for
CdX. We first discuss the relative stabilities of the WZ, HC, and RS phases,
which are involved in the extensively studied pressure-induced WZ-to-RS
phase transition [93, 136, 139, 143, 171, 184, 229, 233]. Figure 3.2 shows
the enthalpies (H) of CdX with the WZ and RS structures as a function of
hydrostatic pressure at 0 K. The points where HWZ=HRS are 4.8 and 4.1
GPa for CdS and CdSe, respectively. These results are in good agreement
with the recently reported experimental measurements of the transition
pressures for CdS (3.0∼4.3 GPa) [234] and CdSe (3.0∼4.8 GPa) [235]. The
LJ model [92, 94] for CdS and CdSe shows smaller values of ∆ERS−WZ and
∆EHC−WZ compared to our force field model and DFT-GGA calculations,
thus yielding slightly lower transition pressures [94]. Both the present model
and the LJ model [92, 94] show similar ratios of ∆EHC−WZ/∆ERS−WZ ∼0.5
which is smaller than the DFT results of ∼0.7. This deviation may con-
tribute to a slightly biased preference of the HC phase as an intermediate
phase in the route of the WZ-to-RS phase transition when applying these
models [93, 184, 236]. To the best of our knowledge, the classical force field
model presented in this work provides the most accurate description of the
pressure-induced WZ-to-RS phase transition for CdS and CdSe.
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Figure 3.2: Calculated enthalpies (H) as a function of hydrostatic pressure for CdS (black
lines), CdSe (blue lines), PbS (red lines) an PbSe (green lines) in the WZ (solid lines), RS
(dash lines) and CsCl (dash-dot line) structures. The vertical arrow indicates the pressure
where HWZ = HRS or HRS = HCsCl.

Another issue is the relative stability of the WZ and ZB structures in
CdX. In II-VI group semiconductors, some materials form the WZ struc-
ture in nature (e.g. ZnO, CdS, and CdSe) and some form the ZB structure
(e.g. CdTe, ZnS, ZnSe and ZnTe). The relative stability of WZ and ZB is
similar (energy difference less than a few meV/atom), especially for CdS
and CdSe which have almost the same stability or energy of the WZ and
ZB polymorphs at zero temperature zero pressure conditions based on DFT
calculations. Calculated using a force field for tetrahedrally coordinated
materials that only contain Coulomb interactions and two-body potentials,
the WZ phase is always more stable than the ZB phase [82, 92, 94, 155, 238].
This is naturally true for ZnO [82, 155], but not for other II-VI semiconduc-
tors. To correct this issue, three-body and even four-body interactions were
proposed to be added in force field models for CdS and ZnS [195, 220]. This
restricts the utilizable range of the force field to only the four-fold WZ or
ZB structures. The functions used for the three-body interactions resulted
into a unique preferred bond angle of 109.5◦, which led to an artificially low
stability of other non-tetrahedrally coordinated phases (e.g. the six-fold RS
phase). The same problem also exists in the SW potential [227], which yields
exactly equal stability for WZ and ZB but significantly underestimateded
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Table 3.4: Elastic constants and bulk moduli of WZ-, ZB-CdX and RS-PbX calculated using
the present force field and the LJ models of Refs. [31, 94], together with experimental data.
The elastic constant cij and bulk modulus B are in GPa. The values in bold are data used
for the fit of the force field parameters.

c11 c12 c13 c33 c44 c66 B
WZ-CdS

Expt.a 86.5 54.0 47.3 94.4 15.0 16.3 62.7
PCRIM, this work 85.3 56.2 48.4 85.4 14.6 14.5 62.3
LJ modelb 79.4 47.9 41.8 74.8 17.6 15.7 55.0
ZB-CdS

Expt.a 77.0 53.9 - - 23.6 - 61.6
PCRIM, this work 72.4 57.2 - - 24.2 - 62.3
LJ modelb 65.0 50.0 - - 27.7 - 55.0
WZ-CdSe

Expt.a 74.1 45.2 39.0 84.3 13.4 14.5 53.1
PCRIM, this work 72.4 47.9 41.4 72.5 12.3 12.2 53.1
LJ modelb 65.9 38.0 32.9 64.4 15.2 14.0 44.8
ZB-CdSe

Expt.a 66.7 46.3 - - 22.3 - 53.1
PCRIM, this work 61.6 48.8 - - 20.3 - 53.1
LJ modelb 53.8 40.2 - - 24.2 - 44.7
RS-PbS

Expt.c 126.0 16.0 - - 17.0 - 49.9
PCRIM, this work 127.0 16.3 - - 16.3 - 53.2
RS-PbSe

Expt.c 123.7 19.3 - - 15.9 - 54.1
PCRIM, this work 129.9 16.5 - - 16.5 - 54.3
LJ modeld 125.0 19.1 - - 19.1 - 54.4

a Ref. [201], b Calculated using the LJ model reported in Ref. [94], c Ref. [203], d Calculated
using the LJ model reported in Ref. [31]
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Table 3.5: Relative energy differences of CdS, CdSe, PbS and PbSe polymorphs calculated
using the present force field and the LJ models of Refs. [31, 94], in comparison with DFT
data. The number 0 indicates the most stable phase among the polymorphs. The values in
parentheses are the cohesive energies calculated by DFT or the lattice energies calculated
with the force fields. The values in bold are data used for the fit of the force field parameters.
The energy differences, cohesive energies, and lattice energies are reported in eV/f.u..

CsCl RS ZB WZ HC
CdS

DFT, this work 1.278 0.268 0.002 0 (6.063) 0.180
PCRIM, this work 1.341 0.297 0.015 0 (6.320) 0.149
LJ modela 1.358 0.095 0.030 0 (12.095) 0.066
CdSe

DFT, this work 1.200 0.292 0 0.002 (5.414) 0.210
PCRIM, this work 1.290 0.291 0.014 0 (6.027) 0.149
LJ modela 1.396 0.148 0.027 0 (11.486) 0.082
PbS

DFT, this work 0.508 0 (8.640) 0.380 - 0.316
PCRIM, this work 0.467 0 (6.034) 0.360 - 0.373
PbSe

DFT, this work 0.478 0 (8.065) 0.374 - 0.320
PCRIM, this work 0.528 0 (6.079) 0.381 - 0.397
LJ modelb 0.428 0 (12.922) 0.464 - 0.423

a Calculated using the LJ model reported in Ref. [94], b Calculated using the LJ model
reported in Ref. [31]
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Figure 3.3: Phonon dispersion relations of (a) WZ-CdS, (b) WZ-CdSe, (c) ZB-CdS, (d)
ZB-CdSe, (e) RS-PbS, and (f) RS-PbSe. The paths in reciprocal space were chosen as Γ(0,
0, 0) → A(0, 0, 0.5) for the WZ phase and Γ(0, 0, 0) → L(0.5, 0.5, 0.5) for the ZB and
RS phase. The black solid lines are the phonon dispersion curves calculated using this force
field; the blue dash lines are DFT calculations reported in Refs [241–244]; the circles are
experimental data reported in Ref [241, 244–246] and the diamonds are frequencies estimated
from the experimental data of WZ-CdX [201]; the red dot lines are calculated using the LJ
model for PbSe reported in Ref. [31].
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the relative stability of the high-pressure RS phase (∆ESW−CdS
RS−WZ = 1576

meV/f.u. and ∆ESW−CdSe
RS−WZ = 1168 meV/f.u.). Calculated using our new

force field model, the relative stabilities of ZB with respect to WZ are 15 and
13 meV/f.u. for CdS and CdSe, respectively, while those calculated by the
LJ model [92, 94] are 30 and 27 meV/f.u. for CdS and CdSe, respectively.
Both numbers are higher than that computed from DFT (∆ECdS

ZB−WZ = 2

meV/f.u. and ∆ECdSe
ZB−WZ = −2 meV/f.u.). This deviation in our force field

or the LJ model [92, 94] can be neglected since the energy differences are
less than the thermal energy, kBT .

We further test our transferable force field by reproducing the phonon
dispersion relations of WZ-, ZB-CdX and RS-PbX. These vibration prop-
erties were not used in the fitting procedures. Figures 3.3a, b, c and d
show the calculated phonon dispersion relations for WZ-CdS, WZ-CdSe,
ZB-CdS, and ZB-CdSe, respectively.The paths in reciprocal space were
chose as Γ → A for the WZ phase and Γ → L for the ZB phase. For WZ-
CdX, the calculated phonon dispersion curves are in excellent agreement
with the inelastic neutron scattering data [241, 245] and DFT computa-
tions [241, 242]. For ZB-CdX, there are no experimental data available
for comparison. Only DFT-calculated phonon dispersion relations [243]
and a few frequencies at the high symmetrical points estimated from the
WZ-CdX measurements [201] can be used for comparison. In general, the
phonon dispersion relations calculated for ZB-CdX using this force field are
in agreement with the DFT calculations. Figures 3.3 e and f show the cal-
culated phonon dispersion curves in the direction of Γ → L for RS-PbS and
RS-PbSe, respectively. Unlike the CdX, the calculated phonon curves for
PbX deviate from the experimental data [246] and DFT calculations [244],
especially for the optical modes. Accurately reproducing the phonon disper-
sions for lead chalcogenides is extremely difficult for the existing classical
force fields. Consider for example, the phonon dispersions of RS-PbSe that
are also calculated by the LJ model for PbSe [31] (red dotted lines in Fig-
ure 3.3 f). Neither the present force field, nor the LJ model [31] is able
to accurately reproduce the optical branch of phonons in PbSe. The same
issue is also present for the force fields developed of PbTe [217, 230]. In
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the fitting procedures, we also attempted to include the frequencies of the
optical modes at the Γ point to the training set within this pair potential
model to improve the description of the phonon relations. No significantly
improved result was found. We suspect that only using two-body interac-
tions is insufficient to accurately describe the vibrations of the atoms in
lead chalcogenides.

3.4 Physical Properties of Mixed Phases

So far, we have demonstrated that the new transferable force field is able
to accurately reproduce several physical properties of CdS, CdSe, PbS,
and PbSe binary compounds. We expect that this transferable force field
will also describe well mixed phases of these four binary compounds. We
emphasize that three assumptions were made for the transferability in this
model: (1) the same absolute value of the effective charge was used for all
ions; (2) short-range interatomic interactions between cations were ignored;
(3) the same parameters of short-range interatomic interactions between
anions were used for different materials. The parameters for the cross term
(short-range S-Se interaction) were obtained by fitting to DFT-calculated
lattice parameters and stabilities of different QMPs. If these assumptions
are reasonable, we should be able to use this force field to compute some
basic physical properties of the mixed phases that are in agreement with
the experimental and DFT data.

Table 3.6 lists the lattice parameters and relative stabilities of different
QMPs (WZ’-, ZB’-, RS’-Cd2SSe and RS’-, ZB’-, and HC’-Pb2SSe) calcu-
lated by this force field. A comparison is made with the values calculated
by DFT and the LJ model of Ref. [94] (only available for Cd2SSe). Note
that in the LJ model [94], the Lorentz-Berthelot mixing rules were used to
obtain the parameters for all cross terms. Since the DFT data were used in
the training set to obtain the parameters of the cross terms, our force field
is able to more accurately reproduce the DFT results in comparison to the
LJ model [94].

In the general case, the cations or anions in mixed phases are more
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Figure 3.4: Lattice parameters of CdS1−xSex and PbS1−xSex calculated from the MD
simulations as a function of the fraction x using our new force field. The circles and the
squares are the lattice parameter c and a in WZ-CdS1−xSex, respectively; the triangles are
the lattice parameter c in RS-PbS1−xSex. The solid symbols are from the MD simulations
and the open symbols are experimental measurements reported in Refs. [247, 248].

Figure 3.5: Relative energy difference for the WZ- and RS-PbxCd1−xSe mixed phases as a
function of x at 0 K. The circles are WZ-PbxCd1−xSe with increasing x from 0 to 1; the
squares are RS-PbxCd1−xSe with decreasing x from 1 to 0. The solid symbols are calculated
using the force field and the open symbols are DFT data reported in Ref. [35]. The colors
black, blue and green indicate the RS, WZ and HC structures, respectively.
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Table 3.6: Lattice parameters and relative stabilities of Cd2SSe and Pb2SSe quasi-mixed
phases (QMPs) calculated using the present force field and the LJ models of Ref. [94], in
comparison with DFT data. The lattice parameters a and c are in Å; the relative energy
difference ∆E is in eV/f.u.. The number 0 indicates the most stable phase among different
structures. The lattice parameters from DFT calculations are normalized by rescaling their
volumes. The values in bold are data used for the fit of the force field parameters.

RS’a ZB’a WZ’a or HC’a

a c ∆E a c ∆E a c ∆E
Cd2SSe
DFT, this work 5.52 5.52 0.298 5.95 5.96 0 4.21 6.88 0.004
PCRIM, this work 5.53 5.54 0.299 5.94 5.94 0.005 4.22 6.81 0
LJ modelb 5.61 5.57 0.134 6.00 5.96 0.018 4.28 6.78 0
Pb2SSe
DFT, this work 6.04 6.04 0 6.69 6.68 0.354 5.06 6.05 0.158
PCRIM, this work 6.02 6.02 0 6.79 6.69 0.363 5.13 5.99 0.193

a The prime symbols on the abbreviations of the structures denote the distortion and the
reduced symmetry of the structures by replacing S with Se. See text and Figure 3.1; b

Calculated using the LJ model reported in Ref. [94]

randomly distributed than in the QMPs in our DFT calculations. The
chalcogenides with the same cation have the same crystal structure and
similar lattice parameters. Therefore, their mixed phase forms continuous
solid solution within a wide temperature range [247, 248]. MD simulations
were used to reproduce the lattice parameters of WZ-CdS1−xSex and RS-
PbS1−xSex with different values of x from 0 to1. In the MD simulations, the
WZ-CdS and RS-PbS matrixes were used as the initial configurations, and
in each MD simulation 1/16 of the total number of S were randomly selected
and replaced with Se. Thus the rate at which the ions were exchanged was
approximately 30 anions per 500 ps. As expected, WZ-CdS1−xSex and
RS-PbS1−xSex mixed phases formed solid solutions within the range of x
from 0 to 1. CdS1−xSex remained WZ while PbS1−xSex remained RS. No
phase transition or (local) structural distortion was found in the simulations.
Figure 3.4 shows the relative lattice parameters of WZ-CdS1−xSex and RS-
PbS1−xSex as function of x, which are in good agreement with experimental
results [247, 248].
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In contradiction to the chalcogenides with the same cations, those with
the same anions but different cations have different crystal structures. A
six-fold ↔ four-fold phase transition should be observed in WZ-PbxCd1−xX
(x: 0→1) and RS-PbxCd1−xX (x: 1→0) with increased/decreased fraction
of Pb. This two-way phase transitions are difficult to be directly observed
in bulk materials but have been observed in heteronanostructures that were
initiated by cation exchange [23, 35]. For this type of mixed phases, no
additional parameter is needed for the force field. The transferability of the
force field for describing the interatomic interactions between Cd and Pb is
based on the assumption that the interatomic interactions between cations
are only Coulomb interactions.

We first compare the zero-temperature results by lattice statics sim-
ulations to available DFT data [35]. In the lattice statics simulations,
2×2×3 (36 atoms) and 2×2×2 (32 atoms) superlattices were constructed
for WZ-CdSe and RS-PbSe as initial configurations, respectively. For each
simulation, 4 randomly selected cations (either Cd in WZ-CdSe or Pb in
RS-PbSe) were replaced by the other type of cations and a full geometrical
relaxation was preformed for the superlattice. A simulation continued until
all cations in a superlattice were replaced by the other type. Therefore, the
lattice energies of the WZ- or RS-PbxCd1−xSe mixed phases with different
fractions of x, can be obtained. At zero temperature and zero pressure
conditions, the Gibbs Free energy equals the lattice energy, G = E. There-
fore, the relative energy difference for a particular fraction of Pb can be
calculated as [35]:

∆EPbxCd1−xSe = EPbxCd1−xSe − xERS
PbSe − (1− x)EWZ

CdSe (3.2)

Where ERS
PbSe and EWZ

CdSe are the lattice energies of RS-PbSe or WZ-CdSe.
The calculated relative energy differences for WZ-PbxCd1−xSe (x: 0→1)
and RS-PbxCd1−xSe (x: 1→0) are shown in Figures 3.5. The values calcu-
lated by the force field are in reasonable agreement with the available DFT
data [35]. Both calculations predict an automatic WZ-to-HC structural
transition in WZ-PbxCd1−xSe with increasing fraction of Pb. This struc-
tural transition only took place when x→1 according to DFT calculations,
but is found to be a gradual transition in the range of x = 0.6∼1 using the



3.4 Physical Properties of Mixed Phases 65

force field. The calculated relative energy differences at 0 K are all positive
indicating a complete phase separation of PbSe and CdSe.

To reproduce the concentration-induced six-fold ↔ four-fold phase tran-
sition in the PbxCd1−xX mixed phases, four independent MD simulations
were carried out: WZ-PbxCd1−xX with x = 0→1 and RS-PbxCd1−xX with
x = 1→0. The method mentioned earlier in the text was used to replace
cations. The rate at which the ions were exchanged was also kept at ∼30
cations per 500 ps. This exchange rate is larger than in experiments [35]
(typically a few minutes for a complete cation exchange of a 20-nm-sized
NC), but it is slow enough to observe phase transitions in the MD simula-
tions. Apparently, using this artificial cation exchange, the MD simulations
by no means are able to reveal the mechanisms of the real cation exchange
phenomenon. We here only show the occurrences, possible routes and
mechanisms of these phase transitions initiated by cation exchange. We
used a relatively high temperature (T = 500 K) for these MD simulations.
The DFT computations of the relative stability of the ternary systems at
zero temperature and a rough estimation considering the configurational
entropy indicated that at relatively low temperatures (T ≤ 300 K), a mixed
phase is thermodynamically not favored over phase separation. A relatively
high temperature is required to enable the PbxCd1−xX ternary systems to
form mixed phases. A high temperature also provides the activation energy
to cross energy barriers and therefore the phase transitions can be easily
detected within a relatively short MD simulation time.

Figure 3.6 shows typical snapshots of the four MD simulations at the
transition concentrations. A WZ-to-RS phase transition (Figure 3.6 a was
found as expected in the WZ-PbxCd1−xS system at x = 1/2, but, unexpect-
edly, the WZ-PbxCd1−xSe was trapped in a metastable HC phase (Figure 3.6
b from x = 3/8 ∼ 1). We feel that a higher temperature or a longer simula-
tion time may enable the PbxCd1−xSe (x ≥ 0.5) mixed phase to leap from
the metastable HC phase to the stable RS phase, since such transformation
involves activated nucleation events [93]. Surprisingly, the MD simulations
starting from RS-PbxCd1−xS and RS-PbxCd1−xSe (x: 1→0) also yielded
different results. The RS-PbxCd1−xSe mixed phase transform to the WZ
structure at x=3/4 (Figure 3.6 c), while the x=1/2 (Figure 3.6 d). How-
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Figure 3.6: Snapshots of MD simulations of (a) WZ-PbxCd1−xS (x: 0→1), (b) WZ-
PbxCd1−xSe (x: 0→1), (c) RS-PbxCd1−xS (x: 1→0), and (d) RS-PbxCd1−xSe (x: 1→0)
ternary mixed phases at 500 K. The green, blue, yellow, and purple spheres represent Cd, Pb,
S, and Se atoms, respectively. For each system, the first and the last snapshots show the final
configurations with the lowest and highest fractions of exchanged cations, respectively; the
second to the forth snapshots show the configurations when the phase transitions are taking
place. The blue dash lines at the upper right of the figure indicate twin boundaries in the
RS-Pb15/16Cd1/16S.
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ever, both results are acceptable since the WZ and ZB phases for CdX have
very similar stabilities and the transition routes are expected to be highly
sensitive to the temperature, the initial configuration, nucleation energies,
energy barriers to transform from one phase to another, the rate at which
the cations are exchanged, etc. Very recently, it was reported that both
the RS-to-ZB and partially RS-to-WZ transitions are found by a cation
exchange (Pb→Cd) process in RS-PbSe 2D-superlattices [23].

3.5 Surface Energy Calculations

Using this force field, the surface energies of several different non-polar
surfaces of WZ-CdX and RS-PbX were calculated and were compared with
the results calculated by the LJ models [31, 92, 94] and by DFT. For
the WZ-CdX, the {101̄0} and {112̄0} surfaces were considered while for
RS-PbX, the {100} and {110} surfaces were considered. These non-polar
surfaces are the most important surfaces for WZ-CdX and RS-PbX having
the lowest surface energies. Polar surfaces as WZ-±{0001} and RS-±{111}
are also important, but the stabilizing mechanisms are complicated and can
differ between different materials or between different terminated atoms (i.e.
cation-terminated, anion-terminated, or reconstructed polar surfaces) [82,
219, 249–251]. Surfaces energies of those polar surfaces calculated by DFT
and by classical force fields are normally in the same order of magnitude [68,
82]. However, DFT and classical force fields in general use very different
schemes to calculate polar surfaces [82], thus the comparison between them
is difficult and less meaningful. Therefore, we omit the calculations and
discussions of the polar surfaces. For the details about the DFT and classical
computations of surface energy, we refer to our previous work [82].

Table 3.7 shows the calculated surface energies by the present PCRIM,
the LJ models [31, 92, 94], and DFT for CdX and PbX, respectively. We
expect that the materials with the same cations have similar surface prop-
erties, since they have the same structures and the very similar physical
properties. However, the DFT results for CdSe reported by Manna et
al. [250] and Csik et al. [252] are very different from those for CdS reported
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Table 3.7: Surface energies of the most stable non-polar surfaces for CdX and PbX calculated
with the present force field, the LJ models of Refs. [31, 94], and by DFT, together with
available DFT data in literature. The surface energies are in J/m2.

surface PCRIM, this work LJ model a DFT, this work DFT, literature

WZ-CdS {101̄0} 0.29 0.42 0.323 0.28 b

{112̄0} 0.30 0.44 0.318 0.29 b

WZ-CdSe {101̄0} 0.25 0.35 0.237 0.46c, 0.59d

{112̄0} 0.26 0.37 0.231 0.50c, 0.67d

RS-PbS {100} 0.29 - 0.178 0.160e

{110} 0.49 - 0.327 -

RS-PbSe {100} 0.29 0.33 0.179 0.184f

{110} 0.49 0.67 0.316 0.318f

a Calculated using the LJ models reported in Refs. [31, 94]; b Ref. [249]; c Ref. [252]; d

Ref. [250]; e Ref. [251]; f Ref. [219].

by Barnard et al. [249]. The former are almost two times larger than the
latter. The authors from the last paper suggested that the difference may
be due to the different schemes used in the DFT calculations and/or the
different materials studied. We performed the DFT-GGA calculations for
both CdS and CdSe. It turns out that our results for CdS are similar to
those reported in Ref. [249] and the values for CdSe are slightly smaller than
those for CdS. In our DFT calculations, we used the same basic settings
with considerably high accuracy for all materials, which indicates that the
surface properties for CdS and CdSe are indeed similar and these significant
differences from former DFT calculations are likely due to the different
computational methods used. Similarity is also found between the surfaces
of PbS [251] and of PbSe [219].

The surface energies for CdX and PbX calculated by our force field are
in reasonable agreement with our DFT calculations. The calculated surface
energies of the {001} facet of PbX (∼0.29 J/m2) are slightly higher than
the DFT results (∼0.18 J/m2). For WZ-CdX, the two most stable surfaces,
{101̄0} and {112̄0}, have very similar surface energies, which dominate the
morphologies of the WZ-CdX nanostructures (e.g., WZ-CdX NCs normally
form spheres and rods). For RS-PbX, the {100} facet has the lowest surface
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energy, thus PbX NCs easily form cubes or truncated cubes.

3.6 Conclusions

We derived a transferable force field for the CdS-CdSe-PbS-PbSe systems.
This Partially Charged Rigid Ion Model contains only two-body interatomic
interactions and 22 parameters. This new force field has simple functional
forms but equivalent or better descriptions of several physical properties of
CdX and PbX in comparison to other models. The physical properties of
CdX and PbX including the crystalline structures, elastic constants, bulk
moduli, relative stability, transition pressures, phonon dispersion relations,
and the surface energy can be described by this force field with considerably
high accuracy. This force field is also able to describe the MSxSe1−x and
CdxPb1−xX ternary systems. The former forms continuous solid solutions
while concentration-induced four-fold (WZ or ZB) ↔ six-fold (RS) transi-
tions were found in the latter by changing the fraction of the cations. A
classical force field can never be prefect and one should be aware of its
limitations. Here, we also summarize the shortcomings for this force field:
(1) According to our DFT-GGA calculations, the stability of the HC phase
is slightly overestimated and that of the ZB phase is slightly underestimated
for CdX; (2) Due to the simplification of this PCRIM, several physical prop-
erties can not be accurately reproduced for CdX and/or PbX, including the
cohesive energies and melting points for CdX and PbX, and the phonons in
RS-PbX. The melting points of WZ-CdS, WZ-CdSe, RS-PbS, and RS-PbSe
assessed by direct heating MD simulations [82] are 1137, 1088, 1665, and
1608 K, respectively. The experimentally measured melting points [201, 203]
are 1748, 1512, 1383, and 1353 K for WZ-CdS, WZ-CdSe, RS-PbS, and
RS-PbSe, respectively. Note that the force field was not tuned to reproduce
experimental melting points; (3) The calculated surface energies of the 001
facet of PbX are slightly higher than the DFT results. The charge transfer
on the polar surfaces of the CdX and PbX cannot be described by the
rigid ion model. This transferable force field for the CdS-CdSe-PbS-PbSe
systems is expected to be used in the classical molecular simulations to in-
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vestigate many burgeoning researches in material science such as solid-solid
phase transitions, the seeded growth mechanism, oriented attachment, and
cation exchange of NCs, which are of interest for the further development
of functional chalcogenide nanostructures.



Chapter 4

Thermally Induced
Transformation of CdSe
Nanocrystals

This chapter is based on the paper: Z. Fan, A. O. Yalcin, F. D. Tichelaar,
H. W. Zandbergen, E. Talgorn, A. J. Houtepen, T. J. H. Vlugt, and M.
A. van Huis, ‘From Sphere to Multipod: Thermally Induced Transitions of
CdSe Nanocrystals Studied by Molecular Dynamics Simulations’, J. Am.
Chem. Soc., 2013, 135, pp 5869–5876.

4.1 Introduction

Cadmium selenide (CdSe) is a II-VI group semiconductor which has been
widely studied [201]. There are three known structures of CdSe: wurtzite
(WZ), zinc blende (ZB) and high-pressure rock salt (RS). Theoretical stud-
ies [253] showed that the WZ and ZB CdSe bulk materials have very similar
energies at zero temperature and zero pressure, and in practice both WZ
and ZB bulk CdSe are stable at relatively low temperatures [254]. CdSe
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nanocrystals (NCs) are studied extensively as a model system, as they show
tunable optical and electronic properties depending on their size [5, 255].
Therefore, the size-, shape- and structure-controlled synthesis of the CdSe
nanocrystals has become an important research area [17, 197, 256, 257]. Spe-
cial attention has been paid to heterostructural nanocrystals [258] (HSNCs)
such as branched nanocrystals[19, 20, 259–266], due to their novel and com-
plex morphologies and the potential application in optoelectronic devices.
In 2003, Manna et al. [259] reported the synthesis of CdTe nanocrystals with
a tetrapod shape. Since this discovery, several other types of nanotetrapods
consisting of different compounds and using various synthesis methods have
been reported [19, 260–262]. II-VI and IV-VI semiconductor nanocrystals
having an octapod morphology have also been reported recently [20, 263–
266]. These multipod morphologies contain a ZB tetrahedral or octahedral
core and the WZ legs are grown on the surfaces of the ZB cores along the
±<0001>direction.

The crystal and electronic structure as well as mechanical, thermody-
namic and vibrational properties of bulk CdSe have been systematically
studied by means of density functional theory (DFT) calculations [243,
253, 267, 268]. Wang et al. [269] have studied the geometries and elec-
tronic structure of CdSe surfaces using the tight-binding method. The
passivation of CdSe surfaces by ligands and the binding energies of ligands
were calculated by DFT [250] and molecular simulations [270] respectively.
In addition, much research has been conducted on the pressure-induced
WZ-to-RS phase transition [93, 184, 233, 271, 272]. One of the most impor-
tant studies was done by Grünwald et al. [93] who successfully simulated
the WZ-to-RS phase transition in CdSe NCs using molecular dynamics
(MD) simulations with a classical forcefield for CdSe first developed by
Rabani [92]. The mechanism of this pressure-induced phase transition is
somewhat controversial as the metastable intermediate h-MgO phase found
in the MD simulations has not been observed experimentally. In contrast
to the pressure-induced transformations, little is known on the effect of
temperature on CdSe nanostructures.

In this work, we used MD simulation to predict a thermally induced
sphere-to-multipod morphological transition in CdSe NCs mediated by local
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ZB-to-WZ phase transformations. The MD simulations show that an un-
capped spherical CdSe NC with ZB structure transforms to a nanotetrapod
or a nanooctapod upon heating. Below we will compare our results with
in-situ heating experiments performed in the high resolution transmission
electron microscope (HR-TEM), whereby similar nanotetrapods were ob-
served. The MD simulations reveal the vacancy-assisted mechanism of the
WZ-to-ZB transition and indicate that the final morphology is temperature
and size dependent.

4.2 Methods

4.2.1 Molecular Dynamics Simulation

The empirical pair potential of CdSe developed by Rabani [92] was used to
describe the interactions between atoms. The pair potential consists of two
parts: Coulombic interactions and a short-ranged Lennard-Jones potential.
We chose Rabani’s potential because of its simplicity and effectiveness, which
was demonstrated by several simulation studies [93, 184, 271, 272] on CdSe
materials. We further investigated the validity of the interaction potential at
high temperatures and the capability of the interaction potential to describe
surface properties. The lattice parameters of bulk CdSe for both the WZ
and ZB phases were calculated for temperatures ranging from 300 to 1000
K by MD simulations. The results show that, except for the overestimation
of the thermal expansion coefficient [180], Rabani’s potential leads to quite
accurate predictions for the lattice parameters of the CdSe bulk materials
at high temperatures. The differences between MD simulations and X-ray
diffraction experiments [180] are less than 4%. Also, the surface energies
calculated by the LS simulation are in good agreement with DFT results.

Three ZB CdSe nanosphere models were constructed with radii of 1.8,
2.3 and 2.8 nm containing 880, 1720 and 3028 atoms respectively. A WZ
CdSe nanosphere (radius 1.8 nm, 882 atoms) was also constructed. All
nanosphere models are isolated in vacuum without surfactants. In the MD
simulations of CdSe NCs, the equations of motion were integrated using
the velocity Verlet algorithm with a timestep of 1 fs. The temperatures
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were controlled by the Nose-Hoover thermostat [63]. The CdSe nanosphere
models were constructed by cutting a sphere from a bulk CdSe crystal. As
we study isolated NCs in vacuum, no periodic boundaries were applied. The
electrostatic interactions were calculated by taking into account all atom
pairs, and the short-ranged Lennard-Jones interaction was truncated and
shifted at 10 Å. MD simulations of 30 ns were performed for all systems,
out of which the first 3 ns were used to equilibrate configurations.

4.2.2 Synthesis of CdSe Nanocrystals

Following an adapted recipe of Mekis et al. [273], two precursors were pre-
pared in a N2 purged glovebox by dissolving 0.474 g Se (325 mesh) in 6
ml TOP (trioctylphosphine) and 0.36 g Cd(Ac)2 in 9 ml TOP, respectively.
Subsequently, the following synthesis was done in a Schlenk line to provide
oxygen- and water-free conditions. Specifically, 24 g of TOPO (Trioctylphos-
phine oxide) was heated to 180 ◦C in vacuum under periodic flushing with
N2. After cooling down to 100 ◦C, 15 g HDA (1-hexadecylamine) and 0.45
g TDPA (1-tetradecylphosphonic acid) were added and dried at 120 ◦C
in vacuum during 30 min under periodic flushing with N2. The TOP-Se
precursor was injected and the solution was heated to 300 ◦C under N2 flow.
Under vigorous stirring, the TOP-Cd(Ac)2 precursor was injected to induce
nucleation of CdSe nanoparticles. During the growth at 280 ◦C aliquots
were taken to monitor the growth rate. After 550 s the reaction was stopped
by cooling down the remaining reaction volume to room temperature. At
55 ◦C 30 ml of toluene was injected to avoid solidification of the TOPO.
The obtained dispersion was purified by repeated washing with MeOH and
precipitation of particles in a centrifuge at 3000 rpm for 5 min. The final
stock of particles was dispersed in Chloroform.

4.2.3 TEM In-situ Heating Experiments

Heating experiments were conducted in-situ in the transmission electron
microscope (TEM) on CdSe NCs with a diameter of about 6 nm. The
NCs were dropcast onto MEMS microheaters with SiN electron-transparent
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viewing windows, which enables atomic-resolution imaging while heating
inside the TEM [44]. A Cs-aberration-corrected cubed Titan TEM was
used operating at 300 kV.

4.3 Results and Discussion

4.3.1 Sphere-to-Tetrapod Transformation

Figure 4.1 (a) and Supporting Movie M1 in Ref. [68] show the time evolution
of ZB spherical Cd440Se440 NC at 800K during 30 ns. Surface reconstruc-
tion takes place at the start of the simulation: the surface becomes angular
and rugged. Despite the thermal motion of the atoms, it is still possible
to investigate the local crystalline order. The first two outermost bilayers
transform from the ZB structure to the WZ structure in 3 ns. Here, we
define a bilayer as a {CdSe} pair of nearest WZ {0001} planes or a {CdSe}
pair of nearest ZB {111} planes. From 7 to 10 ns, the ZB-to-WZ transi-
tion also takes place in the third outermost bilayer (Fig. 4.1 (a)) of the
NC. No clear local structural transition is then observed until the end of
the MD simulation. After 20 ns, the Cd440Se440 NC reaches a relatively
stable configuration. During the 30 ns MD simulation, the structure of the
NC transforms from purely ZB to heterostructural whereby the interface
between the ZB and WZ domains is along the WZ{0001}/ZB{111} atomic
planes.

To visualize the transition, different parts of the tetrapod are shown
separately in Fig. 4.1 (b): the WZ domains are displayed separately from
the ZB core towards the (0001) direction. The heated ZB Cd440Se440 NC
exhibits a distinct tetrapod morphology with a ZB core and four short WZ
legs. The lengths of the four WZ legs differ: the longest one contains four
bilayers and the shortest one contains only two. We always count the bilayer
at the boundary of the ZB and the WZ domains as in the WZ structure. The
ZB core has a tetrahedral morphology, and the four WZ legs are connected
onto the four ZB Cd-terminated {111} facets of the tetrahedral core.

Before elaborating on the structural details of the nanotetrapod, we first
mention the simulation result for the spherical wurtzite Cd441Se441 NC which
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Figure 4.1: (a) Snapshots of Cd440Se440 NCs from MD simulations at 800 K. Surface atoms
show structural rearrangements after 3 ns. From 7 to the 9 ns, a local ZB-to-WZ transition
takes place on the third outermost bilayer. The green line on the snapshot at 3 ns indicates
a boundary betweeen the second and the third outermost ZB{111}/WZ{0001} bilayer; the
green lines on the snapshots at 7, 8, 9 and 10 ns indicate the boundaries between the third and
the fourth outermost bilayers; the green lines on the snapshots at 20 and 30 ns indicate the
boundaries between the WZ and the ZB domain. (b) Deconstruction of the final configuration
(a tetrapod morphology with one ZB core and four short WZ legs). In all snapshots, the blue
and red spheres are Cd and Se atoms, respectively.
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leads to very different results. A local structural transition from the WZ
structure to a body-centered-tetragonal structure (BCT) is observed. This
transition was also found and studied in previous molecular simulations and
DFT calculations for CdSe and other II-VI semiconductor nanostrucutres
and bulk materials [74, 78, 80, 274, 275], and recently it was observed
directly in ZnO nanoislands by aberration-corrected TEM [77]. During
the simulation, the morphology of the WZ Cd441Se441 NC changes from
spherical to rod-like, as shown in Figure S2 of the Supporting Information
of Ref. [68].

The structural transition of the zinc blende NC can be quantified by
local bond order parameters [276]. Local bond order parameters preserve
the information of the local structure by symmetry analysis and are com-
monly used to distinguish among different crystal structures and the liquid
phase[277, 278]. Detailed information about the definition of the local bond
order parameters is presented in the Supporting Information of Ref. [68].
Here, the order parameter q4 is chosen to monitor the structural evolution
and the q4 − q6 plane is used to distinguish the ZB and the WZ structures.
Either all Cd atoms or all Se atoms are removed from the Cd440Se440 NC,
so that cationic and anionic sublattices are obtained. Both sublattices are
face-centered cubic (fcc) in the ZB phase and hexagonal close packed (hcp)
in the WZ phase. Atoms at the surfaces are considered separately from
the atoms inside the NC, as the local structure of surface atoms cannot be
evaluated precisely by bond order parameters based on nearest neighbor
analysis. The surface atoms are distinguished by counting the numbers of
the nearest neighbors for each atom in the Cd or Se sublattices; an atom
is defined as a surface atom if the number of nearest neighbors is less than
9 and the atoms are defined to be nearest neighbors if their interatomic
distance is less than 5.4 Å. We define a ”core zone” consisting of all atoms
within 0.8 nm of the center of the NC and a ”shell zone” consisting of all
atoms outside a sphere with a radius of 1.1 nm. Using this division, the
atoms in the ZB core and in the WZ legs can be distinguished effectively.
The atoms at the ZB/WZ boundaries are thereby not included in our anal-
ysis. As a reference, we first calculated the averaged values of q4 for fcc
and hcp structures in CdSe bulk materials at 800 K. q4−fcc = 0.190 and
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q4−hcp = 0.097 at 800 K. The values of the order parameters q4 and q6 in
the Se440 and Cd440 sublattices were calculated as a function of time. A
fixed value of q4 = 0.4 was allocated to surface atoms.

In Fig. 4.2 (a), simulation snapshots of the Se sublattice colored by q4
show the structural evolution of the NC. At 0 ns, the color of most of the
atoms, except for the surface atoms, are green corresponding to q4 ≈ 0.2,
which indicates an initial fcc structure of the sublattice. During the MD
simulation, more and more atoms on the edge turn to red corresponding to
a decrease of q4 to 0.13. After 9 ns, two layers of red atoms on the lower
right part of the Se sublattice section are observed, coinciding with the
longest WZ leg that has four WZ bilayers. In Fig. 4.2 (b), the averaged
q4 with respect to all the same atoms (either Cd or Se) at a certain zone
(either the ”core zone” or the ”shell zone”) are plotted as a function of
time. The plots of the averaged values of q4 for Cd and Se atoms in the
same zone are overlapping, as the structures of Cd and Se sublattice are
approximately identical. The result (Fig. 4.2 (b)) shows that the averaged
q4 of the atoms in the core zone remains nearly constant, coinciding with
the fcc structure. This clearly shows that the atoms in the core zone remain
in the ZB structure during the simulations. The averaged q4 of the atoms in
the shell zone decreases from 0.165 to 0.125 with relatively large fluctuations,
suggesting a ZB-to-WZ structural transition. The q4-q6-plane for the Se440
sublattice in the core and shell zones are shown in Fig. 4.2 (c). Each data
point corresponds to q4 averaged over all atoms in one zone at a given
timestep in the last 15 ns. The fcc structure in the ZB core zone and the
hcp structure in the WZ shell zone can thus easily be distinguished.
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Figure 4.2: (a) Snapshots of the Se440 sublattice colored by the value of the bond order
parameter q4 at 800 K. The surface atoms (see the definition in the main text) are given a
value of 0.4 in order to not take them into account. (b) Plots of the averaged q4 respect to all
the Se or Cd atoms in one zone (see the definitions of the ”core zone” and ”shell zone” in the
main text) as a function of time, fluctuating due to thermal vibrations. The black square and
the black triangle indicate the referenced ideal values of q4 of the fcc and hcp Se sublattice
in the CdSe bulk materials at 800 K respectively, where q4−fcc = 0.190 and q4−hcp = 0.097
at 800 K. (c) The q4-q6-plane for the Se440 cluster in the ”core zone” and the ”shell zone”.
Each point corresponds to the averaged values of q4 and q6 for all the atoms in different
zones, calculated at a single time.
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4.3.2 Atomic-Scale Transition Mechanism

The question now arises: what is the underlying mechanism of the mor-
phological and local structural transitions? From a close inspection of the
results, it is clear that the ZB-to-WZ local structural transition starts from
the outermost layer, and then proceeds into the inner layers. In our simula-
tion, the first two outermost ZB {111} bilayers change quickly (within 3 ns)
into WZ {0001} bilayers, and the transition of the third outermost bilayer
starts after approximately 7.5 ns. The snapshots of the third outermost
bilayer around the transition provide the essential information (Fig. 4.3);
Until 7.60 ns, the Cd and Se atoms in the bilayer are located at the ZB
lattice sites, but deformations can be identified at the edge of the plane.
From 7.70 ns onwards, several Cd atoms in the central area migrate to the
WZ sites assisted by Cd vacancies. After 8.15 ns, the whole Cd layer is
shifted from the ZB sites to the WZ sites. It is important to note that the
slip (the mutual displacement along a so-called slip plane of the two parts of
the structure at either sides of the slip plane) of the Cd layer is very gradual,
taking place through a large number of individual atomic jumps, and is
greatly assisted by point defects (Cd vacancies). In general, vacancies can
be annealed out more easily in a nanocrystal than in a bulk material, since
a defect needs to travel a much shorter distance to reach the surface. On
the other hand, the surface also acts as a source of vacancies so that defects
are easily produced at elevated temperatures. Elevated temperatures also
enhance the mobility of the defects, thereby accelerating the process of the
ZB-to-WZ transition.

The difference in potential energies between the bulk WZ and bulk
ZB CdSe at 0 K is very small: DFT calculations [253] indicate an energy
difference of just 2 meV per {CdSe} pair. The potential energies of the
nanocrystals are strongly dependent on the morphology. It is difficult to
compare the potential energies of the tetrapod with a ZB sphere at 800 K,
since a spherical morphology is structurally unstable in the ZB structure at
800 K. However, potential energies can be compared at a lower temperature
(200 K), whereby the ZB sphere is metastable. MD simulations of the
initial spherical ZB NC were performed at a temperature of 200 K in 20 ns,
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Figure 4.3: Snapshots of one of the third outermost ZB (111) (or WZ(0001)) bilayers from
7.50 to 8.35 ns. The shapshot on the upper left indicates where the bilayer is located in
the NC and how it is oriented. Seven Cd and seven Se atoms in the middle of the bilayer
are connected with lines to show the deformation of lattice sites during the local structure
transition. The black square in the 7.70 ns snapshot indicates one of the Cd vacancies which
cause local distortions and assist the ZB-to-WZ local structural transition. The blue and red
spheres (dots) are Cd and Se atoms, respectively. Sometimes strings of atoms seem to appear,
for example at the right-hand side of the 8.05 and 8.35 ns snapshots. This feature is caused
by the presence of a string of vacancies.
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whereby the first 4 ns were used to equilibrate the system. At such a low
temperature, the configuration retains both a spherical morphology and the
ZB structure. Next, the configuration of the heated tetrapod obtained from
the MD simulation at 800 K was cooled down to 200 K in 3 steps. At each
step the temperature was reduced 200 K and system was equilibrated for
5 ns. At T = 200 K, an extended MD simulation of 4 ns was performed.
It turns out that the final configuration of the NC at 200 K retains the
tetrapod-like shape. The averaged potential energy in the last 4 ns of the
tetrapod is 40 meV per {CdSe} pair less than the ZB sphere at 200 K. We
therefore conclude that the tetrapod configuration is energetically preferred
over the spherical ZB NC configuration.

Surfaces always play an important role in nanocrystals due to the large
surface to volume ratio. As mentioned previously, the Rabani CdSe potential
describes the surface properties of CdSe materials relatively well. The results
of the LS simulations in this work indicate that CdSe WZ {112̄0} and
{101̄0} and ZB {110} are the most stable facets with only little differences
in surface energy (less than 0.02 J/m2). The polar surfaces, WZ {0001}
and {0001̄} and ZB {111} and {1̄1̄1̄} facets, are relatively unstable, that
is, surface energies of these facets are relatively high. The most unstable
surfaces are the ZB Cd-terminated {001} and Se-terminated {001̄} facets.
DFT calculations [250] showed that ligands such as methyl phosphoric
acid (MPA), methyl amine (MA) or trioctylphosphine oxide (TOPO) can
greatly reduce the surface energies of the unstable surfaces on the CdSe
NCs. For example, the surface energy of the WZ Cd-terminated (0001)
facet passivated by MPA or MA can be reduced from 80 meV/Å2 (bare
surface) to approximately 40 meV/Å2 (capped surface) which is comparable
to the surface energies of the most stable WZ {112̄0} or {101̄0} facets
passivated by the same kind of ligand. Using proper ligands, NCs can
be synthesized with surfaces that without ligands would be unstable [279];
Evaporating the ligands by heating also activates the unstable surfaces again
and causes structural or morphological transitions. Using MD simulations,
Schapotschnikow et al. [31] showed that after evaporation of the ligands by
annealing, a nearly spherical PbSe NC capped by ethylamine surfactants
will undergo a morphological transition from multifaceted to cubic at 450 K.
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Similarly, the morphological and local structural transitions of the ZB CdSe
NC in our simulation could be the consequence of exposing its unstable
surfaces to vacuum.

4.3.3 Experimental HR-TEM Results

Strong correspondence was found between the simulation results and the
results of the annealing experiments conducted in-situ in the TEM on 6-nm-
diameter CdSe NCs. The results are displayed in Fig. 4.4. Directly after
dropcasting, deposits of the solution and ligands prevent high-resolution
imaging. Shortly after low-temperature annealing at a temperature of 350
K, the high-resolution fringes reveal that the spherical NCs consist of mul-
tiple domains, which can be either WZ or ZB. Here, we remark that in the
HRTEM images displayed in the reference work for the synthesis, [273] also
multiple domains can be distinguished. One spherical NC in Fig. 4.4(a) dis-
plays already at this stage a precursor state for transforming into tetrapods:
while this NC is nearly spherical, it displays already a ZB core and short
WZ legs, and is very similar to the simulation result obtained after 30.0 ns
shown in Fig. 4.1. Upon continued annealing for approximately 20 mins at a
temperature of 390 K, several NCs transform into tetrapods with more elon-
gated WZ pods, as shown in panel (b) of Fig. 4.4. The schematics in panels
(d,e) show the orientation of the tetrapods observed in the experiments,
whereby in general two of the pods are lying flat onto the SiN membrane
support. Not all spherical NCs transformed into tetrapods: some evolved
into single crystals (WZ or ZB), while others formed tripods, bipods or
dimers. Supporting Movie M2 in Ref. [68] shows an isolated bipod or tripod
at an elevated temperature of 400 K, which was followed in time during 3
minutes. Small changes are observed in the arrangement of atomic planes
(width, occupancy) and in the overall morphology. These changes may
be caused not only by the elevated temperature but may be additionally
induced by the electron beam. However, the multipod structures shown
in Fig. 4.4 were found everywhere on the SiN support membrane, also in
areas that were not previously exposed to the electron beam. Because of
non-ideal orientations of the heterogeneous nanocrystals with respect to the
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Figure 4.4: (a) HRTEM image of CdSe nanocrystals after low temperature annealing (350 K).
The HR fringes reveal that the NCs consist of multiple domains, some of which are ZB and
some of which are WZ. One particular NC has nearly spherical shape, but also contains all the
elements of a tetrapod (the ZB core and the WZ pods are indicated). (b) After annealing to a
temperature of 390 K, several NCs evolve into tetrapods, whereby the WZ legs become more
pronounced. (c) Schematic of a tetrapod in a perspective view. (d) Schematic showing the
projection of the tetrapods observed in the HRTEM images. (e) Schematic showing side view
of (d): two pods are lying onto the support, the third pod is pointing away from the support,
while the fourth (short) pod is pointing into the support; the latter two are overlapping in
projection.
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projection plane, the morphology of many NCs could not be distinguished.
The synthesis and temperature treatment could be fine-tuned to yield a
higher fraction of tetrapods after annealing, which is beyond the scope of
the present work. A more extensive experimental study will be published
elsewhere.

A direct comparison between the simulation results and experimental
studies is difficult, as in the experimental situation the initial NCs are
covered by stabilizing surfactants, which has a profound effect on the surface
chemistry and therefore on the overall stability of the NCs. The extension of
the WZ pods during annealing was not observed in the simulations, but this
is most likely due to the limited simulation times (30 ns in simulation versus
∼20 minutes in experiment). Other major differences between experiment
and theory are the presence of a support in the experiments that is absent in
the simulations and a different starting configuration (WZ/ZB distribution
within the NCs). Nonetheless, the preliminary experiments show that the
tiny tetrapods found in the simulations can actually be formed and do have
a certain thermal stability. The merit of the simulations is that they provide
fundamental insight into the ZB-WZ transition at the atomic scale: whereas
a slip mechanism would be in the line of expectation, here we show that slip
does not occur, and that instead the transformation is mediated by mobile
vacancies on the cation sublattice.

4.3.4 Temperature and Size Effects

As already mentioned, the time scale in the experiments is many orders of
magnitude larger than in the MD simulations. Therefore, in our simulations
the temperatures were artificially elevated in order to shorten the transition
times. For instance, CdSe NCs melt at a temperature above 750 K in the
TEM, but in our MD simulations of 30 ns, we did not observe melting
below 1000 K. A similar situation was also present in the study of the
pressure induced WZ-to-RS transition in CdSe nanocrystals by Grünwald
et al. [93]. It should be noted that the interaction potentials used in this
work were developed by fitting the bulk properties of CdSe, so the different
energetics and changes of the electronic structure of nanosized CdSe are
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not accounted for. Therefore, the temperatures in the simulations should
be compared with the temperatures in the experiments in a qualitative
manner. Figure 4.5 shows a graphical overview of configurations obtained at
6 different simulated temperatures, for 3 different NC sizes. The following
striking features are observed: (1) Below 400 K, no apparent sphere-to-
multipod transition is found within 30 ns. The spherical ZB CdSe NCs
only show some rearrangement of surface atoms. (2) At temperatures of
400-1000 K, the sphere-to-multipod transitions are observed. Identical NCs
evolve into configuration with longer legs within 30 ns when heated to higher
temperatures. (3) In a temperature range of 1000-1200 K, melting of the
NCs is observed.

Another interesting question is whether instead of a tetrapod, an octa-
pod could be formed by heating. In the case of an octapod, the ZB core is
octahedral with four equivalent {111} facets as well as four equivalent {1̄1̄1̄}
facets. However, it is generally known that a II-VI semiconductor nanoocta-
pod is more difficult to be synthesize than a nanotetrapods, because the four
ZB {1̄1̄1̄} facets are more reactive than the four ZB {111} facets during col-
loidal synthesis of nanomaterials [20]. Only using a proper ZB core (a seed)
with octahedral morphology, proper ligands, and well-controlled reaction
temperatures, can these nanooctapods be synthesized successfully. Nonethe-
less, CdSe NCs with octapod morphology are observed in some cases in
our simulations. As shown in Fig. 4.5, final configurations with a octapod
morphology are observed for the Cd860Se860 at 800 K and Cd1514Se1514 NC
at 800 K and 1000 K. In this work, the octapod-like morphology is only
found in the largest NC model. This is in good agreement with experimen-
tal synthesis reports of nanotetrapods and nanooctapods. For octapods, it
is required that the eight ZB{111} facets of the core are well developed,
which can be only achieved if the ZB core (seed) is sufficiently large. In
addition, it is notable that the final configuration of the Cd1514Se1514 NC
at 600 K, 800 K and 1000 K shows octapod-like morphologies, while the
Cd860Se860 NC displays an octapod morphology at 600 K and 800 K, but
at a higher temperature of 1000 K a tetrapod is formed. This unexpected
result is in line with experimental results. In the synthesis of branched NCs,
the reaction temperature is a critical factor to determine the morphologies
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Figure 4.5: Final configurations of CdSe NCs with different sizes at various temperatures.
When the ZB-to-WZ local structural transition takes place, for clarity reason the WZ domains
are shifted along their [111] directions. The blue and red spheres are Cadmium and Selenium
respectively.
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of the products. Deka et al. [20] pointed out that in the synthesis of CdSe
branched NCs, CdSe nanooctapods were observed in the temperature range
between 593 K and 623 K, and the final products would be nanotetrapods
instead if the reaction temperature was elevated to 653 K.

4.4 Conclusions

In summary, the morphological and structural transformations of the ZB
CdSe NCs at high temperatures were studied using MD simulations with
the Rabani CdSe potential. In the temperature range 600-1000 K, ZB
CdSe nanospheres with different sizes change into heterogeneous NCs with
tetrapod- or octapod-like morphologies. The morphology of the final con-
figurations in the MD simulations depends on the size of the NCs and the
temperature. The nanotetrapod consists of one tetrahedral ZB core and
four WZ legs. The {111} surfaces on the ZB core connect with the {0001}
surfaces of the WZ legs. In contrast to the tetrapod, octapods have ZB
cores in an octahedral shape, whose four {111} and four {1̄1̄1̄} facets can
adjoin with eight WZ legs. By means of MD simulations we have mimicked
possible annealing experiments of the CdSe NCs in vacuum, and technically,
the result can be clarified by characterizations such as HR-TEM or high-
temperature X-ray diffraction, assuming ligands do not play any role (bare
surfaces). A close inspection shows that the local ZB-to-WZ transition is
caused by the shift of the Cd layer within the ZB {111} atomic plane, which
is enabled by a high mobility of individual Cd vacancies. This finding is also
of importance for understanding the process of cation exchange [27, 280],
whereby cations within the nanostructure are (partly) replaced with other
cations (e.g., Pb ions in PbSe nanorods are partly exchanged with Cd ions
so that core/shell PbSe/CdSe nanorods are obtained). It is commonly ob-
served that the overall morphology of the nanostructures remains intact,
presumably because the anion (Se) sublattice does not participate in the
cation exchange process. This is in line with the current finding of high
atomic mobility on the cation sublattice. The total potential energy of a
tetrapod morphology was found to be lower than that of a spherical ZB
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NC having the same number of atoms. The ZB or WZ CdSe NCs that are
synthesized in experiments contain unstable surfaces with relatively high
surface energies, but these unstable surfaces are passivated by ligands. We
suggest that if these ligands could be entirely removed, for example by
evaporation, a new morphology or structure with a lower potential energy
will eventually be found. The simulation results are in good agreement with
experimental results obtained by in-situ heating of 6-nm sized CdSe NCs
inside the transmission electron microscope. The heterogeneous transition
of the CdSe NCs could emerge as a new method of fabricating tetrapod or
octapod morphologies and will be subject of future investigations.





Chapter 5

Cation Exchange in
CdSe-PbSe Nanodumbbells

This chapter is based on the paper: A. O Yalcin, Z. Fan, B. Goris, W-F. Li,
R. S. Koster, C. Fang, A. Van Blaaderen, M. Casavola, F. D. Tichelaar,
S. Bals, G. Van Tendeloo, T. J. H. Vlugt, D. Vanmaekelbergh, H. W.
Zandbergen, M. A. Van Huis, ‘Atomic Resolution Monitoring of Cation
Exchange in CdSe-PbSe Heteronanocrystals during Epitaxial Solid–Solid–
Vapor Growth’, Nano Lett., 2014, 14, pp 3361–3367.

5.1 Introduction

Both the synthesis and design of hetero-nanocrystals (HNCs) have under-
gone a rapid development, whereby PbSe and CdSe NCs are key materials
acting as functional building blocks within a wide variety of heterogeneous
nanostructures [9, 18, 27, 39, 281–284]. PbSe-CdSe HNCs are of particular
interest as they can exhibit properties different from individual PbSe and
CdSe dots. The presence of two semiconductor quantum dots connected
via a well-defined interface opens new possibilities for tailoring the opto-
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electronic properties [9, 18, 27, 282, 283, 285]. Heat treatment of HNCs can
induce new interface designs [282, 286–289] exemplified by the transforma-
tion of PbSe/CdSe core/shell systems into PbSe-CdSe bi-hemispheres [282].
In this Chapter, we report an in-situ heating-induced epitaxial PbSe NC
domain growth at the solid-solid PbSe-CdSe nano-interface through cation
exchange. We show that Pb replaces Cd at the PbSe/CdSe interface, re-
sulting in growth of the PbSe phase at the expense of the CdSe phase. The
incorporated Pb is originating from Pb-oleate present as excess stabilizer
at the surface of the mature PbSe/CdSe HNCs.

Vapor-liquid-solid (VLS) [290–292] and vapor-solid-solid (VSS) [293,
294] growth mechanisms are nowadays commonly applied in nano-chemistry
to epitaxially grow semiconductor nanowires from the elements dissolved
in a liquid (VLS) or solid (VSS) domain. In analogy with these growth
mechanisms, the currently observed process could be called solid-solid-vapor
(SSV) growth as the Cd evaporates, either as neutrally charged Cd atoms
or in a molecular complex such as Cd-oleate.

5.2 Methods

5.2.1 In Situ Transmission Electron Microscopy

The synthesis of PbSe/CdSe dumbbell nanostructures is detailed in the Sup-
porting Information of Ref. [35]. TEM specimens were prepared by drop-
casting 8 l of the NC colloidal solution onto a MEMS microhotplate with
electron-transparent SiN membranes, which was mounted onto a DENSsolu-
tions low drift TEM heating holder [44]. After dropcasting, the sample was
plasma cleaned for 10 s in order to remove deposits from the solution which
prevent high-resolution imaging in the TEM. The in-situ experiments were
performed in a 80-300 FEI Titan microscope equipped with a Chemi-STEM
EDX detection system. During HAADF-STEM imaging, the microscope
was operated at 300 kV. The camera length used in the experiments equals
91 mm in order to avoid diffraction effects and to guarantee Z-contrast
imaging. In HAADF-STEM imaging, the intensity approximately scales
with Z2. As Pb has a higher Z-number than Cd, the PbSe domains appear
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with higher intensity in HAADF-STEM images in comparison to the CdSe
domains.

5.2.2 Scanning Transmission Electron Microscopy Energy-
Dispersive X-ray Spectroscopy Experiments

Chemi-STEM EDS experiments were performed using the same holder and
in the same 80-300 FEI Titan microscope, but operated at an acceleration
voltage of 200 kV. A beam current of approximately 250 pA was used for
the acquisition of the EDS maps. A representative spectrum is shown in
Supplementary Figure S20 of Ref. [35]. In the quantification of the elemental
maps, 18 PbSe NC maps were used to determine the cation/anion ratio
at the PbSe tips at the initial state. For the PbSe tips from where cation
exchange proceeded, the elemental composition of 10 different PbSe tips was
quantified. For the nanorod domains attached to the PbSe tips where cation
exchange took place, the elemental composition of 10 different nanorod
(transformed)-domains were quantified.

5.2.3 Molecular Dynamics Simulations

For the MD simulations, we used the new force field for the PbSe-CdSe
system in Chapter 3. A description of the nano-dumbbell models are given in
Section E of the Supporting Information of Ref. [35]. For simulations of the
nano-dumbbells, Coulomb and short-range interactions were calculated by
taking into account all atom pairs. The equations of motion were integrated
using the velocity Verlet algorithm with a time step of 1 fs. Periodic
boundary conditions were not used and the nano-dumbbell models were
isolated in vacuum. Simulations of 5 ns were carried out in the NVT
ensemble and 1 ns was used for equilibration.

5.2.4 Density Functional Theory Calculations

All density functional theory (DFT) calculations on defect energies and en-
ergies of mixed PbSe-CdSe phases were carried out using the first-principles
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Vienna Ab initio Simulation Program (VASP) [59] using the Projector-
Augmented Wave (PAW) method [295]. The generalized gradient approx-
imation (GGA) formulated by Perdew, Burke, and Ernzerhof (PBE) was
employed for the exchange and correlation energy terms [166]. The cut-
off energy of the wave functions was 350.0 eV. The cut-off energy of the
augmentation functions was about 500.0 eV. The electronic wave functions
were sampled on a 442 grid using the Monkhorst and Pack method with 8
to 20 k-points depending on different symmetries of supercells (108 atoms).
Structural optimizations were performed for both lattice parameters and
coordinates of atoms. Different k-meshes and cut-off energies for waves were
tested to have a good convergence (<2 meV/atom).

5.3 Results

5.3.1 In Situ TEM and STEM EDS Experiments

Figure 5.1a shows a HAADF-STEM image (high angle annular dark field
scanning transmission electron microscopy) of CdSe-PbSe dumbbell HNCs,
consisting of CdSe nanorods with PbSe tips at both ends. In this imaging
mode, the intensity scales with Z2, where Z is the atomic number. As Pb
has a higher Z than Cd, PbSe NCs exhibit brighter contrast than the CdSe
nanorods. When the HNCs were heated to 433 K with a heating rate of
10 K/min and annealed at this temperature for 5 min, the bright contrast
corresponding to PbSe was observed not only at the tips, but extended
gradually inside the nanorod domain (solid arrows in Fig. 5.1b), showing
that the PbSe phase grows at the expense of the CdSe phase. When the
HNCs were heated to 473 K with the same heating rate and annealed at
this temperature for 5 min, the bright contrast was observed over the entire
nanorod in some nanorods (solid arrows in Fig. 5.1c). The evolution of this
growth was seen to initiate mostly from one PbSe tip domain (Supporting
Movies S1 and S2 of Ref. [35]), though it can also proceed from both PbSe
tip domains (dashed arrows in Fig. 5.1b-c).

Chemical mapping by means of Energy-Dispersive X-ray Spectrometry
(EDS) using a Chemi-STEM detector (see Methods section) was performed
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Figure 5.1: HAADF-STEM images and chemical mapping of the nano-dumbbells before and
after heating. (a) HAADF-STEM image of CdSe-PbSe nano-dumbbells. The PbSe tips exhibit
brighter contrast than the CdSe nanorods due to Z-contrast. (b,c) Dumbbell HNCs at 433 K
(b) and at 473 K (c), showing gradual extension of PbSe domains at the expense of CdSe.
A heating rate of 10 K/min was used in the in-situ studies and the HNCs were annealed
at the indicated temperatures for 5 min before imaging. Dumbbell HNCs with solid arrows
transformed totally to brighter contrast with heating. This phenomenon occurred mostly
from one side, though it can proceed from both PbSe domains as well (dumbbell with dashed
arrows in (c)). (d-o) HAADF-STEM images and corresponding STEM-EDX elemental maps
of dumbbell hetero-nanostructures annealed for 5 min at temperatures of (d-g) 373 K, (h-k)
443 K, and (l-o) 473 K. In (d-g), HNCs are in original dumbbell state with PbSe tips and CdSe
nanorod. In (h-k), a partially transformed nanorod is present. In (l-o), two PbSe-CdSe HNCs
became full PbSe domains. The Se remains in place during the transformation. Note that
the contrast is maximized in each individual image; hence intensities of different mappings
cannot be directly compared.
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to provide further evidence of the chemical transition. Figs. 5.1d,g show
the initial state of the HNCs at 373 K with CdSe nanorods and PbSe tips.
Fig. 5.1f shows that Pb is also present at the lateral surfaces of the CdSe
nanorods, pointing to adsorbed Pb-oleate molecules. The dumbbell depicted
with an arrow in Fig. 5.1h underwent a transformation after which half the
nanorod exhibited a bright contrast. With annealing at 443 K for 5 min,
the elemental maps of this dumbbell in Figs. 5.1i-k show that Pb is indeed
present in the bright contrast regions and that Cd is absent. We therefore
conclude that Cd started to sublimate (as neutral Cd atoms, or in a molec-
ular form) and that at the same time PbSe was formed by Pb incorporation.
Upon further heating to 473 K and 5 min annealing at this temperature,
two nanorods (indicated with arrows in Fig. 5.1l) exhibited a bright contrast
over their entire length. Elemental maps (Figs. 5.1m-o) showed that Cd
is no longer present and the nanorod completely transformed into PbSe.
Disappearance of Cd from a nanostructure was also reported by De Trizio
et al. [288] during a heating of sandwich-morphology CdSe/Cu3P/CdSe
HNCs. Note that a complete transformation occurred very rarely (in about
one per cent of the cases). Further heating of partially cation-exchanged
nano-dumbbells led to dissociation of the domains (Supporting Movie S3 of
Ref. [35]). The transformations took place everywhere on the substrate, not
only in areas that were previously examined with the electron beam. The
field of view was changed frequently in order to avoid beam effects when
monitoring the evolution of the HNCs.

As a result of the cation exchange from CdSe to PbSe, the crystal struc-
ture transformed epitaxially from hexagonal wurtzite (WZ) to cubic rock-
salt (RS). Fig. 5.2 and Supporting Movie S4 Ref. [35] show this transforma-
tion at atomic resolution. When the HNC was heated from 433 K (Fig. 5.2a)
to 453 K (Fig. 5.2b) with a heating rate of 10 K/min, the brighter intensity
corresponding to PbSe advanced into the CdSe region. The PbSe RS (200)
lattice spacings started to appear along the nanorod domain instead of the
CdSe WZ (0002) lattice spacings, as confirmed by the Fourier Transforma-
tion (FT) patterns shown in the insets. It is clear that the cation exchange
takes place at the PbSe/CdSe interface and propagates epitaxially (layer
by layer) along the WZ<0001>direction. Two types of interfaces were ob-
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served: {100}PbSe/{0001}CdSe and {111}PbSe/{0001}CdSe, similar to the
interfaces previously reported in the literature for PbSe/CdSe and PbS/CdS
HNCs [18, 215]. Sometimes both types of interfaces were observed within
one single dumbbell NC. Figure. 5.2c shows a HNC with the interfaces of
{111}PbSe/{0001}CdSe on the left (Fig. 5.2d) and {100}PbSe/{0001}CdSe
on the right (Fig. 5.2f). It is clear from (Fig. 5.2 that epitaxial PbSe growth
inside CdSe domain via cation exchange can advance from both PbSe/CdSe
interfaces.

Considering the source of Pb that is required for the epitaxial PbSe
growth in CdSe via cation exchange, we note that PbSe NCs with excess Pb
surface atoms (off-stoichiometric) have been reported in the literature [297–
299]. Pb atoms (possibly Pb-oleate molecules) are also present along the
CdSe nanorods (Fig. 5.1f). From the quantification of the elemental maps
(Table S1 of Ref. [35]), it was found that the PbSe tips contained an excess
of Pb, having a cation/anion ratio of 1.3±0.2. After the transformation, the
cation/anion ratio at these PbSe tips reduced to 1.02±0.14. These findings
indicate Pb diffusion from PbSe tips towards the PbSe/CdSe interface.
Supporting Movie S4 in Ref. [35] verifies this, whereby the bright Pb contrast
propagates into the initially CdSe nanorod indicating the epitaxial growth
of PbSe while the (PbSe) tip domain starts to lose some of its brightness
indicating that excess Pb is consumed.

In the nanorod domains attached to the PbSe tips where cation exchange
took place, the cation/anion ratio in the rod was reduced to 0.93±0.11 due
to Cd sublimation. That most nano-dumbbells were not completely trans-
formed must hence be due to the depletion of the source of Pb. The excess
Pb atoms at the surfaces of the hetero-nano-interface diffuse towards the
interface to form new layers of PbSe, but this process stops when all excess
Pb has been depleted. As mentioned above, a complete transformation
of the nanorods occurred only rarely. From an estimate of the number
of Pb-oleate molecules that could cover the surface of the nanodumbbells
(assuming a high surface density of 5 Pb-oleate molecules per nm2), it was
found that for the typical dimensions of the nanodumbbells in this study,
the number of surface Pb atoms is not sufficient to replace all the Cd atoms
in the CdSe domain (the number of Cd sites is at least two times larger).
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Figure 5.2: Atomic-resolution HAADF-STEM images of CdSe-PbSe HNCs. PbSe has cubic
rock salt (RS) crystal structure with a lattice constant [296] of 6.13 Å, while CdSe has a
hexagonal wurtzite (WZ) crystal structure with lattice parameters21 a=4.29 Åand c=7.01
Å. The CdSe WZ (0002) spacing is 3.5 Åand PbSe RS (200) spacing is 3.1 Å. With heating
from 433 (a) to 453 (b) K with a heating rate of 10 K/min, WZ CdSe nanorods started
to transform to RS PbSe. The insets are Fourier Transforms (FTs) taken from the white
squares in each image. The spot depicted with an arrow in the inset FT of (a) corresponds
to WZ CdSe(0002) spacing. It disappeared in the inset FT of (b), confirming the WZ to RS
transformation. (c) HAADF-STEM image of a PbSe-CdSe dumbbell HNC. Stacking faults
and a dislocation are present in the CdSe nanorod domain. The interface at the left-hand
side is {111}PbSe/{0001}CdSe (panel 2d) whereas the interface at the right-hand side is
{100}PbSe/{0001}CdSe (panel f).
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Therefore, when a complete transformation does occur, likely also Pb atoms
from neighbouring HNCs will have contributed to the growth of the PbSe
domain. This is in agreement with the observation that when the nan-
odumbbells were lying isolated on the SiN support membrane, the growth
process did take place but always resulted in only a partial transformation
of the HNCs as shown in Fig. S21 of Ref. [35].

5.3.2 MD Simulations and DFT Calculations

In order to better understand the nanoscopic growth mechanism at the
PbSe/CdSe interface, force field based MD simulations were performed on
HNC models taking into account various possibilities for the PbSe/CdSe
interfacial arrangements. Surfactant molecules are not included in the
simulation models, and therefore the MD simulations serve only to study
the structure of and atomic mobility at the PbSe/CdSe interfaces. The
isolated nano-dumbbell models were equilibrated at 300 K and 500 K for
5 ns sequentially. Figure. 5.3a shows the final configuration of a nano-
dumbbell model after 5 ns at 500 K. This model has both types of the
interfaces (100PbSe/0001CdSe and 111PbSe/0001CdSe) in one HNC.

The nano-dumbbell model shown in Fig. 5.3 is structurally and mor-
phologically stable at temperatures up to 500 K. The middle part of the
CdSe rod and the whole PbSe tips retain their initial WZ and RS structures
respectively. Structural disorder was mainly found in the CdSe domains
near the interfaces. Compared to the {100}PbSe/{0001}CdSe interface, the
CdSe domain near the {111}PbSe/{0001}CdSe interface is more structurally
ordered. In the latter case, most of the Cd and Se atoms remain at the
WZ lattice sites, which is likely due to the fact that the cation-terminated
{0001}CdSe surface and the anion-terminated {111}PbSe surface form a
continuous polar/polar interface whereas the lattice mismatch is small. In
contrast, the {100}PbSe/{0001}CdSe interface is a non-polar/polar inter-
face which leads to stronger distortions in the atomic lattice due to Coulom-
bic interactions. The simulations therefore suggest that the transformation
at the {100}PbSe/{0001}CdSe interface will be more efficient than at the
{111}PbSe/{0001}CdSe interface, although this could not be confirmed by
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Figure 5.3: MD simulations of the PbSe-CdSe nano-dumbbells. (a) Overview image showing
the final configuration of a dumbbell obtained after MD simulation at a temperature of 500
K for 5 ns. The ball-stick presentation was used to show the structure of the interfaces.
The yellow, purple, and blue spheres are Se, Cd, and Pb atoms, respectively. (b) Magnified
image of the {100}PbSe/{0001}CdSe interface at the left-hand side of the dumbbell, and
(c) magnified image of the {0001}CdSe/{111}PbSe interface at the right-hand side of the
dumbbell. (d,e,f) The map of the root-mean-squared displacement (RMSD) for each atom
for the same PbSe-CdSe dumbbell model at 500 K. (d) The whole PbSe-CdSe dumbbell, (e)
the anion sublattice, (f) the cation sublattice. The dumbbell was cut so that both of the
surface and inner atoms can be seen. The red atoms have a RMSD larger than 0.84 Å.
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the experiments as the orientation of the two crystals could be determined
only in a limited number of cases. Not only is the atomic structure more
disordered in the CdSe domains near the {100}PbSe/{0001}CdSe interfaces,
the simulations also show an unusually high mobility of the Cd atoms in
the few first atomic layers from the PbSe/CdSe interface, as evidenced
by the map of the root-mean-squared displacement (RMSD) for each atom
(Figs. 5.3d-f). Those atoms with the highest mobility (red atoms) are mostly
Cd atoms near the interfaces or on the surface, indicating that the cation
exchange occurs only very close to the interface.

The experimental observations and the MD simulations suggest that
the transformation is mediated by vacancies in the Cd and Pb sublattices;
evaporation of Cd results in Cd vacancies at the CdSe surface. After
migration of these Cd vacancies to the PbSe/CdSe interface, Pb atoms can
jump into the vacant sites, thereby leaving behind vacancies on the Pb
sublattice, which will eventually recombine with excess Pb absorbed at the
surface of the PbSe domain.

Density Functional Theory (DFT) calculations of defect energies (see
Section F in Supporting Information of Ref. [35]) confirm that upon evap-
oration of Cd, both in CdSe and PbSe the defect energetics are ruled by
vacancies. The DFT calculations also show (Table S10 in Ref. [35]) that the
Se-Frenkel defect energy (Se vacancy + Se interstitial) is considerably higher
(6.00 for CdSe and 3.80 eV for PbSe) than the Cd-Frenkel and Pb-Frenkel
defect energies (3.16 and 3.30 eV, respectively). It is thus energetically
much more expensive to create defects on the Se sublattice. Because the
Se sublattice is not much affected by the cation exchange which takes place
on the (Pb,Cd) sublattice, the crystallographic orientation relation between
the CdSe and PbSe nanodomains is retained during the transformation.
This is the reason that the growth process is epitaxial in nature.

5.4 Discussion

The most important driving force for the growth process is the evaporation
of Cd. It is well known that a chemical reaction can be efficiently driven into
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one direction by bringing one reaction product in the gas phase. Assuming
that the excess Pb originates from Pb-oleate coverage of the HNC and that
the Cd evaporates in a molecular form, the reaction can be summarized as
follows:

CdSe(s) + Pb−molecule(s) → PbSe(s) + Cd−molecule(g) (5.1)

In the CdSe lattice, the Cd and Se atoms can be modelled as ions. Bader
charge analysis performed on the electronic charge density obtained from
DFT calculations shows that the effective charge of the Cd cation in CdSe
bulk is approximately +0.8 e. However, the Cd will evaporate only as a
neutral species. Because the transition from a charged Cd+0.8 ion to a
neutral Cd0 atom would require the nanocrystal to donate electrons, we
consider it more likely that Cd at the surface of the nanocrystal binds to
the surfactants (e.g., oleate), followed by evaporation. We mention here
that heating in vacuum is an efficient method to detach surfactants from
nanocrystals [44, 296].

From the available experimental and simulation data, a mechanism
can now be deduced to describe the cation exchange. All processes take
place close to the interfaces in a fast and volatile manner as demonstrated
by Supporting Movie S4 of Ref. [35]. The growth mechanism is shown
schematically in Figure S1 of the Supporting Information of Ref. [35], and
can be summarized as follows. (1) Cd sublimates from the surface of the
CdSe nanodomains, whereby Cd vacancies are formed. (2) The Cd vacancies
occupy positions at the CdSe side of the PbSe/CdSe interface (Figure S22
of Ref. [35]). (3) Cation replacement takes place as Pb atoms jump into
vacant Cd sites in a layer by layer fashion, resulting in epitaxial growth of
RS PbSe at the expense of WZ CdSe. (4) The jumping Pb atoms leave
behind vacancies, which migrate to the PbSe surface. (5) The Pb vacancies
at the surface recombine with Pb ions from adsorbed Pb-oleate molecules.
The oleate molecule remains adsorbed at the PbSe surface, and possibly
migrates to the CdSe domain where it combines with Cd and evaporates
as Cd-oleate. (6) The process is halted when the excess Pb (in the form of
Pb-oleate molecules) in the system is depleted.
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5.5 Conclusions

In this Chapter, we show a novel solid-solid-vapor (SSV) growth mechanism
whereby epitaxial growth of heterogeneous semiconductor nanowires takes
place by evaporation-induced cation exchange. During heating of PbSe-
CdSe nanodumbbells inside a transmission electron microscope (TEM), we
observed that PbSe nanocrystals grew epitaxially at the expense of CdSe
nanodomains, driven by evaporation of Cd. MD simulations reveals that
the growth process is mediated by local structural disorder and formation
of Cd vacancies. The atomistic mechanism described here most likely also
takes place when HNCs undergo cation exchange in colloidal solutions,
whereby instead of evaporating, the metal-molecule complex is dissolved
in the solution. In the current solid-solid-vapor (SSV) growth mechanism,
one solid phase grows epitaxially at the expense of another solid phase,
efficiently driven by evaporation of one element (here Cd) with simultaneous
supply of another element (here Pb, coordinated with a molecule). Our
results show that SSV growth can provide an alternative path for growing
heterogeneous semiconductor nanowires, especially when the lattices have
a partly ionic character, and therefore holds promise for generating new
families of heterogeneous nanostructures.





Chapter 6

Cation Exchange in
PbS-CdS Nanocrystals

This chapter is based on the paper: Z. Fan, L-C Lin, W. Buijs, T. J. H.
Vlugt, M. A. Van Huis, ‘Atomic Understanding of Cation Exchange in PbS
Nanocrystals Using Pseudolidands’ submitted.

6.1 Introduction

To synthesize novel nanocrystals (NCs) and heteronanocrystals (HNCs) with
designed shape and structure, cation exchange (CE) has recently been exten-
sively explored and applied to nanoscale materials [9, 38–41, 280, 300, 301].
This process involves colloidal ionic NCs whereby the cations in the NCs are
(partially) replaced by the cations from the surrounding solution. CE has
greatly boosted the syntheses of nanostructures with diverse morphologies.
Starting from elementary NCs that are synthesized using well-known synthe-
sis routes such as hot injection [13], the CE technique can be used to modify
the nanostructures into other novel nanostructures or heterostructures such
as binary rods [26] and core/shell structures [36, 38]. The CE technique can
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be extremely powerful when combined with other advanced (post)syntheses
techniques such as oriented attachment and seeded growth. This has enabled
the synthesis of many novel nanostructures including nanooctapods [40],
nanorod couples [25], and 2D honeycomb superlatices [23].

Pb→Cd exchange (i.e. replacing Pb2+ by Cd2+) in lead chalcogenide
NCs is a typical CE process that produces PbE/CdE (E = S, Se, Te)
core/shell HNCs [27, 28, 36]. This CE process in colloidal PbS NCs can be
expressed as follows:

Cd2+liquid + PbSsolid → Pb2+liquid +CdSsolid (6.1)

A typical experimental route of this CE consists of two simple steps [36, 37]:
(1) synthesis of the PbS parent NCs, and (2) immersing the parent NCs
in Cd-oleate solutions and applying heat for 0.5-10 hours at 373–473 K.
PbS has a rocksalt (RS) crystal structure where the atoms have six-fold
coordination, while CdS has a zinc blende (ZB) crystal structure where
the atoms have four-fold coordination. The lattice mismatch between these
two structures is less than 2% [95]. Pb→Cd CE in PbE NCs has often
been described as a self-limiting process as the core/shell structure is often
found in the product. Complete conversion is usually difficult to achieve [27,
37, 302]. Compared to other types of CE [9, 42] (e.g., Cd→Ag) that take
place spontaneously at ambient temperature and at a shorter timescale,
the Pb→Cd CE requires a relatively high temperature and a long time to
overcome a large energy barrier [34].

Although the Pb→Cd CE process has been studied by modern exper-
imental techniques such as energy dispersive X-ray spectrometry (EDX),
high resolution transmission electron microscopy (HRTEM), and 3D elec-
tron tomography [28, 35, 37, 281, 302], a detailed atomistic understanding
of the atomistic mechanism is still missing. Theoretical investigation of
this CE process using molecular simulation remains a great challenge. As
schematically shown in Fig. 6.1a, CE not only involves parent NCs, but
also the surrounding solution, consisting of exchanging cations, ligands,
and solvent molecules. CE takes place first at the interface between the
NCs and solution and then proceeds further into the NCs. To model the
whole system atomistically requires large system sizes and long simulation
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Figure 6.1: Schematic representation of a cation exchange (CE) process. (a) CE in exper-
iments; (b) CE in MD simulations with a coarse-grained pseudoligand (PSL) model. The
dash lines indicates the NC/solution boundaries; The black arrows indicate the motion of the
cations during a CE process. The solution of cations and PSLs is essentially an ionic liquid

times, which is not computationally feasible. To overcome this, we devel-
oped a coarse-grained model to mimic the cation-ligand solutions in which
the effects of ligands and solvent are incorporated into negatively charged
large spherical particles (Fig. 6.1b, the orange circles). These particles are
denoted by pseudoligands (PSLs). PbS-CdS systems are modelled using
our newly developed all-atom force field [95] which accurately describes
the crystal structures, elastic properties, polymorphic stability, and surface
energy of PbS and CdS solids and PbxCd1−xS mixed phases. Here, clas-
sical Molecular Dynamics (MD) simulations are used, for the first time,
to successfully study the Pb→Cd CE in PbS NCs within a solution. Our
results indicate that the direction and rate of CE can be controlled by
changing the ligand type, or by adjusting the temperature. A previously
proposed vacancy-mediated exchange mechanism [27, 35, 302] has been
revised according to our simulations and calculations. The Cd vacancies
mediating the Pb jumps automatically form at the PbS/CdS interfaces,
rather than formation on the NC surfaces and migrate to the interfaces.
Co-operative behaviour was found in the Pb→Cd CE process that a Cd
impurity decreased the energy barrier to a nearby Pb ion leaving the PbS
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core. Understanding the thermodynamics and kinetics of CE is crucial for
the future development of the precise control of this technique.

6.2 Methods

6.2.1 Coarse-Grained Pseudoligand Model

The main function of our PSL model is to create a solution in which the
exchanging cations can be dissociated and CE takes place at the NC/solution
interface. We assume that electron transfer does not play an important role
during the Pb→Cd CE, i.e., the charges of the cations, anions, and anionic
ligands in the solid and liquid phases, and at the solid/liquid interface remain
unchanged. In the PSL model, the PSL-PSL or PSL-cation interatomic
interactions consist two parts: long-ranged Coulombic interactions and
short-ranged interactions described by a Buckingham potential [95]:

uij(rij) =
qiqj
rij

+Ae−rij/B − C

r6ij
(6.2)

The partial charge of the PSL was set to -0.8 e. The parameters of the
Buckingham potential are listed in Table 6.1. The parameters were tuned
so that the systems consisting of cations and PSLs form liquid phases at
temperatures around 400 K (typical temperature in CE experiments). In
our model, the PSL-cation interactions are weaker than the Cd-S or Pb-
S interactions. To control the strength of the PSL-cation interactions, we
varied the parameter C for PSL-cation interactions. The parameter C of the

PSL-cation interatomic potentials can be chose as 0 or 200 eV·Å6
. When

keeping other parameters unchanged, a PSL-cation interaction potential

with C = 200 eV·Å6
has a lower minimum energy compared to that with

C = 0 eV·Å6
(see Fig. 6.2). The non-preferential, Pb-preferred, and Cd-

preferred PSL models can be constructed using different combinations of the
PSL-cation potentials with different values of parameter C (see Table 6.1).
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Table 6.1: Parameters of the Buckingham potentials in the coarse-grained PSL model. The
non-preferential, Pb-preferred, and Cd-preferred PSL models are constructed using different
combinations of the cation-PSL potentials with different values of the parameter C.

A (eV) B (Å) C (eV·Å6)

non-preferential PSL
Cd-PSL 1000 0.4 0
Pb-PSL 1000 0.4 0
S-PSL 15000 0.4 0
PSL-PSL 0 0.4 0

Pb-preferred PSL
Cd-PSL 1000 0.4 0
Pb-PSL 1000 0.4 200
S-PSL 15000 0.4 0
PSL-PSL 0 0.4 0

Cd-preferred PSL
Cd-PSL 1000 0.4 200
Pb-PSL 1000 0.4 0
S-PSL 15000 0.4 0
PSL-PSL 0 0.4 0
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Figure 6.2: The interatomic interaction pair potentials as a function of interatomic distance
rij. The parameter C in the PSL-cation interatomic potentials can be chose as 0 or 200
eV·Å6.

6.2.2 Construction of Colloidal PbS and CdS NCs

A spherical PbS NC with a diameter of 4.7 nm containing 1088 {Pb–S}
pairs was cut out from a RS-PbS matrix with a lattice parameter of 6.0
Å. The PbS NC was placed in the centre of a cubic simulation box with
a box dimension of 10 nm. The simulation box was randomly filled with
4352 {Cd–PSL} pairs such that the distance between any two ions is larger
than 3.5 Å to prevent atomic overlaps. Periodic boundary conditions were
applied in all directions. The construction of the colloidal ZB-CdS NCs is
similar to that of RS-PbS NC systems described above. A spherical CdS
NC with a diameter of 4.7 nm containing 1057 {Cd–S} pairs was cut out
from a ZB-CdS matrix with a lattice parameter of 6.00 Å. 4228 {Pb–PSL}
pairs were randomly positioned inside a cubic simulation box of a size of 10
nm.
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6.2.3 Molecular Dynamics Simulation

All MD simulations were carried out using the LAMMPS code [303]. The
Particle–Particle–Particle–Mesh (PPPM) method [304] was used to calcu-
late the Coulombic interactions and a cut-off radius of 10 Å was set for all
short-ranged interactions without using long-range corrections. The equa-
tions of motion were integrated using the velocity-Verlet algorithm with a
time step of 1 fs. Four S ions in the centre of the NC were constrained at
fixed positions to prevent the Brownian motion of the NCs. Simulations of
100 ns were carried out in a NPT ensemble and the first 100 ps was used
for preliminary equilibration at the desired temperatures and zero pressure.
Some simulations ran longer. The longest simulation time was 300 ns. For
the simulations of the reverse Cd→Pb CE in colloidal ZB-CdS NCs, MD
simulations were performed for the colloidal ZB-CdS NC for 100 ns at 550
K with non-preferential, Pb-preferred, and Cd-preferred PSLs.

6.2.4 Volume Scaled Exchange Rate

Several MLs were defined in a PbS NC (one ML has a thickness of 3.5 Å,
see the inset of Fig. 6.6a) and the exchange rate in the jth ML and at time
t, ηj(t), was defined as:

ηj(t) =
(No

Cd −N i
Cd)− (No

Pb −N i
Pb)

∆t∆Vj
(6.3)

where N is the number of Cd or Pb ions passing through the surface o or i
during a time ∆t. The superscripts o and i represent the outer and the inner
surfaces of the jth ML, respectively. A positive value of N indicates the
cations are moving inward to a given ML while a negative value indicates
moving outward. ∆t is a small time interval (∆t = 1 ps) and ∆Vj is
the volume of the jth ML. Using this definition, a positive η indicates a
Pb→Cd CE process while a negative value indicates the reverse Cd→Pb
CE. We sampled the ηj every 100 ps for the first four outermost MLs from
simulations for a PbS NC with non-preferential PSLs at 550 K. Each data
point in Fig 6.6a corresponds to an averaged ηj over a time interval of 10
ns from ten independent simulations.
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6.2.5 Root Mean Square Motion

Root mean square Motion (RMSM) was used to describe the vibration and
mobility of the ions, defined as:

RMSM =

√√√√1

t

t∑
tj=1

(xi(tj)− x̄i)2 (6.4)

where t is the time to sample the data, which is the last 100 ps of ten
independent 100 ns simulations. xi(tj) is the position of an ion i at time tj ,
x̄i is the time-averaged position of the ion i. The time interval between two
samplings is 1 ps. The RMSM of each ion and its initial distance r to the
centre of the NC were calculated. The RMSM was further averaged over
the same types of ions with similar r (±0.5 Å).

6.2.6 PbS/CdS Interfacial Energy Calculations

To calculate the interfacial energy, two different PbS/CdS heterostructures
were constructed including four different PbS/CdS interfaces (see Fig. 6.3).
Figure 6.3a shows a PbS/CdS heterostructure that the PbS-[111] direction
is oriented along the CdS-[111] direction, thus creating two polar/polar
interfaces (the PbS-(111)/CdS-(1̄1̄1̄) and PbS-(1̄1̄1̄)/CdS-(111) interfaces,
these two interfaces are donated as PbS-(111)/CdS-(111)). Figure 6.3b
shows a heterostructure that the PbS-[100] direction is oriented along the
CdS-[111] direction, thus creating two non-polar/polar interfaces (the PbS-
(100)/CdS-(111) and PbS-(100)/CdS-(1̄1̄1̄) interfaces, these two interfaces
are donated as PbS-(100)/CdS-(111)). These two types of interface are
dominant in the PbS/CdS HNCs in our simulations and the PbE/CdE
HNCs in CE experiments. Three-dimensional periodic boundary conditions
were used. The initial interfacial areas of the PbS-(111)/CdS-(111) and PbS-
(100)/CdS-(111) interfaces are about 240 and 280 Å2, respectively. The
initial lengths of the side perpendicular to the interfaces are about 41 and 47
Å for the PbS-(1110/CdS-(111) and PbS-(100)/CdS-(111) heterostructures,
respective. Since all interfaces are created by connecting ideal PbS and CdS
facets, we refer these interfaces as ‘ideal interfaces’.
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Figure 6.3: PbS/CdS heterostructures with different interfaces a A PbS/CdS heterostruc-
ture with ideal PbS-(111)/CdS-(111) interfaces. b A PbS/CdS heterostructure with ideal
PbS-(100)/CdS-(111) interfaces. c-d PbS/CdS heterostructures with artificially created point
defects at the PbS/CdS interfaces. All heterostructures are in a PbS-[110] pojection. The
green, red, blue, and black rectanges indicate the PbS-(1̄1̄1̄)/CdS-(111), PbS-(111)/CdS-
(1̄1̄1̄), PbS-(100)/CdS-(1̄1̄1̄), and PbS-(100)/CdS-(111) interfaces, respectively. The white,
blue and red spheres represent S, Pb, and Cd, respectively.
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The PbS/CdS heterostructures were fully relaxed at zero temperature
and zero pressure conditions. The interfacial energy Einter can be calculated
as:

Einter =
Ehs − (nCdSECdS + nPbSEPbS)

2A
(S5)

Where Ehs is the total lattice energy of the heterostructure; ECdS and
EPbS are the lattice energies of ZB-CdS and RS-PbS per formula unit,
respectively; nCdS and nPbS are the number of CdS and PbS pairs in the
heterostructure, respectively; A is the area of the interface. Note that the
values of interfacial energy are the average of two interfaces created in pairs.
The heterostructure with ideal PbS-100/CdS-111 interfaces was not stable
during structural optimization. This is because a large dipole moment
was created in the heterostructure with non-polar/polar interfaces. The
interfacial energy of the ideal PbS-111/CdS-111 interface is also considerably
high, since the cations are dense at one interface (red rectangle in Fig. 6.3a)
but are sparse at the other (green rectangle in Fig. 6.3a). Therefore, we
remove part of the Cd ions from one interface to the other in order to
stabilize the structure and to reduce the interfacial energies. We found that,
for the heterostructure with PbS-(111)/CdS-(111) interfaces, the interfacial
energies became minimum when one fourth of the Cd ions were moved from
the PbS-(111)/CdS-(1̄1̄1̄) to the PbS-(1̄1̄1̄)/CdS-(111) interface (Fig. 6.3c).
For the heterostructure with PbS-(100)/CdS-(111) interfaces, the interfacial
energy became minimum when half of the Cd ions were moved from the
PbS-(100)/CdS-(111) to the PbS-(100)/CdS-(1̄1̄1̄) interface (Fig. 6.3d).

6.2.7 Energy Barriers for Cation to Migrate at the PbS/CdS
Interface

We use the heterostructures models with artificially created point defects as
initial states to calculate the energy barrier for a cation to migrate between
two cation sites at the CdS/PbS interfaces. When calculating the energy
barriers, the position of the migrating cation was gradually moved along the
pathway. The pathway includes straight lines between its initial position (i),
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an adjoining tetrahedral cation site (t), and an adjoining octahedral cation
site (o). For the Pb ion jumping at the PbS-(111)/CdS-(111) interface, we
distinguished two situations: (1) a Pb ion jumps to a vacancy, or (2) a Pb
ion kicks out a Cd ion and occupies its site.

6.2.8 Simulations of CE at High-Temperature-High-Pressure
Conditions

MD simulations for PbS NCs in Cd-PLS solutions at high-pressure-high-
temperature conditions were performed. The simulation details are similar
to those under zero pressure (see Section 6.2). The only difference is that a
hydrostatic pressure was applied to the system and was kept by the NPT
ensemble. To investigate the effect of pressure on the Pb→Cd CE, five
independent simulations were performed for a PbS colloidal NC at 600 K
and different pressures. The pressure range from 0 to 1.00 GPa with an
increasing step of 0.25 GPa. At a fixed pressure of 1.0 GPa, MD simulations
were performed for the same PbS colloidal NC system at 700, 750, and 800
K.

6.3 Results

6.3.1 Thermodynamic Driving Force

The thermodynamic driving force for CE is controlled by two main factors:
the free energy difference between the two materials forming the NCs, and
the solubility of both cations in the ligand solution [33, 34]. The former
depends on several factors such as the lattice energy, surface energy, size
and shape of the NCs, the interfacial energy when forming HNCs, and the
entropy of mixing. The dominating factor is the lattice energy difference
between ZB-CdS and RS-PbS, as the difference in surface energies and
the lattice mismatch between ZB-CdS and RS-PbS are relatively small [95].
During CE, the change in entropy is typically one or two orders of magnitude
smaller than the change in enthalpy at ∼500 K [35], and thus the entropy
of mixing is also not a dominating factor determining the thermodynamic
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equilibrium [302]. The lattice energy of ZB-CdS computed using our force
field is about 0.3 eV per formula unit (eV/f.u.) less than that of RS-
PbS [95]. Therefore, if the PSL-Cd and PSL-Pb interatomic interactions
are equivalent (i.e., using non-preferential PSLs) and at a sufficiently high
temperature, the relatively low lattice energy of ZB-CdS will promote the
Pb→Cd CE process in PbS NCs. MD simulations of a 4.7-nm-sized PbS
nanosphere immersed in a non-preferential PSL solution were carried out
at 500 K. Pb→Cd CE was indeed observed in our simulations. Figure 6.4a
shows that, as a function of simulation time, the number of Pb cations in
the parent NC decreases whereas the number of Cd cations increases, clearly
demonstrating the exchange of cations. We also observed that the number
of S anions remained constant, which indicates that the anionic sublattice
is more stable than the cationic sublattice in the NC. The CE process found
in the MD simulations is in excellent agreement with the experimental
observations [302]: the exchanging Cd ions in the solutions initially cover
the surface of the parent NC (i.e., corresponding to the sharp increase of
the number of in-going Cd ions during the first few nanoseconds as shown
in Fig. 6.4a), while the surface Pb ions in the parent NC are dissolved
into the solution. Subsequently, the Cd ions diffuse inwards to the NCs.
When the Cd ions occupy the sites of the first few outermost monolayers
(MLs), the exchange slows down, forming a PbS/CdS core/shell HNC (see
Fig. 6.4e). The formation of the CdS shell impedes the outwards diffusion
of the Pb ions from the PbS core. As the exchange slows down, the numbers
of in-going Cd (NNC

Cd ), the number of remaining Pb in the NC (NNC
Pb ), and

the exchange ratio (ρCd), defined as the number of in-going Cd ions divided
by the total number of the cations in the NC (ρCd = NNC

Cd /(NNC
Cd +NNC

Pb ),
grey circles in Fig. 6.4b-c), becomes nearly constant after a few tens of
nanoseconds. The PbS/CdS core/shell HNCs with higher exchange ratios
(e.g., the final configuration of an exchanged HNC at 600 K in a MD
simulation of 100 ns in Fig. 6.4i) have a structure and morphology which is
very similar to those of experimentally observed core/shell HNCs, which is
apparent from HRTEM images of PbE/CdE configurations obtained in CE
experiments [28, 282, 305] (see Figs. 6.4j-l).

The preferential dissolution of the cations in solutions with different
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Figure 6.4: The Pb→Cd CE process in a 4.7-nm-sized PbS NC using different PSLs and
at different temperatures. (a) Number of in-going Cd ions (red diamonds), and remaining
Pb ions (blue squares) and S ions (grey circles) in the parent PbS NCs as a function of
simulation time. MD simulation were performed at 500 K with non-preferential PSLs. (b-c)
Time evolution of exchange ratio ρCd (the ratio of in-going Cd ions over the total number
of cations in the NC). (b) Simulations performed at 500 K with different PSLs. A constant
value of ρCd (∼0.2) for the simulation with Cd-preferred PSLs indicates that CE did not take
place. The low fraction of Cd ions corresponds to those were adsorbed at the NC surface. (c)
Simulation performed using non-preferential PSLs at different temperatures. (d-i) Snapshots
of the RS-(110) sections of the NCs in 100 ns MD simulations: (d) initial configuration; (e-i)
final configurations of 100 ns simulations at 500 K with non-preferential (e), Cd-preferred (f),
and Pb-preferred PSLs (g), and those with non-preferential PSLs at 400 K (h) and 600 K (i).
The white, blue and red spheres represent S, Pb, and Cd, respectively. (j-l) High-resolution
transmission electron microscopy (HRTEM) images of PbE/CdE core/shell HNCs achieved
by experimental CE, in a [110] projection. (j) A 9-nm-sized PbS/CdS core/shell HNC, image
adapted with permission from Ref. [305] (copyright 2014 American Chemical Society); (k)
A 5.6-nm-sized PbSe/CdSe core/shell HNC, image adapted with permission from Ref. [282]
(copyright The Royal Society of Chemistry 2011); (l) A 6.6-nm-sized PbTe/CdTe core/shell
HNC, image adapted with permission from Ref. [28] (copyright 2009 American Chemical
Society).
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ligands has a crucial role in determining the direction and exchange ratio of
CE. Using the same system and temperature (i.e., the 4.7-nm-sized PbS NC
immersed in the Cd-PSL solution at 500 K), we investigate the influence of
different ligand solutions on the CE process by considering different PSL-
cation interactions. For Pb-preferred, non-preferential, and Cd-preferred
PSL solutions, the exchange ratio ρCd as a function of simulation time is
shown in Fig. 6.2b. As shown in this figure, Pb→Cd CE can be significantly
accelerated using a Pb-preferred solution, and it can also be completely
prohibited using a Cd-preferred solution. Note that a small amount of Cd
(ρCd ∼ 20%) was also found in the NC with the Cd-preferred PSLs. These
Cd ions did not penetrate into the NC but were adsorbed at the NC surface
(Fig. 6.4f).

We also found that, immersing a ZB-CdS NC in a solution containing
Pb ions and Cd-preferred PSLs, the system underwent a reverse Cd→Pb
CE (Fig. 6.5). The reverse CE did not take place using a non-preferential
or a Pb-preferred PSL solution. A way to achieve both the forward and
backward Pb⇔Cd CE in experiments is to change the type of ligand: Cd-
oleates are often chosen as the cation-ligands solutions to achieve Pb→Cd
CE [36, 37, 302], while aqueous Pb nitrate solutions, PbCl2-oleylamine, and
Pb-oleates-oleylamine have been used to achieve the reverse CE process [306–
309].

Temperature is another key factor for determining the equilibrium and
the exchange ratio of CE. Independent MD simulations for PbS nanospheres
immersed in non-preferential PSL solutions were performed at temperatures
ranging from 400 to 600 K. The CE process is faster at higher temperatures
resulting in a more complete Pb→Cd replacement (Fig. 6.4c). At 600 K,
nearly 90% of the cations in the NC was replaced by Cd within 100 ns, and
a CdS shell with a thickness about four MLs was formed (Figs. 6.4c,i). In
experiments, high temperatures often lead to severe damage and distortion
of the NCs (amongst others, Ostwald ripening can take place) [37, 302]. In
the simulations, complete damaging of the PbS NC was also observed at 700
K, whereby the whole NC dissolved in the solution. Note that temperatures
used in the MD simulations should not be directly compared with those
in experiments. The time scale in our MD simulations is generally of the
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Figure 6.5: Reverse Cd→Pb CE in a ZB-CdS NC. (a) Time evolution of exchange ratio ρPb

(the ratio of in-going Pb ions over the total number of cations in the NC). Simulations were
performed at 550 K with the number of non-preferential (grey circles) and Cd-preferred (purple
squares) PSLs. The constant value of ρPb ∼ 0.1 for the simulation with non-preferential PSLs
indicates that CE did not take place (also see the final configuration in (c)). (b-d) Initial
(b) and final (c-d) configurations of the ZB-CdS NC in a 100 ns simulation at 550 K with
non-preferential (c) and Cd-preferred PSLs (d). The white, blue and red spheres represent S,
Pb, and Cd, respectively.
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order of hundreds of nanoseconds, which is much shorter than a typical
timescale of the Pb→Cd CE experiments (mins∼hrs) [27, 28, 36, 37, 302].
Accordingly, a higher temperature is required in our simulations in order
to accelerate the CE process.

6.3.2 Self-Limiting Exchange

One of the appealing features of CE at the nanoscale is the fast exchange
rate compared to the process at the macroscopic scale. Nonetheless, the
Pb→Cd exchange is often reported to be self-limiting. Although complete
Pb→Cd exchange has been experimentally reported [23, 27, 302], accurate
control, high temperatures, and long times are required. Figure 6.6a shows
the time evolution of the averaged volume-scaled exchange rate η at the
first four outermost MLs of the PbS NC from the MD simulations at 550K
with non-preferential PSLs. The CE process takes place in a layer-by-layer
fashion. The exchange front moves from the first outermost ML to the
second ML at 20∼40 ns and further proceeds to the third outermost ML
from ∼50 ns onward (Fig. 6.6a). The exchange rate of the fourth layer is
always zero, suggesting that the exchange front has not yet reached the
fourth ML in 100 ns. The overall exchange rate η significantly decreases
as the exchange front moves inwards. This is consistent with the averaged
root mean square motion (RMSM) calculated for different ionic species as
a function of r (r is the distance from the initial position of an ion to the
centre of the NC) in Fig. 6.6b. To clarify the ionic positions in the PbS/CdS
core/shell structure, the radial density of each ionic species are plotted in
the upper left inset of Fig. 6.6b. The RMSM of all types of ions increases
as the ions are closer to the NC surface, indicating a faster CE process at
the surface than on the inside. Obviously, the large surface-to-volume ratio
of nanostructures leads to a swift CE process at the nanoscale, but the
spherical morphology of the PbS parent NCs and the layer-by-layer fashion
of the Pb→Cd CE process determine its self-limiting nature. This has also
been reported experimentally for an analogous Cd→Zn CE process in CdSe
NCs [38].

It is instructive to also point out that the radial density of each atom
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Figure 6.6: Exchange rate and atomic mobility analyses of the Pb→Cd CE. (a) Time evolution
of the averaged volume-scaled exchange rate η for the four outermost atomic monolayers
(MLs). Data was collected from 10 independent 100 ns MD simulations of a PbS NC at 550
K. The upper right inset shows the final configuration of a NC’s RS-(110) section from one
of the MD simulations. The S ions are coloured according to the colour code of the different
outermost MLs. The small red and blue spheres are Cd and Pb, respectively. (b) Averaged
RMSF of S (grey circles), Pb (blue squares) and Cd (red diamonds) as a function of r (r
is the distance between the ion and the centre of the NC). The upper left inset shows the
ion density as a function of r. The yellow region labels the CdxPb1−xS mixed phase domain
between the PbS core and the CdS shell. Data were sampled in the last 100 ps of the ten
independent 100 ns MD simulations.
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type (upper left inset of Fig. 6.6b) indicates a pure PbS domain (r ≤ 15
Å), a CdxPb1−xS mixed phase domain (15 Å < r <20 Å), and a pure CdS
domain (20 Å ≤ r < 24 Å). Considering the inhomogeneity in PbS/CdS
HNCs, the mixed phase layer with a thickness of 5 Å is relatively thin.
It has been also experimentally shown that PbS/CdS HNCs obtained by
CE have a sharp PbS/CdS boundary [28, 37]. Unlike systems containing
materials with the same crystal structure which easily form mixed phases or
solid solutions (e.g., the CdSe/ZnSe [38] and CdSe/CdS/ZnS [310] systems),
PbS and CdS in HNCs undergo phase separation even at relatively high
temperatures [35, 282].

6.3.3 Kinetics: A Revised Vacancy-Mediated Mechanism

To obtain a better understanding of the Pb→Cd CE, it is crucial to under-
stand the kinetics. Based on a variety of experimental data, a hypothetical
vacancy-mediated mechanism has been generally accepted [27, 35, 302]. In
this mechanism, it was claimed that Cd vacancies first form at the surface of
NCs and migrate further towards the PbE/CdE interface. These vacancies
transport the Pb ions from the PbS core edges to the surrounding solutions.
Although the formation and migration energies of a Cd vacancy can be
largely reduced on a NC surface, the probability that a Pb ion is transferred
by such a backward and forward motion of a vacancy is rather small. In
addition, this vacancy-mediated mechanism also contradicts to generally ac-
cepted knowledge that point defects, rather than moving towards the inside
of NCs, should be easily annealed out of NCs at a high temperature [311].

By tracing the trajectories of the Pb ions leaving the PbS core, we are
able to reveal the mechanism of Pb→Cd exchange at the atomic level. We
propose a revised vacancy-mediated mechanism for Pb→Cd CE. Figures 6.7
a and b show typical MD snapshots when a Pb ion (the green spheres) leaves
from a PbS-(111) and -(100) facet, respectively. The Pb ion from the PbS-
(111) facet jumps to an adjoining tetrahedral cation site (a tetrahedrally
coordinated site with four nearest neighbour anions), whereas the Pb ion
from the PbS-(100) facet jumps to an octahedral cation site (an octahedrally
coordinated site with six nearest neighbour anions). In both cases, a cation
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vacancy forms at the outer layers (indicated by open diamonds in Figs 6.7
a and b) before the Pb ions jumped into them, partially supporting the
vacancy-mediated mechanism that forming a Cd vacancy is a required
non condition for the jumps of Pb ions. The energy barrier for a Pb
ion to jump without a vacancy (i.e., the Pb ion kicks out a Cd ion and
occupies its position) is ∼1.8 eV, which is much higher than that with a
Cd vacancy already present (0.41∼1.25 eV), indicating that the ’kick-out’
type of motion is unlikely to occur in Pb→Cd exchange (Fig. 6.8). It is
important to note that the formation of Cd vacancies in our simulations
differs from the previous vacancy-mediated mechanism. During the CE
process, Cd vacancies do not form at the NC surfaces and migrate to the
PbS/CdS interfaces, but automatically form at the PbS/CdS interfaces.
The automatic formation of Cd vacancies at the PbS/CdS interface can
be achieved by two ways: (1) a Cd ion at a PbS/CdS interface jumps to
an adjoining octahedral cation site forming an interstitial and a vacancy
(a Frenkel pair), or (2) after a Pb ion leaves its site during CE, no other
cation occupies the vacancy which is left behind. The interfacial energies
of the ideal PbS-(100)/CdS-(111) and PbS-(111)/CdS-(111) interfaces and
those with artificially created point defects are listed in Table 6.2. The
results show that interfaces with Cd vacancies and interstitials indeed have
lower interfacial energies than the ideal ones. Our findings confirm that
interfaces play an important role in the cation exchange process at the
nanoscale [27, 35, 312].

It has been reported that the Cd→Cu/Ag CE processes show a co-
operative behaviour [313, 314], whereby exchanged Cu/Ag ions decrease
the energy barrier for a nearby guest ion (Cd) leaving its site. Similar
phenomena of cooperativity has also been found in our simulations. We
have carefully examined the trajectories of about fourty individual Pb ions
leaving the PbS core. When these Pb ions were leaving the PbS core, ex-
changed Cd ion(s) could always be found at the next nearest neighbor sites
of the Pb ions (e.g., see Figs 6.7a and b). To understand this cooperative
behaviour, we calculated the reduction of the energy barrier for Pb ions
leaving their sites with the assistance of one nearby Cd impurity at the
interfaces (Fig. 6.8). As shown in Fig. 6.8, with one nearby exchanged
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Figure 6.7: Typical MD snapshots of the Pb→Cd CE mediated by Cd vacancies and impurities.
(a) CE taking place on a PbS-(111)/CdS-(111) interface. (b) CE taking place on a PbS-
(100)/CdS-(111) facet. The snapshots are from MD simulations of a PbS NC at 550 K. The
blue and red spheres are Pb and Cd, respectively; The anion sublattice is shown with white
lines (framework consisting of S-S bonds); The open diamonds indicate Cd vacancies. The
labelled Pb ions (green) on the edge of the PbS cores jumped to a outer CdS layer, the sites
which were left behind were occupied by nearby Cd ions (the magenta spheres). The first two
columns and the third column in (a-b) show the moments before and after the Pb ion left its
site, respectively. The first row in (a-b) show the side-view of the NC where Cd ions are not
shown for clarity. The red lines indicate the PbS/CdS interface where CE took place. The
second and the third rows in (a-b) show the bird’s-eye view of the CdS and PbS facets where
CE took place, respectively.
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Figure 6.8: Energy barriers for a Pb ion to jump out of the PbS facet at different PbS/CdS
interfaces at zero temperature. (a-b) Energy variation (∆E) as a function of the position of
the jumping Pb ion at a PbS-(111)/CdS-(111) (a) and a PbS-(100)/CdS-(111) (b) interface.
The Pb ions jump between the initial position (i), a tetrahedrally coordinated (t), and an
octahedrally coordinated (o) cation site. The red, black, and blue lines in (a-b) correspond
to the pathways i-o, i-t, and o-t, respectively. (c-g) Pathways of the jumping Pb ion at
different interfaces. The white, blue and red spheres represent S, Pb, and Cd, respectively.
(c) a ‘kick-out’ type of jump at a PbS-(111)/CdS-(111) interface corresponding to the green
short dashed line in (a). The Pb ion (green) kicks out a Cd ion and occupies its site, and
the Cd ion becomes an interstitial (magenta). The green and dark red arrows indicate the
pathways of the Pb and Cd ions, respectively. (d) and (f) show the jumps of the Pb ion
(green) which are mediated by a Cd vacancy (at the position t) at a PbS-(111)/CdS-(111)
(solid lines in (a)) and a PbS-(100)/CdS-(111) (solid lines in (b)) interface, respectively. (e)
and (g) show the jumps of the Pb ion (green) which are mediated by both a Cd vacancy (at
the position t) and a Cd impurity (magenta) at a PbS-(111)/CdS-(111) (dashed lines in (a))
and a PbS-(100)/CdS-(111) (dashed lines in (b)) interface, respectively. The dotted lines in
(d-g) indicate the pathways of the jumping Pb ion.
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Table 6.2: Interfacial energies of the ideal PbS-(111)/CdS-(111) and PbS-(100)/CdS-(111)
interfaces and those with point defects. The value of the interfacial energies is the average
of the two interfaces created in one heterostructure. The interfaces with point defects were
created to achieve the minimum interfacial energies. The interfacial energies are in eV/Å2.

ideal with defects

PbS-(111)/CdS-(111) not stable 0.74

PbS-(100)/CdS-(111) 2.13 0.68

Cd ion, the barrier for a Pb jumping to an adjoining octahedral site at a
PbS-(100)/CdS-(111) interface is reduced from 1.12 eV to 0.66 eV, and at a
PbS-(111)/CdS-(111) interface it is reduced from 1.25 eV to 0.89 eV. These
barrier reductions are able to increase the probability of the Pb hopping by
4∼5 orders of magnitude at 500 K.

After a Pb ion moves away, a Pb vacancy is created. This Pb vacancy
can be occupied by a nearby Cd or Pb ion. A Pb ion at a PbS-(111)
facet needs to overcome a considerably large energy barrier of about 1.8
eV to occupy the Pb vacancy (Fig. 6.9c), thus this motion is unlikely to
take place. An exchanged Cd ion on a PbS-(111) facet, however, only
needs to overcome a barrier of about 0.38 eV to occupy the Pb vacancy
(Fig. 6.9). The barrier to a Pb ion on a PbS-(100) facet migrating to the
Pb vacancy is 0.93 eV, and that to a Cd ion is only 0.37 eV (Fig. 6.9).
The low barriers for Cd ion migrating at the PbS/CdS interfaces indicate
exchanged Cd ions have high mobility and that they are able to jump
between adjoining cation sites. Figure 6.10a shows typical MD snapshots of
a PbS-(100)/CdS-(111) interface, at which an exchanged Cd ions (magenta)
moved across a few adjacent cation sites. Such highly mobile Cd ions at
the PbS-(100)/CdS-(111) interfaces could have very long-distance in-plane
migration, thus affecting Pb ions in the central area of the (100) plane.
The horizontal in-plane migration of Pb ions at a PbS-(111)/CdS-(111)
interface is more difficult and has not been observed in our MD simulations.
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Figure 6.9: Energy barriers for a cation to migrate at different PbS/CdS interfaces at zero
temperature. (a-b) Pathways of the migrating cation at different interfaces. (a) The PbS-
(111)/CdS-(111) interface shown in a PbS-[111] projection. (b) The PbS-(100)/CdS-(111)
interface shown in a PbS-(100) projection. The larger spheres represent the PbS cores while
the bonds and the smaller spheres represent the CdS regions. The white, blue and red spheres
represent S, Pb, and Cd, respectively. The green spheres are the Pb ions jump out of the PbS
cores and left behind a vacancy. The magenta spheres are the Cd impurities on the edge of
the PbS cores. The magenta and blue arrows indicate the pathways of the migrating Cd and
Pb ions from their initial positions (i) to the vacancy (v), respectively. (c-d) Energy variation
(∆E) as a function of the position of the migrating cations at a PbS-(111)/CdS-(111) (c)
and a PbS-(100)/CdS-(111) (d) interface. The blue and magenta lines correspond to the
migrating Pb and Cd ions, respectively.
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Figure 6.10: In-plane migration of cations at the PbS/CdS interface at 550 K. (a) Typical
MD snapshots showing migration of Cd ions at a PbS-(100) facet. The blue and red spheres
are Pb and Cd ions, respectively; The anion sublattice is shown with white lines (framework
consisting of S-S bonds). The labelled Cd ion (magenta) moved through a few cation sites
on the PbS-(100) facet and is able to affect the Pb ion in the center area of the PbS-(100)
(the green sphere). The white arrows indicate the migrating directions of the Cd ion. (b)
Typical MD snapshots of a shrinking PbS core. Only Pb ions are shown and two atomic layers
are distinguished by different colours (grey and pink). The cyan lines indicate the boundary
between a RS-(100) surface and a RS-(111) surface.
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Consequently, the exchange process is expected to take place in a different
manner at the PbS-(100)/CdS-(111) and PbS-(111)/CdS-(111) interfaces.
Figure 6.10b shows the time evolution of a Pb sublattice in the NC. Different
routes of Pb extraction can be distinguished at the PbS-(111) and (100)
facets of the core edges: Pb ions were disappearing in a random pattern at
the PbS-(100) interface, whereas, Pb ions at PbS-(111) facets were leaving
by a border-to-centre fashion (i.e., Pb on the edge leave first and the
outermost PbS-(111) layer gradually shrink to the centre).

6.4 Discussion

The exchange rate in our simulations is faster than that in experiments, and
the time scale in our simulations is a few of orders of magnitude shorter.
The main reasons for the abnormal fast Pb→Cd CE in our simulations
are the higher reaction temperature and higher concentrations of Cd in
the solution compared to the experiments. In Pb→Cd CE experiments
of PbS NCs, the reaction temperature is typically in the range of 100 to
200 ◦C (373-473 K). In our simulations, the highest temperature is 600
K in order to accelerate the CE process. Such a high temperature will
increase the probability of cation jumps by two to six orders of magnitude.
The coarse-grained PSL model was used to mimic the ligand and solvent
molecules. The size of a PSL is much smaller than that of actual ligands
used in CE experiments. The number of the guest cations (Cd) is set equal
to the number of PSLs. Therefore, the concentration of guest cations in
the solution in simulations is higher than that in experiments, which is
also expected to cause a faster exchange in the simulations. In addition,
it should be noted that our simulations are only able to show the initial
stages (the first few of hundred nanoseconds) of the CE process. Compared
to the exchanged NCs in experiments that has formed CdS shells with a
thickness of 1∼2 nm, the exchanged NC at 400 K (within the temperature
range used in CE experiments) only has formed an incomplete and thin
layer of CdS (thickness of the shell less than 0.3 nm) after 100 ns (Fig. 6.4h),
thus the CE took place to a lesser extent. To show a CE process for this
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NC in a simulation at 400 K with a similar degree of exchange as those in
experiments, the simulation time needs to be extremely long, which is not
computationally feasible.

Increasing the temperature is an effective way to accelerate the CE
process, however, it has been reported that Ostwald ripening takes place by a
direct heating of colloidal PbS NCs at 473 K, damaging the monodispersion
of the NCs [37]. A multiple step heating scheme [27, 37] has been used
for CE experiments at high temperatures whereby the NCs are protected
by CdS shells that form at a lower temperature. We did find significant
dissolution of S ions in our simulations at high temperatures, however,
Ostwald ripening could not be directly observed in our simulations since a
single NC was considered. The dissolved S anions may also recrystallized on
the other parts of the same NC with cations in the solution, thus enabling
massive migration of anions and reconstruction of PbE/CdE HNCs. This
phenomenon becomes more important at high temperatures and/or with
active ligands, in some extreme cases PbE NCs or PbE/CdE core/shell
HNCs may transform to a Janus-like heterostructure [282, 308, 315].

Besides the multiple step heating scheme, we found that increasing the
pressure could be an alternative way to preserve NCs at elevated temper-
atures in order to accelerate the CE processes and to achieve complete
compositional conversions. The Pb→Cd CE process cannot be accelerated
by merely applying a hydrostatic pressure to the solution (Fig. 6.11a), how-
ever, an increased hydrostatic pressure is able to increase the melting point
of ionic semiconductor solids [316] and their stability to high temperatures.
For example, only five Pb ions remained in the exchanged NC (ρCd = 0.997)
in a MD simulation of 100 ns at 750 K and a hydrostatic pressure of 1
GPa (Fig. 6.11b). At standard pressure the NC would have been completed
damaged upon reaching a temperature of 700 K, whereas, the exchanged
NC remains solid phase and retains a quasi-spherical morphology at high-
temperature-high-pressure conditions (p = 1.0 GPa, T ≤ 800 K, Fig. 6.11b).
Our simulations therefore predict that a high-pressure-high-temperature ap-
proach is a promising method to control the rate and degree of the Pb→Cd
CE process.

As CdS and PbS have different crystal structures, a structural transition
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Figure 6.11: Pb→Cd CE at high-temperture-high-pressure conditions. (a) Time evolution of
exchange ratio ρCd at 600 K and different hydrostatic pressures in the range of 0.00∼1.00
GPa. (b) Time evolution of exchange ratio ρCd under at different temperatures of 600, 700,
750 and 800 K and 1.00 GPa. Simulations were performed with Pb-preferential PSLs for 100
ns. The inset in (b) shows the final configuration of an exchanged NC at 800 K and 1.00
GPa in a CdS-[001] pojection. The white and red spheres represent S and Cd, respectively.
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Figure 6.12: Final configurations of a CdS/PbS core/shell HNC. The configuration is from a
MD simulation performed at 550 K with Pb-preferred PSLs for 300 ns. The core/shell HNC
is shown along PbS-[010] in (a) and along PbS-[011] direction in (b). The green lines in (b)
indicate the boundaries between the WZ-CdS, ZB-CdS, and RS-PbS domains.

must take place during a CE process. The most stable phases of CdS,
wurtzite (WZ) and ZB, have almost the same cohesive energy (the difference
between the cohesive energies of these two CdS polymorphs is about 1
meV/f.u. according to DFT calculations [95]). During the CE process of
lead and cadmium chalcogenides nanostructures, however, the RS-to-ZB
transition has been more frequently observed experimentally than the RS-
to-WZ transition [23, 27, 28, 35, 281] (Fig. 6.12). The latter requires an
extra step of anionic sublattice slips [68] as the former only requires slip of
the cationic sublattice [95]. Therefore, the RS-to-ZB transition has a lower
energy barrier than the RS-to-WZ transition. In our simulations, almost
equal amounts of the WZ and ZB domains were found in the CdS shell in
an exchanged HNC (Fig. 6.12). This discrepancy between experiments and
simulations may be attributed to CdS force field as the stability of ZB phase
is slightly underestimated compared to DFT calculations [95]. However, the
result of the competition between the RS-to-ZB and RS-to-WZ transitions
in the Pb→Cd CE depends on many other factors, including the morphology
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of initial parent NCs, types of ligand and solvent, temperatures, nucleation
energies. For instance, the WZ stacking faults and even direct RS-to-WZ
transition have been observed in CE experiments [23, 27, 28, 35, 281]. In
our simulations, most of Cd ions were located at the tetrahedral sites (ZB or
WZ), and only those at or near the PbS/CdS interfaces may jump between
tetrahedral and octahedral sites. It has been reported that CdS shells may
remain in a metastable RS phase during CE processes [305], which has not
been observed in our simulations.

6.5 Conclusions

Classical MD simulations were used to investigate Pb→Cd CE in colloidal
PbS NCs. The cation-ligands solutions were coarse-grained by a PSL model,
allowing us to study this large system for long time scales. The main
driving force of the Pb→Cd CE process is the competition of the ionic
crystal lattice energies and the cations solvent solubility. By adjusting
the PSL-cation interatomic interactions (analogous to changing the cation-
ligand solutions in experiments) and the temperature, the direction and
rate of the CE process can be controlled. Our simulation results reveal
that the Pb→Cd CE process is mediated by the Cd vacancies automatically
formed at the PbS/CdS interfaces and is assisted by the exchanged Cd
impurities. Highly mobile surface Cd ions accelerate the formation of Cd
vacancies and interstitials, which enables the transportation of Pb ions by
sequential jumps of cations. The energy barrier for exchanged Cd ions
migrating in the PbS-(100) and -(111) facets is lower than that for Pb
ions, and therefore, Cd ions show higher mobility than other ions at the
PbS/CdS interfaces and drive the exchange fronts into the inside of the
NCs. Our study provides a profound insight into the physics underlying the
Pb→Cd CE at the atomic level. The all-atom/coarse-graining approach
is able to effectively reveal both the thermodynamics and kinetics of the
Pb→Cd CE, and, more importantly, this model can also be adapted to
investigate other types of CE (e.g., Cd→Cu and Zn→Ag) or other synthesis
techniques (e.g., hot injection, seed growth, and vapour-liquid-solid growth).
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Finally, the simulations also predict that high-pressure-high-temperature
conditions can greatly enhance the cation exchange rate. To date, several
key questions remain unclear, such as: What is the optimal ligand solution
and temperature to yield complete Pb→Cd CE? How can the thickness
and uniformity of the CdE shell be completely controlled? Our approach
provides opportunities to further address these questions, and we anticipate
that the coarse-grained PSL model will be extended and further improved.
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[282] Grodzińska, D.; Pietra, F.; van Huis, M.A.; Vanmaekelbergh, D.;
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bergh, D. Two-fold emission from the S-shell of PbSe/CdSe core/shell
quantum dots. Small, 7, 2011: 3493–3501.

[286] van Huis, M.A.; Figuerola, A.; Fang, C.; Béché, A.; Zandbergen,
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Summary

The aim of the study described in this thesis is to obtain a profound under-
standing of transformations in NCs at the atomic level, by performing molec-
ular simulations for such transformations, and by comparing the simulation
results with available experimental high-resolution transmission electron
microscopy (HRTEM) data to validate the simulations and to reveal under-
lying physical mechanisms. These transformations include structural and
morphological transitions and cation exchange processes in ionic nanocrys-
tals (II-VI and IV-VI semiconductors). The main simulation method used
is classical Molecular Dynamics (MD) simulation. First principles density
functional theory (DFT) calculations were used to develop empirical force
fields that are able to accurately reproduce phase transitions. Using these
newly developed force fields, large scaled classical MD simulations were
carried out and linked to HRTEM experiments. The partially charged rigid
ion model (PCRIM) was chosen for the force fields. This PCRIM approach
has a simple functional form with a few number of parameters and has a
clear physical meaning for ionic crystals. To simulate cation exchange in
colloidal NC systems at the NC/solution interface, we used a combination
of all-atom force fields and a coarse-grained model.

In Chapter 2, an ab-initio based force field for ZnO is developed within
the framework of the PCRIM approach. The values of the partial charges
were determined by Bader charge analysis of DFT calculations on various
ZnO phases. Beside Coulombic interactions, only short-ranged pairwise
interatomic interactions were included. An initial guess of the parame-
ters of the short-ranged pair potentials were first obtained by the lattice
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inversion method. The parameters were further adjusted by an ab-initio
potential surface fitting procedure. The new ZnO force field has a very
simple functional form is able to accurately reproduce several important
physical properties of ZnO materials. These physical properties include the
lattice parameters and phase stability of several ZnO polymorphs, as well as
the elastic constants, bulk moduli, phonon dispersion, and melting points of
wurtzite ZnO. The transition pressure of the wurtzite-to-rocksalt transition
calculated with the force field equals 12.3 GPa, in agreement with exper-
imental measurements and DFT calculations. A wurtzite-to-honeycomb
phase transition is predicted at an uniaxial pressure of 8.8 GPa. We found
a rational and effective way to derive force fields with simple functional
forms for accurate simulations of phase transitions in ionic crystals.

In Chapter 3, we developed a transferable force field for CdS-CdSe-PbS-
PbSe solid systems. The selection of the force field and the fitting procedure
are similar to that of the ZnO force field in Chapter 2. The challenges
when developing this force field were to maintain the transferability of
this force field for four materials (CdS, CdSe, PbS, and PbSe) and to
describe their mixed phases. This was solved by assuming that different
cations/anions have the same values of the partial charges, and that short-
ranged interatomic interactions between two cations/anions are the same in
different materials. For the mixed phases, DFT calculations of the mixed
phases were included in both the training and validation sets. This work
is the first step for further simulation studies of these II-VI and IV-VI
semiconductor NCs and heteronanocrystals (HNCs).

In Chapter 4, a thermally induced morphological and structural transi-
tion of CdSe NCs was investigated using MD simulations. In MD simula-
tions, a CdSe nanosphere with the ZB structure transforms into a tetrapod-
like morphology at 800 K. In a CdSe tetrapod, four WZ legs attach to
the {111} facets of a tetrahedral ZB core. This transformation is achieved
by a layer-by-layer slip of the ZB-{111} bilayer. Simulations show that
the slips are mediated by the formation of Cd vacancies on the surface of
the NCs to overcome the potentially large energy barriers associated with
slip. The morphology of the annealed NCs is found to be temperature-
and size-dependent. An octapod-like morphology is found in NCs with a
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relatively large NC size and in a certain range of the heating temperature.
Surprisingly, nanoscale transformations of CdSe NCs have been directly
observed in HRTEM in situ heating experiments. Our findings provide a
simple method to modify the morphology of ionic NCs and can potentially
be used in the synthesis of branched NCs.

The cation exchange process of PbSe/CdSe HNCs has been investigated
by HRTEM in situ heating experiments in combination with MD simula-
tions and DFT calculations in Chapter 5. In the HRTEM experiments, we
observed that Cd atoms in PbSe/CdSe nanodumbbells (CdSe rods with
one or two PbSe tip(s)) are replaced by Pb atoms. The exchange rate
depends on the heating temperature and the amount of Pb atoms present
in the system. Sometimes, fully converted PbSe nanodumbells can be ob-
served. MD simulations were performed to investigate the mechanism of
this cation exchange process. It was found that the the CdSe domains
near the PbSe/CdSe interfaces have significant structural disorder. These
findings are in line with the experimental observation that the exchange
process proceeds in a layer-by-layer fashion along the WZ-<0001>direction.
We concluded that cation exchange in PbSe/CdSe HNCs is mediated by
the local structural disorder which enables the formation of vacancies and
accelerated the motion of cations.

In Chapter 6, a coarse-grained psuedoligand model was introduced to
simulate cation exchange in PbS colloidal NCs taking into account the
cation-solvent interactions. Modelling colloidal NC systems including inter-
actions with the solvent has long been a challenge due to the large system
size and long time scales. Here, we incorporated the effects of ligands and sol-
vents into negatively charged large spherical coarse-grained psuedoligands.
MD simulations combining coarse-grained and all-atom models can success-
fully reproduce the cation exchange process in PbS colloidal NCs. Simula-
tions show that the exchange rate and system equilibrium can be controlled
by the temperature and by changing ligands. The exchange process is di-
rectly related to vacancy formation and the high mobility of Cd ions at the
PbS/CdS interface. Our simulations also predict that high-pressure condi-
tions will be beneficial for achieving fast exchange at elevated temperatures.
Our coarse-grained model can be easily extended to other systems for the



170 Summary

computational investigation of transformations in nanostructures.



Samenvatting

Het doel van dit onderzoek is het verkrijgen van een beter inzicht in de
transformaties van nanokristallen (NCs) op atomisch niveau. Hiervoor zijn
moleculaire simulaties voor dergelijke transformaties uitgevoerd. Door het
vergelijken van de resultaten van de simulaties met beschikbare experimen-
tele high-resolution transmission electron microscopy (HRTEM) data is het
mogelijk om de simulaties te valideren en de onderliggende fysische mecha-
nismen te begrijpen. De transformaties van NCs omvatten structurele en
morfologische transities en kation uitwisselingsprocessen in ionische nanok-
ristallen (II-VI en IV-VI halfgeleiders). De klassieke Moleculaire Dynamica
(MD) methode is hoofdzakelijk gebruikt voor de simulaties in dit onder-
zoek. Berekeningen gebaseerd op density functional theory (DFT) zijn
gebruikt om een empirisch force field te ontwikkelen welke in staat is om
fase overgangen te reproduceren. Klassieke MD simulaties met dit nieuw
ontwikkelde force field zijn op grote schaal uitgevoerd en vervolgens verge-
leken met HRTEM experimenten. Het partially charged rigid ion (PCRIM)
model was gekozen voor de parameterizering van de force fields. De PCRIM
benadering heeft een eenvoudige functionele vorm en een gering aantal
parameters. De parameters hebben een duidelijke fysische betekenis voor
ionische kristallen. Om de kation uitwisseling in collodale NC systemen aan
het NC/oplosmiddel oppervlak te simuleren hebben we een combinatie van
een all-atom force field en een coarsed-grained model gebruikt.

In hoofdstuk 2 is een op ab-initio gebaseerd force fieldvoor ZnO ontwik-
keld. De waardes van de atomaire ladingen zijn verkregen door een Bader
lading analyse van DFT berekeningen van verschillende ZnO fases. Naast de
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electrostatische interacties werden uitsluitend de short-ranged paarsgewijze
interatomische interacties meegenomen. Een initile inschatting van de para-
meters van de short-ranged paar potentialen werd verkregen met behulp van
de lattice inversion methode. De parameters zijn verder gecorrigeerd door
te fitten aan een ab-initio potentiaal oppervlakken. Het nieuwe ZnO force
field heeft een simpele functionele vorm en is instaat om belangrijke fysische
eigenschappen van ZnO materialen accuraat te reproduceren. Deze fysische
eigenschappen zijn de lattice inversie parameters en de fase stabiliteit van
verschillende ZnO polymorfen, eveneens als de elastische constanten, bulk
moduli, phonon dispersie en het smeltpunt van wurtzite ZnO. De transitie
druk van de wurtzite-to-rocksalt transitie berekend met het force field is
gelijk aan 12.3 GPa, welke goed overeenkomt met experimentele metingen
en DFT berekeningen. Een wurtzite-to-honeycomb fase transitie is voor-
speld bij een druk van 8.8 GPa. Wij hebben een effectieve manier gevonden
om force fields met een eenvoudige functionele vorm (die fase transities in
ionische kristallen accuraat kunnen simuleren) te parameterizeren.

In hoofdstuk 3 hebben we een transferable force field voor CdS-CdSe-
PbS-PbSe vaste systemen ontwikkeld. De selectie van het force field en
de procedure van het fitten van de parameters is hetzelfde als die van het
ZnO force field in hoofdstuk 2. De uitdaging tijdens het ontwikkelen van
dit force field was om de transferability voor de vier materialen (CdS-CdSe-
PbS-PbSe) te behouden en om de gemengde fases te beschrijven. Dit is on-
dervangen door de aanname dat de verschillende kationen/anionen dezelfde
waarde voor de partile lading hebben en dat short-ranged interatomische
interacties tussen twee kationen/anionen hetzelfde zijn in verschillende ma-
terialen. Voor de gemengde fases werden DFT berekeningen van zowel de
oefen als de validatie set gebruikt. Dit werk is de eerste stap voor verdere si-
mulatie studies van de II-VI en VI halfgeleider NCs en hetero nanokristallen
(HNCs).

In hoofdstuk 4 is een thermisch genduceerd morfologische en structurele
transitie van CdSe NCs door middel van MD simulaties onderzocht. In MD
simulaties transformeert een CdSe nanosphere met een ZB structuur in een
tetrapod-achtige morfologie bij 800 K. In een CdSe tetrapod zitten vier WZ
benen vastgehecht aan de 111 facetten van de tetrahedral ZB kern. Deze
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transformatie is bereikt door een laag voor laag slip van de ZB-111 dubbel-
laag. Simulaties laten zien dat de slip bevordert wordt door de vorming
van Cd vacancies op het oppervlak van de NCs om potentiele grote energie
barrires geassocieerd met de slip te overbruggen. De morfologie van de an-
nealed NCs zijn temperatuur en grootte afhankelijk. Een octapod-achtige
morfologie is gevonden in NCs met een relatief grote NC formaat en voor
bepaalde verhittingstemperaturen. Het is verrassend dat transformaties
van CdSe NCs op nanoschaal in HRTEM in situ verhittingsexperimenten
zijn geobserveerd. Onze bevindingen verschaffen een simpele methode om
de morfologie van ionische NCs te modificeren. De methode kan eventueel
gebruikt worden voor de synthese van vertakte NCs

Het kation uitwisselingsproces van PbSe/CdSe HNCs is onderzocht door
middel van HRTEM in situ verhittingsexperimenten in combinatie met MD
simulaties en DFT berekeningen (hoofdstuk 5). In het HRTEM experi-
ment hebben we geobserveerd dat Cd atomen in PbSe/CdSe nanodumbells
(CdSe staven met een of twee PbSe punt(en)) zijn vervangen door Pb ato-
men. De mate van uitwisseling hangt af van de verhittingstemperatuur en
de hoeveelheid Pb atomen aanwezig in het systeem. In sommige gevallen
kunnen volledig omgezette PbSe nanodumbells worden waargenomen. MD
simulaties werden uitgevoerd om het mechanisme van dit kation uitwis-
selingsproces te onderzoeken. Er werd gevonden dat de CdSe domeinen
dichtbij de PbSe/CdSe interfaces een significante structuur afwijking heb-
ben. Deze bevindingen komen overeen met de experimentele observaties
dat het uitwisselingsproces plaatsvindt op een laag-bij-laag wijze in de
WZ¡0001¿ richting. Wij hebben geconcludeerd dat de kation uitwisseling in
PbSe/CdSe HNCs bevordert wordt door lokale structuur afwijking welke
de vorming van vacancies mogelijk maakt en de beweging van kationen
versnelt.

In hoofdstuk 6 is een coarse-grained pseudoligand model gentroduceerd
om de kation uitwisseling in PbS collodaal NCs te simuleren, rekening
houdend met de kation-oplosmiddel interacties. Modelleren van collodale
NCs systemen inclusief de interacties met het oplosmiddel is een uitdaging
vanwege de grootte van het systeem en lange tijdsduur van de simulaties.
In onze studie hebben we de effecten van liganden en oplosmiddelen als
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negatief geladen bolvormig coarse-grained pseudoliganden gentegreerd. MD
simulaties die coarse-grained en all-atom modellen combineren kunnen het
uitwisselingsproces in PbS collodaal NCs succesvol reproduceren. Simulaties
laten zien dat de uitwisselingssnelheid en het evenwicht van het systeem
gecontroleerd kan worden door de temperatuur en het type liganden. Het
uitwisselingsproces is direct gerelateerd aan de vorming van vacancies en de
hoge bewegelijkheid van Cd ionen in de Pbs/CdS interface. Onze simulaties
voorspellen eveneens dat een hoge druk bevorderlijk is voor het bereiken van
snelle uitwisseling bij hoge temperaturen. Ons coarse-grained model kan
gemakkelijk uitgebreid worden naar andere systemen voor het bestuderen
van transformaties in nanostructuren.
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