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A B S T R A C T

Copper-steel functionally graded materials combine the thermal conductivity of copper with the mechanical 
strength of steel. This study examines the microstructural, mechanical, and thermophysical properties of the 
constitutive layers of copper-4130 steel functionally graded material fabricated via laser directed energy 
deposition, considering four intermediate compositions: 100% 4130, 75% 4130 – 25% Cu, 50% 4130 – 50% Cu, 
and 25% 4130 – 75% Cu. It was observed that the amount of Cu-rich terminal liquid governs crack formation and 
backfilling during solidification, while Cu-Fe liquid phase separation and Marangoni convection within the melt 
pool generate macrostructures composed of alternating Cu- and Fe-rich phases. Increasing Cu content progres
sively enhances thermal diffusivity due to the formation of interconnected copper regions. The application of 
quenching and tempering treatments induced softening of Cu-containing samples due to Cu recrystallization and 
diffusion from supersaturated Fe-rich phases. Although solidification cracking was only observed in 75% 
4130–25% individual samples, the analysis of a complete multilayer structure revealed that interlayer mixing 
causes local compositional variations, extending cracking susceptibility beyond this region. These findings 
provide insights into the key factors governing laser directed energy deposition of copper-steel functionally 
graded materials, supporting process optimization and predictive model development to enhance 
manufacturability.

1. Introduction

Metal multimaterial parts consist of different metallic materials 
strategically distributed to provide customized mechanical, physical, 
and chemical properties at specific locations [1]. Among possible ma
terial combinations, copper-steel structures couple the high electrical 
and thermal conductivity of copper with the structural strength of steel 
[2], making them suitable for applications in fields including power 
generation and transmission, nuclear industry, and die-casting [2–4]. 
Conventionally, copper-steel parts are produced using joining tech
niques such as laser welding [5], electron beam welding [6], metal arc 

welding [7], diffusion bonding [8], and vacuum brazing [9]. However, 
these methods often impose constraints on interface geometry and 
accessibility [10], making it challenging to fabricate complex compo
nents. Additionally, the need to produce and assemble multiple indi
vidual elements may result in high production costs and delivery times 
[11]. Thanks to its layer-by-layer building approach, additive 
manufacturing (AM) enables the creation of complex geometries while 
precisely controlling the spatial distribution of constituent materials 
within a part during the printing process [4]. This opens up the potential 
for fabricating monolithic multimaterial components, addressing the 
major limitations of conventional joining techniques.
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Research on AM of copper-steel multimaterials has mainly focused 
on powder bed fusion (PBF) [12,13] and directed energy deposition 
(DED) processes [14–16], using various heat sources (laser beam, elec
tron beam, electric arc) and feedstock materials in both wire and powder 
form. PFB technologies generally offer higher resolution and the possi
bility of creating more intricate geometries compared to DED processes 
[17]. However, the need to generate a complete powder layer in each 
deposition step complicates the production of multimaterial structures, 
as special powder delivery systems are required for designs involving 
gradual variations between materials, such as in functionally graded 
materials (FGMs), and horizontal transitions within individual layers 
[18–20]. Moreover, separating dissimilar powders mixed in the powder 
bed at the end of the printing process is challenging and raises cross 
contamination and recycling issues [21]. On the other hand, DED 
methods are well-suited for multimaterial fabrication, because they 
deposit the feedstock materials only in specific areas according to the 
designed pattern. Therefore, these systems can be equipped with distinct 
delivery systems, like multiple hoppers or wire feeding devices, that can 
be selectively activated during the printing process to deposit the 
different materials in specified proportions and provide discrete or 
gradual compositional changes in all directions [22].

Several studies on DED of copper-steel multimaterials have shown 
the presence of interface cracks in direct junctions with sharp material 
variation [16,23]. Crack formation has been primarily attributed to the 
poor solubility between Fe and Cu, the wide solidification temperature 
range in the Fe–Cu system, and the large discrepancy in thermal con
ductivity and coefficient of thermal expansion, resulting in the accu
mulation of residual stress at the interface during the deposition process 
[23]. Liu and colleagues [17,20,24] also attributed crack formation to 
liquid metal embrittlement driven by the diffusion of liquid copper 
across the boundaries of the already solidified austenitic phase, pro
moted by its good wettability to these regions [25]. Alternatively, other 
researchers discussed the role of Cu-rich terminal liquid in the appear
ance of solidification cracks and possible healing mechanisms. For 
relatively low Cu contents, the terminal liquid is insufficient to 
compensate for the volumetric shrinkage, particularly in areas isolated 
by the already solidified austenite grains, and crack formation occurs 
due to lack of liquid replenishment and subsequent tensile strain 
generated at the end of solidification [14]. On the other hand, for high 
Cu contents, the abundant terminal liquid forms a continuous network 
in the material structure and no significant stress is generated during the 
final stage of solidification. Additionally, cracks that may have formed 
during the initial solidification of steel due to stresses induced by ther
mophysical property mismatch and rapid cooling can be healed by 
liquid copper backfilling aided by capillarity [12,26,27].

Two main strategies have been proposed to prevent cracking in 
copper-steel multimaterial structures produced by DED [23,26]. The 
first involves the introduction of an intermediate layer compatible with 
both Fe and Cu. Nickel alloys have been used for this purpose because Ni 
can form a solid solution with Fe over a wide compositional range (from 
~5 wt% to ~60 wt% Ni content) and is fully soluble in Cu. Furthermore, 
the thermophysical properties of nickel alloys generally fall in the in
termediate range between copper and steel, which helps mitigate the 
development of thermal stresses at the interface [23]. Several authors 
successfully suppressed interface crack formation by adding Ni-based 
intermediate layers in structures combining pure copper and copper 
alloys with different steel grades [23,28–31]. However, the use of buffer 
materials requires additional deposition steps and increases the 
complexity of the manufacturing process. The second strategy is based 
on the fabrication of FGM structures, which could prevent the genera
tion of large residual stresses by providing a gradual transition of 
properties between the two materials [26]. Articek et al. [27] demon
strated this approach by fabricating test specimens using laser directed 
energy deposition (LDED) with powder blends with varying relative 
contents of Cu and H13 tool steel, as well as FGM samples with 10 wt% 
increments along the compositional gradient. They attributed the 

extensive presence of porosity and microcracks in the FGM structure to 
non-optimized processing parameters. Yadav et al. [26] produced FGM 
samples by LDED from pure copper and 304L stainless steel powders 
with 20 wt% Cu additions for every two deposited layers. They observed 
solidification cracks extending across multiple layers in the graded re
gion, attributed to a continuous copper film resulting from the interac
tion between newly deposited material and underlying layers partially 
remelted by the laser at each deposition step. During the repeated 
heating and cooling cycles of the LDED process, thermal strain accu
mulated in the copper film, eventually causing its rupture and subse
quent crack generation. In another study [14], they showed that 
cracking susceptibility in LDED of copper-304L stainless steel samples is 
governed by the amount of Cu-rich terminal liquid and the cooling rate 
during melt pool solidification, which in turn play a role in the mech
anisms of liquid replenishment and crack backfilling.

Despite extensive research on the microstructure evolution during 
LDED of copper-steel multimaterials and the resulting mechanical 
properties [4,32], information regarding the thermophysical properties 
of the intermediate regions, where peculiar microstructures arise from 
the coexistence of immiscible phases, is still lacking. Addressing this gap 
is essential to elucidate the mechanisms governing solidification and 
stress development during the LDED process and better understand their 
impact on the performance of copper-steel FGM components. The 
prospect of developing adequate heat treatments for structures 
combining materials with very different melting points and trans
formation temperatures also remains an open question. Kremer et al. 
[33] had to find a compromise to stress relieve 316L-CuSn10 multi
material parts produced by laser powder bed fusion (LPBF) while 
avoiding recrystallization in the CuSn10 regions. However, the treat
ment performed at relatively low temperature and short holding time 
(400 ◦C for 20 min) did not significantly improve the corrosion resis
tance of the samples, and further testing at 600 ◦C was recommended. In 
a recent study, Uhlmann and Saber [34] tested different aging treat
ments to improve the mechanical and electrical properties of CuCr1Zr 
combined with H13 tool steel in multimaterial samples fabricated by 
LPBF. However, the opportunity to develop a heat treatment effective 
for the H13 regions was not explored. Other works on LDED of multi
materials coupling copper with heat-treatable steel grades only consid
ered the as-built condition [2,4,23,35].

The present study investigates the microstructural, mechanical, and 
thermophysical properties of the constitutive layers of a functionally 
graded structure manufactured from pure copper and heat-treatable 
AISI 4130 low-alloy steel powders, deposited by LDED in varying 
weight ratios using an in-situ alloying approach. The solidification and 
defect formation mechanisms are also explored for the different com
positions, along with the response to standard heat treatments of 4130 
steel.

2. Materials and methods

2.1. Feedstock powders and LDED process

Gas atomized pure copper (99.9 wt% Cu, 45–90 μm) and AISI 4130 
steel (53–150 μm) feedstock powders were supplied by TLS Technik 
GmbH & Co. and Höganäs AB, respectively. The chemical composition 
of the 4130 powder (equivalent to 25CrMo4 and 1.7218 grades under 
European standards) is reported in Table 1. Among the alloying ele
ments of 4130 steel, Cr, C, and Mo have a negligible solubility in Cu at 
room temperature [36–38]. Therefore, they are not expected to form 

Table 1 
Chemical composition (in wt.%) of pure copper and 4130 steel powders.

Powder Cu Cr Mn C Si Mo O Fe

Cu >99.9 − − − − − <0.1 −

4130 − 1.00 0.60 0.30 0.30 0.20 0.05 Bal.
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significant solid solutions within the Cu-rich regions of the copper-steel 
samples. On the other hand, Mn and Si exhibit solubilities of ~2.6 wt% 
and ~4.5 wt% in Cu, respectively [39,40], and are thus expected to 
partially dissolve into the Cu-rich phase, forming solid solutions during 
solidification.

Individual blend composition samples were produced using an LDED 
system equipped with a KUKA AG robotic arm, an ytterbium fiber laser 
source with a maximum power of 3 kW, and multiple hoppers capable of 
simultaneously delivering up to four different powders. This setup 
provided precise control over each powder feed rate, enabling the in-situ 
production of distinct blend compositions by directly supplying the two 
powders in specified weight ratios into the melt region. Four nominal 
compositions with progressively increasing Cu content were considered, 
as indicated in the Fe-Cu equilibrium phase diagram of Fig. 1, calculated 
using Thermo-Calc software with TCFE12 and MOBFE7 Steel/Fe-alloy 
databases: 100 % 4130 (Fe100), 75 % 4130 – 25 % Cu (Fe75Cu25), 50 
% 4130 – 50 % Cu (Fe50Cu50), and 25 % 4130 – 75 % Cu (Fe25Cu75). 
Table 2 lists the processing parameters used in the LDED process. 
Further details on powder feed rate calibration are provided in Table S1
of the Supplementary Material. All the samples (Fig. 2(a)) were manu
factured using the same experimental conditions and the relative pow
der feed rates were adjusted to achieve the four nominal compositions 
under examination. An additional FGM specimen was fabricated by 
sequentially depositing four layers for each intermediate composition 
using the same processing parameters as the individual blend compo
sition samples, followed by two final layers of pure copper (Cu100). The 
structure of the multilayer FGM sample is schematically illustrated in 
Fig. 2(b).

2.2. Calorimetry and thermodynamic modelling

A Setaram Themys One differential scanning calorimetry (DSC) 
analyzer was used to determine the main phase transformation tem
peratures for the individual blend compositions. For the analyses, 
samples of ~50 mg were extracted from the as-built cubes and heated to 
1550 ◦C at a rate of 10 ◦C min− 1. Measurements were carried out in an 
inert atmosphere with an Argon flow rate of 50 ml min− 1. Experimental 
data were compared with thermodynamic simulations based on the 
CALPHAD method to index DSC peaks and support the definition of 
other minor phases. Simulations were run with Thermo-Calc software 
employing TCFE12 and MOBFE7 Steel/Fe-alloy databases.

2.3. Microstructural and mechanical characterization

The chemical composition of the printed specimens was quantita
tively determined through X-ray fluorescence (XRF) using a Panalytical 
Axios Max WD-XRF spectrometer and SuperQ5.0i/Omnian software for 
data processing. The results were then compared to nominal blend 
compositions calculated from the chemical composition of the feedstock 
powders.

The microstructure of as-built samples was characterized through 
optical and scanning electron microscopy (SEM). The printed cubes 
were sectioned along the building direction (z-axis), mounted in epoxy 
resin, ground with SiC abrasive papers up to 2000 grit, and sequentially 
polished with 3 µm and 1 µm diamond suspensions. The distribution of 
Cu- and Fe-rich regions in the blend composition specimens was initially 
examined by observing the polished sections with a Keyence VHX-5000 
digital optical microscope and acquiring energy dispersive X-ray spec
trometry (EDS) maps using a Zeiss Sigma 500 field-emission SEM. Spe
cific microstructural features of steel regions were then highlighted 
through chemical etching performed with Nital 1 % reagent (1 vol% 
nitric acid and 99 vol% ethanol), while grain boundaries in copper re
gions were revealed using a solution prepared with 1 g FeCl3, 25 ml HCl, 
and 70 ml distilled water. Phase and crystallographic orientation ana
lyses were conducted through electron back scattered diffraction (EBSD) 
and X-ray diffraction (XRD). Prior to the analyses, the samples were 
sectioned along the building direction and polished to mirror-like sur
face following the same metallographic procedures described above. 
EBSD data were acquired using a Helios plasma focused ion beam SEM 
equipped with an AMETEK-EDAX camera and operating at a probe 
current of 3.2 nA and an accelerating voltage of 20 kV, with a tilt angle 
of 70◦ and a step size of 0.35 μm. Raw data were postprocessed using 
EDAX OIM Analysis 8 software to construct transverse inverse pole 
figure (IPF) maps, displaying the crystallographic orientation along the 
building direction, as well as phase maps and grain size distribution 
diagrams. Grains were defined with a minimum grain boundary 
misorientation angle of 5◦ and a minimum size of 5 pixels. XRD mea
surements were performed using a Bruker D8 Advance diffractometer, 
operating at 40 kV voltage and 40 mA current with Co Kα radiation. 
Diffraction spectra were collected over a 2θ range of 40–130◦ with 0.04◦

step size and 1 s counting time per step and indexed using the DIFFRAC. 
EVA 7.1 software package.

Vickers microhardness and indentation plastometry tests were con
ducted to evaluate the mechanical properties of the investigated mate
rials. A Future-Tech FM-700 instrument was used for microhardness 
testing. Given the inhomogeneous microstructure of the samples, which 
featured distinct softer Cu-rich areas and harder Fe-rich areas, a rela
tively high load of 1 kgf was initially applied for a dwell time of 15 s to 
generate an indent encompassing both regions, thus providing an overall 
estimate of the material microhardness. The load was then reduced to 25 Fig. 1. Fe-Cu equilibrium phase diagram. The colored vertical lines correspond 

to the investigated compositions.

Table 2 
LDED processing parameters.

Parameter Fe100 Fe75Cu25 Fe50Cu50 Fe25Cu75 Cu100

Laser power (kW) 1 1 1 1 1
Laser scanning speed 

(mm min− 1)
600 600 600 600 600

Laser spot size (mm) 2 2 2 2 2
Layer thickness (mm) 0.65 0.70 0.70 0.70 0.70
Standoff distance (mm) 12 12 12 12 12
Hatching distance (mm) 1 1 1 1 1
Argon shielding gas flow 

rate (l min− 1)
15 15 15 15 15

Argon carrier gas flow 
rate (l min− 1)

1.5 1.5 1.5 1.5 1.5

4130 powder feed rate (g 
min− 1)

5.33 4.00 2.67 1.33 −

Cu powder feed rate (g 
min− 1)

− 1.33 2.67 3.75 5.00
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gf to determine the microhardness of individual areas. The deformation 
characteristics and plastic properties of printed samples were analyzed 
by profilometry-based indentation plastometry (PIP) using a Plastome
trex PLX-Benchtop device. The instrument was equipped with a spher
ical indenter with a radius of 1 mm, a linear variable differential 
transformer (LVDT) to measure the displacement during indentation, 
and a contact profilometer for capturing indent profiles. The tests were 
conducted under strain control, applying a progressively increasing load 
until reaching a penetration depth of ~200 µm, corresponding to a true 
plastic strain of 20 %. The true plastic strain is defined as the ratio be
tween the penetration depth and the indenter radius. During each test, 
the load was applied at the same location in three discrete steps, 
increasing the peak load at each step, and the indent profile was 
measured after each loading step. After each measurement, the software 
runs an integrated inverse iterative finite element computation to fit the 
indent profile with Voce hardening parameters (yield stress σY , satura
tion stress σS, and characteristic strain ε0), generating a true stress–strain 
relation described by Equation (1). 

σ = σS − (σS − σY)e− ε/ε0 (1) 

σ is the true stress and ε is the true strain [41]. The true stress–strain data 
are then converted into a nominal stress–strain curve, with the Young’s 
modulus of the material specified as an input parameter before starting 
the test. The steel database integrated into the software was used for the 
Fe100 specimen, assuming a Young’s modulus of 200 GPa. For specimens 
with blend compositions, the Young’s modulus was estimated applying 
the rule of mixtures, based on representative values for steel (200 GPa) 
and copper (115 GPa). Brinell hardness was also included in the test 
outputs. Three measurements were performed on each sample, and the 
indent morphology was later examined with optical and SEM 
microscopy.

Optical micrographs of the FGM sample were collected along the 
building direction after sectioning and polishing following the same 
metallographic procedures described above. Images were acquired 
using both coaxial illumination and a combination of ring and coaxial 
lighting to enhance the contrast between intermediate layers with 
varying Cu and Fe contents. The local chemical composition of the 
constitutive layers of the FGM structure was qualitatively assessed 
through EDS area analyses. Additionally, the microhardness variation 
along the compositional gradient was determined with a test load of 1 
kgf and a dwell time of 15 s.

2.4. Dilatometry and thermal diffusivity measurements

Standard cylindrical (0.4 mm diameter, ~10 mm length) and disk- 
shaped (12.7 mm diameter, ~1.5 mm thickness) specimens for dila
tometry and laser flash analysis (LFA), respectively, were extracted from 
printed cubes by electrical discharge machining, as shown in Fig. 2(c). 

Since microstructural anisotropy is expected to influence the properties 
of parts fabricated by LDED, measurements in multiple directions would 
be necessary for a comprehensive characterization of their thermal 
behavior. However, due to the limited number of available cubes, only 
samples with the longitudinal axis aligned parallel to the building di
rection could be machined.

Dilatometry experiments were performed under vacuum (10-2 mbar) 
by applying a heating ramp of 3 ◦C min− 1 to a peak temperature of 
900 ◦C. A Linseis L75 vertical dilatometer equipped with an LVDT 
encoder was employed to measure the sample length variation during 
the analysis. The linear coefficient of thermal expansion (CTE) was 
calculated at different temperatures using Equation (2) [42]. 

α =
1
l1

l2 − l1
T2 − T1

(2) 

l2 − l1 is the measured change in sample length due to temperature 
variation from T1 to T2. Temperature increments of 25 ◦C were used in 
the calculation to minimize the effect of instantaneous temperature 
fluctuations during measurement and obtain a more accurate repre
sentation of the CTE trend as a function of temperature.

Thermal diffusivity measurements were performed under vacuum 
conditions (~1.2 ⋅ 10–2 mbar), using a Linseis LFA 100 instrument 
equipped with a laser source operating at 350 V and 1 ms pulse duration. 
Both faces of the disks were polished up to 6 µm diamond suspension and 
coated with a thin graphite layer to ensure effective laser absorption 
during testing. A heating ramp was applied at a nominal rate of 5 ◦C 
min− 1 up to 900 ◦C, and three thermal diffusivity values were recorded 
at intervals of 50 ◦C, with a tolerance of ±10 ◦C. For comparison, an 
additional measurement was conducted on a reference sample extracted 
from an annealed pure copper (>99.99 % Cu) wrought bar under the 
same experimental conditions. After completing the first cycle of mea
surements, the samples were allowed to cool slowly to room tempera
ture inside the vacuum furnace. Although no active temperature control 
was applied at this stage, slow cooling was ensured by the bulky graphite 
sample holder that housed the disks during testing. Therefore, the 
microstructure of the samples likely approached the equilibrium con
ditions after cooling, compared to the initial microstructure resulting 
from rapid cooling during the LDED process. A second heating cycle was 
then applied with the same experimental parameters to evaluate the 
effect of these microstructural changes on the thermal diffusivity of the 
samples.

2.5. Heat treatment

To evaluate the response of different blend compositions to heat 
treatment, Fe100 and Fe50Cu50 samples were subjected to two different 
heat treatments based on previous studies on AM of 4130 steel [43,44]. 
Fe25Cu75 was not included in these analyses, as heat treatments designed 

Fig. 2. View of individual blend composition samples fabricated by LDED (a), schematic of FGM sample (b), and specimens for dilatometry and thermal diffusivity 
measurements (c). The z-axis indicates the building direction.
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for 4130 steel were expected to have a limited impact on its mechanical 
properties due to the high Cu content. The first treatment, quenching 
and tempering (Q + T), involved an initial annealing step at 850 ◦C for 1 
h, followed by water quenching and tempering at 550 ◦C for 1 h. In the 
second treatment, direct tempering (DT), a tempering cycle at 550 ◦C for 
1 h was applied directly to as-built samples, considering the potential 
similarity between the microstructures resulting from the high cooling 
rates in LDED and conventional quenching.

The microstructure of heat-treated parts was characterized through 
optical and SEM microscopy complemented with XRD using the same 
setups and procedures already described for the corresponding as-built 
materials. Additional Vickers microhardness and indentation plas
tometry measurements were also performed to evaluate the effect of 
heat treatments on the mechanical properties.

3. Results and discussion

3.1. Macrostructure morphology and solidification mechanisms

Fig. 3 shows cross-sectional views of the fabricated samples along the 
building direction (z-axis), highlighting the distribution of distinct Cu- 
and Fe-rich macroareas, which appear orange and gray, respectively, in 
the Fe75Cu25, Fe50Cu50, and Fe25Cu75 blend compositions.

The Fe100 sample consists of macrodomains oriented toward the 
center of the melt pools, as highlighted in the inset of Fig. 3(a). This 
feature is typical of parts produced by LDED, where grains tend to grow 
perpendicular to the melt pool boundaries due to steep thermal gradient 
and directional heat flow toward the already solidified material [42]. 
This behavior is further evidenced in the Fe75Cu25 sample by the pres
ence of Cu-rich fibrous fragments stretching along the grain growth di
rection in the melt pool core regions, as shown in the inset 2 of Fig. 3(b). 
Zafari and Xia [45,46] attributed the development of a similar macro
structure in Fe-20Cu (vol.%) parts produced by LPBF to liquid phase 
separation occurring within the miscibility gap in the Fe-Cu system 
(Fig. 1). During the LDED process, the initial liquid L is undercooled into 
the metastable miscibility gap due to rapid cooling and separates into 
two distinct liquid phases (Fe-rich L1 and Cu-rich L2). For a given 

undercooling ΔTL, L1 experiences a higher degree of undercooling 
(ΔTL1) compared to L2 (ΔTL2), as depicted in Fig. 1. Therefore, L1 so
lidifies first and pushes L2 into the regions between the already formed 
austenitic grains [45], resulting in irregularly shaped Cu-rich macro
segregation embedded in the steel matrix after complete solidification. 
The aligned fiber morphology observed in the core regions of the melt 
pools resulted from directional solidification driven by the thermal 
gradient and heat flow. Munitz [47] showed that the large miscibility 
gap in the Fe-Cu system induces the formation of copper fiber arrays 
regularly distributed within an Fe matrix. However, the relatively high 
growth rate during LDED likely caused the solidification front to break 
into non-steady state arrangements of irregular Cu-rich fiber fragments 
in the core region of the melt pools. The even faster solidification 
experienced at the melt pool boundaries due to direct contact with the 
underlying solid layers caused spheroidization and subsequent disper
sion of copper droplets, as shown in the inset 1 of Fig. 3(b).

While no obvious defects were found in Fe100 parts, indicating 
appropriate processing parameters for the base steel, the Fe75Cu25 
sample exhibited several large cracks extending through the entire part 
(Fig. 3(b)), along with large round pores probably caused by gas trapped 
in the molten material or to the boiling of low-melting Cu phases during 
the LDED process, induced by the relatively high laser power input. 
Crack formation can be primarily attributed to large thermal stresses 
arising from rapid cooling, repeated thermal cycles, and inhomogeneity 
in material structure and thermophysical properties. EDS estimated Fe 
and Cu contents of ~85 wt% and ~93 wt% in the matrix and dispersed 
particles, respectively, revealing the formation of a heterogeneous 
macrostructure consisting of distinct regions with significantly different 
thermal conductivity and expansion behavior. A slightly higher Mn 
content was measured in Cu-rich domains (~1.2 wt%) compared to the 
Fe-rich matrix (~0.5 wt%), consistent with its partitioning behavior as 
predicted by phase equilibrium diagrams [39,48]. While an even dis
tribution of Si in Fe- and Cu-rich phases could be expected based on 
thermodynamic data [40,49], its low concentration in 4130 steel 
composition prevented clear detection by EDS. A Cr content of ~2.5 wt 
% was observed only in Fe-rich regions, given its negligible solubility in 
Cu [36]. Similar trends were observed in the local composition analysis 

Fig. 3. Optical micrographs illustrating the macrostructure morphology of Fe100 (a), Fe75Cu25 (b), Fe50Cu50 (c), and Fe25Cu75 (d) samples. Fe-rich regions appear 
gray, while Cu-rich regions appear orange.
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of the other blend composition samples. The presence of cracks filled 
with copper, either partially or fully (Fig. 4), suggests that liquid copper 
penetration occurs during the final stage of solidification, driven by 
capillarity action. In Fe75Cu25, only the thinnest microcracks can be 
healed by the copper veins due to the limited amount of Cu-rich terminal 
liquid (Fig. 4(a)), while larger cracks are only partially filled, as evi
denced by the EDS maps in Fig. 4(b). Insufficient liquid replenishment 
may also have caused the tearing of local copper films that can form 
during solidification due to Cu accumulation at the grain boundaries of 
the already solidified austenitic phase [14]. At the end of solidification, 
contraction of the copper film constrained by the surrounding solid steel 
generates tensile stresses that can cause its rupture if the available ter
minal liquid is insufficient to compensate for volume shrinkage. Strain 
accumulation in the copper film is also promoted by the repeated 
heating and cooling cycles during LDED [26]. This mechanism of copper 
film tearing may explain the presence of Cu deposits occasionally 
observed on both sides of large macrocracks, as highlighted in Fig. 4(a).

The Fe50Cu50 sample consists of alternating Fe- and Cu-rich bands 
(Fig. 3(c)), resulting from liquid phase separation and material transfer 
within the melt pool driven by Marangoni convection. During the LDED 
process, the temperature at the center of the melt pool surface is higher 
than at the edges [50], creating a surface tension gradient that drives the 
liquid outward. Meanwhile, gravity causes the liquid to flow toward the 
bottom of the melt pool, generating a circular flow that produces the 
observed morphology, influenced by the immiscibility between the two 
distinct liquid phases. The schematic of Marangoni convection is illus
trated in Fig. 5(a). Elongated stripes form at the melt pool boundaries, as 
highlighted in the inset 2 of Fig. 3(c), because the swirling macro
structure is frozen due to rapid solidification in regions directly in 
contact with the cold material underneath. On the other hand, the core 
of the melt pools exhibits blocky shapes, either consisting of an Fe-rich 
matrix with dispersed Cu-rich particles or a Cu-rich matrix with 
dispersed Fe-rich particles, as shown in the inset 1 of Fig. 3(c). In these 
regions, the lower cooling rate facilitates Cu and Fe separation, resulting 
in rounded morphologies that minimize the contact surface area be
tween the immiscible phases. The inhomogeneity in cooling rates across 
the melt pool [51] can also explain the presence of both dendritic and 
globular Fe-rich structures at the bottom and top of Cu-rich bands, 
respectively, observed at the base of the melt pools (Fig. 5(b)). In the 
lower region, the high cooling rate results in dendrites growing above 
the Fe-rich band perpendicular to the melt pool boundary and parallel to 
the thermal gradient and heat flow [52]. The motion of the Cu-rich 
phase, which was still liquid after steel solidification, may have 
caused the dendrites to detach from the underlying Fe-rich band, 
resulting in the isolated dendrites highlighted in the EDS maps of Fig. 5
(b). The local cooling rate (CR) was estimated to be ~2.40 × 105 ◦C s− 1, 
based on secondary dendrite arm spacing (SDAS) analysis, as described 
in Section 2 of the Supplementary Material. This cooling rate is signif
icantly higher than that reported for steel and Cu-Fe alloys processed by 
LDED under comparable experimental conditions [51,53], likely due to 

the close contact with the underlying consolidated material and the high 
Cu content in the area where dendrites formed. In contrast, the literature 
values refer to global cooling rates during the LDED process. The upper 
region of Cu-rich bands is dominated by Fe-rich globules due to slower 
cooling, which favored rounded morphologies with lower surface en
ergy, as previously discussed for the core section of the melt pools.

Some backfilled microcracks penetrating through Fe-rich bands were 
observed in the analyzed sections, as highlighted in Fig. 5(b). Compared 
to the Fe75Cu25 system, the large amount of terminal liquid in Fe50Cu50 
could heal the microcracks formed during the early stages of solidifi
cation by a backfilling mechanism, as reported in previous studies on 
LDED of copper-steel multimaterials [26,27].

When examined at progressively smaller length scales, the macro
structure of Fe50Cu50 sample displays a recursive pattern with copper 
and steel alternating as matrix and dispersed phase. This is illustrated in 
the representative SEM images of Fig. 6(a) taken at increasing magni
fications in back scattered electron (BSE) mode, where Fe-rich areas 
appear darker and Cu-rich areas appear lighter. This hierarchical orga
nization arises from primary and secondary phase separation mecha
nisms [54], driven by the immiscibility between Fe and Cu and the high 
cooling rate of the LDED process. As already discussed for the Fe75Cu25 
system, the initial liquid L undergoes primary phase separation when 
undercooled within the miscibility gap, with the generation of distinct 
Fe- and Cu-rich liquid phases (L1 and L2, respectively). Upon further 
cooling, L1 tends to follow the boundaries of the miscibility gap [54], 
gradually expelling solute atoms as the equilibrium concentration de
creases (Fig. 1). Therefore, a secondary Cu-rich liquid forms from the 
secondary phase separation of L1 and subsequently solidifies into finely 
dispersed precipitates, as depicted in the BSE micrograph at higher 
magnification in Fig. 6(a). An Fe-rich secondary liquid is also generated 
by L2 decomposition through a dual mechanism, resulting in Fe-rich 
particles dispersed within Cu-rich macroareas (Fig. 6(b)). EDS mea
surements revealed a very high Cu content in Fe-rich bands (~12 wt%), 
attributable to the rapid solidification experienced by the largely 
undercooled L1 during the LDED process. On the other hand, Cu-rich 
bands displayed a limited Fe content (~3.6 wt%), possibly because 
the lower degree of undercooling allowed for extensive diffusion of so
lute atoms before complete solidification. Although not directly 
observable at these magnifications, nano-sized precipitates can also 
result from Cu and Fe ejection from supersaturated solid phases, as re
ported by Yadav et al. [26] for Cu-304L multimaterial parts manufac
tured by LDED with the same blend composition.

In the Fe25Cu75 sample, the Cu-rich phase forms a continuous matrix 
due to its higher proportion in the blend composition (Fig. 3(d)). As 
observed for Fe50Cu50, the Fe-rich regions mainly appear as globular 
particles in the core of the melt pools and as elongated bands at the base, 
as a result of primary liquid phase separation, Marangoni convection, 
and the heterogeneous cooling rate across the melt pool. Despite the 
limited Fe content in the mixture, Marangoni motion promotes the 
collision and coalescence of isolated Fe-rich droplets formed by primary 

Fig. 4. Solidification cracks in Fe75Cu25 sample (a) and EDS maps of the cracked region (b).
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liquid phase separation [55], leading to the development of macroscopic 
Fe-rich areas. In the boundary regions of the melt pool, rapid solidifi
cation prevails over surface tension effects, giving rise to stripe mor
phologies, as evidenced in Fig. 7. In contrast, the slower cooling rate in 
the core regions favors the formation of blocky shapes. The Fe-rich 
dendrites observed near these regions likely grew from Fe-rich bands 
and blocks and subsequently detached due to the motion of the Cu-rich 
liquid. The slightly higher local cooling rate estimated from the SDAS 
(~3.90 × 105 ◦C s− 1) compared to Fe50Cu50 is attributable to the 
increased Cu content. As discussed for Fe25Cu75, the prominent round 
pores observed throughout the sample cross-section (Fig. 3(d)) may 
have originated from gas entrapment or Cu boiling during the LDED 

process.
The results of XRF analysis (Fig. S1 in Supplementary Material) 

confirm that the chemical composition of the printed parts is consistent 
with the nominal values.

3.2. Phase analysis

Fig. 8(a) shows the XRD patterns of the as-built samples. The peaks 
labelled as α/α’ can be attributed to ferrite/partially tempered 
martensite, resulting from the high cooling rates and repeated heating 
cycles during the layerwise deposition process. Although Thermo-Calc 
calculations indicated that the base steel undergoes martensitic 

Fig. 5. Schematic of Marangoni convection (a) and interlayer region of Fe50Cu50 sample with corresponding EDS maps (b). Marangoni force distribution arises from 
the combined effects of surface tension gradient (γ) and gravity (g).

Fig. 6. Recursive macrostructure of Fe50Cu50 sample (a) and detail of Fe particles dispersed in Cu-rich macroareas (b).

Fig. 7. Morphology of Fe-rich regions in Fe25Cu75 sample and corresponding EDS maps.
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transformation between the start temperature (Ms) of ~391 ◦C and the 
finish temperature (Mf) of ~309 ◦C, peaks corresponding to the 
austenite phase (γ) were detected in Fe100 and Fe75Cu25 (Fig. 8(b-c)). 
Austenite peaks are not clearly visible in Fe50Cu50 and Fe25Cu75 due to 
the overlapping signals from γ and ε-Cu phases, having similar lattice 
constants [56]. Retained austenite can be primarily attributed to the 
strain generated by the volumetric expansion associated with γ → α/α’ 
phase change, which hindered further conversion during cooling and 
resulted in incomplete martensitic transformation. Repeated heating 

cycles during the LDED process may also have partially reversed the 
martensite in the previously deposited layers, contributing to the pres
ence of γ in the form of reversed austenite.

Fig. 9 shows the heat flow curves obtained from DSC measurements 
during the heating stage, along with the corresponding phases predicted 
by Thermo-Calc simulations. The experimental results align well with 
equilibrium data, although the tests were conducted applying a finite 
heating rate of 10 ◦C min− 1. The broad exothermic peak observed in the 
first section of the thermograms is attributed to martensite 

Fig. 8. XRD patterns of as-built samples (a) and zoomed-in sections of Fe100 (b) and Fe75Cu25 (c) diagrams.

Fig. 9. DSC heating curves and calculated phase transformations of Fe100 (a), Fe75Cu25 (b), Fe50Cu50 (c), and Fe25Cu75 (d) blend compositions.
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decomposition, expected in the 100–300 ◦C interval [57], and carbide 
precipitation occurring over a wider temperature range, as already re
ported for 4130 steel processed by LPBF [43]. Thermodynamic simula
tions suggest the formation of various stable carbide phases up to 
~750 ◦C. However, Fe3C peaks can only be observed in the XRD pattern 
of Fe100 (Fig. 8(b)), while no clear evidence of carbides appears in the 
diffractograms of the other samples, due to the decreasing intensity of 
the associated signals as the relative steel content in the blend 
diminished.

The specimens underwent austenitic transformation (α → γ) and 
concurrent carbide dissolution above 700 ◦C. For Fe100, the Ac1 and Ac3 
transformation temperatures derived from the onset of the endothermic 
peak are in good agreement with Thermo-Calc predictions, as shown in 
Table S2 in the Supplementary Material. The addition of copper to the 
base steel slightly decreases the predicted transformation temperatures, 
as Cu acts as a γ stabilizer [58]. However, no significant difference was 
observed in Ac1 and Ac3 values determined from the experimental 
curves of Fe100 and Fe75Cu25, possibly due to the partial overlap between 
exothermic carbide precipitation and the onset of endothermic α → γ 
phase transition. Additionally, increasing the Cu from 25 wt% to 75 wt% 
is not expected to significantly influence the material behavior due to its 
poor solubility in Fe and the absence of alloying elements in 4130 steel, 
such as Ni, that could interact with Cu to synergistically promote 
austenite formation [59]. Copper precipitation from supersaturated 
steel phases, formed due to rapid solidification during the LDED process 
[26], was also expected in Cu-containing samples between 600 ◦C and 
800 ◦C [60]. However, evidence of this phenomenon is not visible in the 
thermograms, as possible associated peaks are likely masked by carbide 
precipitation and austenitic transformation occurring in the same tem
perature range.

The formation of δ-ferrite occurred in Fe100 at ~1390 ◦C, while a 
prominent peak appeared at ~1540 ◦C as the sample started melting. In 
the diagram of Fig. 9(a), the melting peak is partially cut off to make 
lower intensity peaks more visible in the heat flow curve. Cu-containing 
samples did not undergo γ → δ transformation at high temperature, since 
the stability domain of the δ phase in the Fe-Cu diagram is not crossed 
for Cu contents above ~15 wt% (Fig. 1). For these compositions, a first 
melting peak can be observed at ~1085 ◦C, approximately corre
sponding to the melting point of copper, while a second peak appears 
above 1400 ◦C due to melting of the austenite phase. Since the equi
librium calculations could not accurately determine the relative amount 
of immiscible liquid phases within the metastable miscibility gap of the 
Fe-Cu system (Fig. 1), a single liquid phase was reported in the diagrams 
of Fig. 9(b-d) by summing the contributions from both Cu- and Fe-rich 
liquid phases.

3.3. As-built microstructure

The microstructure of as-built Fe100 primarily consists of ferritic 

domains with polygonal and acicular morphology in melt pool core and 
boundary regions, respectively, as shown in Fig. 10(a-b). The formation 
of acicular ferrite at the melt pool boundaries regions has also been 
observed in ferritic steel parts manufactured by arc-based DED [61] and 
can be attributed to the steep thermal gradient and directional heat flow 
toward the underlying solid layers. On the other hand, the slower 
cooling rate experienced by the inner regions of the melt pools promoted 
the development of polygonal grains. The tempered martensite and 
dispersed needle-shaped carbides observed in SEM micrographs at 
higher magnification (Fig. 10(c)) resulted from an in-situ tempering 
effect induced by the heat provided during the deposition of subsequent 
layers. Similar microstructural features have been previously reported 
for 4130 steel processes by LPBF [43]. EBSD analysis did not reveal any 
preferential crystallographic orientation that could be linked to the 
layerwise process (Fig. 10(d)). This may be attributed to γ → α/α’ 
transformation occurring during cooling [62], which rearranges the 
grains and prevents the development of strong textures typical of parts 
manufactured by LDED [53]. The phase map in Fig. 10(d) highlights the 
presence of retained/reversed austenite, as previously indicated by XRD 
results (Fig. 8(b)), dispersed in a α/α’ matrix at a content of ~0.4 %. It 
should be noted that the austenite content in the bulk material may be 
significantly higher than that measured through EBSD, as the stress 
introduced during polishing operations can cause its removal from the 
surface regions.

As-built Fe75Cu25, Fe50Cu50, and Fe25Cu75 samples exhibited a 
martensitic microstructure in Fe-rich areas, as shown in Fig. 11. No 
evident ferrite grains were observed, as the higher cooling rate induced 
by copper additions to the base steel suppressed ferrite formation and 
promoted γ → α’ transformation during cooling. This is also suggested by 
the results of EBSD analysis, which reveals a higher fraction of high- 
angle grain boundaries (HAGBs) in the Fe-rich regions of blend 
composition samples compared to Fe100 (see representative misorien
tation data in Fig. S2 of the Supplementary Material). Abdelwahed et al. 
[43] attributed the relatively high fraction of HAGBs measured in 4130 
steel processed by LPBF to the fully martensitic microstructure pro
moted by rapid solidification and cooling.

Copper grains in Cu-rich areas of Fe50Cu50 and Fe25Cu75 mostly 
appear as equiaxed, as shown in Fig. 12(a,d). The formation of fine 
equiaxed grains with random orientation (Fig. 12(b,e)) is promoted by 
the already solidified Fe particles, which provide numerous sites for 
heterogeneous nucleation (see Section 6 in the Supplementary Mate
rial). In the Fe50Cu50 sample, grains in Cu-rich areas exhibit an irregular 
shape (Fig. 12(b,c)) because their growth is constrained within rela
tively narrow bands squeezed between the wider Fe-rich regions. In 
contrast, in the Fe25Cu75 sample, grains can develop a more rounded 
morphology (Fig. 12(e,f)) as they grow in larger areas due to the lower 
steel content in the blend composition. It can be noticed from Fig. 12(d, 
e) that the size of copper grains in Fe25Cu75 depends on the local density 
of nucleation sites. In areas with a high concentration of Fe particles and 

Fig. 10. Ferrite morphology in melt pool core (a) and boundary (b) regions, detail of martensite laths (c), and IPF map of Fe100, with a phase map overlay high
lighting the distribution of retained/reversed austenite (d).
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at the interface with Fe-rich bands, grains are finer because many nuclei 
are formed and undergo limited growth. On the other hand, in regions 
with a lower concentration of Fe particles and farther from Fe-rich 
bands, fewer nuclei undergo greater growth, leading to the formation 
of relatively coarser grains. The grain size distribution plots of Fe25Cu75 
can be found in Fig. S3 of the Supplementary Material.

3.4. Mechanical properties

Fig. 13 shows representative load–displacement plots recorded dur
ing the indentation plastometry tests conducted on as-built parts, along 
with the stress–strain curves calculated from best-fit Voce hardening 
parameters. Data are reported only for Fe100, Fe50Cu50, and Fe25Cu75, as 
reliable measurements could not be performed on the Fe75Cu25 sample 
due to the extensive presence of cracks and large pores. The area under 
the load–displacement curves was calculated using the integration tool 
in OriginPro software to evaluate the effect of blend composition on the 
energy-absorption capacity of the samples. Fe50Cu50 exhibits a larger 
subtended area compared to Fe100 (Table 3), indicating an increase in 
the deformation capability resulting from the formation of Cu-rich 

ductile bands (Fig. 3(c)), while the alternating Fe-rich bands required 
a load comparable to Fe100 to reach the target plastic strain during the 
test. On the other hand, although Fe25Cu75 was expected to display a 
high energy-absorption capacity due to its high Cu content, the area 
under the curve is significantly smaller compared to the other samples 
due to the relatively low load required to achieve the ultimate plastic 
strain. However, when comparing only the portion of the curves corre
sponding to the first loading step, extending up to ~0.4 kN for all 
samples (see inset of Fig. 13(a)), it can be observed that both the sub
tended area and the indenter displacement increase with the Cu content. 
Specifically, the fractional area under the curve is 5.3 ± 0.2 N ⋅ mm, 5.7 
± 0.3 N ⋅ mm, and 8.2 ± 0.1 N ⋅ mm for Fe100, Fe50Cu50, and Fe25Cu75, 
respectively. This suggests an increasing deformation capability under 
relatively low loads, consistent with the findings of Yadav et al. [26] for 
Cu-304 SS multimaterial parts fabricated by LDED.

The estimated tensile properties and hardness of the as-built samples 
are summarized in Table 3. As expected, increasing the Cu content in the 
blend composition results in a gradual reduction in yield strength (YS), 
as the soft Cu-regions promote the earlier onset of plastic deformation. 
In contrast, the other mechanical properties display a more complex 

Fig. 11. BSE micrographs showing the martensitic microstructure in Fe-rich regions in Fe75Cu25 (a), Fe50Cu50 (b), and Fe25Cu75 (c). Fe-rich regions appear dark grey, 
while Cu-rich regions appear light grey.

Fig. 12. As-built microstructure in Cu-rich areas and IPF maps with corresponding phase distribution of Fe50Cu50 (a-c) and Fe25Cu75 (d-f).
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behavior, deviating from a simple linear relationship. Compared to the 
data reported for 4130 steel processed by LPBF [43], Fe100 shows 
significantly lower ultimate tensile strength (UTS) and microhardness, 
but nearly three times higher elongation at break. This can be primarily 
attributed to the different microstructures arising from the distinct 
cooling rates in the LPBF and LDED processes. In LPBF, the faster cooling 
promotes the formation of a partially tempered martensitic micro
structure [43], which contributes to the high UTS and microhardness. 
On the other hand, the lower cooling rate of LDED leads to the devel
opment of a large fraction of softer ferritic domains (Fig. 10(a-b)), 
resulting in lower strength properties and enhanced ductility.

The significantly higher UTS and microhardness of Fe50Cu50 
compared to the base steel can be attributed to several factors. The 
higher cooling rate induced by the introduction of Cu in the blend 
composition led to the development of a finer microstructure, which 
strengthens the material through the Hall-Petch mechanism. This is 
evidenced by the plots shown in Fig. 13(b), where both Fe100 and 
Fe50Cu50 samples exhibit relatively wide grain size distributions with 
average dimensions of 7 ± 5 μm and 2.9 ± 1.9 μm, respectively. 
Moreover, the rapid solidification inhibited the formation of ferrite, 
leading to the prevalence of harder martensitic constituents (Fig. 11(b)), 
and contributed to solid solution strengthening by inducing the gener
ation of Cu- and Fe-rich phases supersaturated in Fe and Cu, respec
tively, as demonstrated by EDS measurements. The fine particles formed 
through secondary liquid phase separation (Fig. 6) provided an addi
tional dispersion hardening effect. Although not directly observable at 
the magnifications considered in this work, previous studies [26,45] also 
highlighted the role of nano-sized particles precipitating from super
saturated solid phases in enhancing the mechanical properties of addi
tively manufactured copper-steel multimaterial parts. Compared to 
Fe100, the increase in UTS in Fe50Cu50 is achieved without a significant 
reduction in the fracture elongation, owing to the presence of Cu-rich 
bands with good deformability, as discussed in the analysis of 
load–displacement data. Fe50Cu50 also exhibits a higher strain 

hardening rate θ (Fig. 13), calculated from true stress–strain data using 
Equation (3). 

θ =
∂σ
∂ε (3) 

The increased strain hardening rate can be attributed to the inter
action between hard α/α’ and the soft ε-Cu domains within the material. 
Local microhardness measurements revealed a significant difference 
between Fe- and Cu-rich areas in Fe50Cu50, displaying microhardness 
values of 658.6 ± 36.6 HV0.025 and 134.6 ± 10.4 HV0.025, respectively. 
These data are not directly comparable with those obtained using a 
higher test load, as the size of the indentations generated by the small 25 
gf load is largely influenced by the elastic recovery that occurs when 
removing the indenter. However, they provide a useful comparison 
between the properties of the different regions within the heterogeneous 
structure. The interaction between hard and soft domains in Fe50Cu50 
influences the mechanisms of dislocation generation during plastic 
deformation, as geometrically necessary dislocations (GNDs) originate 
at the Fe-Cu interfaces to accommodate the strain mismatch between 
regions with differing plastic behavior [55]. The accumulation of GNDs 
can increase the flow stress and promote strain hardening. This addi
tional mechanism may have contributed to the improved strength 
properties of Fe50Cu50 and helps explain the comparable Brinell hard
ness observed in Fe100 and Fe50Cu50 samples (Table 3), despite the 
extensive presence of soft Cu-rich areas in the latter. Kernel average 
misorientation (KAM) maps were constructed from EBSD data to detect 
a possible increase in local crystal misorientation at the interface be
tween α/α’ and ε-Cu phases due to GND accumulation, as shown in 
Fig. S4 of the Supplementary Material. Although some regions of 
increased misorientation can be observed near the interfaces, further 
analysis at higher magnifications is needed to confirm the presence and 
distribution of GNDs in the material.

The increased Cu content in Fe25Cu75 results in significantly lower 
UTS and hardness and a slightly higher fracture elongation compared to 

Fig. 13. Representative load–displacement (a) and calculated stress–strain and strain hardening curves (b) of as-built Fe100, Fe50Cu50, and Fe25Cu75. The grain size 
distribution of Fe100 and Fe50Cu50 samples, expressed as number fraction, is also presented in the insets of Fig. 13(b). Experimental data are not reported for Fe75Cu25 
as reliable measurements could not be performed due to the extensive presence of cracks and large pores.

Table 3 
Indentation and hardness data of as-built Fe100, Fe50Cu50, and Fe25Cu75. Experimental data are not reported for Fe75Cu25 as reliable measurements could not be 
performed due to the extensive presence of cracks and large pores.

Sample Area under the curve (N ⋅ m) Yield strength 
(MPa)

Ultimate tensile strength 
(MPa)

Fracture elongation 
(%)

Brinell hardness 
(kg mm¡2)

Vickers microhardness 
(HV1)

Fe100 0.46 ± 0.06 555 ± 23 913 ± 9 17 ± 1 268 ± 12 289.9 ± 13.3
Fe50Cu50 0.55 ± 0.01 426 ± 39 1018 ± 20 16 ± 1 261 ± 19 311.3 ± 12.3
Fe25Cu75 0.20 ± 0.01 264 ± 20 602 ± 21 18 ± 1 142 ± 4 155.3 ± 14.9

T. Romano et al.                                                                                                                                                                                                                                Materials & Design 256 (2025) 114329 

11 



the other samples (Table 3), because its mechanical behavior is largely 
dominated by the continuous Cu-rich matrix observed in Fig. 3(d). 
However, as previously discussed for Fe50Cu50, strengthening mecha
nisms related to fine grain size (Fig. 12(d-e)), martensitic constituents in 
Fe-rich bands (Fig. 11(c)), finely dispersed particles across supersatu
rated solid phases (Fig. 7), and the interaction between hard α/α’ and 
the soft ε-Cu domains contribute to maintaining relatively high me
chanical properties.

Fig. 14 displays representative micrographs of plastometry indents in 
the tested specimens. In Fe100 and Fe25Cu75, the regions around the 
indents show numerous plastic deformation bands, with no clearly 
visible cracks (Fig. 14(a,c)). Conversely, the Fe50Cu50 sample exhibits 
numerous cracks originating from the indent and propagating through 
Cu-rich regions (Fig. 14(b)). Higher magnification SEM and EDS analysis 
(Fig. 14(d)) revealed that cracking occurred within the Cu-rich bands 
rather than at the Fe-Cu interface, indicating a strong interfacial bonding 
between the constituents of the heterogeneous structure in Fe50Cu50.

3.5. Thermal characterization

Fig. 15 presents the dilatometry plots of the as-built samples, 
alongside the calculated linear CTE. The valley observed in the dilata
tion curves at ~740 ◦C corresponds to the austenitic transformation. 
This valley is most prominent in Fe100 and its depth progressively di
minishes as the Cu content increases in the blend composition samples, 
because the fraction of α phase undergoing austenitic transformation 
decreases and the associated volume shrinkage is partially compensated 
by the thermal expansion of ε-Cu. Ac1 and Ac3 temperatures estimated 
from the onset of the α → γ valley are consistent with the values 
determined by Thermo-Calc and DSC calculations (see Table S2 in the 
Supplementary Material). As discussed earlier, the transition tempera
tures slightly decrease with the initial addition of copper to the base 
steel, as Cu is a γ stabilizer [58]. However, further increases in Cu 
content in Fe50Cu50 and Fe25Cu75 have no significant impact, as its 

solubility limit in Fe is already exceeded in Fe75Cu25.
The CTEs calculated at room temperature and averaged over the 

50–700 ◦C temperature interval, corresponding to the stability range of 
the α/α’ phase, are in good agreement with the theoretical values 
derived from literature data using the rule of mixtures [63,64], as shown 
in Table 4. It can be observed that both the room temperature CTE and 
the total expansion measured during the dilatometry tests increase with 
the Cu content, reflecting the higher CTE of copper compared to 4130 
steel. However, at higher temperatures Fe75Cu25 displays a significantly 
lower CTE than Fe100. This discrepancy can be attributed to the exten
sive presence of voids in the specimen due to gas pores and solidification 
cracks (Fig. 3(b)), which partially offset the thermal expansion of the 

Fig. 14. Plastometry indents in Fe100 (a), Fe50Cu50 (b), and Fe25Cu75 samples (c) and detail of cracked region in Fe50Cu50 with corresponding EDS maps (d).

Fig. 15. Dilatometry curves and CTE trends of Fe100, Fe75Cu25, Fe50Cu50, 
and Fe25Cu75.
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bulk regions, resulting in a lower effective CTE than expected. Notably, 
the CTEs of all investigated samples display a slight bump peaking at 
~275 ◦C, followed by a decline up to ~350 ◦C, as evidenced in the inset 
of Fig. 15. Based on the findings of Matlakhova et al. [57] for 4130 steel 
in as-quenched condition, this trend can be attributed to the thermal 
decomposition of martensite, followed by the decomposition of 
retained/reversed austenite. The non-linearity is evident in the CTE 
trend of Fe100, Fe75Cu25, and Fe50Cu50, while it becomes less pro
nounced in Fe25Cu75 because the possible fluctuations associated with 
the decomposition of small amounts of unstable α’ and γ phases are 
masked by the thermal expansion of the more abundant ε-Cu phase. The 
apparent negative CTE observed in Fe100, Fe75Cu25, and Fe50Cu50 be
tween 750 and 800 ◦C is attributed to the volume contraction caused by 
the austenitic transformation. The CTE of Fe25Cu75 exhibits a slight drop 
in the same temperature range but remains positive because the 
shrinkage due to the α → γ phase change is largely compensated by the 
thermal expansion of the more abundant ε-Cu phase.

Fig. 16(a) shows the thermal diffusivity of the as-built parts, along
side the experimental data of the pure copper reference sample. 
Compared to the base steel, Fe75Cu25 exhibits a lower thermal diffusivity 
at room temperature and only a modest increase over the temperature 
range considered, despite the relatively high Cu content in the blend 
composition. This can be primarily attributed to the microstructural 
defects observed in Fe75Cu25 samples, such as gas pores and solidifica
tion cracks, which reduced the effective thermal diffusivity of the ma
terial. Additionally, the macrostructure of Fe75Cu25 consists of isolated 
Cu-rich droplets embedded in a continuous Fe-rich matrix (Fig. 3(b)), 
which governs the thermal behavior of the material, with only a minor 
contribution from Cu-rich clusters. On the other hand, Fe50Cu50 and 
Fe25Cu75 show ~50 % and ~200 % higher thermal diffusivity than 
Fe100, respectively, corresponding to ~13 % and ~26 % of the pure 
copper reference. This improvement derived from the formation of 
interconnected Cu-rich regions in these samples (Fig. 3(c-d)), which 

provided a substantial contribution to thermal diffusivity.
It can be observed that the thermal diffusivity of Fe100 gradually 

decreases over the 20–750 ◦C interval, as previously reported for other 
low-alloy steel grades [65,66]. This behavior is attributed to the 
enhanced scattering of free electrons, which govern heat transfer at 
elevated temperatures, due to stronger lattice vibrations and the higher 
equilibrium concentration of point defects, such as vacancies and in
terstitials. In contrast, the thermal diffusivity of Fe75Cu25, Fe50Cu50, and 
Fe25Cu75 increases with the temperature up to ~500 ◦C as a result of a 
tempering effect induced by the thermal cycle applied during the LFA 
experiments. The relatively high temperature promotes carbide precip
itation, as also observed in the DSC measurements (Fig. 9), removing 
alloying elements such as Cr, Mo, and C from the α solid solution. Since 
these elements reduce the concentration of free electrons when in solid 
solution in Fe [65], the formation of precipitates can positively influence 
the thermal diffusivity. The precipitation of Mo-containing carbides at 
moderate temperatures (starting at ~200 ◦C according to Thermo-Calc 
calculations) may further contribute to thermal diffusivity enhance
ment by reducing phonon scattering caused by massive Mo atoms 
occupying substitutional sites in the Fe lattice, as well as by alleviating 
the strain induced by C atoms in interstitial positions [65]. The phonon 
contribution to thermal diffusivity may also improve with the reduction 
of dislocation density during tempering. Unlike the blend composition 
samples, where Fe-rich regions are fully martensitic (Fig. 11), the 
thermal diffusivity of Fe100 does not appear to benefit from the effects of 
tempering, probably because its initial microstructure already comprises 
extensive ferritic domains.

Above ~500 ◦C, the thermal diffusivity of Fe75Cu25, Fe50Cu50, and 
Fe25Cu75 starts decreasing due to thermal scattering of free electrons 
prevailing over possible tempering effects. The trends exhibited by the 
Fe100 and pure copper samples indicate that both Fe- and Cu-rich regions 
experience a temperature-dependent reduction in thermal diffusivity. 
This effect is further amplified during the α → γ phase change due to the 
coexistence of domains with different crystal structures and solubility 
for alloying elements, which results in the drop observed at ~750 ◦C, 
roughly corresponding to the onset of the austenitic transformation (see 
Table S2 in the Supplementary Material). Once the transition to the 
austenitic phase is complete at ~800 ◦C, the microstructural homoge
neity results in an initial increase in thermal diffusivity, followed by a 
gradual reduction at higher temperatures due to more intense electron 
scattering. A comparison between the thermal diffusivity data collected 
during the first and second thermal cycles applied in LFA experiments 
can be found in Fig. S5 of the Supplementary Material.

3.6. Response to heat treatment

Fig. 17 shows representative optical and SEM micrographs of heat- 
treated Fe100 and Fe50Cu50 samples taken at different magnifications. 
It can be observed that the Q + T treatment homogenized the macro
structure of Fe100, with the melt pools characteristic of the as-built state 
no longer visible (Fig. 17(a)). The microstructure primarily consists of 
tempered martensite and uniformly distributed ferrite domains with 
significantly smaller size compared to as-built parts (Fig. 3(a)). 
Tempering also promoted the precipitation of finely dispersed carbides 
within the martensite regions, as confirmed by XRD (Fig. 18). Due to the 
absence of an initial high temperature austenitization step, the original 
melt pool boundaries are still visible in the Fe100 sample following DT 
treatment, as evidenced in Fig. 17(b). However, the heat-treated mate
rial displays a much finer lath-like microstructure compared to the as- 
built condition. The results of XRD analysis (Fig. 18) indicate that 
both heat treatments induced the thermal decomposition of retained/ 
reversed austenite, as also suggested by EBSD phase maps revealing an 
austenite content below the detection limit.

In Fe50Cu50 samples, the applied heat treatments did not visibly alter 
the original macrostructure resulting from the phase separation between 
immiscible Fe and Cu, as shown in the low magnification optical 

Table 4 
Theoretical and experimental CTE calculated at room temperature and in the 
50–700 ◦C range.

Sample CTE (25 ◦C, £ 10-6 ◦C¡1) CTE (50–700 ◦C, £ 10-6 ◦C¡1)

Theor. Exp. Theor. Exp.

Fe100 12.2 12.3 13.2 14.0 ± 0.9
Fe75Cu25 13.5 13.6 14.3 13.9 ± 1.3
Fe50Cu50 14.8 15.8 15.3 14.9 ± 1.2
Fe25Cu75 16.1 16.2 16.4 17.0 ± 0.5

Fig. 16. Thermal diffusivity of Fe100, Fe75Cu25, Fe50Cu50, and Fe25Cu75 
compared with pure copper reference sample.
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micrographs in Fig. 17(c-d). The microstructure in Fe-rich regions pre
dominantly consists of martensite, while Cu-rich bands exhibit equiaxed 
grains likely formed by recrystallization, which can be activated already 
below 300 ◦C [67]. The diffraction peaks observed in the XRD patterns 
of heat-treated Fe50Cu50 suggest that the same carbide precipitation 
mechanisms occur during tempering as in the base steel. The analysis of 
the diffraction peaks reveals a consistent shift of the α/α’ peaks toward 
higher diffraction angles (by 0.1–0.3 ◦C), with a corresponding slight 
decrease in the lattice constant, compared to the as-built state. This may 
indicate a reduced lattice distortion, possibly due to Cu diffusion from 

the supersaturated Fe-based solid solution during heat treatment. The 
similarity in diffraction angles and lattice constants between the two 
heat-treated conditions suggests that diffusion can already occur at the 
moderate temperature applied during the tempering stage. Regarding 
the ε-Cu phase, no significant peak shifts are observed between the as- 
built and heat-treated samples, indicating limited diffusion of ele
ments in solid solution within the Cu-rich phase. This aligns with the 
results of EDS analysis, which showed a low Fe content in the Cu-rich 
bands of the as-built material. Additional details on peak shift analysis 
are provided in Section 7 of the Supplementary Material.

Fig. 19 compares the load–displacement and stress–strain curves of 
Fe100 and Fe50Cu50 in as-built and heat-treated conditions. The main 
plastometry and microhardness data are summarized in Table 5. It can 
be observed that the maximum displacement of Fe100, as well as the 
calculated fracture elongation, decreases after both heat treatments. On 
the other hand, the strength and hardness properties show an increasing 
trend. These changes reflect the microstructural evolution induced by 
the applied heat treatments, involving the transition from the relatively 
large ferritic domains of the as-built material (Fig. 10(a-b)) to the finer 
martensitic constituents observed in the heat-treated samples (Fig. 17(a- 
b)). The Q + T treatment has the greatest impact on the mechanical 
properties of Fe100, due to the formation of fresh martensite upon 
annealing and water quenching. Conversely, the DT treatment is less 
effective, as tempering is applied to a material that is already partially 
tempered and contains a significant fraction of ferrite. The area under 
the first section of the load–displacement curves, corresponding to a 
maximum load of ~0.4 kN for all samples (see inset of Fig. 19(a)), fol
lows the same trend, with the Q + T treatment leading to a slightly 
higher reduction than DT. Specifically, the calculated values are 5.3 ±
0.2 N ⋅ mm, 5.1 ± 0.3 N ⋅ mm, and 5.2 ± 0.2 N ⋅ mm for Fe100 in as-built, 
Q + T, and DT conditions, respectively. On the other hand, the total 
subtended area is larger for the Q + T condition due to the higher load 
required to achieve the ultimate plastic strain, while it remains largely 

Fig. 17. Macrostructure morphology and microstructure of quenched and tempered (a) and direct tempered Fe100 (b), quenched and tempered (c) and direct 
tempered Fe50Cu50 (d).

Fig. 18. XRD patterns of Fe100 and Fe50Cu50 in as-built and heat- 
treated conditions.
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Fig. 19. Representative load–displacement (a) and calculated stress–strain curves (b) of heat-treated Fe100 and Fe50Cu50.

Table 5 
Indentation and hardness data of heat-treated Fe100 and Fe50Cu50.

Sample Heat 
treatment

Area under the curve (N ⋅ 
m)

Yield 
strength 
(MPa)

Ultimate tensile 
strength 
(MPa)

Fracture 
elongation 
(%)

Brinell 
hardness 
(kg mm¡2)

Vickers 
microhardness 
(HV1)

Fe100 Q + T 0.64 ± 0.07 875 ± 18 1002 ± 14 12 ± 1 303 ± 14 329.0 ± 4.8
DT 0.54 ± 0.01 708 ± 20 900 ± 12 14 ± 1 276 ± 11 295.8 ± 10.7

Fe50Cu50 Q + T 0.36 ± 0.02 357 ± 22 666 ± 11 14 ± 2 211 ± 8 216.7 ± 9.9
DT 0.48 ± 0.03 389 ± 32 782 ± 13 14 ± 1 220 ± 24 222.4 ± 12.5

Fig. 20. Cross-sectional view of FGM sample acquired with coaxial lighting (a) and a combination of ring and coaxial lighting (b), interface region between Fe25Cu75 
and Cu100 (c), and solidification cracks in Fe75Cu25 and Fe50Cu50 layers. The lower portion of Fig. 20(b) is shown with enhanced contrast to highlight the melt pool 
structure in the Fe100 region.
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unchanged with the DT treatment compared to the as-built material.
Both heat-treated Fe50Cu50 samples display a reduction in strength 

and hardness properties compared to the as-built condition. The first 
section of the load–displacement curves shows a slight increase in the 
indenter displacement and in the subtended area compared to the as- 
built condition, indicating a higher energy-absorption capacity at low 
load levels. However, when considering the entire range, the total area 
decreases significantly due to the diminished load-bearing capacity of 
the heat-treated parts. This softening effect can be primarily attributed 
to the recrystallization of copper regions and the diffusion of Cu from 
supersaturated Fe-rich regions, as suggested by XRD analysis, reducing 
the contribution of solid solution strengthening mechanism. This is 
further evidenced by the reduction in local microhardness values 
measured in Cu-rich regions (96.0 ± 7.3 HV0.025 and 122.8 ± 10.9 
HV0.025 for Q + T and DT conditions, respectively) and Fe-rich rich re
gions (413.9 ± 10.6 HV0.025 and 482.8 ± 21.3 HV0.025 for Q + T and DT 
conditions, respectively) compared to as-built Fe50Cu50. Studies on Cu- 
based systems microalloyed with Fe and Ti reported a predominant 
hardening effect after solution and aging treatments involving thermal 
cycles comparable to those applied in the present work, which was 
primarily attributed to the precipitation of Fe-Ti nanoparticles [68,69]. 
In contrast, the absence of alloying elements that can readily form 
nanoprecipitates with Fe in Fe50Cu50 may explain its tendency to soften 
upon tempering. Notably, the more prolonged exposure to higher tem
peratures in Q + T treatment increased this softening effect compared to 
DT, indicating a diametrically opposed response of Fe50Cu50 to heat 
treatment compared to Fe100.

3.7. FGM sample characterization

Fig. 20(a-b) shows a cross-sectional view of the FGM sample, with 
the indication of the constitutive layers. Large macrocracks can be 
observed originating from the upper Fe100 layer and running through the 
entire Fe75Cu25 region, as also found in the corresponding individual 
blend composition sample (Fig. 3(b)). Solidification cracking in this 
region can be attributed to thermal stresses developed during the 
deposition process, due to the mismatch in the thermophysical proper
ties between layers with different chemical composition, as demon
strated by dilatometry (Fig. 15) and LFA measurements (Fig. 16), and to 
the scarce terminal liquid in Fe75Cu25 at the end of solidification. 
Interestingly, cracks extend into the lower Fe50Cu50 layer, where copper 
veins can completely fill only the thinner microcracks (Fig. 20(d)), 
although the analysis of the individual blend composition sample did 
not indicate a significant cracking susceptibility at this nominal 
composition. A possible explanation is the local reduction in Cu content 
resulting from the partial remelting of the underlying Fe75Cu25 layer 

during the deposition of the first Fe50Cu50 layer, along with the mixing 
inside the melt pool promoted by Marangoni convention and buoyancy 
effects, which pull Fe towards the upper regions due to its lower density 
compared to Cu [17]. Consequently, the material may have been locally 
depleted in Cu and enriched in Fe compared to its nominal composition, 
possibly entering the range of susceptibility to solidification cracking. 
This is also suggested by the results of EDS area measurements taken at 
different heights of the FGM sample (Fig. 21(a)), which indicate that the 
Fe and Cu contents vary gradually at the interface between the Fe75Cu25 
and Fe50Cu50 regions rather than undergoing an abrupt change. In fact, 
the compositional profile of the multilayer structure aligns more closely 
with the continuous theoretical trend (dash-dot line in Fig. 21(a)), which 
was calculated assuming that the Fe and Cu contents vary linearly and 
the nominal composition of each region is reached at its center position, 
compared to the discrete trend assuming no interlayer dilution (dashed 
line). The dilution effect diminishes starting from the second Fe50Cu50 
layer, and no further cracking is observed in the remaining part of the 
sample. The interface between Fe25Cu75 and Cu100 consists of a band of 
Fe-rich particles embedded in a Cu-rich continuous matrix, while the Fe- 
rich bands observed in the underneath layers disappear, as highlighted 
in Fig. 21(c). The development of this band can also be attributed to the 
partial remelting of the upper Fe25Cu75 layer during the deposition of 
the first copper layer, leading to the formation of spherical Fe-rich 
particles that minimize the surface contact area between the immis
cible phases.

Prominent round pores can be observed across the FGM sample, 
mainly concentrated in the interlayer regions. As discussed for the in
dividual blend composition samples, this porosity likely results from gas 
entrapment during the LDED process or from Cu boiling due to excessive 
laser power input. These defects could be mitigated through the opti
mization of the processing parameters, particularly by adjusting the 
laser power for each layer based on its chemical composition. Evidence 
of poor interfacial adhesion between the two Cu100 layers can also be 
seen in Fig. 20(a), attributable to the low energy absorbed during the 
deposition of the second layer, caused by laser reflection and rapid heat 
dissipation from the underlying consolidated copper layer.

The microhardness profile measured along the compositional 
gradient in the FGM sample (Fig. 21(b)) shows an initial increase from 
the 316 stainless steel substrate (~175 HV1) to the Fe100 region (~512 
HV1), followed by a gradual decreasing trend as the Cu content in the 
material increases. Wide fluctuations in the measured values can be 
observed for the Fe50Cu50 region, due to the coexistence of randomly 
distributed hard Fe-rich and soft Cu-rich areas, as also observed by 
Yadav et al. [26] in Cu-304L FGM parts manufactured by LDED. The 
Fe75Cu25 and Fe25Cu75 regions, on the other hand, display smaller de
viations because their local mechanical behavior is primarily governed 

Fig. 21. Chemical composition (a) and microhardness profile (b) measured along the compositional gradient.
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by the predominant Fe- and Cu-rich phases, respectively.

4. Conclusions

The present study explored the microstructural, mechanical, and 
thermophysical properties of the constitutive layers of a functionally 
graded material fabricated via laser directed energy deposition through 
in-situ alloying of pure copper and AISI 4130 low-alloy steel powders. 
Four distinct compositions with varying 4130 and Cu contents were 
examined in both as-built and heat-treated conditions: 100 % 4130 
(Fe100), 75 % 4130 – 25 % Cu (Fe75Cu25), 50 % 4130 – 50 % Cu 
(Fe50Cu50), and 25 % 4130 – 75 % Cu (Fe25Cu75). A functionally graded 
material sample was then fabricated by sequentially depositing the 
investigated blend compositions, followed by pure copper layers. The 
main outcomes are summarized as follows. 

(1) Peculiar macrostructure morphologies resulted from Fe-Cu liquid 
phase separation and Marangoni convection. Fe75Cu25 displayed 
copper fiber fragments embedded in a Fe-rich matrix, while 
Fe50Cu50 exhibited a recursive macrostructure with copper and 
steel alternating as matrix and dispersed phase. Fe25Cu75 
comprised a continuous Cu-rich matrix with Fe-rich regions with 
globular, dendritic, or blocky shape depending on the local 
cooling conditions within the melt pool. The chemical composi
tion of printed parts measured by X-ray fluorescence was in good 
agreement with nominal values.

(2) Thermal stress and insufficient liquid replenishment caused so
lidification cracking in Fe25Cu75, while the abundant Cu-rich 
terminal liquid in Fe50Cu50 backfilled the microcracks formed 
during the early stages of solidification, leading to defect-free 
deposits.

(3) The as-built microstructure of Fe100 primarily consisted of 
polygonal/acicular ferrite, tempered martensite with dispersed 
carbides, and ~0.4 % retained/reversed austenite. The higher 
cooling rate in blend composition samples suppressed ferrite 
formation and resulted in a fully martensitic microstructure in Fe- 
rich regions. Cu-rich areas in Fe50Cu50 and Fe25Cu75 comprised 
fine equiaxed grains with random orientation due to Fe-rich do
mains acting as heterogeneous nucleation sites.

(4) Compared to the base steel, Fe50Cu50 exhibited significantly 
higher strength and hardness and a comparable ductility, attrib
uted to the finer microstructure, martensite constituents in Fe- 
rich regions, solid solution and dispersion strengthening, and 
the interaction between hard Fe-rich and soft Cu-rich domains. 
Fe25Cu75 retained considerable mechanical properties through 
the same mechanisms, although its behavior was dominated by 
the continuous Cu-rich matrix.

(5) The formation of interconnected Cu-rich regions in Fe50Cu50 and 
Fe25Cu75 improved thermal diffusivity by ~50 % and ~200 %, 
respectively, compared to Fe100, reaching ~13 % and ~26 % the 
thermal diffusivity of pure copper. Microstructural defects and 
isolated copper clusters in Fe75Cu25 limited its thermal perfor
mance despite the relatively high Cu content. The thermal 
diffusivity of blend composition samples increased up to ~500 ◦C 
due to tempering effects increasing free electron concentration 
and reducing phonon scattering. However, it declined at higher 
temperatures due to increased electron scattering, with a notable 
drop at ~750 ◦C corresponding to the austenitic phase 
transformation.

(6) Quenching and tempering significantly improved the strength 
and hardness of Fe100 by transforming the relatively large ferritic 
grains into finer tempered martensitic constituents. Direct 
tempering had a moderate effect, due to the presence of ferrite 
and partially tempered martensite in as-built Fe100, which limited 
the extent of further hardening during additional tempering. On 
the other hand, both heat treatments led to softening of Fe50Cu50 

due to copper recrystallization and reduced solid solution 
strengthening caused by Cu diffusion from supersaturated Fe-rich 
regions.

(7) In the functionally graded material sample, local deviations from 
the nominal chemical composition caused by partial remelting of 
the underlying material during subsequent layer deposition and 
convection flows in the melt pool extended the zone susceptible 
to solidification cracking up to the first Fe50Cu50 layer. The upper 
copper layers exhibited poor interfacial adhesion due to laser 
reflection and rapid heat dissipation, resulting in low effective 
energy input. The microhardness profile showed a decreasing 
trend with increasing Cu content, with large deviations in the 
Fe50Cu50 region due to the coexistence of hard Fe-rich and soft 
Cu-rich domains.

Based on these findings, future work will focus on the optimization of 
processing parameters and the design of functionally graded structures 
that prevent the formation of local compositions susceptible to solidi
fication cracking. One potential strategy could involve the adjustment of 
the laser power input during the deposition process in response to the 
changing chemical composition across layers. Further analysis of the 
global mechanical and thermophysical properties of multilayer samples 
will also complement the insights into local behavior, enabling accurate 
predictions of their performance in practical applications. Additionally, 
tailored heat treatment strategies could be explored to leverage the 
higher thermal diffusivity and potentially enhanced hardenability 
resulting from copper island and interconnected regions embedded 
within the steel matrix in Cu-containing layers, aiming to optimize the 
microstructure and improve the mechanical performance of multi
material parts combining pure copper with low-alloy steels.
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