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SUMMARY

Advanced High Strength Steels (AHSS) are essential to reduce weight and consequently
CO2 emissions in the automotive industry. However, they are vulnerable to Hydrogen Em-
brittlement (HE), because many strengthening mechanisms present in their microstruc-
tures are also a cause of HE. The contributions of individual microstructural features
to HE is not yet completely understood. Several challenges occur when studying HE
in these steels. Firstly, since all strengthening mechanisms interact with hydrogen, iso-
lating the effect of singular features is complicated. Moreover, HE is a time-sensitive
phenomenon which requires experimental setups that minimise time between hydrogen
charging, testing and measuring in order to avoid desorption between steps. Two types
of iso-parametric microstructures were created for this project, in order to isolate the
effect of individual features. Firstly, ferritic steels containing either Vanadium Carbide
(VC) or Titanium Carbide (TiC) nano-precipitates of different size distributions since
the addition of nano-precipitates is a promising candidate to provide both strength and
ductility. Secondly, Dual Phase (DP) steels with varying amounts of martensite in a ferrite
content, since these steels are the most widely used in the automotive sector.

This research begins by subjecting nano-precipitate strengthened steels to annealing
treatments designed to achieve two distinct precipitate size distributions. A 2 hour heat
treatment leads to precipitates of around 10 nm in size, that grow to more than 10 nm
after 20 hours. Heat treatments are performed in either N2 or H2 gas in order to provide
both a reference steel as well as one that charges the precipitates with hydrogen. After
hydrogen contents were measured using Thermal Desorption Spectroscopy (TDS), the
hydrogen gas is found to predominantly charge large incoherent precipitates with hydro-
gen. These precipitates of sizes larger than 100 nm are present in the microstructure from
the steelmaking process. Smaller (semi-)coherent carbides with sizes on the order of 10
nm are not observed to contain hydrogen after the treatment. Hydrogen trapped in inco-
herent precipitates is trapped irreversibly in carbon vacancies inside the precipitate bulk,
meaning that it does not diffuse throughout the steel. The activation energies could only
be determined for TiC precipitates, which range from 69 kJ/mol to 115 kJ/mol. This type
of trapping inhibits accumulation of hydrogen at critical areas such as crack tips, which
means that no HE is observed in these specimens. Secondary Ion Mass Spectrometry
was performed to visualise hydrogen trapped in the incoherent precipitates. Hydrogen
in the TiC precipitates is primarily stored at the interface with the matrix, whereas in VC
precipitates it is distributed throughout the entire bulk. This is explained as an effect of a
higher C-vacancy concentration in VC.

In order to also fill (semi-)coherent precipitates with hydrogen, the four precipitate
steels were also charged electrochemically. This was performed in-situ during Slow Strain

XI
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Rate Tensile (SSRT) tests at room temperature. The steels that contain the smaller pre-
cipitates were found to contain most hydrogen, which indicates that the precipitate
interface is the most important trapping site. These precipitates, with sizes around 10
nm, trap hydrogen mainly inside C-vacancies on the coherent interface with activation
energies of around 15 kJ/mol, whereas their larger but still semi-coherent counterparts
trap inside misfit dislocation on the interface with energies of around 30 kJ/mol. Since
these activation energies are low, hydrogen diffuses to critical areas and HE is observed
in the SSRT tests. With the exception of the TiC steel containing larger precipitates, all
steels lose around 15% of their ductility after being charged with hydrogen. The VC steel
with the smallest 10 nm precipitates performs best since it retains the highest strength
and ductility in a hydrogen environment. Through combined analysis using Scanning
Electron Microscopy (SEM), Electron Back Scattering Diffraction (EBSD) and Electron
Dispersive Spectroscopy (EDS), higher embrittlement in the steel with the largest TiC
precipitates is shown to be an effect of the presence of precipitates on grain boundaries.
These precipitates are theorised to cause dislocation pile-up at grain boundaries, which
attracts hydrogen and subsequently causes accelerated intergranular fracture. As a result,
this TiC steel is the only one that shows accelerated necking in the tensile curve. All other
steels only show signs of embrittlement after the onset of necking, which suggests an
important role of high plastic deformation for the HE mechanisms in these steels.

The effects of plastic deformation are further investigated by deforming the TiC steel
with the smallest precipitates to predetermined levels of plastic strain, both before and
during hydrogen charging. Dislocation densities are obtained using X-Ray Diffraction
(XRD), and compared to the hydrogen content. A linear correlation between the dislo-
cation density and hydrogen content is established, from which the hydrogen content
in non-dislocation traps such as lattice sites, grain boundaries and precipitates is de-
termined. This is found to be 0.72 wppm, which is only a small part of total hydrogen
contents of 2.36 wppm at 0% and 3.69 wppm at 3% plastic deformation. Precipitates are
therefore found to only be of minor influence to hydrogen trapping in these steels, espe-
cially after the onset of plastic deformation. After hydrogen charging, the pre-deformed
steels are fast fractured to investigate the effects of hydrogen during early deformation
stages on the extent of HE. Only minor embrittlement of approximately 10% is discovered,
compared to 60% for specimens that were not pre-strained but only subjected to SSRT.
This indicates that hydrogen exposure in the later stages of plastic deformation plays
a pivotal role in HE of these steels. Post-mortem observations furthermore show that
fracture initiation happens around 1% of plastic deformation for the steel. This has no
effect on pre-strained specimens, since the crack tip is shielded from the electrolyte
during the majority of the test duration. On the other hand, the crack tip is constantly
exposed during the SSRT tests. This is the reason that HE is much more severe in the SSRT
specimens, although the exposure to the hydrogen environment is only half as long. This
finding serves as an important indicator that exposure of micro-cracks to the hydrogen
environment is more important for HE in these steels than an elevated hydrogen content
in the specimen bulk.

The following study shifts the focus from nano-precipitates to the role of martensite
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in a ferritic matrix. The effects of martensite are investigated by subjecting DP steels
with varying martensite contents to in-situ SSRT testing. Characterisation of grain size
and ferrite/martensite (F/M) interphase area is performed using Optical Microscopy
(OM), SEM and EBSD, which shows that the F/M interphase increases with the increase
in martensite content. Kernel Average Misorientation (KAM) measurements indicate a
plastic strain localisation around the F/M interphase boundary, which is the main trap
for hydrogen in these steels. Fracture initiation occurs on this boundary, and propagates
through connected martensite grains. This means that high martensite content steels
show a higher degree of HE, although it reaches a maximum from a martensite content
of 50%, where the extent of HE results in 80% ductility loss. Cross-sectional SEM and
fractographic observations show that brittle crack initiation occurs within martensite that
is present on the surface. Because of an anisotropic banded martensite configuration as a
result of the rolling process of these steels, preferential fracture propagation along the
rolling plane is observed.

In summary, this thesis demonstrates that plastic deformation localisation plays an
important role in the HE related fracture in all examined steels. Furthermore, early
brittle crack initiation is found to be an important factor in fracture, especially when
these cracks remain exposed to the hydrogen environment. The presence of sub 10 nm
sized VC precipitates is shown to be an effective way of increasing the strength of steels
and its H absorption capacity without increasing its susceptibility to HE. In DP steels,
decreasing the amount of martensite present on the surface may yield improvements in
HE resistance. These findings lead to some concise recommendations for designing steel
with improved HE resistance.





SAMENVATTING

Geavanceerde Hogesterktestalen (Advanced High Strength Steels, AHSS) zijn essentieel
om het gewicht en daarmee ook de CO2 uitstoot van de automobielsector te verminde-
ren. AHSS zijn echter vatbaar voor waterstofverbrossing (Hydrogen Embrittlement, HE),
omdat veel mechanismen die voor sterkte in het staal zorgen, tegelijkertijd HE kunnen
veroorzaken. De individuele bijdrage die verschillende microstructurele kernmerken aan
HE leveren, wordt echter nog niet voldoende begrepen. Er zijn verschillende uitdagingen
voor het bestuderen van HE. Allereerst is het isoleren van de bijdrage van individuele
kernmerken ingewikkeld,omdat meerdere versterkende kernmerken tegelijk optreden,
en deze allemaal beïnvloed worden door waterstof. Daarnaast is HE een tijdsgebonden
fenomeen, waardoor het essentieel is om testopstellingen te gebruiken die de tijd tussen
het beladen met waterstof, het testen van het materiaal, en het meten van de waterstof-
concentratie minimaliseren. Dit voorkomt waterstofdesorptie tussen de stappen door.
In dit project zijn er twee soorten isoparametrische stalen gemaakt om het effect van
individuele kernmerken zoveel mogelijk te isoleren. De eerste soort is een ferritisch staal
dat ofwel vanadium carbide (VC), ofwel titanium carbide (TiC) nanoprecipitaten van ver-
schillende grootten bevat. Het toevoegen van precipitaten is een veelbelovende strategie
voor het verhogen van zowel de sterkte, als de rekbaarheid van het staal. Daarnaast zijn
er ook tweefase stalen (Dual Phase, DP) gefabriceerd met verschillende hoeveelheden
martensiet, omdat deze stalen breeduit in de sector gebruikt worden.

Het onderzoek begint met het blootstellen van de precipitaathoudende stalen aan
gloeibehandelingen die ontwikkeld zijn om twee verschillende grootteverdelingen van
precipitaten te realiseren. Een behandeling van 2 uur creëert precipitaten van 10 nm
groot, die na 20 uur uitgroeien tot meer dan 10 nm. De warmtebehandelingen worden
in N2 of H2 gas uitgevoerd, zodat er een staal wordt gemaakt waarin de precipitaten
waterstof bevatten, maar er ook een referentiestaal is. Uit thermische desorptiemetingen
(TDS) blijkt dat het waterstofgas voornamelijk grote incoherente precipitaten belaadt
met waterstof. Deze precipitaten van 100 nm of groter zijn al vanaf het gietproces in
het staal aanwezig. Kleinere (semi-)coherente precipitaten met groottes rond de 10 nm
worden daarentegen na deze behandelingen niet met waterstof beladen. De waterstof
die opgeslagen wordt in de incoherente precipitaten is onomkeerbaar gebonden in open
koolstofvacatures binnenin de precipitaten, wat betekent dat het niet door het staal
diffundeert. De activeringsenergie van waterstof in de precipitaten kan alleen bepaald
worden voor TiC precipitaten, en ligt tussen de 69 kJ/mol en 115 kJ/mol. Dit soort sterk
gebonden waterstof voorkomt dat waterstof in kritieke locaties zoals de scheurpunt te-
rechtkomt, waardoor er in deze stalen geen HE wordt waargenomen. Secundaire Ionen
Massaspectrometrie (SIMS) wordt gebruikt om waterstof te visualiseren die opgenomen
is in incoherente precipitaten. Waterstof in TiC precipitaten wordt vooral opgeslagen

XV



XVI SAMENVATTING

in de buurt van het grensvlak met de matrix, terwijl die in VC precipitaten verdeeld is
over de hele precipitaten. Dit wordt verklaard als een effect van een hogere concentratie
koolstofvacatures in VC precipitaten.

Om ook (semi-)coherente precipitaten te kunnen beladen met waterstof, worden de
vier precipitaathoudende stalen ook elektrochemisch beladen. Dit wordt in-situ gedaan
tijdens het testen van proefstukken in een trekproef met lage reksnelheid (Slow Strain
Rate Tensile, SSRT) op kamertemperatuur. De stalen die kleinere precipitaten bevatten,
namen de meeste waterstof op, wat aantoont dat het grensvlak van precipitaten en de
matrix de voornaamste plek is waar waterstof opgeslagen wordt. Deze precipitaten van
rond de 10 nm groot binden waterstof voornamelijk in koolstofvacatures op het cohe-
rente grensvlak met activeringsenergieën rond de 15 kJ/mol, terwijl de grotere, maar toch
semi-coherente precipitaten waterstof in zogenoemde ’misfit’ dislocaties met energieën
rond de 30 kJ/mol binden. Omdat waterstof daar zwak gebonden is, diffundeert het naar
kritieke punten in de microstructuur, en wordt er HE waargenomen tijdens de SSRT tests.
Met uitzondering van het TiC staal met grotere precipitaten, verliezen alle stalen ongeveer
15% van hun rekbaarheid. Het VC staal met de kleinste precipitaten presteert het beste
tijdens de test, omdat deze zowel de hoogste sterkte, als de hoogste rekbaarheid behoudt.
Door een gecombineerde analyse van Rasterelektronenmicroscopie (Scanning Electron
Microscopy, SEM), Elektronen Terugverstrooiings Diffractie (Electron Backscattering
Diffraction, EBSD) en Elektronen Dispersieve Spectroscopie (EDS) wordt aangetoond
dat de hogere verbrossing van het TiC staal met de grootste precipitaten een gevolg is
van de aanwezigheid van precipitaten op korrelgrenzen. Deze lijken een ophoping van
dislocaties rond de korrelgrenzen te creëren, die waterstof aantrekt en daardoor versnelde
interkristallijne breuk veroorzaakt. Daardoor is dit TiC staal het enige staal dat versnelde
insnoering vertoont tijdens de trekproef. Alle andere stalen vertonen slechts na het punt
van insnoering tekenen van verbrossing, wat suggereert dat grote hoeveelheden plasti-
sche vervorming een grote rol spelen bij HE in deze stalen.

De effecten van plastische vervorming worden verder onderzocht door het TiC staal met
de kleinste precipitaten bloot te stellen aan verschillende vooraf bepaalde hoeveelheden
plastische rek, zowel voor als tijdens het beladen met waterstof. Dislocatiedichtheden
zijn bepaald via Röntgendiffractie (X-ray Diffraction, XRD) en vergeleken met de hoe-
veelheden opgenomen waterstof. Er wordt een lineair verband gevonden tussen beiden,
waaruit de hoeveelheid waterstof die op plekken gebonden zit die geen dislocaties zijn,
zoals korrelgrenzen en precipitaten, is bepaald. Deze hoeveelheid is 0.72 wppm, wat
maar een klein deel is van de totale hoeveelheid waterstof van 2.36 wppm bij 0%, en 3.69
wppm bij 3% plastische vervorming. Precipitaten hebben dus maar een kleine invloed op
de opname van waterstof in deze stalen, zeker wanneer plastische vervorming optreedt.
Nadat er beladen wordt met waterstof, worden de vervormde stalen snel gebroken om
de invloed van waterstof die opgenomen wordt tijdens het begin van vervorming op de
uiteindelijke hoeveelheid HE te bepalen. Hier wordt een verbrossing van 10% gevon-
den, wat laag is vergeleken met de 60% verbrossing van stalen die continu aan een SSRT
test blootgesteld worden. Dit betekent dat blootstelling aan waterstof tijdens de late
stadia van vervorming een kritieke rol speelt voor HE in deze stalen. Verder wordt er via
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post-mortem observaties ook ontdekt dat er breuk initiatie ontstaat rond 1% plastische
rek. Dit heeft geen effect op de vooraf gerekte proefstukken, omdat de scheurpunt van
het elektrolyt afgeschermd wordt tijdens de rest van de test, dit in tegenstelling tot de
volledige SSRT proeven waar de scheurpunt constant wordt geopend. Hierdoor is de
hoeveelheid HE in de SSRT proefstukken hoger, terwijl ze maar de helft van de tijd aan
waterstof worden blootgesteld. Deze waarneming is een belangrijke indicatie dat het
blootstellen van microscheuren aan de waterstofomgeving meer bijdraagt aan HE in deze
stalen dan een hoger waterstofgehalte in het materiaal zelf.

Hierna wordt de focus van het onderzoek verplaatst van nano-precipitaten naar de rol
van martensiet in een ferritische matrix. De effecten van martensiet worden onderzocht
door DP stalen met verschillende martensietgehaltes bloot te stellen aan in-situ SSRT
tests. Karakterisering van korrelgrootte en ferriet/martensite (F/M) grensvlak wordt ge-
daan met Optische Microscopie (OM), SEM en EBSD, waaruit blijkt dat het F/M grensvlak
groter wordt met een toenemend martensietgehalte. Kernel Gemiddelde Misorientatie
(Kernel Average Misorientation, KAM) metingen tonen aan dat plastische vervorming
zich lokaliseert rond het F/M grensvlak, waardoor dit de voornaamste locatie wordt voor
het opnemen van waterstof in deze stalen. Breuk begint op dit grensvlak, en beweegt zich
daarna door verbonden martensietkorrels heen. Dit betekent dat stalen met een hoger
martensietgehalte meer HE vertonen, tot een martensietgehalte van 50%, waar de HE
een maximum bereikt van 80%. SEM en breukobservaties van doorsneden tonen aan dat
er brosse breuk initiatie voorkomt in martensietkorrels aan het oppervlak van het staal.
Door een anisotrope verdeling van martensiet rond de banden in de walsrichting van het
staal, heeft de breuk een voorkeur om door het walsvlak te groeien.

Dit onderzoek wijst uit dat plastische vervorming een belangrijke rol speelt bij HE
gerelateerde breuk in alle onderzochte stalen. Daarnaast wordt er aangetoond dat brosse
breuk initiatie een belangrijke factor is voor breuk, met name als scheuren blootgesteld
blijven aan een waterstofomgeving. Het toevoegen van VC precipitaten met afmetingen
van minder dan 10 nm is een effectieve manier om zowel de sterkte, als de waterstof-
opnamecapaciteit van stalen te vergroten, zonder de vatbaarheid voor HE te verhogen.
In tweefase stalen kan het verminderen van martensiet op het oppervlak een toename
in HE-bestendigheid realiseren. Deze waarnemingen worden samengevat in een aantal
aanbevelingen voor het ontwerpen van stalen met een betere resistentie tegen HE.





1
INTRODUCTION

1.1. MOTIVATION FOR THIS PROJECT
The automotive industry is a considerable contributor to global CO2 emissions, as
shown in Figure 1.1. With an increasing amount of SUVs entering the passenger
vehicle market, see Figure 1.2, average car weight has been increasing in recent
years and the total CO2 emissions of the sector are still rising [1]. 75% of the fuel
consumption of modern cars is related to vehicle weight, of which 40% is constituted
of the car body and interior [2–4]. Reducing vehicle weight will therefore lead to CO2

reductions, but this has to be done without compromising passenger safety. For this
reason, this industry has been on the forefront of developing and using (Advanced)
High Strength Steels (AHSS) in vehicles, which consist of steels with a tensile strength
of 400 MPa and above [5]. Higher strength steels allow for critical parts in the vehicle
to be manufactured from thinner material, which reduces the weight of the vehicle
while retaining good mechanical properties to guarantee safety [6, 7]. A good example
is the 2020 Toyota Highlander, which was made larger, but 100 kg lighter than its
predecessor, largely an effect of the use of more AHSS [8].

Figure 1.1.: Worldwide CO2 emissions by the transport sector in 2023 [9].
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Figure 1.2.: The total amount of vehicles globally, and the percentage of CO2 emissions
that an increasing amount of SUVs brings [1].

The most commonly used AHSS are Dual-Phase (DP), Complex Phase (CP),
Transformation Induced Plasticity (TRIP) and Twinning Induced Plasticity (TWIP)
steels, all of which consist of intricate multi-phase microstructures in order to obtain
both a high strength and ductility [3]. Dual-Phase (DP) steels are most commonly
used, and make up around a third of the body-in-white of a modern car chassis [10].
They are used in various components such as panels, pillars and shock reinforcement
parts [11]. A problem that grows in severity with the invention of stronger steels,
however, is that they are more susceptible to Hydrogen Embrittlement (HE) [12–17].
Hydrogen Embrittlement is the observed reduction in mechanical properties of steels
as a result of hydrogen present inside the steel, originally described by Johnson in
1875 [18]. For stronger steels, like AHSS, this can result in a significant reduction in
both ductility and strength. Needless to say, such a reduction in properties poses a
substantial problem for the implementation of steels in load bearing and forming
operations. An example of this process is seen in AHSS in the form of edge cracking
[19], which refers to the cracks that initiate on the sheared edges of AHSS plate steel
after forming. While cracks are not present when the plate is being formed, elastic
springback when it is released from the die can cause cracking. This is often an
effect of delayed hydrogen accumulation in the zones of high plastic deformation [20].
Critical zones for hydrogen accumulation can also be other features, such as hard
phases, interfaces or regions of stress concentrations [21–24].
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1.2. MATERIALS CHALLENGES
There are several characteristics that make research into HE of AHSS a challenge.
These are outlined in this section, which creates a framework in which research
objectives were established.

1.2.1. DETRIMENTAL STRENGTHENING MECHANISMS

The microstructure of a high strength steel often combines multiple types of hardening
mechanism in order to obtain its strength. Mechanisms like grain refinement,
inclusion of multiple phases, solid solution strengthening or precipitation hardening
are used in combination to obtain high strength while retaining ductility. However,
these mechanisms can also be detrimental to the HE performance of a steel, and the
role of individual features in HE related fracture is not yet fully understood [12, 15,
25]. The challenge resides in the fact that all microstructural features interact with,
or trap, hydrogen. The main feature studied in literature that can be capable of
providing both strength and HE resistance is the presence of nano-carbides within the
matrix. Several studies have analysed the trapping capability of nano-carbides and
the effects of size and distribution in the past [22, 26, 27]. They have not, however,
correlated the trapping behaviour to the macroscopic HE behaviour of the tested steels.

The AHSS that is most used in car bodies, DP steel, obtains its high strength from
a high content of martensite. The steels, however, were shown to be susceptible
to HE to a large extent because of the strain partitioning on the ferrite/martensite
interphase [28]. Cracking often initiates on this boundary because the localised
zones of large plastic deformation attract high local hydrogen concentrations. The
content of martensite within the matrix therefore has a pronounced effect on
the susceptibility to HE. Davies observed a plateau in the extent of HE above
30% martensite content [29], but Wang et al. did not [28]. They mention the
continued redistribution of hydrogen from the interphase to the martensite even
after the martensite content rises above 30%. The exact role of the strain partition-
ing and H redistribution in DP steels with different martensite contents is still unknown.

Furthermore, the fact that AHSS often incorporate more strengthening mechanisms
at once means that it becomes difficult to isolate the effect of a single microstructural
feature on HE. The solution to this challenge would be to engineer a set of
iso-parametric steels that are mostly similar in microstructure except for a single
feature. Two types of iso-parametric steels will be discussed in this thesis: one
containing different types of precipitate, and another containing varying amounts
of martensite. This process starts with selection of alloys with carefully engineered
contents that allow for creation of iso-parametric microstructures.

1.2.2. TIME-DEPENDENT BEHAVIOUR

A challenge that was already touched upon is the effect of delayed onset cracking,
which is a result of the high diffusivity of hydrogen in ferrite even at room temperature.
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Hydrogen continuously diffuses throughout the microstructure, and can absorb into
or desorb from steels in a matter of minutes [30]. Knowing exactly where hydrogen
resides can only be determined through modelling, by post-mortem examination of
fracture features, or by analysing in a controlled environment that limits diffusion.
One way to circumvent the issue of hydrogen desorption from the steel is to perform
testing in-situ in a hydrogen charging environment, and developing a method of
analysis that does not allow for hydrogen desorption in between charging, testing, and
measuring. The type of charging environment significantly influences the resulting
hydrogen distribution in the steel. Choosing the right charging condition for the
envisioned research or application is therefore essential, but not straightforward since
their effects are not yet fully understood.

1.2.3. NANO-SCALE INTERACTIONS

Perhaps the most challenging aspect of HE research is the nanoscopic scale of the
interaction between hydrogen and steel. Observing hydrogen in its trapping location
is only possible in a handful of technologies such as Atom Probe Tomography [31]
or Secondary Ion Mass Spectrometry [32, 33]. However, these techniques require
lengthy sample preparation that excludes the possibility of observing quickly diffusible
hydrogen. Other techniques like Thermal Desorption Spectroscopy can be performed
quickly after charging, but only make macro-scale hydrogen content measurements
without a good spatial resolution [22, 34]. It is therefore very challenging to investigate
the interaction between hydrogen and dislocations, for example, since their interaction
is weak enough to allow hydrogen desorption at room temperature [35]. Nevertheless
dislocations play an important role in hydrogen trapping and hydrogen related
fracture mechanisms [25], which means they are an important area of research.

1.3. RESEARCH OBJECTIVES AND THESIS OUTLINE
This thesis presents a body of work aimed at understanding the effect of different
microstructural features of high strength steels on their susceptibility to HE. Firstly, a
theoretical background for the topic of HE is established in Chapter 2. For the rest
of this thesis, two microstructural features within a ferritic matrix were focused on
specifically: nano-precipitates and the martensitic phase. Iso-parametric steels were
created to investigate both features as independently of other features as possible.
The first is a single phase ferritic steel with nano-carbide precipitates to provide
strengthening while retaining ductility. The second is a DP steel consisting of a ferritic
matrix with varying martensite content. This thesis aims at understanding:

1. The effect of size and type of nano-precipitates on HE.

2. The effect of different charging environments on precipitate hydrogen trapping.

3. The effects of plastic deformation on HE.

4. The effects of different martensite concentrations on HE in DP steels.
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Research into the first two objectives was combined into two chapters in this thesis;
Chapter 3 and Chapter 4. Chapter 3 describes research performed on two types of
nano-precipitate, TiC and VC, which were varied in size and morphology through
annealing heat treatment. The precipitates present in a fully ferritic matrix provide
a good iso-parametric steel for isolated study and comparison of the precipitates
and their role on HE. In Chapter 3, these steels are charged with hydrogen in
high temperature hydrogen gas. The absorption of hydrogen into larger incoherent
precipitates is discussed, as well as its effect on HE of these steels. In Chapter 4, the
same steels are charged in-situ in a mechanical test setup including electrochemical
charging to charge smaller precipitates with hydrogen. The chapter discusses the
effect of smaller (semi)-coherent precipitates on hydrogen absorption and trapping,
and their effect on HE. It also compares the results to those obtained in the previous
chapter. The third objective is the topic of Chapter 5, which discusses the effects of
elastic and plastic strain on the hydrogen uptake and the related HE susceptibility
a TiC containing steel. The effect of martensitic content in DP steels has been
investigated in Chapter 6. Fractographic analysis is performed and related to
specific distribution of martensite within the microstructure, which affect HE behaviour.

Finally, the overarching findings regarding HE in AHSS are discussed in Chapter 7,
including relevant conclusions and recommendations for future research and steel
design for HE resistance.





2
THEORETICAL BACKGROUND

This chapter aims to establish a theoretical background for the phenomenon of
Hydrogen Embrittlement (HE), limiting itself to the topics that are required for
understanding the matter presented in this thesis.

2.1. HYDROGEN ABSORPTION
Hydrogen Embrittlement can occur when hydrogen is absorbed into a steel from any
kind of environment that holds hydrogen. Common examples are pipes used for high
temperature steam transport[36], linepipe steels for sour service conditions [37, 38] or
steels subjected to cathodic protection as a corrosion inhibition mechanism [39]. The
main environments for hydrogen absorption in AHSS could be either the hot rolling
and annealing, or coating steps during production, service conditions where high
temperature water vapour is present, or a fractured coating causing exposure to a
corrosive environment [14]. In lab settings, the amount of absorbed hydrogen can
be controlled by applying a cathodic potential or current to a steel submerged in
electrolyte, which changes the amount of hydrogen created on the surface. Popular
electrolytes are H2SO4 solutions to create a low pH solution and force hydrogen
reduction through Equation 2.1[40, 41], NaCl solutions for a neutral pH solution [42,
43], or NaOH solutions for a high pH electrolyte [42, 44, 45]. In case of neutral or high
pH environments, water reduction is used as the mechanism for hydrogen adsorption
instead of hydrogen ion reduction. This is shown in Equation 2.2.

H++e− ←−→ Hads (2.1)

H2O+e− ←−→ Hads +OH− (2.2)

Hads ←−→ Habs (2.3)

2Hads ←−→ H2(g) (2.4)

Hydrogen that is adsorbed onto the surface through electrochemical reduction can
either absorb further into the microstructure (Eq. 2.3) or recombine to form H2 gas
(Eq. 2.4). To avoid excessive gas formation, recombination poisons are added to
the electrolyte. The most popular recombination poisons in literature are thiourea

7
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(CH4N2S) [40, 46, 47] and ammonium thiocyanate (NH4SCN) [48–51]. When steels
come into contact with gaseous hydrogen, the equilibrium between both sides of
Equation 2.4 becomes important for hydrogen absorption. For diatomic gases such as
H2, this equilibrium was first described by Sievert [52] but further described by Hirth
[53] as

co = 0.00185
p

P exp
−3440

T
(2.5)

where co is the atom fraction of adsorbed atomic hydrogen at the surface, P is the
hydrogen gas pressure in bar or 0.1 MPa and T is temperature in K. When hydrogen
has sufficient time to homogenise throughout a specimen, the concentration c0 is
equivalent to the equilibrium concentration throughout the bulk, not taking into
account trapping by defects such as dislocations. It is possible to simulate gaseous
hydrogen charging through electrochemical means, but this is highly dependent
on parameters such as surface oxides, surface roughness and microstructure [42].
Electrochemical charging easily leads to hydrogen concentrations that require the
equivalent of several hundred bars of gas to reach, which generally leads to
significantly higher hydrogen contents after electrochemical charging [54].

Hydrogen that is absorbed into the microstructure preferentially occupies certain
sites. These sites are graphically represented in Figure 2.1 which shows the transition
from hydrogen adsorbed in surface sites in 2.1a towards different types of hydrogen
traps throughout the microstructure in 2.1b. A distinction is often made in literature
between two different kinds of traps. These are called strong and weak traps, deep
and shallow traps, or irreversible and reversible traps [25]. The depth, or strength, of a
trap is usually denoted by the energy level of the hydrogen in the trap relative to that
when it resides in an interstitial lattice site. This is visually represented in Figure 2.2.
There is no clear physical distinction between a shallow and deep trap. In practice,
however, a distinction is often made between reversible and irreversible traps at a
fixed trapping energy. Maroef et al. state a well-defined trapping energy of 60 kJ/mol
as the distinction between reversible and irreversible trapping [55]. Dadfarnia et al.
select a wider distinction by designating trapping energies of less than 30 kJ/mol as
reversible, and more than 60 kJ/mol as irreversible [56]. This is more in line with
findings by Castaño-Rivera et al. who calculated a threshold of 35 kJ/mol below
which traps are reversible, and 65 kJ/mol above which they are irreversible [57]. Some
microstructural features can have different trap energies that lie in between these two
values. The difference between specific features is discussed in Section 2.3.

2.2. MECHANISMS OF HYDROGEN EMBRITTLEMENT
Trapped hydrogen can damage the microstructure and cause embrittlement, but
the exact mechanism by which this happens is a topic of ongoing debate. Several
mechanisms have been proposed that either individually or simultaneously act to
cause embrittlement. The most relevant ones to this thesis are the following:
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Figure 2.1.: Graphical representation of different hydrogen traps in the microstructure
on a a) nano and b) microscopic scale. Adapted from [25].

Figure 2.2.: Representation of hydrogen trap depth [58]. E a, E b and E t are the
lattice activation energy, trap binding energy and trap activation energy,
respectively.

• Hydrogen Enhanced Decohesion (HEDE) is related most closely to the
macroscopic observations of HE. Troiano put forward the theory that interstitials
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of any kind, including hydrogen, can cause rapid delayed failure if a sufficient
incubation time and stress are present [59]. Oriani and Josephic postulate a
similar decohesion theory in 1974[60]. They find an intergranular (IG) fracture
surface of a high strength steel after they charge it with hydrogen and subject
it to high stress, showing that decohesion preferentially happens at grain
boundaries or other phase boundaries when a critical hydrogen concentration
is reached. The HEDE mechanism has been experimentally observed to cause
decohesion at grain boundaries in for example nickel [61], austenite [62] and
ferrite [63]. In high strength steels, HEDE is often found along grain phase
boundaries between martensite and austenite [64], martensite and ferrite [65],
but also within martensite grains along boundaries between α martensite and
strain induced ε martensite [66]. Grain boundary inclusions have also been
characterised as important sites for the onset of decohesion [22, 35, 67, 68].

• Hydrogen Enhanced Localised Plasticity (HELP) was first proposed by Beachem
in 1972 to explain dimples on the fracture surfaces of specimens fractured
in hydrogen environments [69]. Beachem states that "instead of hydrogen
locking dislocations in place, it unlocks them and allows them to multiply or
move at reduced stresses.". Proof of this model came in 1999 when Robertson
provided experimental evidence that introduction of hydrogen to a steel both
speeds up moving dislocations and unlocks dislocations that were previously
pinned [70]. Both effects were found to be reversible upon the removal of the
hydrogen, pointing to the influence of diffusible (reversibly trapped) hydrogen.
More recently, Martin, Robertson and Sofronis provided high resolution SEM
images of flat hydrogen related fracture surfaces, showing the presence of
dimples on a much smaller scale than in normal ductile fracture, supporting
the HELP mechanism of fracture [71]. They also show the emergence of
dense dislocation structures immediately beneath a fracture surface that were
previously thought to be a result of the brittle HEDE mechanism, not involving
dislocation movement. Hwang and Bernstein found that dislocations play a role
in transporting hydrogen [72].

• Adsorption Induced Dislocation Emission (AIDE) was suggested by Lynch after
Clum coupled the adsorption of hydrogen to the nucleation of dislocations
at the surface in 1975 [73–75]. Higher hydrogen concentration in the surface
(and sub-surface) layers compared to the bulk facilitates dislocation nucleation,
from which Lynch argues that these dislocations can easily move away from
a crack tip or assist in causing nano-dimples in front of a crack tip. Lynch
argued that because of the similar nature of the AIDE and HELP mechanisms,
relative contributions of HELP and AIDE could not be distinguished by electron
microscopy techniques of the authors trying to disprove the theory [71]. The
AIDE model is still considered relevant in recent literature, but is generally
regarded as being of less importance to hydrogen related fracture than the
HELP and HEDE mechanisms.

• Hydrogen Enhanced Strain Induced Vacancy formation (HESIV) was proposed
by Nagumo in 2004, as a model that shifts the focus from hydrogen as a cause
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for fracture to hydrogen as a cause for degradation of material properties which
leads to accelerated fracture [76, 77]. This model describes the stabilisation
and decreased mobility of strain-induced vacancies in the steel matrix, and
the reduced formation energy of vacancies when combining with hydrogen.
This has been experimentally shown by for example McLellan and Xu [78].
The mechanism can occur in combination with HELP and AIDE. A larger
concentration of vacancies at increasing strain is also mentioned as a reason for
the increased uptake of hydrogen by steels undergoing plastic strain.

In more recent literature, it has come to light that synergistic action of multiple
mechanisms is common. An overview is given in Figure 2.3 which was made by
Wasim et al. in order to unify different embrittlement models [79]. This figure,
describing their ’HELP + HEDE’ model, shows the expected fracture surfaces and the
dominance of certain fracture mechanisms as a function of hydrogen concentration.
It should be noted that other ductile mechanisms such as AIDE and HESIV are not
excluded by this model, but rather incorporated in the HELP term. At first, low
hydrogen concentrations do not allow for sufficient hydrogen localisation to activate
HEDE at interfaces, but effects of the HELP model can still be observed (2.3b). Ductile
Microvoid Coalescence (MVC) fracture can be observed, but the voids are smaller
compared to those without hydrogen. Higher hydrogen concentrations (2.3c) will
cause appearance of Transgranular (TG) Quasi-Cleavage (QC) fracture surfaces that
show first signs of brittle fracture but are still dominated by HELP and other ductile
mechanisms. It is only after a certain ’critical H concentration’ that brittle HEDE
type fracture starts becoming dominant (2.3e). QC fracture starts appearing more
frequently than MVC on the fracture surface, and a sharp drop in toughness is found
[36]. If the hydrogen concentration is increased further, Intergranular (IG) fracture
facets starts appearing that are a clear indication of HEDE fracture (2.3f). At the
highest hydrogen concentrations, ductile mechanism related fracture surfaces are no
longer observed (2.3g).

Although this model describes the overall appearance of fracture surfaces
in embrittled steels, it does not give quantitative values for critical hydrogen
concentrations. The term ’critical hydrogen concentration’ has been used differently
in literature, meaning either the general concentration in the bulk material or the
localised concentration at a defect or a crack tip. The overall hydrogen concentration
in the microstructure is measured most experimentally and is therefore often used as
the benchmark for the onset of brittle fracture. The local hydrogen concentration at a
defect, however, provides a more realistic insight into the nature of the synergistic
action between multiple mechanisms. The critical local concentration necessary to
initiate brittle fracture will differ depending on the nature of the location or trap,
whether it is for example a grain boundary, a crack tip or the interface between
a precipitate and the matrix. The nature of the trap will both govern how much
hydrogen can be stored there and what the local critical hydrogen concentration is to
initiate brittle fracture governed by the HEDE model.
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Figure 2.3.: The HELP + HEDE model as discussed by Wasim et al. [79].

2.3. INFLUENCE OF MICROSTRUCTURAL FEATURES
AHSS can feature a large variety of microstructural features that give them their range
of mechanical properties. Needless to say, varying the microstructural features will
alter a steel’s response to hydrogen charging. An overview of the trapping energies
of different microstructural features is given in Table 2.1. Not all features will be
discussed here, but emphasis will be given to features that are important for the
further chapters in this thesis.

2.3.1. DISLOCATIONS

Hydrogen trapping in dislocations was recognised very early on in hydrogen
embrittlement research, as a large contributor to increased hydrogen uptake after
plastic deformation, next to vacancy trapping [80–82]. Nagumo, Takai and Okuda,
for example, perform a thermal desorption study on ferritic and eutectoid steels
after hydrogen charging. They conclude that annealing reduces the amount of
hydrogen absorbed in a steel compared to a cold drawn condition. Since vacancies
and dislocations annihilate at different temperatures, the authors of this study
manage to distinguish between trapping in these two features. The strength of



2.3. INFLUENCE OF MICROSTRUCTURAL FEATURES

2

13

a dislocation trap can be calculated accordingly, and is reported to be around
24 kJ/mol [60, 81, 83]. Physical presence of hydrogen at dislocation cores was
shown using atom probe tomography by Chen et al [84]. Ferreira, Robertson
and Birnbaum experimentally show the reduction of elastic interactions between
dislocations and other obstacles by introducing hydrogen into transparent TEM films
and observing dislocation movement [85]. They observe the movement of stationary
dislocations upon introduction of hydrogen, where the dislocations move closer
towards each other and to a grain boundary in stainless steel. Closer spacing of
dislocations causes a more concentrated region of plastic deformation at a similar
amount of dislocations. Effect of this are reduced void size in ductile fracture and
a reduced plastic zone size ahead of a crack tip, which are described in the HELP model.

2.3.2. GRAIN BOUNDARIES

Hydrogen trapping in grain boundaries is a mechanism that has often been observed
experimentally as the reason for characteristic intergranular brittle fracture of steels in
hydrogen. One of the reasons for the increased HE susceptibility of higher strength
steels is the smaller grain size, and as such, higher grain boundary density [86].
However, not all boundaries act as similar traps. For example, Maroef et al. discuss
different measurements of grain boundary trapping energy which lie in between
18 and 60 kJ/mol [55]. This means some grain boundaries can even be classified
as strong irreversible hydrogen traps. In general, grain boundaries with a higher
misorientation, such as random boundaries, have a higher trapping energy and are
more likely to embrittle. Special Coincident Site Lattice (CSL) boundaries such as Σ3
boundaries, often found in the form of twins [87], are weaker hydrogen traps and as
such are less susceptible to hydrogen embrittlement, as shown by Bechtle et al. and
Kwon et al [87, 88]. These authors managed to decrease the HE susceptibility of
nickel and TWIP steel, respectively, by increasing the fraction of special boundaries.

2.3.3. DIFFERENT PHASES

HEDE fracture on grain boundaries if the boundary separates two different phases,
such as martensite and ferrite [15] or martensite and austenite [64]. Although these
phase boundaries do not inherently embrittle due to hydrogen accumulation, the
difference in strength between the two phases can cause strain partitioning in
the softer phase which increases local dislocation numbers and gives rise to void
formation on the grain boundary, which also results in intergranular cracking. The
difference between phases is most pronounced in DP steels consisting of soft ferrite
and hard martensite. The different hardnesses of the ferritic and martensitic phases
result in a pronouced strain heterogeniety upon straining. Because of ferrite’s low
yield strength, dislocation creation starts in this phase and dislocation pileup is
observed at ferrite/martensite (F/M) interphase boundaries. The martensite only
starts plastically deforming at much higher strains. Even within the ferritic phase, the
plastic deformation is heterogenious, as noted by Korzekwa et al. who observed
a much higher dislocation density near F/M interphases than within the internal
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regions of ferrite grains [89]. Ghadbeigi et al. measured the local strain in ferrite
grains using Digital Image Correlation (DIC) and measured a local strain of up to
120% in the ferrite near F/M interphases [90]. Wang et al. studied the HE of DP steels
with varying martensite content [28]. Specimens with a martensite content below
40% fracture according to the ductile microvoid coalescence (MVC) mechanism. At
martensite contents over 40%, fracture surfaces slowly move towards transgranular
quasi-cleavage (QC) characterised by flat facets with a rough appearance, while the
specimen with the highest martensite content of 95% shows clear indication of
intergranular (IG) fracture. This points to enhanced hydrogen uptake for DP steels
with higher martensite contents, as per the HELP + HEDE model, and a more brittle
fracture behaviour. This phenomenon is explained by Momotani et al. who study
hydrogen fracture in a low carbon martensitic steel [91].

2.3.4. INTERMETALLIC PRECIPITATES

A specific focus of this thesis is the effect of intermetallic precipitates on the HE
behaviour of high strength steels. Precipitates are particles of a second phase
within the matrix of elements that are in solid solution at higher temperatures but
precipitate upon cooling of a steel [92]. Precipitate sizes range from the nanometer to
micrometer scale. It was discovered early on that precipitates can have a range of
trapping energies, depending on their size and coherency. Pressouyre describes the
trappings created by TiC, Fe3C and MnS precipitate interfaces as "Irreversible, gets
more reversible as the particle is more coherent" [83]. The trapping energy changes
because the interfaces get more coherent as the particle size decreases [93]. This was
observed by Wei and Tsuzaki through TEM observations [27]. They also observed that
the flat and curved sides of plate-like TiC precipitates had different coherencies, and
interacted with hydrogen differently. An increase in precipitate size means a decrease
in interface area for a constant volume fraction of precipitates in the specimen.
However, the amount of traps in the same interface increases when the particles
increase in size. Moreover, hydrogen is also trapped in the strain field that arises
around the precipitate because of lattice distortion. These effects counteract each
other and cause an independence on interfacial area [22]. Recent studies have been
able to observe hydrogen at the atom level through techniques such as Atom Probe
Tomography (APT) [31] and Small Angle Neutron Scattering (SANS) [94]. Ohnuma
et al. measure the distribution of hydrogen in a steel with NbC nanoprecipitates
using SANS, and conclude that the hydrogen is trapped at the first few atomic layers
outside of the particle [94]. Chen et al. use APT to observe the distribution of H in
and around VC precipitates [31]. They conclude that the deuterium (as a substitute
for hydrogen) in their experiment is mainly located inside the bulk of the precipitates
themselves, which is a possibility that Wei and Tsuzaki also discussed [27]. Whether
precipitates are more likely to store hydrogen in their bulk or on the interface depends
on multiple factors, including a saddle point energy that hydrogen atoms have to
overcome before they can progress into the precipitate bulk [27]. Ab initio Density
Functional Theory (DFT) methods are extremely useful for calculating the hydrogen
trapping energies for different locations inside and around precipitates [27, 95, 96].
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Table 2.1.: Comparison of different trapping densities, both experimentally and
numerically obtained, found in literature.

Type of trap Trapping energy Steel Reference
[kJ/mol]

Matrix elements

Interstitial 7 Ferrite [55]
55 Austenite [97]

Vacancy with one or two atoms 60.7 Ferritic iron [97, 98]
Vacancy with 3 or more atoms 41.5 Ferritic iron [97, 98]
Dislocation 24 Fe-Ti-C alloy [83]

Grain boundaries

Ferrite-ferrite boundaries
24 - 33 Low alloy steel [35]
18 - 59 Ferritic iron [55]

Precipitates

Coherent TiC 42 - 59 HSLA [24, 99, 100]
Semi-coherent TiC 55.8 Low alloy steel [27]
Incoherent TiC 53 - 145 Low alloy steel [22, 101, 102]
NbC bulk 63 - 68 Low alloy steel [35]
NbC interface 23 - 48 Low alloy steel [35]
Coherent VC 25 - 60 Low alloy steel [26, 96, 103, 104]
Semi-Coherent VC 52 - 58 HSLA [105]

2.4. INFLUENCE OF EXTERNAL FACTORS
Hydrogen Embrittlement is a consequence of the interaction between hydrogen and
the microstructure, but the extent to which it manifests can be influenced by external
parameters, that are not material characteristics.

2.4.1. SURFACE ROUGHNESS

The effect of surface roughness was studied by Van Eeckhout et al. who found that
a higher roughness increases the likelihood of H2 bubble formation at the surface,
which locally inhibits hydrogen reduction [106]. A rougher surface finish (e.g. ground
instead of polished) moreover creates a higher actual surface area and leaves more
deformation in the sub-surface layers. These layers will contain a high density of
dislocations that locally elevated trapped hydrogen, which decreases the diffusion of
hydrogen through the surface layers to the bulk.
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2.4.2. CHARGING ENVIRONMENT

The relation between the charging environment and the resulting hydrogen
distribution in the steel is not straightforward to obtain. The most important factor
to consider is the distinction between gaseous and electrochemical charging. Zhao
et al. studied the effects of the charging method on the hardening or softening of
a low carbon steel [54]. The authors performed electrochemical (E) charging in
H2SO4 using As2O3 as a recombination poison, as well as gas (G) charging at 10
MPa, or 100 bar, and 85 °C. The hydrogen concentrations were measured afterwards
using Thermal Desorption Spectroscopy (TDS). Their findings are shown in Figure
2.4, of which Figure 2.4a shows the TDS curves for the total amount of hydrogen
for samples charged with both methods. The concentration after electrochemical
charging is significantly higher than that after gaseous charging (3.94 vs 0.24 wppm).
Furthermore, the relative distribution of hydrogen between shallow and deep traps
(lower and higher temperatures) differs between charging methods. In electrochemical
charging, the supply of hydrogen from the surface regions is large and deep as well
as shallow traps will be filled. In gas charging, the supply is lower, which results
in deep traps not being completely filled and bulk hydrogen only being present in
small concentrations as can be seen in the inset in Figure 2.4a. As a result of the
high absorption rates during electrochemical charging, it could be expected that a
hydrogen gradient exists with decreasing concentration further into the specimen
until full saturation is reached. Zhao et al. tested this by grinding away the top half of
an electrochemically charged specimen before performing TDS on the remaining half.
Figure 2.4b shows that the concentration of weakly trapped hydrogen in the half
sample is indeed smaller when compared to a full sample. It should be noted however,
that the time spent grinding as well as any heat generated during the process would
also lead to hydrogen desorption from the half-thickness specimen. It can therefore
not be said with certainty that their difference in concentration profile is exclusively a
result of sample thickness. As long as a gradient does exist, however, it could lead to
a different extent of embrittlement in the surface compared to bulk areas of a steel.

2.4.3. STRESS AND STRAIN CONCENTRATIONS

The presence of geometrical changes like sharp corners or holes can significantly
alter the behaviour of a steel under load. These geometrical changes can locally
elevate the stress from its nominal levels and are therefore called stress concentrators.
The HE of steels can increase in the presence of stress concentrators like notches,
and crack tips as an extrapolation of notches, and can cause a further deterioration
of mechanical properties beyond that resulting from just the stress concentration.
Hardie and Su’e studied the effect of circumferential notch geometries on the HE
behaviour of a low alloy steel [107]. When tested in a hydrogen environment, the
Notched Tensile Strength (NTS) dropped significantly compared to that in air. The
strength of their specimens decreases with increasing stress concentration factor K t,
which is defined as the local stress level at the notch divided by the nominal stress far
away from the notch. Figure 2.5 shows data from a study by Wang, Akiyama and
Tsuzaki [108]. The authors modelled the local hydrogen concentrations ahead of the
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Figure 2.4.: TDS findings from a study by Zhao et al. who compared electrochemical
(E) and gaseous (G) charging of hydrogen into low carbon steel [54].
a) Comparison of overall H concentrations between the two charging
methods and b) comparison of a whole and half thickness specimen
charged electrochemically.

notch at a stress of 0.9 times the break stress, and normalised them compared to bulk
concentrations. A higher K t creates a more localised zone of hydrostatic stress, of
higher instensity, that attracts more hydrogen. The notch concentrations therefore
become much higher at a K t of 4.9 compared to 2.1 as a result of the increased local
hydrostatic stresses, which lowers the NTS of the specimen. Even when a sample is
pre-cracked to a theoretical K t of infinity, the strength does not decrease further.

Figure 2.5.: The influence of crosshead speed (CHS) on the local hydrogen
concentration ahead of the notch, as studied by Wang, Akiyama and
Tsuzaki at 0.9 times the break stress of the sample [45]. (a) was calculated
for K t = 4.9 and (b) for K t = 2.1.

Although local microstructural effects like vacancy creation upon deformation
were not included in their model, the trend this figure presents is expected to be
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present at all regions of hydrostatic stress. Locally high stress concentrations that are
elevated above the yield strength will create zones of localised plasticity, or strain
concentrations. High dislocation densities in these zones allow for higher diffusible
hydrogen concentrations, which will lead to earlier fracture through the HELP, HESIV
and AIDE mechanisms and cause exacerbated HE [109].

Figure 2.6.: Tensile results obtained by Momotani et al. at different strain rates in
hydrogen charged low-carbon martensitic steel [91].

2.4.4. STRAIN RATE

Figure 2.5 also shows the effect of crosshead speed, or strain rate, on notched AISI
4135 steel samples tested by Wang, Akiyama and Tsuzaki [108]. After modelling
the hydrogen diffusion and concentration during a tensile test, it can be seen
that a lower strain rate leads to much higher local concentrations of diffusible
hydrogen, which corresponded to more embrittlement in the samples. The effect
of strain rate in hydrogen embrittlement is very pronounced in all steels. This
is an effect that is usually caused by hydrogen diffusion during the time spent
under load, whether it be in laboratory testing or during the lifetime of a part.
Momotani et al. characterise the effect of strain rate on the tensile properties
of a lath martensitic steel [91]. They find that tensile tests performed at a
low strain rate of 8.3*10-6s-1 cause a greater loss of ductility in the steel than
tests performed at 8.3*10-1s-1. At the lower strain rate, hydrogen has the time
to diffuse towards critical areas in the microstructure, which are Prior Austenite
Grain Boundaries (PAGBs) in this case. The PAGBs are weakened and cause
intergranular fracture. At higher strain rates, hydrogen is still present homogeneously
throughout the microstructure and fracture is largely transgranular. Figure 2.6 shows
the tensile curves obtained by Momotani et al. Hydrogen embrittlement is most
prevalent at lower strain rates where eventually fracture happens before the yield point.

Because of this influence of the strain rate on HE of steels, standards like ASTM
G142 list acceptable ranges of strain rates to test for hydrogen embrittlement [110], so
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that the extent of HE is not underestimated. For fatigue testing, this extends to a
sufficiently low frequency and loading rate to allow for hydrogen diffusion towards
crack tips.

2.5. SUMMARY AND CONCLUSIONS
The chapter has discussed the different aspects of hydrogen embrittlement research
that are required as a background for understanding this thesis. HE is a phenomenon
that acts over different time- and length scales, and is thus influenced by a range of
microstructural features as well as external parameters. The contents of this chapter
can be briefly summarised as follows:

1. AHSS are especially susceptible to HE because they contain a large amount
of trapping features, features with a low threshold concentration such as
martensite boundaries, and have a low crack propagation resistance. Most
features are interlinked, meaning one cannot be changed without affecting
others. This makes it especially difficult to find appropriate mitigation measures
for these steels. Attempts have been made for specific microstructures, but
none have so far been successful in fully eliminating HE.

2. Almost any feature has the ability to trap hydrogen with a certain strength and
cause HE. This strength is called the trap density, or the trapping energy of
the feature. Weak traps are also called reversible traps, and hydrogen trapped
within them is called diffusible hydrogen, since they have enough energy to
escape from the traps and diffuse throughout the steel at room temperature.
Strong traps are called irreversible because the hydrogen within them is only
released at elevated temperatures. The value that separates strong and weak
traps is approximately 30 - 60 kJ/mol.

3. Hydrogen fracture is initiated when a microstructural feature reaches a
critical hydrogen concentration. Often, these features are interfaces between
phases, grains, precipitates or inclusions. What the required local threshold
concentration of hydrogen for a particular feature is, depends on the feature
and the stress state. High tensile stresses locally increase the hydrogen
concentration by attracting diffusible hydrogen as a result of either stress
driven diffusion, dislocation movement or vacancy creation and coalescence.
Stress concentrations like notches, crack tips, or areas around precipitates or
inclusions have a locally increased stress and are therefore preferred sites for
crack initiation.

4. Crack propagation in a hydrogen loaded steel is often a combination of brittle
and ductile-like mechanisms. Therefore the resulting fracture is often called
’Quasi-Cleavage’ (QC). The crack propagation path is highly dependent on local
stress stress state, grain orientation, grain boundary character and the presence
of hydrogen trapping features. The fracture mechanism shifts between ductile
and brittle mechanisms depending on whether the local critical hydrogen
concentration is sufficient to initiate brittle mechanisms.
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5. The distribution of hydrogen through the steel, the hydrogen concentration
profile, is dependent on the charging method, time and the temperature.
Differences in these factors can lead to different relative occupations of strong
and weak traps, which can change the HE behaviour of a specific microstructure.
When characterising the HE behaviour, appropriate charging conditions should
be chosen.



3
HYDROGEN TRAPPING AND

EMBRITTLEMENT OF

NANO-CARBIDE STEELS AFTER

GASEOUS CHARGING

Tim BOOT, Athira SURESH KUMAR, Santhana ESWARA,
Pascal KÖMMELT, Amarante BÖTTGER, Vera POPOVICH

This work studies the effect of TiC and VC precipitate sizes on hydrogen trapping
and embrittlement. Two experimental ferritic HSLA steels containing either TiC or
VC carbides for precipitation strengthening are annealed in nitrogen and hydrogen
gas. This results in a hydrogen uptake of up to 0.91 and 0.44 wppm in the TiC
and VC steels, respectively. TEM and TDS analysis indicate that semi-coherent TiC
particles trap hydrogen in misfit dislocations with an activation energy of 43 kJ/mol.
Coherent VC particles are suggested to trap hydrogen in interface carbon vacancies,
with an energy between 53 and 72 kJ/mol. Carbon vacancies are the likely trapping
site in incoherent precipitates, where SIMS imaging confirms that incoherent TiC
precipitates trap preferentially near the interface, whereas incoherent VC precipitates
trap throughout their bulk. Neither alloy is embrittled in SSRT tests after hydrogen
absorption, which shows that these precipitates can be used as both a hydrogen sink
and a strengthening mechanism in steels.

This chapter has been published in the Journal of Materials Science 59, 18 (2024) [21].
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3.1. INTRODUCTION
The automotive industry has been on the forefront of the search for new high
strength steel grades for decades. With the development of third generation Advanced
High Strengh Steels (AHSS), the industry seeks to combine high strength with high
ductility at a low cost. Doing so allows for creating more lightweight vehicles in
order to reduce CO2 emissions without compromising on passenger safety [3, 4, 6, 7].
However, AHSS are especially vulnerable to Hydrogen Embrittlement (HE) because
their microstructural features, such as high grain boundary densities, interphase
boundaries and strain induced martensite are significantly affected by hydrogen
[12–16]. In the worst case, HE can manifest itself as sudden premature failure of parts.

One possible solution to HE that has received much attention is the use of carbides
precipitated in the matrix as both a strengthening mechanism and a trap for hydrogen
[22, 27, 34, 67, 100, 105, 111–113]. Carbides are associated with high activation
energies, E A, for hydrogen to leave specific traps and occupy different sites [58]. High
activation energies decrease the overall concentration of diffusible hydrogen, which
has been shown to be the main contributor to HE because it can diffuse towards
critical areas in the microstructure around room temperature [34, 105, 111, 114, 115].
These critical areas can, for example, be interfaces [65] or crack tips [116], where the
hydrogen contributes to crack initiation or growth, resulting in HE. Hydrogen traps
associated with precipitates have been shown to have a wide range of activation
energies. These vary not only between different precipitate types, but also within each
type, predominantly with the precipitate size and as a consequence its coherency
with the matrix.

Two of the most frequently studied precipitate types are titanium and vanadium
carbides. Table 3.1 lists several values for hydrogen activation energies associated with
different locations in these precipitates. TiC precipitates that are coherent with the
matrix were experimentally found to have the lowest activation energies, ranging from
42 to 59 kJ/mol, which are attributed to traps at the interface between coherent TiC
and the matrix [24, 99]. When the TiC precipitates reach a size of approximately
4.2 nm, the lattice mismatch between the precipitate and the matrix necessitates
the creation of misfit dislocations on the precipitate/matrix interface [117]. These
dislocations can also trap hydrogen, and have been shown both experimentally
and numerically to have activation energies very similar to the coherent interface
[27, 118]. Eventually precipitates grow to become fully incoherent with the matrix.
These TiC precipitates have been shown to strongly trap hydrogen [112], with an
experimentally measured activation energy of up to 145 kJ/mol [22]. Debate is
still ongoing, however, about where exactly hydrogen is trapped in these carbides.
Atom probe observations by Takahashi et al. suggest trapping at the interface of
semi-coherent carbides [119]. Interface trapping is also suggested by several other
authors in studies on larger incoherent precipitates [22, 24]. These authors observe
a reduction in trapped hydrogen with increasing precipitate size as a result of a
reduction in total interface area. However, Wei et al. instead postulate that the
amount of hydrogen trapped in TiC corresponds to their total volume [27]. This last
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finding is supported by a recent study by Vandewalle et al. who assume trapping to
happen mainly at carbon vacancies in the bulk of incoherent TiC precipitates based
on the larger equilibrium C-vacancy content in the bulk relative to the interface [112].
Numerical studies agree that C-vacancies in bulk TiC form good hydrogen traps, with
activation energies ranging from 105 to 113 kJ/mol [96, 120]. Clearly, further investi-
gation is required to identify the actual trapping site of H in incoherent TiC precipitates.

For VC precipitates there is more consensus on the nature of hydrogen trapping.
Malard et al. performed neutron scattering experiments that suggest hydrogen
trapping inside precipitates rather than at the interface [113]. This is confirmed
by atom probe analysis that Takahashi et al. performed [26]. They conclude that
hydrogen is stored inside the carbon vacancy on the coherent interface of small VC
precipitates and find an activation energy of 60 kJ/mol. The same trapping site has
been calculated numerically by several authors who find activation energies between
37 and 56 kJ/mol [103, 104]. Incoherent vanadium carbides have been shown to have
an abundance of carbon vacancies, and in fact often have a different stoichiometry
such as V4C3 or V6C5 [121, 122]. This abundance of vacancies creates many possible
sites for hydrogen trapping. Kawakami and Matsumiya calculate an activation energy
of 116 kJ/mol [95] for C-vacancies in incoherent vanadium carbides, which is a high
value compared to recent studies that find between 3 and 36 kJ/mol [96, 120, 123].
These values are rather low, but could be improved by doping the precipitates with
transition metals [124]. On the other hand, an experimental study by Depover et al.
attributes activation energies of 62 - 67 kJ/mol to the same traps [105]. Overall, the
amount of studies in literature that focus on hydrogen trapping in vanadium carbides
is rather limited compared to those that study titanium carbides. To the best of the
authors’ knowledge, no direct evidence of trapping in incoherent vanadium carbides
has been found.

Needless to say, titanium and vanadium carbides provide an interesting opportunity
for study of their effects on HE. Several approaches have been taken in the literature.
The most common approach is to charge a steel containing the carbides of interest
using electrochemical methods at room temperature [100, 102, 105, 111]. These
studies, however, fail to charge hydrogen into the bulk of incoherent precipitates since
the incoherent interface creates a diffusion barrier that cannot be overcome at room
temperature [22, 27, 105]. The alternative is to charge steel with hydrogen during an
annealing treatment in a hydrogen containing atmosphere. This charging method
is especially relevant to study hydrogen absorption during steel production stages
such as hot-rolling or galvanizing, as well as the performance of steels in hydrogen
storage and transport applications. However, studies that used this method of high
temperature gaseous hydrogen charging mostly performed them only on large semi-
or incoherent carbides [22, 100, 112]. While these precipitates enhance hydrogen
trapping capacity, smaller carbides are preferred as a strengthening mechanism in
steels [26, 64, 100, 126], so a trade-off between precipitate size and trapping capacity
is likely required to achieve the best overall performance. A clear knowledge gap
exists on the hydrogen trapping capacity of coherent or semi-coherent carbides and
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Table 3.1.: Overview of different activation energies obtained from literature, converted
to kJ/mol (1 eV = 96.5 kJ/mol).

Carbide Coherency and type of
trap

EA [kJ/mol] Type of study

TiC

Coherent precipitates 42 - 59 [24, 99, 100] Experimental

Coherent (Interface C-
vacancy)

99 - 103 [96, 104] Numerical

Semi-coherent 55.8 [27] Experimental
(Interface dislocation) 48 [118] Numerical

Incoherent precipitates 53 - 145 [22, 101, 102] Experimental

Bulk C-vacancy
105 - 113 [96, 120] Numerical
80 - 90 [27, 112] Experimental

VC

Coherent 37 - 56 [96, 103, 104] Numerical
(Interface C-vacancy) 60 [26] Experimental

Semi-coherent (Interface) 52 - 58 [105] Experimental

Bulk C-vacancy
3 - 116 [95, 96, 120, 123,
125]

Numerical

62 - 67 [105] Experimental

the effect thereof on the HE of their steels after high temperature charging. Therefore,
this work aims to investigate the effect of the precipitate size and coherency on the
hydrogen absorption and embrittlement of the TiC and VC steels after hydrogenation
in a high temperature gaseous hydrogen environment.

3.2. MATERIALS & METHODS
Two experimental single-phase ferritic High Strength Low Alloy (HSLA) steels
containing either titanium or vanadium carbides, were cast by Tata Steel in IJmuiden
for use in this research. The compositions, shown in Table 3.2, were chosen for
maximum precipitation of TiC and VC. The Ti:C and V:C atomic ratios were matched
as close to 1:1 as possible to achieve this. The As-Received (AR) materials from Tata
Steel were fully austenized before being hot rolled to a thickness of 3.5 mm. The
slabs were cooled quickly to 630 °C after hot rolling, then subsequently cooled in a
furnace to replicate slow coil cooling speeds. Hot rolling took place entirely in the
austenitic region (above Ar3) with the austenite-to-ferrite phase transformation and
precipitation nucleation and growth in the ferrite phase starting from the fast cooling
and continuing up to the initial residence period in the furnace set at 630 °C. Both
microstructures are fully ferritic except for the second phase precipitates.

Figure 3.1 shows TEM images of the TiC and VC precipitates in AR state. The
TiC precipitates were found to be platelets with an average width of 6 nm and
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a thickness of 2 nm. The VC precipitates also appear as platelets, with a similar
width but a smaller thickness of about 1 nm. An overview of the size distribution
of precipitates in both compositions is given in Figure 3.2. As can be observed
in this figure, some larger precipitates were already present in both steels, but
they only occur sparingly. Furthermore, both these precipitate types were found to
comply with the Baker-Nutting orientation relationship (OR) ({001}carbide // {001}ferrite

& <110>carbide//<010>ferrite) between the precipitate and the matrix.

Figure 3.1.: TEM images of small precipitates in the as-received a) TiC and b) VC
alloys. c) and d) show the Fast Fourier Transform (FFT) image analyses of
the images in a) and b), respectively. Zone Axis <110>carbide//<010>ferrite

was used, which shows that {001}carbide // {001}ferrite, according to the
Baker-Nutting Orientation Relationship (OR).

The steels were subjected to four different annealing heat treatments for this

Table 3.2.: Summarised alloy contents of the TiC and VC alloys in weight %,
determined using X-Ray Fluorescence (XRF).

Alloy type C Mn Al Si Ti V Trace elements Balance Fe

TiC 0.07 1.7 0.01 0.01 0.30 - 0.04 97.8
VC 0.07 1.8 0.01 0.02 - 0.31 0.03 97.8
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Figure 3.2.: Normalised TiC and VC precipitate size distributions in the AR alloys. Sizes
are the average (

√
leng th ∗wi d th) sizes of platelet shaped precipitates.

research. The main reason for these treatments was to grow the precipitates. Austenite
start temperatures (A1) were determined as 729 °C for the TiC alloy and 696 °C for the
VC alloy using the Thermo-Calc software package [127]. Ioannidou et al. studied the
same VC composition, and find a similar A1 temperature as well as no austenite
formation after holding at 650 °C [128]. Following their approach, and in order limit
grain growth and possible precipitate dissolution, heat treatment temperatures were
kept below the A1 temperatures and all heat treatments were performed at 700 °C for
the TiC alloy and 650 °C for the VC alloy. To grow the precipitates to different sizes,
heat treatment durations of both 2 h and 20 h were used. These times exclude a 5
°C/min heat up and a furnace limited cooling down (± 1 °C/min). The second reason
for utilising heat treatments was to charge the precipitates with hydrogen, to which
end both heat treatments were also performed in a pure hydrogen atmosphere. The
short 2 h heat treatments were performed in H2 gas for the full duration. The long 20
h treatments were performed in N2 for 18 h, followed by H2 for 2 hours. Only the last
2 hours and the cooling down were performed in hydrogen for these treatments to
exclude any effect of the gas on precipitate growth during the first 18 h. Lastly, both
heat treatment durations were also performed in pure N2 as a reference. Table 3.3
gives a concise overview of the heat treatments and how they will be designated
throughout this paper. Before heat treatment, the surface of each specimen was
sanded up to P1000 grit to create a repeatable surface finish.

3.2.1. MICROSTRUCTURAL CHARACTERISATION

After heat treatment, some specimens were prepared for microstructural analysis.
Samples were cut and polished up to a 1 µm diamond finish for hardness
measurements and Scanning Electron Microscopy (SEM). Macro-hardness mea-
surements were performed on an automatic Vickers hardness testing machine.
The HV2 was recorded for all heat treatment conditions, where indents were
at least 100 µm in size diagonally to be spaced over multiple grains. Extra
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Table 3.3.: An overview of the different heat treatments used in this study and their
designation throughout this article. All heat treatments were performed at
700 °C for the TiC alloy and 650 °C for the VC alloy.

Heat Treatment Designation

2 h in N2 SN (short nitrogen)
2 h in H2 SH (short hydrogen)
20 h in N2 LN (long nitrogen)
18 h in N2 + 2 h in H2 LNH (long nitrogen + hydrogen)

OPS 0.04 µm finishing was performed for Electron Backscattering Diffraction
(EBSD) measurements. EBSD analysis was used to obtain an accurate grain size
distribution, where only boundaries with an angle of more than 5 degrees were
considered. Analysis was performed on a Thermo Fisher Scientific™Helios™G4
PFIB UXe SEM equipped with an EBSD sensor. In each case, mappings were
made at an accelerating voltage of 20 kV, a current of 3.2 nA and a step size of 0.085 µm.

Furthermore, TEM analysis was used to characterise the precipitates in both
microstructures. Specimens were manually polished to 30 µm thickness, followed by
Ar+ ion milling to electron transparency. A Thermo Fisher Scientific™Cs corrected
cubed Titan™was used, operating at 300 kV. For elemental analysis in STEM mode,
the super-X detector in the ChemiSTEM™configuration was employed, and TEM
images were collected on a Ceta™16M camera.

Lastly, SIMS imaging was employed to observe hydrogen trapping in larger TiC
and VC precipitates present in the LNH heat treatment conditions. For SIMS
analysis, samples of 1 cm2 cross-sectional area were embedded in conductive
resin and polished up to an OPS 0.04 µm finish. SIMS analysis was carried out
using high vacuum SCIOS-SIMS which is an instrument based on Thermo Fisher
Scientific™FIB-SEM platform with a magnetic sector mass spectrometer [32]. The
mass spectrometer was developed in-house by Advanced Instrumentation for Nano
Analytics (AINA) group of Luxembourg Institute of Science and Technology (LIST). The
instrument uses 69Ga+ primary ions and has a mass resolving power (M/∆M) of 400
[32]. It uses four channeltron detectors for mass filtered signal detection. In this work,
the samples were biased to -500 V in negative mode to extract 1H- secondary ions and
to +500 V in positive mode to extract 48Ti+ and 51V+ secondary ions from the sample.
The FIB was operated at an acceleration voltage of 30 kV and probe current of 50 pA.
The background intensity in 1H- SIMS images is slightly high due to the high vacuum
(not UHV) condition of the instrument which results in the presence of higher
amounts of hydrogen in the residual gas inside the chamber (e.g., humidity) [33].
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3.2.2. THERMAL DESORPTION SPECTROSCOPY

Thermal Desorption Spectroscopy (TDS) equipment was used to analyse the amount
of absorbed hydrogen in the specimens. This was done on a Bruker G8 Galileo
device equipped with an IR07 infrared furnace that allows for custom temperature
ramping while continuously measuring the desorbed hydrogen flux using a thermal
conductivity detector. TDS was performed on steel specimens of 2 x 20 x 110 mm in
size, which were first sanded with P1200 sandpaper to remove any oxidation layer and
create a reproducible surface finish for desorption. Each combination of steel type
and heat treatment was measured at least 3 times with different heating rates, namely
1, 0.66 and 0.33 °C/s. All measurements were performed over a range of 40 °C to 900 °C.

Performing TDS measurements at different heating rates allows for fitting of peak
temperatures according to the simplified Kissinger equation [129]:

d ln(φ/T 2
max )

d(1/Tmax )
=−E A

R
(3.1)

In this equation Tmax is the peak temperature of a specific H desorption peak in K,
φ is the heating rate in K/s, R is the universal gas constant 8.3415 J· K-1· mol-1 and
E A is the activation energy for hydrogen desorption of the specific hydrogen trap in
kJ/mol. By fitting ln(φ/T 2

max ) to (1/Tmax ), E A can be inferred from the slope.

3.2.3. MECHANICAL CHARACTERISATION

Five tensile specimens were prepared and subsequently subjected to each heat
treatment condition for mechanical characterisation in a Slow Strain Rate Tensile
(SSRT) test. Figure 3.3 displays the specimen geometry. The specimens were all
machined perpendicular to the rolling direction of the steel sheets. Before each test,
the specimen was sanded up to a P1200 grit finish to remove any oxide layer and
realise a surface finish similar to that of the TDS specimens. The tests consist of a
constant crosshead displacement of 4.5 mm/h until fracture, which corresponds to an
original strain rate of 3·10-5 s-1 in the gauge section. This strain rate was chosen
to allow for sufficient hydrogen diffusion throughout the specimen during the test
according to ASTM G142 and G129 [110, 130]. The tests were performed on a Zwick
Z100 universal tensile tester.

3.3. RESULTS & DISCUSSION

3.3.1. GRAIN SIZE EVOLUTION

Each sample condition was prepared for EBSD analysis of the grain structure in order
to characterise the grain size evolution after all heat treatment conditions. Areas
containing several hundreds of grains were measured. Representative images of the
both steels after conditions SN and LN (designated VCSN, VCLN, TiCSN and TiCLN,
respectively) are shown in Figure 3.4. Microstructures resulting from the short 2 h
heat treatment conditions still show some degree of deformation of the lattice as a
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Figure 3.3.: Drawing of the tensile specimen geometry used for SSRT testing.
Dimensions are in mm.

result of the hot rolling process. This is eliminated after the long heat treatment of 20
h. X-Ray Diffraction (XRD) measurements confirmed the microstructures after all heat
treatment conditions to be fully ferritic. It was found that grain growth during the
annealing cycles is limited, and the microstructures of both alloys after long heat
treatments are not significantly different from those after short heat treatment as a
result of grain boundary pinning by the nano-carbides. The grains are non equiaxed
and widespread in areas ranging from <1 µm2 to occasional grains with areas of
>100 µm2. Smallest, average and largest grain areas were obtained from the EBSD
images and are listed in Table 3.4 as advised by ASTM E1181 for a random grain size
distribution of large range [131]. A grain area of 0.1 µm2 was chosen as the cut-off
point where individual grains can be accurately distinguished from noise with the
chosen EBSD step size of 85 nm. Only little grain growth is observed in the TiC alloy
even after the long 20 h heat treatments. Any reduction in strength as a result of the
heat treatments can therefore be attributed to precipitate growth and the resultant
over-aging of the microstructure. In contrast, the average grain size in the VC alloy
roughly doubles after the 20 h compared to 2 h so an influence of grain growth
on strength reduction is expected. Since it has been shown in the literature that
high temperature hydrogen charging does not fill grain boundaries [22, 112, 117], an
influence of varying grain sizes on HE is not expected.

3.3.2. PRECIPITATE GROWTH

After TEM analysis of all heat treatment conditions, the acquired images were scanned
for precipitates. The average size (

√
l eng th ∗wi d th) of all visible precipitates was

manually measured from these images, of which the smallest, average and largest
ones have been listed in Table 3.4. The full distributions are displayed in Figure
3.5a for condition SH, and in Figure 3.5b for LNH. Distributions in conditions SN
were confirmed to be identical to that in SH for both alloys, as well as condition
LN to that for LNH. It becomes apparent from Figure 3.5a that the TiC precipitates
adhere to an approximate normal distribution around an average of 10 nm. The VC
precipitates, on the other hand, seem to be somewhat smaller in size. The largest
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Figure 3.4.: Inverse Pole Figures of the a) TiCSN, b) TiCLN, c) VCSN and d) VCLN

conditions, obtained using the OIM Analysis™software.

Figure 3.5.: Normalised precipitate size distributions for both alloys in conditions a)
SH and b) LNH.

fraction of them lies around an average of 5 nm, with some occurrences between 20
and 30 nm in size. Both precipitate types thus show some growth after a short heat
treatment of 2 hours when compared to the AR state, although the titanium carbides
show more coarsening after this short duration. The distributions differ after the long



3.3. RESULTS & DISCUSSION

3

31

Figure 3.6.: High Angle Annular Dark-Field (HAADF) and Energy Dispersive X-Ray
(EDX) images of a) 5 - 30 nm and b) 350 nm TiC precipitates, and c)
10 - 90 nm and d) a group of 50 - 90 nm VC precipitates found in the
specimens TiCLNH and VCLNH, respectively.

20 h treatment, for which figure 3.6 illustrates some precipitate occurences. The
TiC distribution still shows a large fraction of carbides around a size of 10 - 15 nm,
although some larger precipitates now start to arise that grow to 20 nm or more. The
VC distribution shows a larger fraction of precipitates in the 20 - 30 nm size than the
TiC, and almost all those smaller than 10 nm have disappeared. Figure 3.5b also
shows incidental occurence of precipitates larger than 100 nm in size for the TiC alloy.
In fact, these precipitates were observed for both the VC and TiC alloys in all heat
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Table 3.4.: An overview table with microstructural details for all heat treatment
conditions. Grain areas were obtained from EBSD results, precipitate sizes
were characterised using TEM.

HT Hardness Grain area [µm2] Precipitate size [nm]
HV2 Low Average High Low Average High

TiC

AR 267±1.9 - - - 2.9 5.7 60
SN 272±3.1 0.1 3.8 160 2.8 8.6 290
SH 270±2.7 0.1 2.5 159 3.2 6.5 140
LN 238±1.6 0.1 5.0 192 5.7 30.3 235
LNH 223±0.4 0.1 4.0 189 3.6 21.7 223

VC

AR 261±2.4 - - - 2.6 6.1 150
SN 241±1.2 0.1 12.5 223 3.8 9.9 522
SH 246±1.0 0.1 10.8 243 3.6 7.9 470
LN 230±0.7 0.1 24.9 231 2.5 17.6 349
LNH 222±1.2 0.1 23.3 299 3.5 17.4 294

treatment conditions, as well as in the AR state. TEM analysis often overlooks them
since their spacing is large compared to the analysed area, but through SEM and
SIMS observations it was shown that they exist in all conditions and do not grow in
size considerably even after the long heat treatments. The amount of large incoherent
precipitates in the TiC alloy was higher than that in the VC alloy. The average TiC
precipitate size in Table 3.4 is therefore skewed to a larger average size than the VC
precipitates, even though Figure 3.5b shows the TiCLNH precipitates to be smaller
than the VCLNH. Lastly, it was observed that carbides in the VC alloy preferentially
grow on grain boundaries. This can be seen in Figure 3.6.

Wei et al. state that the critical size for TiC precipitates with the Baker-Nutting
orientation to be coherent is 4.2 nm across the broad surface [117]. Therefore only the
fraction of carbides that was measured to be smaller than 5 nm could be coherent
across the interface. Table 3.4 shows that precipitates smaller than this size were
observed in the AR as well as the SN and SH heat treatments. However, this is
only a small fraction of all precipitates as can be observed from Figures 3.2 and
3.5a. Therefore, most of the precipitates will instead be semi-coherent with the steel
matrix. After the 20 h heat treatments, the small TiC precipitates are considered to be
exclusively semi-coherent, while the medium and larger sized ones are incoherent
with the matrix. VC precipitates have a lattice constant that is closer to that of
the steel lattice, so the critical size for coherency is slightly larger. Takahashi et al.
observe small platelike VC precipitates with a thickness of 2-5 nm and a length
of approximately 20 nm to be mostly coherent with the matrix, except for misfit
dislocation around the curved sides [26]. This is larger than the sizes found for the 2
h heat treatments in this research, so the small VC precipitates can be considered
coherent with the matrix at this size. After the 20 h heat treatment, Figure 3.6c shows
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medium sized vanadium carbides to be more globular in shape. This is an indication
that the surface is no longer coherent with the matrix and will instead have become
semi-coherent or fully incoherent, though it becomes clear from Figure 3.5b that
some smaller precipitates still remain coherent. It is known that incoherent vanadium
carbide precipitates do not usually have a 1:1 stoichiometry but rather exist as V4C3

or V6C5 structures with a high carbon vacancy content [121, 122]. A varying V-C ratio
was also found in elemental analysis during STEM measurements, which confirms
large amounts of carbon vacancies in incoherent VC precipitates. The TiC precipitates
also showed the presence of carbon-vacancies, but only at precipitate sizes of >100
nm. Figures S1, S2 and S3 show examples of EDX maps and line scans to illustrate
the V:C and Ti:C ratios in selected precipitates.

3.3.3. EFFECT ON HYDROGEN ABSORPTION

Figure 3.7.: TDS spectra obtained at a heating rate of 1 °C/s for all conditions in a)
the TiC alloy and b) the VC alloy.

Table 3.5.: Overview of hydrogen contents in weight part per million (wppm) for all
heat treatment conditions.

Heat Treatment TiC H2 [wppm] VC H2 [wppm]

As-received 0.30±0.03 0.09±0.03
SN 0.22±0.02 0.06±< 0.01
SH 0.91±0.03 0.44±0.07
LN 0.17±0.02 0.06±< 0.01
LNH 0.70±0.04 0.28±0.03

TDS was used to analyse the hydrogen absorption in all conditions. Table 3.5
lists the total amount of hydrogen trapped in each set of heat treatments. A first
observation to be made is that the AR materials already contain a small amount
of hydrogen, which is most likely a consequence of hydrogen absorption from
water-vapor during hot rolling, which has been shown to charge TiC precipitates
by Wei et al. [117]. The TiC alloy contains the most hydrogen, with 0.30 wppm
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on average, compared to 0.09 wppm in the AR VC steel. It can also be observed
that the heat treatments in a pure N2 environment decrease the total hydrogen
content relative to that in the AR state. This is to be expected since if there is
no additional hydrogen present to charge the samples during the heat treatment,
hydrogen will be desorbed instead. The VC alloy contains less hydrogen overall
than the TiC alloy, although the trends are similar. The hydrogen content in the
TiC steel is reduced to 0.22 and 0.17 wppm in the SN and LN heat treatments,
respectively. The hydrogen content in the VC steel is slightly reduced to 0.06 wppm af-
ter the SN heat treatment, which does not decrease further after the LN heat treatment.

The TiCSH condition contains a hydrogen content of 0.91 wppm, compared to 0.70
in condition TiCLNH. This difference can most likely be attributed to a difference in
precipitate size distribution. A similar effect can be observed in the VC alloy, which
contains 0.44 wppm in condition VCSH and 0.28 in condition VCLNH. The desorption
spectra in Figure 3.7 show that although the hydrogen trap distribution is very similar
between the two heat treatment conditions in the TiC alloy, it differs significantly
in the VC alloy. The lowest temperature peak (Peak 1 in Figure 3.7a) decreases
in size significantly after a long heat treatment duration, whereas the other peaks
stay relatively similar in size. Moreover, the high temperature peaks above 400 °C
contain much less hydrogen than their counterparts in the TiC alloy. This suggest
less overall H trapping in the incoherent VC precipitates, but the smaller amount
of incoherent VC compared to TiC precipitates also plays a role. The fact that the
hydrogen desorption spectra level off around 700 °C in the VC alloy compared to 800
°C in the TiC alloy suggests lower energy trapping for the incoherent VC precipitates.

HYDROGEN TRAPPING STRENGTH

Other than the desorption spectra shown in Figure 3.7 measured at 1 °C/s, all
conditions were also tested at heating rates of 0.66 and 0.33 °C/s. This was done to
allow fitting of peak temperatures according to the simplified Kissinger’s equation
(Equation 3.1). To obtain the peak temperatures, the desorption spectra of each
heating rate were fit to 4 skewed Gaussian peaks using the Python LMFit package.
The deconvoluted curves for Peak 1 in all VCSH heating rates and the resulting plot to
calculate EA are displayed in Figure S4 for illustration. Unfortunately, significant peak
overlap above 300 °C made any realistic interpretation of trapping energies impossible.
This is an issue also encountered by Vandewalle et al. [112] and Drexler et al. [40],
who review the Kissinger theory and its applicability to overlapping peaks. They
find that accurate validation of trapping energies for overlapping peaks can only be
obtained if extra boundary conditions based on relative hydrogen trap occupancy
are applied to the fitting method. Such knowledge was not obtained in this work.
Therefore, further discussion and relation to trapping energies will be restricted to
those obtained for the lowest temperature peaks, or Peak 1 as shown in Figure 3.7
and listed in Table 3.6, since these peaks show sufficient separation from the rest of
the spectrum for sound interpretation. None of these first peaks can be classified as a
fully reversible trap, which is most commonly associated with trapping energies of
<30 kJ/mol [40, 132]. Instead, trapping energies range from strong to fully irreversible
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with trapping energies ranging between 43 and 96 kJ/mol.

Table 3.6.: Overview of the trapping energies obtained for Peak 1 in all hydrogen
charged conditions.

HT Condition EA [kJ/mol]

TiCSH 96±2
TiCLNH 43±3
VCSH 54±1
VCLNH 72±10

3.3.4. ORIGINS OF HYDROGEN TRAPPING IN TIC
ORIGIN OF THE FIRST PEAK

Figure 3.7a shows that the desorption spectra for TiC after the short and long heat
treatment durations look mostly similar. This suggest that the same traps are occupied
inside the steel, but their relative occupancy differs. Firstly, it seems that the low
temperature peak remains almost identical in both conditions. In the literature,
low temperature trapping is frequently associated with coherent or semi-coherent
precipitates. Direct observation of deuterium at TiC interfaces has been made by
Takahashi et al. in atom probe studies, on precipitates that are similar in morphology
to those observed in conditions TiCSN and TiCSH [119]. Deuterium was observed
around the precipitate interface of the plate-like carbides, but not in the bulk, which
suggests either interface misfit dislocations or interface C-vacancies as a possible
trapping site. Wei et al. measure coherent TiC precipitates to have an overall
activation energy of between 46 and 59 kJ/mol [100], but state in a different paper
that the misfit dislocation on the semi-coherent interface of TiC has an activation
energy of 56 kJ/mol [27]. A different study attributes an energy of 42 kJ/mol to the
interface of incoherent precipitates [24], which is close to a value calculated in a
separate atomistic study, that finds a maximum of 48 kJ/mol for a misfit dislocation
[118]. Since a value of 43 kJ/mol was measured for the TiCLNH condition in this
research, it is reasonable to assume that the misfit dislocation is the origin of this
trapping peak. However, this is in contrast to the value for Peak 1 in the TiCSH

condition, which was measured as 96 kJ/mol. This value is closer to values of 111
kJ/mol obtained by Zhang et al. [104] and 99 kJ/mol obtained from our previous
research [96], where activation energies were calculated for a C-vacancy on a coherent
TiC surface in BCC iron. An explanation why two different values could be measured
is that there is a small fraction of precipitates after the 2 h heat treatment condition
that is fully coherent with the matrix. These are most likely the precipitates in Figure
3.5a with a size smaller than 5 nm. After a short heat treatment, hydrogen could be
trapped here in C-vacancies on the coherent interface. These precipitates grow to a
semi-coherent size after heat treatment conditions TiCLN and TiCLNH in which case
the hydrogen is trapped in misfit dislocations instead of C-vacancies.
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ORIGIN OF THE HIGH TEMPERATURE PEAKS

The high temperature peaks in the TiC desorption spectra can be attributed to
hydrogen trapping by incoherent precipitates, like the studies by Vandewalle et
al. and Pérez-Escobar et al [22, 112]. A comparable study, which has similar TiC
size distributions to those observed in this research, finds a reduced H absorption
through electrochemical charging with increasing annealing time and consequently
precpitate size [24]. They attribute this to trapping on the precipitate interface, which
has a high activation energy and diffusion barrier, and decreases with increasing
precipitate size. This could explain that the spectrum for TiCLNH shows less
trapped hydrogen at peaks between 350 and 700 °C than that for TiCSH. The same
conclusion is also reached by other authors [22, 27, 117], although direct observations
were not made. The highest temperature peaks at roughly 450 °C and above are
expected to belong to traps inside the largest precipitates of size >100 nm. In
this study, these were seen to already be present in the AR material, and remain
relatively unchanged after heat treatment. Vandewalle et al. attribute an increased
concentration of incoherent TiC precipitates to an increased hydrogen uptake in the
peaks between 500 and 900 °C [112]. Since precipitates of this size are not changed
significantly in this research, the hydrogen uptake in these peaks stays relatively similar.

OBSERVATION OF TRAPPING IN INCOHERENT TIC

Vandewalle et al. assume trapping in bulk C-vacancies only [112], based on theoretical
work by Di Stefano et al. who discuss hydrogen diffusion into the TiC bulk through
continuous C-vacancy networks [118]. Incoherent TiC precipitates that have a
continuous C-vacancy network throughout the bulk require a lower diffusion energy
for hydrogen to migrate into the precipitate bulk than precipitates where C-vacancies
are not connected but instead separated by interstitial sites. This creates a different
hydrogen absorption behaviour per precipitate, even though the activation energy of
the trap stays the same. Hydrogen trapping in incoherent TiC was directly observed in
this study through SIMS imaging. Figures 3.8a and 3.8b show hydrogen and titanium
secondary ion maps, respectively, of the same area on the surface of a TiCLNH sample.
It can be observed from these images that not all of the titanium rich precipitates in
Figure 3.8b trap hydrogen identically. One precipitate appears to store hydrogen more
in the bulk, whereas the others store more around the interface. This is highlighted
especially in Figure 3.9a, which shows a SIMS hydrogen map from a different area.
The image shows that the hydrogen is localised around the circumference of these
precipitates rather than over the entire bulk. Figure 3.8d shows a line profile along the
white arrow in Figure 3.8c. It is easy to see that, on one hand, a significant amount
of hydrogen is trapped in the precipitate, while on the other hand the hydrogen
concentration inside the bulk is much lower than towards the interface. In fact it is
similar to the level in the matrix. Hydrogen absorption in TiC precipitates scaling with
surface area is refuted by the work of Pérez-Escobar et al. [22] and Wei et al. [133],
who state that hydrogen absorption is proportional neither to precipitate surface area
nor volume since they do not see a clear relation between increasing precipitate size
and reducing hydrogen absorption. While no direct link to decreasing surface area
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Figure 3.8.: SIMS images of a) 1H- map and b) 48Ti+ map over the same area of
acquisition in the TiC containing steel. Both the images were acquired
using a beam current of 50 pA and a dwell time of 2.5 ms per pixel. The
image resolution is 256 x 256 for a field of view 9 µm x 9 µm. c) shows
merged elemental maps of 1H- (green) and 48Ti+ (red) and d) shows a line
profile of the region indicated by white arrow in c). The counts of the line
profile diagram have been normalised for a qualitative comparison.

can be made from this work, the TDS spectra show that the TiC alloy absorbs less
hydrogen in the incoherent precipitates with increasing annealing time, while SIMS
images show a higher concentration near the interface. This indicates that incoherent
TiC preferentially traps hydrogen near the interface, although SIMS is not a suitable
technique to definitely prove trapping at the interface.

It should be noted that the time between hydrogen charging and analysis was
significant for these images, with hydrogen charging happening some months before
analysis. On one hand this shows that indeed these precipitates form very strong



3

38 3. NANO-PRECIPITATE STEELS AFTER GASEOUS HYDROGEN CHARGING

hydrogen traps. On the other hand it does not clarify whether this distribution of
hydrogen around the precipitate circumference is a result of hydrogen absorption
during charging or desorption during storage. If fast diffusion through C-vacancy
networks into TiC is assumed, off-stoichiometric precipitates with a high vacancy
concentration would absorb more hydrogen over their entire bulk during the charging
cycle, whereas precipitates with a lower vacancy concentration would trap most
hydrogen near the interface. However, precipitates with a vacancy network allowing
for fast diffusion would also release hydrogen more quickly during storage. Hydrogen
release during storage is observed to be minimal, so the observation of hydrogen
around the precipitate circumference is attributed to preferential trapping around the
incoherent TiC/matrix interface. However, more analysis is required to fully validate
this, including observations at different times after charging.

Figure 3.9.: Hydrogen maps obtained by SIMS analysis, showing a) localisation around
TiC precipitates and b) trapping in a VC precipitate. Both the images were
acquired using a beam current of 50 pA and dwell time 1 ms per pixel. a)
has a resolution of 256 x 256 over a field of view 9 µm x 9 µm and b) has
a resolution of 256 x 256 over a field of view 3 µm x 3 µm

3.3.5. ORIGINS OF HYDROGEN TRAPPING IN VC
ORIGIN OF THE FIRST PEAK

The TDS spectra for VCSH and VCLNH show a stark difference in the amount of
hydrogen trapped in the lowest temperature peak. Like the TiC alloy, this peak
can most likely be attributed to the trapping in smaller VC carbides. As discussed
previously, the VC precipitates are still largely in the coherent domain after a 2
h heat treatment. Since no misfit dislocations are present in this case, the likely
hydrogen trap is the C-vacancy on the coherent interface. The activation energy for
C-vacancies measured by Takahashi et al. is approximately 60 kJ/mol [26], which
matches reasonably well with the trapping energies of 53 and 72 kJ/mol measured
in this research for the conditions VCSH and VCLNH, respectively. Experimentally,
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Depover and Verbeken found an activation energy of 52 to 60 kJ/mol for V4C3

carbides, but only up to a size of 20 nm after electrochemical hydrogen charging
[105]. Numerical studies have found activation energies for the trap at a coherent
interface C-vacancy of 36.7 [103], 55.9 [104] and 51 kJ/mol [96]. Since all of the values
are similar to what was measured in this work, the low temperature peak is attributed
to the carbon vacancy on the coherent VC interface.

ORIGIN OF THE HIGH TEMPERATURE PEAKS

After having grown during the long heat treatments, as shown in Figure 3.6, most
VC precipitates outgrow the coherent domain and become incoherent. The low
temperature peak therefore largely disappears in the VCLNH condition, as it did in the
work by Depover and Verbeken [105]. At higher temperatures, however, the hydrogen
uptake is slightly larger in the VCLNH condition than in the VCSH condition, which
could be an effect of an increased amount of hydrogen trapped in the bulk of larger
precipitates which increase in number with a longer heat treatment duration. To the
authors’ knowledge, no previous research has attempted high temperature charging of
VC precipitates, and as such no trapping energies have been found for them in the
literature. Unfortunately, due to strong peak overlap, no reliable trapping energies
for these traps could be found in this research. Nonetheless, the high temperature
peaks are attributed to trapping in carbon vacancies in the bulk of incoherent VC
precipitates.

OBSERVATION OF TRAPPING IN INCOHERENT VC

Figure 3.9b shows a SIMS hydrogen map of the VCLNH condition. The carbide can
be seen to store hydrogen all throughout the bulk, contrary to the TiC carbides in
Figure 3.9a which predominantly stores hydrogen near the interface. A comparison of
the hydrogen trapping locations in the SIMS images suggests that H trapping in VC
precipitates should scale with volume. This is supported by the TDS curve from
Figure 3.7b, where the VC alloy stores more hydrogen at high temperatures after the
longer treatment. Incoherent VC precipitates are therefore expected to be able to
store more hydrogen overall than their TiC counterparts. However, since the total
amount of incoherent vanadium carbides was much lower than that of the titanium
carbides this was not observed in this study.

3.3.6. EFFECT ON MECHANICAL BEHAVIOUR

SSRT tests were used to characterise the extent of HE for each alloy and heat
treatment condition, of which the results are summarised in Table 3.7. Representative
tensile curves for each of the heat treatment conditions are shown in Figure 3.10.
A first observation to note is that even the short heat treatments in the TiC alloy
decrease its strength compared to the AR condition while ϵf is increased from
10.6 to 15.2 %. The long heat treatment in the TiC alloy further decreased both
yield strength and UTS by approximately 10%. ϵf is only increased slightly in
these conditions, but because of a larger scatter in values it is not a conclusive
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Table 3.7.: Overview of the 0.2% proof yield strength σy, 0.2%, UTS and strain at break
ϵf for all heat treatment conditions. Errors are standard deviations.

Alloy Heat Treatment σy, 0.2% [MPa] UTS [MPa] ϵf [%]

TiC

AR 698±2 804±2 10.6±0.39
SN 638±22 740±18 15.2±0.35
SH 624±10 727±2 16.1±0.53
LN 533±60 650±39 17.6±0.50
LNH 579±57 652±27 18.5±0.94

VC

AR 656±7 736±2 10.0±0.13
SN 656±7 743±7 16.5±1.08
SH 658±10 758±4 17.1±0.88
LN 583±6 674±12 18.4±0.53
LNH 567±11 658±6 16.6±1.24

Figure 3.10.: Representative Slow Strain Rate Tensile (SSRT) curves for all conditions
in a) the TiC alloy and b) the VC alloy. Error bars show standard
deviations in the fracture strain [%].

increase. In the VC, the two hours heat treated samples do not show a reduction
in strength compared to the AR condition, which is a result of limited precipitate
growth after 2 h. It is only seen after the long heat treatments, where it drops by
approximately 10 - 15 %. An increase in ϵf from 10 to 16.5 % is observed in the short
heat treatments compared to the as received condition, but once again the scatter
increases after long heat treatments. Therefore, no conclusive statements about
an increase or decrease can be given. In the TiC alloy, the change in mechanical
behaviour between the 2 h and 20 h heat treatments can be explained by precipitate
over-aging [64], since Table 3.4 shows that the grain size did not significantly increase
even after the long heat treatment, while the precipitates were found to increase
in size. In the VC alloy, the grain size did show an increase, which mean the
reduction in strength is likely a combination of grain growth and precipitate over-aging.

Hydrogen Embrittlement, which would become apparent as a reduction in ϵf in
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the condition SH compared to SN, or LNH compared to LN, is not observed in
any case for either alloy. It is known that different hydrogen concentration profiles
are created depending on the charging method [22, 54]. Electrochemical charging
creates a large concentration of diffusible hydrogen in sites like grain boundaries
and interstitials, while high temperature gaseous charging also fills up traps with
a high trap energy while providing the hydrogen with enough energy to overcome
shallow traps [26, 112]. The lowest activation energy measured in this research
was 43 kJ/mol for misfit dislocations around small TiC precipitates, which is not
considered diffusible hydrogen, nor irreversibly trapped hydrogen [40, 132]. Similarly,
C-vacancies on the coherent VC interface fall in this category with an activation
energy of around 60 kJ/mol. Since these activation energies do not fall into the
reversible category (<30 kJ/mol [56]), they are not expected to contribute to HE, which
was also found in this study. Several specimens were subjected to a post-mortem TDS
cycle after tensile testing to exclude the possibility that hydrogen effusion from the
specimens during the test was the reason HE was not observed. These measurements
showed no decrease of hydrogen content over the duration of the tensile test. These
traps therefore contribute to preventing HE in the alloys even though they are not
completely irreversible. Moreover, Depover et al. showed that these traps can be filled
through electrochemical charging at room temperature [105], while they were also
charged through high temperature gaseous charging in this study. This means that
they can act as hydrogen sinks in different service conditions. Optimisation of these
types of hydrogen traps could lead to creating more hydrogen resistant steels.

This work is unique compared to similar works [22, 112] in the fact that high
temperature as well as low temperature peaks were observed after high temperature
gaseous charging. This is most likely a result of performing both the heat treatment
and the cooling down in hydrogen gas. During the cooling down, the available
energy for hydrogen to overcome shallower traps gradually decreases, and hydrogen is
expected to occupy these sites eventually. Depover et al. [105] showed that hydrogen
traps belonging to misfit dislocations, the lowest energy traps found in this work, can
also be charged through electrochemical methods. An effect of these traps on HE was
observed in their study, whereas the material was not embrittled in this research. This
suggests a more favourable hydrogen trap occupation after gaseous charging when
compared to electrochemical charging, that does not result in any HE.

3.4. CONCLUSIONS
In this work, TiC and VC precipitate growth and hydrogen absorption as a result of
high temperature gaseous hydrogen charging was succesfully characterised using TEM,
EBSD and TDS. Moreover, direct observation of hydrogen trapping in incoherent
precipitates was made using SIMS. By combining these techniques, the following
conclusions could be drawn on the hydrogen trapping and embrittlement behaviour
of titanium and vanadium carbide containing steels:

• High temperature gaseous charging is shown to be a suitable way to charge
steel containing deep hydrogen traps. The TiC and VC containing alloys were
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charged with hydrogen up to 0.91 and 0.44 wppm, respectively.

• Little effect of TiC precipitate size on hydrogen trapping was found. All
precipitates were either semi-coherent or incoherent even after a 2 h heat
treatment duration. Coherent TiC precipitates trap hydrogen in misfit
dislocations around the semi-coherent interface with an activation energy of 43
kJ/mol. Most hydrogen was trapped in carbon vacancies near the interface of
larger incoherent particles, for which an activation energy was not obtained.

• An effect of VC precipitate size was observed in the form of a reduction in low
temperature hydrogen trapping after 20 h of heat treatment. The hydrogen traps
after the 2 h heat treatment were characterised as mainly carbon vacancies on
the coherent VC interface with an energy of between 53 and 72 kJ/mol. After
the 20 h treatment, most hydrogen is stored in the bulk of large incoherent
vanadium carbides with a large amount of carbon vacancies, for which no
activation energy was found in this work.

• Direct observation of hydrogen trapping in incoherent TiC and VC carbides was
made using SIMS. Large TiC precipitates were shown to vary in the degree of
hydrogen absorption and to preferentially trap hydrogen near the precipitate
interface. VC precipitates were shown to trap hydrogen throughout the bulk,
but were present in smaller quantities, leading to an overall lower absorbed
hydrogen content. More SIMS analysis is required to further elaborate on the
trapping characteristics of incoherent precipitates.

• Neither of the heat treatment conditions resulted in any observable HE after
mechanical characterisation. This proves that nano-carbides can successfully be
used as a hydrogen sink as well as a strengthening mechanism in steels after
high temperature gaseous hydrogen charging. However, further study using
electrochemical charging is recommended to compare the effects of different
charging conditions on HE.
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The effect of TiC and VC nano-precipitate size on the hydrogen embrittlement of ferritic
steels was studied in this work. Steels containing two size distributions (10 nm or less
and 10 - 100 nm) of TiC and VC carbides are subjected to tensile tests in-situ in an
electrochemical hydrogen charging environment. Hydrogen is found to be trapped in
interstitial matrix sites on the precipitate/matrix interface with activation energies of 14
- 20 k J/mol and inside misfit dislocation cores with energies of 27 - 37 k J/mol. All
steels are embrittled by 15 to 20 %, except the TiC steel with semi-coherent carbides up
to 100 nm, which is embrittled by 37 %. This is caused by accelerated intergranular
fracture as a result of hydrogen trapped in dislocation pile-ups around grain boundary
precipitates. The steel with coherent VC nano-carbides retained the highest strength
and ductility during in-situ testing. This is therefore the optimal carbide configuration
for use in hydrogen environments.

This chapter has been published in NPJ Materials Degradation 9, 1 (2025) [134].
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4.1. INTRODUCTION
In the search for safer and more lightweight vehicles, the automotive industry has
been engaged in development of Advanced High Strength Steels (AHSS) [3, 4, 135].
The goal for these steels is to obtain both high strength and high ductility to provide
good formability and toughness. Many strengthening mechanisms in steels can,
however, also cause Hydrogen Embrittlement (HE). Microstructural features like hard
phases, retained austenite and refined grains attract hydrogen that can cause fracture
[12–17]. HE shows as a reduction in ductility or strength in steels which leads to
premature failure of components. A frequently researched mitigation method for HE
is to trap hydrogen in the microstructure where it cannot lead to fracture [21–24].
Crucial in this method is to decrease the amount of diffusible hydrogen in the
microstructure, which can diffuse towards critical areas and as such is considered
the main cause of HE [24, 34, 105, 111, 114, 115, 136]. Carbide precipitates are
one solution that is looked into in this regard, since they are expressly useful for
precipitation strengthening of steel, while at the same time providing a wide range of
hydrogen trapping capabilities [22, 27, 34, 67, 100, 105, 111–113].

The specific trapping strength of precipitates depends on where the hydrogen is
trapped, which can be either in the elastic strain field around the precipitate, on
the precipitate/matrix interface or in the precipitate bulk [137]. The strength with
which hydrogen is trapped is determined by the activation energy E A that is required
for hydrogen to desorb from the trap. Experimental as well as numerical studies
have attempted to identify these energies. The strain field around precipitates is
generally considered the weakest trap with values ranging between 2 to roughly 30
k J/mol [27, 95, 96]. The precipitate/matrix interface can host a number of trapping
sites, including interstitial locations, vacancies and misfit dislocations. The activation
energies for these types of traps have been found to range from approximately 20
to 30 k J/mol for interstitial sites [24, 99, 100], to 60 up to 90 k J/mol for carbon
vacancies on the interface [21, 26, 96, 104, 118]. Misfit dislocations fall in a large
range in between the two [27, 118, 138]. Lastly, carbon vacancies in precipitate
bulk are found to be the strongest traps with energies of around 100 to as much
as 145 k J/mol [21, 27, 95, 96, 105, 112, 120, 123, 125]. Which types of traps are
present depends on the type of precipitate as well as their size and morphology.
Small coherent precipitates have a large elastic strain field but lack misfit dislocations.
Upon precipitate growth, the misfit with the steel lattice becomes too large and misfit
dislocations start forming. This happens around a size of 4.2 nm for TiC precipitates,
but only around 20 nm for VC precipitates [26, 117]. Even larger precipitates become
fully incoherent with the matrix, at which point there is a large concentration of
carbon vacancies, but the interface starts forming a diffusion barrier for hydrogen
diffusion into precipitate bulk [22, 27, 117].

The synergistic effect of precipitate size on strength of a steel as well as hydrogen
trapping behaviour thus becomes an important field of study. Chapter 3 focused
on comparing two types of precipitates, namely TiC and VC, of two different size
distributions after hydrogen charging in a gaseous atmosphere [21]. Here, as well as
in other studies, it was found that large incoherent precipitates store a significant
amount of hydrogen at a high activation energy in bulk C-vacancies, that do not cause
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any HE [21, 22, 112]. However, since small nano-sized carbides were not affected
during gaseous charging, weaker reversible traps could not be studied. A different
charging environment is therefore required to study the effect of nano-sized carbides,
which are more beneficial for precipitate strengthening and hydrogen storage on
interface traps [24, 26, 126]. The hydrogen trapping characteristics of TiC and VC
precipitates has been studied in detail experimentally by for example Wei and Tsuzaki
[27, 133], Depover and Verbeken [24, 34, 105] and numerically by Di Stefano [118] and
Sagar [96]. It remains important, however, to consider the implications of precipitate
size on the mechanical properties of steels and couple their hydrogen trapping
capabilites to fracture mechanisms. This work characterises the effects of VC and TiC
nano-precipitates of different sizes after in-situ tensile testing in an electrochemical
hydrogen charging environment, and relates the trapping of hydrogen around
nano-carbides to the mechanical behaviour and fracture mechanisms. A fracture
micro-mechanism is presented that explains the detrimental effect of intergranular
nano-carbides compared to those present in the grain interior. This information is
integrated in order to find a preferred precipitate type and size distribution for design
of steels for use in a hydrogen environment.

Table 4.1.: Summarised alloy contents of the TiC and VC alloys in weight %,
determined using X-Ray Fluorescence (XRF).

Alloy type C Mn Al Si Ti V Trace elements Balance Fe

TiC 0.07 1.7 0.01 0.01 0.30 - 0.04 97.8
VC 0.07 1.8 0.01 0.02 - 0.31 0.03 97.8

4.2. METHODS

4.2.1. HEAT TREATMENT AND CHARACTERISATION

Two different ferritic steel compositions were used in this study, both of which were
supplied in a hot-rolled condition by Tata Steel in IJmuiden. The alloy compositions
are given in Table 4.1. Both alloys are fully ferritic but were alloyed with titanium
and vanadium, respectively, in order to maximise precipitation of TiC and VC
nano-precipitates. Each steel was subjected to a short (SN) and long (LN) heat
treatment in nitrogen atmosphere, to realise two different precipitate size distributions.
The heat treatments consisted of a heating rate of 5 °C/min to temperatures of 700 °C
for the TiC alloy and 650 °C for the VC, followed by isotherms of 2 hours for the SN
and 20 hours for the LN treatment. The temperatures were chosen in order to keep
the steels below the Ac1 temperature for austenite formation [21]. Cooling down was
performed at approximately 1 °C/min, which was limited by the furnace.

The as-received steels were machined into either 2 mm x 20 mm x 110 mm
sheets for microstructural characterisation and Thermal Desorption Spectroscopy
(TDS), or dog-bone specimens to use in tensile testing. All sheets and dog-bone
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Figure 4.1.: SEM overview of the microstructures of a) TiC SN, b) VC SN, c) TiC LN
and d) VC LN heat treatment conditions. Precipitates are visible in black.

specimens were sanded to a P1000 grit finish to ensure a repeatable surface
finish before the heat treatments. Specimens for microstructural characterisation
were cut from the sheets and further polished up to a 0.04 µm colloidal silica
finish to allow for Scanning Electron Microscopy (SEM), Electron Dispersive X-ray
Spectroscopy (EDS) and Electron Backscatter Diffraction (EBSD) analysis. EBSD
and EDS were performed on a Thermo Fisher Scientific™Helios™G4 PFIB UXe
SEM capable of performing simulatenous EBSD and EDS measurements. The
acceleration voltage used was 20 kV , with a 3.2 n A probe current and a step
size of 50 to 70 nm. EDS analysis of the fracture surfaces was performed at an
acceleration voltage of 10 kV and a probe current of 1.6 n A. Transmission Electron
Microscopy (TEM) analysis was performed to characterise precipitate sizes. This
was done using a Thermo Fisher Scientific™Cs corrected cubed Titan™machine
after polishing samples to 30 µm thickness and Ar+ ion milling to electron transparency.

4.2.2. RESULTING MICROSTRUCTURES

Table 4.2 gives an overview of microstructural characteristics of the steels after heat
treatment. All four microstructures were fully ferritic. Grain areas were obtained
from EBSD, and precipitate sizes were obtained from TEM images where the size
reported is the average size (

√
leng th ∗wi d th) of manually measured precipitates.
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Figure 4.2.: High Angle Annular Dark Field (HAADF) TEM images of precipitates in a)
TiC SN, b) VC SN, c) TiC LN and d) VC LN heat treatment conditions.

Since distributions of both the grain areas and precipitate sizes were very wide, they
are reported in the way described in ASTM E1181 for randomly distributed grain sizes
of large range [131]. A more in-depth description of microstructural characterisation
was given in Chapter 3. The grain area in the TiC steel increases from an average of
3.8 µm2 in the TiCSN to 5.0 µm2 in the TiCLN condition. This is only a slight increase,
which is attributed to grain boundary pinning by the nano-sized TiC precipitates
found in TiCSN. SEM microstructural overviews of both TiCSN and TiCLN are given
in Figures 4.1a and 4.1c, respectively. It can be observed that the TiCLN condition
indeed contains a large amount of intergranular precipitates that have grown as a
result of the long heat treatment and caused boundary pinning. The precipitates
increase from 8.6 nm to 30.3 nm on average. At a size of approximately 4.2 nm,
TiC nano-precipitates lose coherency with the matrix and misfit dislocations on the
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Table 4.2.: An overview table with microstructural details for all heat treatment
conditions. A minimum of 100 precipitates per steel were considered for
the precipitate size and spacing measurements.

HT Hardness Grain area [µm2] Precipitate size [nm] Precipitate
HV2 Low Avg. High Low Avg. High spacing [nm]

TiC

SN 272±3.1 0.1 3.8 160 2.8 8.6 290 44±23
LN 238±1.6 0.1 5.0 192 5.7 30.3 235 50±31

Semi-coherent nano-carbides
Homogeneously distributed incoherent >100 nm carbides 3.0±2.0 µm

VC

SN 241±1.2 0.1 12.5 223 3.8 9.9 522 24±24
LN 230±0.7 0.1 24.9 231 2.5 17.6 349 49±34

Coherent nano-carbides, some semi-coherent in VCLN

Few incoherent >100 nm carbides

matrix-precipitate interface are created [117]. Essentially all precipitates in TiCSN and
TiCLN are therefore considered semi-coherent with the matrix. The average spacing
between precipitates does not grow significantly after the heat treatments. Larger >100
nm precipitates that are fully incoherent with the matrix exist in the TiC steel from
the as-received condition, which do not change in size during the heat treatments.
These slightly skew the averages to higher numbers, which means that the majority of
precipitates, even in TiCLN, will be smaller than 30 nm. The average spacing for these
large precipitates is 3 µm on average, which is 3 orders of magnitude higher than that
of the small precipitates. The value is listed separately in Table 4.2 and does not
change with heat treatment duration. Representative images of precipitates found in
all four steels are shown in Figure 4.2. Since the grain size does not change with the
longer heat treatment, the precipitate growth is responsible for the drop in hardness
from 272 to 238 HV2 after the long treatment.

The VC steel has larger grains than its TiC counterpart, which do grow during the
heat treatments, in contrast to those in the TiC steel. An average of 12.5 µm2 in VCSN

grows to 24.9 µm2 in VCLN. The precipitates also increase in size from 9.9 nm to 17.6
nm on average. Vanadium carbides were observed in literature to be mostly coherent
with the matrix up to a size of 20 nm [26], therefore most precipitates in VCSN are
considered coherent, as well as most precipitates in VCLN. Precipitate spacing grows
from an average of 24 nm to 49 nm. Large incoherent precipitates are much more
scarce in the VC than in the TiC steel, so this number is a more accurate description
of the average size of VC nano-precipitates present in the steels. Both grain and
precipitate growth contribute to a drop in hardness from 241 to 230 HV2. SEM
microstructural overviews of both VCSN and VCLN are given in Figures 4.1b and 4.1d,
respectively. Table 4.2 includes a concise description of the precipitate distribution in
all steels. EBSD representations of the microstructures as well as precipitate size
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distributions have been shown in Figures 3.4 and 3.5.

4.2.3. IN-SITU SLOW STRAIN RATE TENSILE TESTING

In order to assess the amount of embrittlement in each steel, they were subjected to
in-situ Slow Strain Rate Tensile (SSRT) tests in an electrochemical hydrogen charging
environment. The setup that was designed for the test is shown in Figure 4.3a and
the geometry of the tensile specimens is given in Figure 4.3b. The specimens were
sanded with a P1200 grit paper before being submerged in a solution of 3.5 % NaCl
as well as 3 g /L ammonium thiocyanate (NH4SCN) to act as a recombination poison.
Each specimen was charged with hydrogen at a current density of 1 m A/cm2 for 2
hours prior to starting the test, with continued charging during the full duration of
the test. Because of the design of the tensile grips, only the gauge length of the
specimen was subjected to the current. The SSRT test was conducted at a crosshead
displacement speed of 14.4 mm/h which corresponds to a maximum strain rate
of 1·10-4s-1 in the specimen gauge length. The tests were performed on a Zwick
Z100 universal tensile tester with the strain being recorded using an Epsilon 4030
submersible extensometer. The bath and connectors were designed specifically for
this research. Current was applied using a Bio-Logic VSP-300 potentiostat. Specimens
were removed from the bath immediately after fracture, cleaned with demiwater,
dried with compressed air and stored in a freezer at - 86 °C until removed for TDS
analysis. The strain at fracture of each specimen (ϵH2

f ) was compared against that of

non-hydrogen charged specimens (ϵAi r
f ) found in Chapter 3 and used to calculate the

hydrogen embrittlement index HE I . The formula with which the HE I was calculated
is listed in Equation 4.1.

HE I [%] =
ϵAi r

f −ϵH2
f

ϵAi r
f

∗100% (4.1)

4.2.4. HYDROGEN ANALYSIS

In addition to post-mortem H analysis after the SSRT tests, each steel was also
charged with hydrogen outside of the tensile testing environment to investigate the
amount of hydrogen absorbed without any application of stress or strain. Sheet
specimens subjected to the heat treatments were sanded with a P1200 grit paper to
ensure a surface finish identical to that of the SSRT specimens before being charged
in 3.5 % NaCl + 3 g /L NH4SCN solution for 2 hours. Specimens were moved to
the TDS analysis immediately after charging. Both the sheet specimens and the
full SSRT specimens were subjected to TDS analysis in a Bruker G8 Galileo ONH
analyser equipped with the IR07 infrared furnace for accurate temperature ramping.
TiC specimens were measured up to 900 °C, the full range of the furnace, while VC
specimens were ramped up to 700 °C because no H was desorbed above these
temperatures for this steel. Heating rates of 1, 0.66 and 0.33 K /s were used in order
to obtain peak shifting behaviour of the hydrogen desorption peaks. Fitting of peak
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Figure 4.3.: a) Overview of the in-situ setup used for tensile testing and b) the
dimensions (in mm) of the tensile specimen geometry used in this study.

temperatures obtained at different heating rates according to the simplified Kissinger
equation [129], shown in Equation 4.2, allows for determination of activation energies
for specific peaks that can be linked to microstructural hydrogen traps.

d ln(φ/T 2
max )

d(1/Tmax )
=−E A

R
(4.2)

In this equation Tmax , φ, R and E A are the peak temperature of a specific H
desorption peak in K , the heating rate in K /s, the universal gas constant 8.3415
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J/mol−1K −1 and the activation energy for hydrogen desorption of the specific
hydrogen trap in k J/mol , respectively. By fitting ln(φ/T 2

max ) to (1/Tmax ), E A can be
inferred from the slope.

4.3. RESULTS

4.3.1. HYDROGEN ABSORPTION

An overview of the hydrogen contents of all steels is given in Table 4.3, including
activation energies calculated for desorption peaks of the non-strained samples which
are shown in Figure 4.4. Overall, the TiC steels absorb more hydrogen than the VC
steels, especially after the long heat treatment. All TiC steels contain a significant
amount of hydrogen that is trapped at high temperatures, which was only found in
one of the VC specimens. The amount of hydrogen that was released in the first
desorption peak (chosen as 50 to 475 °C) was therefore calculated separately to
compare the hydrogen trapped at low temperatures only. These values will be used to
support further discussion in this article instead of the total hydrogen content. It
becomes clear that with an absorbed H content of 2.18 wppm for TiCSN and 1.82
wppm for VCSN, the TiC steel absorbs more hydrogen at lower temperatures than the
VC steel, and not all of the extra hydrogen absorbed by the TiC steels is that which is
trapped at a high temperature. In both the TiC and VC steels, the SN steel absorbs
significantly more H than the LN steel, which is likely a result of precipitate growth
as well as grain growth which causes a reduction in grain boundaries available for
trapping hydrogen. Activation energies obtained for the low temperature desorption
peaks show good correspondence between SN and LN heat treatments. TiCSN and
VCSN have similar energies of 14 and 19 k J/mol while TiCLN and VCLN have energies
of 37 and 27 k J/mol , respectively. This suggests similar trap types between the two
precipitate types, that change with heat treatment duration. The hydrogen trapped
in the high temperature peaks above 500 °C was previously shown to be stored
in large incoherent precipitates [21] and can be seen to be slightly reduced after
the long heat treatment. It can be calculated from Table 4.3 to be 0.39 and 0.27
wppm for TiCSN and TiCLN, respectively, while it is only 0.19 for VC SN and less
than 0.01 wppm for VCLN. Activation energies for the high temperature traps could
only be determined for TiCSN since the amount of hydrogen trapped in the other
steels was insufficient to identify peaks at all heating rates. The energies obtained
were 69 and 115 k J/mol for two distinguished peaks that can be observed in Figure 4.6.

4.3.2. MECHANICAL BEHAVIOUR

In order to compare the mechanical behaviour of the specimens studied in this
research, Figure 4.5 compares their SSRT curves to those obtained for their uncharged
counterparts studied in Chapter 3. A more detailed overview of mechanical
performance is given in Table 4.4. The specimens tested in-situ perform very similarly
to the uncharged ones for the largest part of the tensile curve. No significant
deviations in yield behaviour nor UTS are found except for experimental uncertainties.
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Figure 4.4.: TDS desorption curves of a) TiC and b) VC unstrained samples against
the post-mortem sample including deformation.

Table 4.3.: Overview of the total amount of absorbed hydrogen, the amount of
hydrogen in the low temperature desorption peaks (50 - 475 °C), the
amount of hydrogen in high temperature peaks (>500 °C) and the activation
energies obtained for the desorption peaks in the ex-situ charged samples.

HT Condition Total H Low T peak H EA High T peak H EA

[wppm] [wppm] [kJ/mol] [wppm] [kJ/mol]

TiC
SN 2.62±0.32 2.18±0.28 14±4 0.39±0.01

69±7
115±16

LN 1.53±0.17 1.26±0.06 37±3 0.27±0.10 -

VC
SN 2.02±0.03 1.82±0.18 19±5 0.19±0.19 -
LN 0.79±0.04 0.79±0.04 27±8 < 0.01 -

A notable exception is TiCLN, which has an early onset of necking that causes a lower
UTS and higher HE I . In both cases for the VC steels, the longer heat treatment
results only in a reduction in strength instead of an increase in ductility. This is true
for both heat treatment durations. The largest effect of the in-situ hydrogen charging
is observed as a reduction in strain at fracture ϵ f . Both TiCSN and VCSN show an HE I
value of around 15 %. VCLN reduces in ductility by 19 %. TiCLN, however, is evidently
more embrittled with an HE I value of 37 %. This condition shows both a larger
ductility without hydrogen, as well as the lowest ductility with hydrogen.

4.4. DISCUSSION
Characterising the specific microstructural features responsible for trapping hydrogen
is often complicated by overlap of different desorption peaks [40]. Other than
hydrogen traps in precipitate features, dislocations and grain boundaries often show
desorption peaks at near identical temperatures [22, 105]. In this view, the TiC steel
provides a good study case since the grain structure is not significantly changed
between the SN and LN heat treatments. The reduction from 2.18 to 1.26 wppm of
absorbed hydrogen at low temperatures can therefore confidently be ascribed to a
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Table 4.4.: Overview of the 0.2% proof yield strength σy, 0.2%, UTS, Onset point of
necking ϵUTS and strain at break ϵf for all heat treatment conditions. Errors
are standard deviations.

HT Condition σy, 0.2% [MPa] UTS [MPa] ϵUTS [%] ϵf [%] HEI [%]

TiC
SN 633±13 711±3 8.7±0.4 12.9±0.5 15.3±6.4
LN 480±9 575±14 7.7±0.3 11.1±0.8 37.0±10.5

VC
SN 658±6 739±4 11.4±0.3 14.1±0.7 14.7±11.6
LN 570±1 648±6 11.3±1.7 15.0±1.4 18.7±12.3

Figure 4.5.: Tensile curves of a) TiC and b) VC specimens tested in-situ during
electrochemical hydrogen charging in comparison with uncharged
specimens. Errors are standard deviations in fracture strain. Uncharged
data was obtained in Chapter 3.

difference in trapping in or around the precipitates. The obtained activation energy of
14 ± 4 k J/mol for TiCSN is close to values obtained by DFT studies. Sagar et al. [96]
found values of 11.5 k J/mol (-0.12 eV ) and 10.5 k J/mol (-0.11 eV ) for the activation
energy of the tetrahedral interstices on the coherent precipitate/matrix interface and
in the first iron layer, respectively. These fall within the range of 18 ± 12 k J/mol
found for the more general coherency strain field of TiC by Di Stefano et al [118].
The desorption peak of TiCLN was measured as 37 ± 3 k J/mol , which matches with
several reported values from both DFT and experimental studies on the activation
energy of hydrogen trapped within misfit dislocations on the semi-coherent interface.
Di Stefano et al. calculate this value as 47 k J/mol (-0.49 eV ) [118] and Hammer et al.
[138] calculate it as approximately 43 k J/mol (-0.45 eV ). An experimental value of 43
k J/mol was also obtained in Chapter 3 where identical steels were charged in a high
temperature H2 environment [21].

Activation energies obtained for the VC steel were remarkably similar to that for the
TiC steel. The VCSN condition traps hydrogen with an activation energy of 19 ± 5
k J/mol . Though modelling results on VC are more scarce, values of between 12
and 17 k J/mol (-0.13 & -0.18 eV ) were obtained by several authors for trapping
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sites in the iron lattice near the matrix/precipitate interface [103, 118, 138]. Hammer
et al. furthermore obtained a value of approximately 29 ± 6 k J/mol (-0.30 eV )
for the activation energy of hydrogen trapped in a misfit dislocation core on the
semi-coherent interface. This matches well with a value of 27 ± 8 k J/mol measured
for the VCLN condition in this research. The fact that values between SN and LN
conditions in both steels are similar indicates that the trapping behaviour between the
TiC and VC nano-carbides is similar as well. The hydrogen is stored in the first iron
layers around the interface of small (semi-)coherent carbides after the SN treatment,
but in misfit dislocation cores on the interface of semi-coherent carbides after the
longer LN treatment when precipitates have grown. These are all interface traps.
Since less interface is available as the nano-carbides increase in size this explains the
reduction in absorbed hydrogen after the longer heat treatment for for TiC steel and
partly for the VC steel. The reduction from 1.82 to 0.79 wppm in VCLN is not only a
result of reduced VC interface trapping, but also of a reduced grain boundary density
in VCLN resulting from grain growth. Grain boundaries have been shown to appear
at similar desorption temperatures to what was measured in this research [22], so
they can be expected to play a role even though their behaviour was masked by the
desorption peak of the carbides.

Figure 4.6.: Deconvoluted TDS peaks for all heating rates in the TiCSN steel.

Both TiCSN and TiCLN are shown in Figure 4.4 to trap H at higher temperatures
as well. Figure 4.4a shows the deconvoluted high temperature peaks for TiCSN,
which were calculated to have activation energies of 69 and 115 k J/mol , respectively.
Chapter 3 identified the hydrogen that desorbs at high temperatures to be trapped
inside the bulk of large incoherent carbides [21], although no activation energies for
these traps were obtained in that work. Electrochemical hydrogen charging at room
temperature cannot overcome the diffusion barrier of the incoherent precipitate/matrix
interface, which means that these traps are not affected by the charging in this work.
The hydrogen is already present in the as-received material. The value of 115 ± 16
k J/mol that is found here for the high temperature peaks corresponds well with
numerically obtained values of 105 to 113 k J/mol for H trapped in C-vacancies inside
the precipitate bulk [96, 120]. The same trap has been studied experimentally, where
energies of 80 to 90 k J/mol were found [27, 112]. Incoherent TiC precipitates in
general were found to have a wider range of trapping energies anywhere between 53
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and 145 k J/mol through different analytical means that could explain their difference
[22, 101, 102]. Wei and Tsuzaki observe trapping energies for H trapped in incoherent
TiC to range from 68 to 137 k J/mol depending on austenization temperature and
consequently precipitate size [27]. However, a difference in precipitate size does not
indicate a difference in trap type, so varying activation energies are not expected.
There is still uncertainty towards the nature of differently obtained activation
energies for the seemingly identical trap site of the C-vacancy. The influence
of connected vacancy networks is sometimes discussed in literature as an expla-
nation for lower activation energies [112, 118], but a conclusive answer is not yet found.

Figure 4.4b shows peak broadening for the VC spectra obtained post-mortem after
the SSRT test, and even the appearance of an extra shoulder in the desorption curve
for VCSN. Although the appearance of an extra peak suggests the creation of a new
hydrogen trap, the activation energies for the first and second peaks were found as 17
and 21 k J/mol . The full deconvoluted peaks can be found in Figure A.1. These
energies are so similar that it is difficult to assign separate microstructural features to
both individually. It is more likely that this is an effect of a high degree of plastic
deformation, which was observed in DP1000 steel by Drexler et al. as peak broadening
with increasing plastic strain [139]. A high degree of plastic deformation retards
hydrogen diffusion from the bulk which delays the appearance of the desorption
peak to higher temperatures. Since the coherent VC precipitates present in VCSN

and to a smaller degree in VCLN were of a smaller size as well as more elongated
than those seen in the TiC steels, they play a larger role in dislocation accumulation
and precipitate strengthening. This is the main cause of the similar strength of the
VC steels to that of the TiC steels, although the grain size is much larger in the VC
steels. Increased dislocation accumulation around VC precipitates could therefore
lead to a retardation in the desorption peak after straining to a larger degree that
is not observed in the TiC steels. Since the average precipitate spacing in VCSN is
lower than in all other steels at 24 nm, these precipitates provide a larger barrier
for dislocation movement. This causes a larger dislocation accumulation around
the precipitates, such as observed by Gong et al. [140], which causes the most
retardation of H desorption that shows in the TDS curve as a second peak. How-
ever, because the trap is still the precipitate itself, the activation energy does not change.

Both the TiC and VC steels are ductile steels without a large amount of strain
hardening. Judging from Figure 4.5 and Table 4.4, the only observed effect is that of a
reduction in fracture strain as indicated by the HE I . Both VC steels, as well as TiCSN

embrittle by 15 to 20 %. TiCLN instead embrittles by 37 %, almost twice as much as all
other steels. In order to investigate the reason, more metrics should be studied. Table
4.5 lists the UTS, onset points of necking and embrittlement indexes calculated for
both metrics (HEIUTS and HEINeck, respectively) in the same way as listed in Equation
4.1. The benchmark values on uncharged specimens used for the embrittlement
indexes were obtained in Chapter 3 [21]. One important observation from this table is
that the HEINeck is negligible for both VC steels, and insignificantly changed for TiCSN.
There is no evidence of an early onset of necking in these steels, meaning that the
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Table 4.5.: Comparison of the UTS and onset point of necking ϵUTS against uncharged
benchmark specimens from Chapter 3, as well as the embrittlement
indexes calculated for each compared to the overall HEI[21].

HT UTS UTS HEIUTS ϵUTS ϵUTS HEINeck

Condition [MPa]
Bench

[MPa] [%] [%]
Bench

[%] [%]

TiC
SN 739±18 711±3 3.9±2.9 9.5±0.3 8.7±0.4 8.24±8.2
LN 650±39 575±14 11.6±8.5 11.2±0.6 7.7±0.3 30.6±8.8

VC
SN 744±7 739±4 0.6±1.5 10.8±1.0 11.4±0.3 −6.0±12.2
LN 674±12 648±6 4.0±2.6 11.9±0.4 11.3±1.7 5.5±17.8

absorbed hydrogen does not impact the ductility of these steels up until the point
of necking. All reduction in ductility that constitutes the hydrogen embrittlement
takes place after the point of UTS e.g. as accelerated necking. In contrast, the
onset of necking is reduced by 30.6 % in TiCLN after in-situ testing compared to the
benchmark, which is of the same order as the 37 % total embrittlement of this steel.
As a consequence of this early onset of necking, the UTS of TiCLN is reduced by 11.6
% compared to the benchmark. The other three steels do not show any significant
reduction of UTS outside of any variability that is expected between different sets.
What this behaviour indicates is that the eventual localisation of plastic deformation
is the governing factor in embrittlement for these steels. In order to elucidate exactly
why TiCLN behaves so differently, the fracture mechanisms need to be studied.

Figures 4.7a and b, which show frontal view of the post-mortem SSRT specimens,
display significant side-cracking in TiCLN compared to that in VCLN. This indicates
a reduced resistance to crack initiation and growth in the TiC steel, which serves
as a cause for increased HE. Figures 4.8a and b show SEM fractographic images
of the fracture surfaces of the same samples. The highlighted area corresponds
to areas of brittle fracture around the edges of the tensile specimens that were
in contact with the electrolyte, as is often seen in in-situ tests [43, 141, 142]. A
higher magnification image of the brittle zone in TiCLN is given in Figure 4.8c,
where it can be observed that fracture is exclusively intergranular (IG) in this
region. Extensive secondary cracking can be seen and all facets are of a size
corresponding to the grain size. Although behaviour in VCLN is very similar, as
can be seen in Figure 4.8d, this fracture surface still exhibits some transgranular
(TG) fracture that contains ridges characteristic of the quasi-cleavage (QC) fracture
surface [71]. These facets are larger than any of the ones observed in TiCLN

which corresponds to the larger grain size found in the VC steel. In the hydrogen
embrittlement model as proposed by Wasim et al. [79], embrittled fracture surfaces
exhibit more IG fracture with increasing hydrogen content. This matches the higher
hydrogen content of TiCLN (1.26 wppm) compared to VCLN (0.79 wppm). However,
the hydrogen content is clearly not the only factor governing the emergence of
intergranular fracture, since TiCSN has an even higher H content but a much lower HE I .
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Figure 4.7.: Front views of post-mortem specimens from a) TiCLN and b) VCLN. The
top surface in this figure is the fracture surface of the tensile specimens,
crack that can be observed are secondary cracks on the side surfaces of
the specimens.

Figure 4.8.: Fractographic images of a, c) TiCLN and b, d) VCLN. Highlighted areas
in a) and b) correspond to brittle fracture surface. Quasi-Cleavage (QC)
fracture features are indicated in d).
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Higher magnification SEM fractography was performed in order to investigate
the nature of increased IG fracture in TiCLN compared to the other steels. Figure
4.9a shows an image of precipitates on a cracked grain boundary from the TiCLN

steel, of which an EDS line scan is shown in Figure 4.9b. The precipitates on the
grain boundary are identified as TiC, which shows that the intergranular fracture
surface is in fact localised to boundaries that contain precipitates. A reference
image of an intergranular surface of TiCSN is shown in Figure 4.9c which does not
contain any visible intergranular carbides. The fact that TiCLN contains a high degree
of intergranular precipitates that are present on the fracture surface can explain
the increased tendency for TiCLN to show IG fracture as compared to the other
steels. However, TiCLN is not the only surface on which larger IG precipitates were
observed. Figure 4.9d shows an occurence of IG precipitation on the surface of
VCLN, although these precipitates could not be identified as VC definitively. This
means that the localisation of fracture to the precipitate boundaries is not spe-
cific to TiC, but the fact that TiCLN contains many more causes its higher embrittlement.

Figure 4.9.: In-depth fractographic observation of a) High magnification of TiC
precipitates on a grain boundary on the TiCLN fracture surface. b) EDS
linescan of the line segment shown in (a). c) Facet not showing any sign
of precipitates on a TiCSN IG fracture surface. d) Intergranular precipitates
on the VCLN fracture surface.

Furthermore the role of the larger >100 nm incoherent precipitates should be
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Figure 4.10.: a) An Inverse Pole Figure (IPF) of a secondary crack on the side surface
of a TiC LN specimen, and b) an Electron Dispersive X-ray (EDS) image
of the same area in (a) where Titanium is displayed in red.

discussed. Combined EBSD and EDS analysis was performed to investigate the
presence of these precipitates around secondary cracks, the results of which are shown
in Figure 4.10. EDS in Figure 4.10b furthermore shows the presence of homogeneously
distributed TiC precipitates of sizes >100 nm. Although these precipitates are not
localised around the crack formation, they have been observed to occasionally appear
on the fracture surface as shown in Figure 4.11a. Large incoherent precipitates are
therefore explained to not necessarily localise fracture, but to cause increased IG
fracture if they are present on grain boundaries.

Figure 4.11.: SEM images of a) Observed incoherent TiC precipitates on an
intergranular fracture surface. b) Nucleated secondary crack on a triple
point boundary. Both images were obtained from the TiCLN steel.

The role of intergranular precipitates in hydrogen fracture was investigated
previously in literature. Elkot et al. investigated an austenitic high Mn-steel containing
κ-carbides and concluded that IG fracture is facilitated on boundaries containing a
high concentration of carbides [143]. They draw parallels to a study by Koyama et al.
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on a similar steel [144]. The mechanism proposed by Koyama et al. proposes crack
initiation on triple point boundaries, followed by preferential crack growth towards
boundaries containing a high hydrogen concentration due to slip localisation. In
the study by Koyama et al., the carbides cause increased slip localisation from the
matrix, whereas Elkot et al. find them to be most detrimental when they are present
on grain boundaries. The carbides act as blockages for dislocation cross-slip along
grain boundaries and instead cause dislocation pile-ups that lead to void formation
in combination with hydrogen. The void formation eventually causes enhanced IG
fracture. Elkot et al. argue that instead of slip bands observed by Koyama et al. being
the precursor to fracture, they are instead formed upon crack propagation.

Crack initiation on triple-point grain boundaries is something that was observed in
this work as well, as indicated in Figure 4.11b which shows a secondary nucleated
crack on a triple point boundary in TiCLN. This figure also shows crack propagation
along grain boundaries that contain precipitates. The mechanism as discussed by
Elkot et al. is therefore likely also active in this steel although it contains different
precipitates. The reason that this mechanism is only active for TiCLN is because of the
high amount of intergranular precipitates of increased size compared to those in
TiCSN. These form as a result of two mechanisms. Firstly, grain boundaries migrate
during the heat treatment, but get pinned by existing nano-precipitates that are until
then only present in the grain interior. This Zener pinning is also responsible for the
negligible growth in grain size between TiCSN and TiCLN. This results in an increased
amount of precipitates at grain boundaries. Secondly, the grain boundary precipitates
undergo accelerated growth compared to those in the grain interior. It is clearly visible
from SEM observations such as those in Figure 4.1c that interior precipitates are not
visible at similar magnifications that reveal grain boundary precipitates. Precipitates
present on the grain boundaries act as barriers to dislocation movement and
dislocation pileup around the precipitates occurs. This localised plastic deformation,
in combination with the hydrogen present, causes fracture around the precipitate and
accelerates IG cracking compared to a steel where the precipitates are present in the
grain interior such as TiCSN. This mechanism reveals itself in the tensile curve as an
early onset of necking, although the actual plastic deformation is happening on the
grain boundaries. Although it has been found that smaller grains can be beneficial
to increase HE mitigation [145], intergranular presence of carbides with reversibly
trapped hydrogen could counter this effect and weaken the grain boundaries instead,
causing increased HE. This process is shown in four steps in Figure 4.12. Whereas
nano-carbides present inside grains are therefore beneficial, carbides present on the
grain boundaries could cause increased HE instead. Excessive grain boundary pre-
cipitation should therefore be avoided when designing nano-steels for hydrogen service.

4.5. CONCLUSIONS
Through this research, some key aspects of hydrogen embrittlement were studied.
In-situ mechanical testing in an electrochemical hydrogen charging environment



4.5. CONCLUSIONS

4

61

Figure 4.12.: Proposed model for enhanced hydrogen embrittlement by grain boundary
precipitation. The a) starting microstructure, undergoes grain growth
after which the b) grain boundaries are pinned. c) the precipitates
accumulate dislocations and attract hydrogen that d) weaken the
precipitate/grain interface and cause intergranular fracture.

allowed for obtaining the optimal precipitate type and size that retains mechanical
properties as much as possible during hydrogen loading, namely the VC steel
with a high density of coherent nano-carbides. Furthermore, the adverse effect of
intergranular precipitates in relation to hydrogen fracture was discussed. A model
was proposed to describe the creation of grain boundary precipitates and their
effect on the hydrogen embrittlement of steels in contrast to the beneficial effect of
nano-precipitation within grains. The following conclusions can be drawn from this
work:

• Nano-carbides trap hydrogen in the iron layers near the interface with an
activation energy of 14 - 19 k J/mol , or inside the misfit dislocation core with
an activation energy of 27 k J/mol or higher. Since this hydrogen is stored on
the interface between the precipitate and the matrix, the amount of absorbed
hydrogen decreases with increasing precipitate size.

• Hydrogen charged through electrochemical means is trapped reversibly.
Incoherent TiC precipitates of >100 nm in size trap hydrogen irreversibly in
C-vacancies with energies of 69 and 115 k J/mol . The irreversibly trapped
hydrogen is present in the material before the heat treatment, and these traps
are not influenced by the electrochemical charging.

• After in-situ Slow Strain Rate Tensile testing, VCSN, TiCSN and VCLN are all
embrittled by 15 to 20 %, while TiCLN is embrittled by 37 %.
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• The reduction in fracture strain is concentrated to the region of necking in the
tensile curve for all steels except TiCLN, which has an earlier onset of necking.
Plastic strain localisation is therefore the governing factor for HE in these steels.

• The increased embrittlement in TiCLN is shown to be a result of TiC
nano-precipitates present on grain boundaries. These cause dislocation pileup,
trap hydrogen there and consequently cause intergranular fracture around the
precipitates that results in macroscopic brittle behaviour.

• VCSN retained the highest strength and ductility out of all four steels while
absorbing 2.0 wppm of hydrogen. This is therefore the optimal condition for
use in both gaseous and liquid hydrogen environments.
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Amarante (J.) BÖTTGER, Vera POPOVICH

The effect of hydrogen charging during plastic deformation was investigated on a
ferritic steel containing TiC nano-precipitates. Specimens were subjected to a slow
strain rate tensile test (SSRT) up to 0, 1 or 3% plastic engineering strain, held until
a total duration of two hours to saturate with hydrogen, then fast fractured. The
specimens pre-strained elastically absorbed 2.36 wppm of hydrogen, which increased to
3.69 wppm for 3% plastic strain. Only 0.72 wppm is stored in non-dislocation traps
such as precipitates, grain boundaries and lattice sites which makes dislocations the
main contributor to hydrogen trapping. The increased hydrogen uptake did not lead to
a decrease in fracture strain, which remained between 6 and 10% for all pre-strains,
compared to 60% for full SSRT tests that were charged for a shorter time. This research
highlights the necessity of high plastic strains and the presence of hydrogen in the
environment during crack growth to cause HE in ductile steels.

This chapter has been published in NPJ Materials Degradation 9, 39 (2025).
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5.1. INTRODUCTION
The automotive industry is a considerable contributor to global CO2 emissions, of
which a large part is correlated to vehicle weight [3, 4]. Reducing vehicle weight will
therefore lead to CO2 reductions, but this has to be done without compromising
passenger safety. For this reason, the industry has been on the forefront of using
Advanced High Strength Steels (AHSS), which allow for critical parts in the vehicle to
be manufactured from thinner material while retaining good mechanical properties
to guarantee safety [6, 7]. Good formability of these steels is required to obtain
the complex geometries of structural car parts. Many high strength steels contain
microstructural features that cause HE by attracting hydrogen which causes a
reduction in mechanical properties and potential sudden fracture [12–17]. Examples
of these are hard phases, interfaces or regions of stress and/or strain concentrations
[21–24]. Accumulation at these areas is why diffusible hydrogen is the primary cause
of HE [24, 34, 105, 111, 114, 115, 136]. One solution in automotive steels is the use of
nano-carbide precipitates in a ferritic matrix to realise steels with a high strength as
well as ductility without relying on large amounts alloying elements. An added benefit
of using nano-carbides is that they provide a mechanism for increasing resistance to
Hydrogen Embrittlement (HE) by providing strong hydrogen trapping sites, without
compromising on overall steel strength [22, 27, 34, 67, 100, 105, 111–113].

The effects of precipitate type and size on HE were the focus of our previous
research that was discussed in Chapters 3 and 4 [21, 134]. There it was shown that
large incoherent carbides provide strong hydrogen traps that do not cause HE, but
that these traps cannot be charged at room temperature. The best performance
was found in the case where nano-sized precipitates were present only in the grain
interior [21]. In this case HE was minimal and the only loss in ductility was detected
after the onset of necking, whereas the material behaviour was unchanged at low
strain. Park et al. find similar results in a study where pre-strained specimens were
subjected to Slow Strain Rate Tensile (SSRT) tests in hydrogen and their specimens
show accelerated fracture only after the point of maximum stress [146]. HE was
found to be most significant for specimens that had undergone strain hardening
before being charged with hydrogen. Their results are supported by Li et al. who
subject U-bent specimens to an acidic environment in a static test to observe the
duration until fracture [82]. They find that fracture only happens in specimens
strained until near the bending limit. Embrittlement in these studies is only seen in
samples that are strained to the load limit. Takai et al. investigated the effect of
straining during hydrogen charging, then unloading and annealing out the hydrogen
before loading again to fracture [147]. They found that specimens that were strain
hardened in hydrogen, but fractured without hydrogen, still showed a reduction in
ductility compared to specimens only strained in air. Hydrogen charging during strain
hardening is thus suggested to induce damage in the microstructure that reduces
its total ductility regardless of whether hydrogen is being charged at the load limit.
The discrepancy between these different studies raises the question whether the
phenomenon of HE is only present at high plastic strains or whether is can be
affected by hydrogen charged at low plastic strains.
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It is known that straining during hydrogen charging increases hydrogen uptake.
An increase in plastic deformation has the effect of increased hydrogen absorption
since the defects that are created, such as dislocations and vacancies, provide
hydrogen trap sites [139, 147–149]. Moreover, the presence of hydrogen during
straining can also increase the creation of defects, which further aggravates HE.
This is explained in the Hydrogen Enhanced Strain Induced Vacancy (HESIV)
model proposed by Nagumo [76, 77]. Drexler et al. even found a hydrogen
uptake of 9.09 wppm after straining a DP600 steel during hydrogen charging
versus only 3.48 wppm after straining in air [139]. It can therefore be
expected that straining during hydrogen charging affects HE since it induces a
higher hydrogen absorption, although the local hydrogen concentration has been
found to decrease temporarily upon the onset of dislocation motion by Fukunaga [150].

This work studies the effect of only the hydrogen that is absorbed during strain
hardening to answer whether or not straining up to the load limit is required to
induce HE. The approach is to strain a ferritic high strength steel to several degrees of
plastic strain during an SSRT test and charge it with hydrogen until saturation. The
hydrogen uptake is measured using Thermal Desorption Spectroscopy (TDS), before
specimens are fast fractured to inhibit any further uptake of hydrogen at high plastic
strains. The results are compared to both specimens strained in air and specimens
strained in SSRT while hydrogen charging until fracture, and the hydrogen is
correlated to deformation by both X-ray Diffraction (XRD) and Electron Backscattering
Diffraction (EBSD) measurements to obtain a comprehensive understanding of the
fracture mechanisms.

5.2. METHODS

5.2.1. HEAT TREATMENT AND MICROSTRUCTURE

Table 5.1.: Summarised alloy contents of the TiC alloy in weight %.

C Mn Al Si Ti Balance Fe

TiC 0.07 1.75 0.01 0.01 0.30 97.86

The steel used in this research was cast by Tata Steel in IJmuiden. The composition
was measured on a Panalytical Axios Max Wavelength Dispersive X-ray Fluorescence
(WDXRF) instrument and is shown in Table 5.1. This composition was chosen
to obtain a ferritic microstructure with finely dispersed TiC nano-precipitates for
which he atomic ratio of Ti:C was kept as close to 1:1 as possible. The steel
was heat treated by the same process as used in the previous chapters in this
thesis, which consists of a heat treatment in pure N2 at 700 °C for 2 hours.
This time excludes a warm-up at 5 °C/min and a cooling-down that was furnace
limited at approximately 1 °C/min. Before the heat treatment, each specimen was
sanded to a P1000 grit finish. The resulting microstructure can be observed in
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Figure 5.1a, and Figure 5.1b shows the histogram of precipitate sizes measured
using TEM. The average grain area is 3.8 µm2, but extremes can be found on
both the low and high ends. The sizes were therefore chosen to be listed in
Table 5.2 according to the ASTM E1181 standard for randomly distributed grain
sizes of large range the total range of observed grain areas was between 0.1 and 160 µm2.

Precipitate sizes (
√

leng th ·wi d th) and spacings were obtained using Transmission
Electron Microscopy (TEM), [21], and are also listed in Table 5.2 by the same standard.
Over 100 precipitates were measured manually on a Thermo Fisher Scientific™ Cs
corrected cubed Titan™ TEM. The critical size for TiC precipitates to lose coherency
with the iron matrix is 4.2 nm, which means that with an average size of 8.6 nm and
an average spacing of 44 nm, virtually all precipitates in the steel are semi-coherent
with the matrix [27]. Larger precipitates with sizes of >100 nm were also observed,
but they are much more sparse with an average spacing of 3 ± 2 µm. These
were previously shown to not have any effect on fracture, even when charged with
hydrogen [21]. The largest precipitate observed was 290 nm in size.

Figure 5.1.: a) An Inverse Pole Figure map of the microstructure of the undeformed
steel, and b) a histogram showing the the distribution of semi-coherent
precipitate sizes.

5.2.2. IN-SITU MULTI-STEP TENSILE TESTING

All tests performed for this research were conducted in a custom designed setup to
allow for in-situ hydrogen charging during tensile loading. The setup and specimen
geometry are shown in Figure 5.2. The specimens are submerged in a 3.5% NaCl
+ 3 g/L ammonium thiocyanate (NH4SCN) solution for the duration of the test to
allow for hydrogen charging. The charging is performed galvanostatically with a
current density of 1 mA/cm2 for the entire duration of the test. A heating element
is used to keep the basin at a constant temperature of 25 °C. Before testing, each
specimen is sanded up to P1200 grit for a repeatable surface finish. The test itself
consists of three steps, which are displayed in Figure 5.3. The first step is a slow
strain rate tensile (SSRT) test at a rate of 4 ·10−5s−1 up to a pre-determined level of
either stress or strain. The crosshead position is then put on hold while charging is
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Table 5.2.: Microstructural details for all heat treatment conditions. A minimum
of 100 precipitates were considered for the precipitate size and spacing
measurements.

Hardness Grain area [µm2] Precipitate size [nm] Precipitate
HV2 Low Avg. High Low Avg. High spacing

272±3.1 0.1 3.8 160 2.8 8.6 290

Semi-coherent nano-carbides 44±23 nm
Homogeneously distributed incoherent >100 nm carbides 3.0±2.0 µm

continued until the total test duration reaches 2 hours, which was calculated as the
saturation time for hydrogen charging of this steel in Chapter 4 [134]. Finally the
specimen is subjected to a faster crosshead displacement of 10 mm/min until fracture
which corresponds to a strain rate of 4.2 ·10−3s−1. This is done to avoid additional
hydrogen entry into the steel during the fracture phase of the tests as well as to
minimise the role of hydrogen diffusion during the fracture step. Any influence of
hydrogen is thereby isolated to hydrogen absorbed during the first two steps of the
test. The three threshold levels chosen were 0%, 1% and 3% plastic strain, where
0% was set to 80% of the 0.2% proof yield strength of the uncharged specimens
taken from Chapter 4 [134]. Some specimens were subjected to a one step SSRT
tests which consisted of a strain rate of 4 ·10−5s−1 until fracture, which have been
designated as SSRT. Other than that, benchmark specimens were tested at a similar
strain rate without any hydrogen charging. The extent of HE was calculated using the
fracture strains as per Equation 5.1 and listed as the Hydrogen Embrittlement Index
(HEI). Here ϵAi r

f and ϵ
H2
f designate the fracture strains of uncharged benchmark SSRT

specimens and hydrogen charged specimens, respectively. Immediately after fracture
of each specimen, both fractured halves were removed, rinsed with demiwater, dried
with compressed air and cleaned in the ultrasonic bath in isopropanol for 5 minutes.
All tests were performed using a Zwick Z-100 universal tensile tester and hydrogen
charging was performed using a Bio-Logic VSP-300 potentiostat. Strain was measured
using a submersible Epsilon 4030 extensometer.

HE I [%] =
ϵAi r

f −ϵH2
f

ϵAi r
f

·100% (5.1)

5.2.3. HYDROGEN ANALYSIS

Several specimens were removed from the test setup after the controlled hold step and
the gauge section of homogeneous strain was cut out. The gauge was then transferred
to a Bruker G8 Galileo ONH thermal desorption analyser equipped with the IR07
furnace for accurate temperature ramping. Each strain condition was measured three
times at heating rates of 1, 0.66 and 0.33 K/s from room temperature up to 600 °C.
The amount of absorbed hydrogen were measured and the peak temperatures were
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Figure 5.2.: a) Overview of the in-situ hydrogen setup used for tensile testing and b)
the dimensions (in mm) of the tensile specimen geometry used in this
study. Adapted from [134].

analysed using the simplified Kissinger equation [129], which is shown in Equation 5.2.
This equation allows for determination of activation energies relating to individual
peaks in the hydrogen desorption spectrum.

d ln(φ/T 2
max )

d(1/Tmax )
=−E A

R
(5.2)
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Figure 5.3.: Overview of the test procedure The entire test is performed during
hydrogen charging, axes are not to scale.

In this equation Tmax is the peak temperature of the H desorption peak in K, φ the
heating rate in K/s, R the universal gas constant 8.3415 J/molK and E A the activation
energy for hydrogen desorption of the specific hydrogen trap in kJ/mol. E A can be
derived from the slope by fitting ln(φ/T 2

max ) to (1/Tmax ).

5.2.4. CHARACTERISATION

Several characterisation methods were used to study the material in its undeformed
and deformed states. Fractured specimens were prepared by cleaning in an ultrasonic
bath with isopropanol. For Electron Backscattering Diffraction (EBSD) images, the
fracture surfaces were sectioned and embedded in a thermoplastic resin. The surface
was polished up to a colloidal silica OPS finish of 0.04 µm and the samples were
cleaned in the ultrasonic bath afterwards. Both Scanning Electron Microscopy (SEM)
and EBSD were performed on a Thermo Fisher Scientific™ Helios™ G4 PFIB UXe
SEM. Fractographic images were taken at an accelleration voltage of 20 kV and a
probe current of 0.4 nA. EBSD maps were obtained at a voltage of 15 kV and current
of 6.4 nA instead to increase signal quality. The step size for all EBSD images shown
in this work was 70 nm in order to obtain several indexed points even for the smallest
grains and a low cut-off angle of 5° was used for grain boundary identification.
Selected EBSD specimens were used for X-ray Diffraction (XRD) measurements to
obtain the dislocation density in all stages of deformation. The measurements were
performed on a Bruker D8 Advance diffractometer using Co Kα radiation, with a
2θ range of 40° - 135°, a step size of 0.02 ° and a counting time per step of 2
seconds. The modified Williamson-Hall method as used by Verma et al. was utilised
to calculate the dislocation densities [151]. The smallest and largest crystallite sizes
found were 75 nm and 260 nm for the necked area of a fractured SSRT specimen
and an elastically deformed specimen, respectively. This means that the pixel size
for the EBSD measurements was smaller than the crystallite size in all specimens.
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To negate the influence of the pixel size on the Kernel Average Misorientation
(KAM) measurements, the kernel included the 1st and 2nd nearest neighbour points,
resulting in a kernel diameter of 350 nm which is larger than the largest crystallite.
All points in a kernel were used for the KAM calculation. The crystallite sizes were
exclusively used as a guideline to choose the KAM kernel size. All other discussion of
grain sizes uses the grain sizes as measured from EBSD.

5.3. RESULTS

5.3.1. HYDROGEN ABSORPTION

Table 5.3 contains an overview of the amount of absorbed hydrogen in each specimen
after the charging and holding time of 2 hours. The amount of H absorbed by the
unstrained benchmark specimens was measured in our previous research, discussed
in Chapter 4, under identical charging conditions and was found to be 2.18 ± 0.28
wppm [134]. It should be noted that the incoherent precipitates that are also present
in the steel trap hydrogen in stronger sites that show desorption peaks at higher
temperatures. These were, however, shown not to be further charged by the method
of charging in this work and they do not influence the mechanical behaviour of the
steel [21, 134]. Higher temperatures were therefore left out of the TDS measurements
for this work. The hydrogen content found for the 0% pre-strained specimens is
2.36 ± 0.17 wppm, which is within spread of that of the benchmarks. In contrast,
the absorbed hydrogen content rises significantly upon the application of plastic
pre-strain. The 1% and 3% plastically pre-strained specimens were found to absorb
3.00 ± 0.11 and 3.69 ± 0.26 wppm, respectively. The differences in hydrogen
absorption between elastic and plastic pre-strain shows the relative importance of
dislocations as hydrogen trapping sites. The desorption curves for all specimens have
been shown in Figure 5.4. Skewed Gaussian peaks were fit to the measurement data
represented in the figure, of which the maximum peak temperatures were used to
calculate the activation energy of desorbed hydrogen in the peak. Table 5.3 shows
them to be 21.0, 23.1 and 25.2 kJ/mol for increasing plastic pre-strain. The activation
energy increases with plastic strain, but the extra hydrogen that is absorbed is stored
in the same type of trap, namely the dislocation. Since trap occupancy in dislocations
increases significantly, the increase in calculated activation energy can be understood
to be an effect of re-trapping of hydrogen by dislocations before final desorption
occurs that lowers the effective diffusivity of hydrogen throughout the steel [148, 152].
The actual activation energy of a dislocation, however, would not change.

Observing the mechanical behaviour in Figure 5.5, it is evident that the increase in
hydrogen uptake with increasing plastic pre-strain is not directly related to earlier
final fracture. A trend is visible in the tensile curves, showing that, regardless of the
amount of pre-strain, most tensile samples are not significantly more brittle than the
uncharged benchmarks. Some individual samples are embrittled, but the degree of
embrittlement is similar between specimens with different amounts of pre-strain or
hydrogen uptake. The average HEI for the specimens was calculated to be 9.2, 6.6
and 9.5% for the 0, 1 and 3% pre-strained specimens, respectively. On the other hand,
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Figure 5.4.: Hydrogen desorption curves of a) 0%, b) 1% and c) 3% plastic strain
as well as d) the Kissinger plot of the activation energies E A for all
pre-strains.

Table 5.3.: Hydrogen absorption and mechanical behaviour properties of all tested
conditions. Errors are standard deviations.

H content [wppm] EA [kJ/mol] Fracture strain [%] HEI [%]

Benchmark 2.18±0.28 - 14.2±0.47 -
0% Pre-strain 2.36±0.17 21.0±1.66 12.9±2.08 9.2±18.35
1% Pre-strain 3.00±0.11 23.1±0.67 13.2±1.36 6.6±13.13
3% Pre-strain 3.69±0.26 25.2±0.70 12.8±2.01 9.5±17.83
SSRT 3.48 - 5.7±0.29 59.8±4.02

the SSRT specimens are consistently embrittled and fail around a strain of 5% even
though they have been exposed to the charging environment for approximately 1
hour, which is their time to fracture. A fractured SSRT specimen was measured in the
TDS shortly after fracture and was found to have a hydrogen content of 3.48 wppm,
which is within spread of samples strained to only 3% after two hours of charging. It
therefore seems to have absorbed hydrogen more quickly. However, the strain after
fracture is not homogeneous, so hydrogen is most likely segregated to regions of high
ductility. Therefore no conclusive quantitative statements can be made about the
hydrogen concentration in the fracture specimen. The SSRT specimens are severely
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embrittled, and have a HEI of 60%.

Figure 5.5.: Strain curves for a) 0%, b) 1% and c) 3% pre-strain, and d) full SSRT
curves. All tests except for benchmarks were performed during hydrogen
charging. The error bar for the benchmark tests indicates the standard
deviation of final fracture strain.

5.3.2. MEASUREMENTS OF PLASTIC DEFORMATION

Other than hydrogen content, for specimens at pre-strains of 0, 1 and 3% the
dislocation densities were determined through XRD and the KAM through EBSD. The
necking area of an SSRT specimen was also characterised for both to provide data
for a microstructure near fracture in hydrogen. The results are shown in Table 5.4
and an overview of the KAM measurements is shown in Figure 5.6. Although KAM
measurements only include information on the density of Geometrically Necessary
Dislocations (GNDs), and measurements from XRD also include Statistically Stored
Dislocations (SSDs), the relative number of GNDs has been shown to constitute the
majority of all dislocations up to the point of necking under tensile loading conditions
[153]. The two techniques can therefore be used comparatively in this strain regime.
Since the dislocation density is never zero, the specimen strained below the yield
point already has a dislocation density of 1.8 ± 0.3·1014m−2, which corresponds to an
average KAM of 0.6 °. Both values increase with strain, where the largest relative
increase is found between 0 and 1% plastic strain. The maximum is found in the
necking area where the dislocation density is 4.4 ± 0.7·1014m−2 and the average
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KAM is 1.4°. It should be noted that the XRD is a macroscopic characterisation
technique with an analysed surface area of roughly 1 cm2. Since the necked region
has strain heterogenieties, the measurement for the SSRT specimen therefore has a
larger error than the other dislocation densities. The KAM measurement is much
more localised and was therefore taken in an area close to the fracture surface. This
as such gives a more localised indication of the deformation near the fracture surface
of the specimen.

Table 5.4.: Dislocation density obtained from XRD, and Kernel Average Misorientation
obtained from EBSD for specimens at 0, 1, and 3% plastic strain, as well as
in the necked area of an SSRT specimen.

Dislocation Density [1014m−2] KAM [°]

0% Plastic Strain 1.8±0.3 0.60±0.30
1% Plastic Strain 2.8±0.4 1.02±0.53
3% Plastic Strain 3.3±0.5 1.16±0.59
SSRT 4.4±0.7 1.40±0.62

5.4. DISCUSSION
In this work, we attempt to quantify deformation of the microstructure by plotting
the dislocation density, KAM values and the hydrogen content as a function of
plastic strain. Through measuring all three on specimens with known homogeneous
macroscopic plastic strains for 0, 1 and 3%, a relation between them is established
and the effect of dislocations can be isolated. Figure 5.7a shows a graphical overview
of the dislocation density, the KAM and the hydrogen content of the specimens as a
function of the plastic strain. The amount of plastic strain for the SSRT specimen is
denoted as ’Neck’, for which the location on the axis was determined as 4.8% by
fitting it to the KAM measurements obtained for that area. Upon plastic straining,
the amount of hydrogen traps increases in the form of newly generated dislocations.
Figure 5.7b shows the hydrogen content as a function of the dislocation density to
illustrate this effect. The data closely follows a linear regression, which has been
extrapolated to both the average dislocation density in the neck region as well as
a theoretical density of 0 for a dislocation-free polycrystal. The hydrogen content
in the most deformed portion of the neck can be estimated to be 4.55 wppm if it
were charged to saturation, but this was likely not the case. It is more interesting
to consider the amount of absorbed hydrogen at a theoretical 0 dislocation density
by extrapolating the curve to lower strain values. Although the actual dislocation
density can never be zero due to entropic effect, the number gives an indication of
the amount of hydrogen that would be trapped in sites that are not dislocations.
Examples of these sites could be lattice positions and grain boundaries, but also
hydrogen that is stored in and on the interface of TiC nano-precipitates. From the
linear extrapolation, this amount is calculated to be 0.72 wppm. This means that 1.64
wppm of hydrogen is stored in dislocations even in the 0% pre-strained specimens,
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Figure 5.6.: Kernel Average Misorientation maps of Specimens strained at a) 0%, b) 1%,
c) 3% plastic strain and d) in the necked area of a fractured SSRT sample.

which increases to 2.97 wppm for 3%. Even if precipitate traps would be the only
other traps than dislocations, the hydrogen trapped in them would thus be less than
a third of the amount of hydrogen that was absorbed in the 0% plastically strained
specimen. The added hydrogen trapping capacity of the precipitates in this steel is
therefore only of minor influence on the total capacity of the steel, especially when
plastic deformation occurs. Furthermore, the traps that they present are considered
diffusible with activation energies of less than 50 kJ/mol [21]. This means that while
the TiC precipitates provide additional strength to the microstructure, their benefit to
HE resistance could be limited. Perhaps their largest benefit is in retarding hydrogen
diffusion throughout the microstructure, but it should be studied whether this makes
up for the extra absorption of hydrogen.

An important finding is that the increased hydrogen concentration caused by
the increase in dislocation density from 2.36 ± 0.17 wppm to 3.69 ± 0.26 wppm
does not increase the amount of embrittlement observed in the mechanical tests.
Embrittlement was instead much larger in the SSRT specimens, although the hydrogen
charging time for these specimens was the shortest. This means that, first of all,
hydrogen charging to full saturation is not a prerequisite for HE. It also means that
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Figure 5.7.: a) The hydrogen content, dislocation density and Kernel Average
Misorientation (KAM) as a function of the amount of Plastic Strain. Data
for the ’Neck’ point on the x axis was obtained on a necked area of an
SSRT specimen. The average KAM value underneath brittle crack surfaces
was indicated as the ’Observed initiation point’. b) the H content as a
function of the Dislocation Density with extrapolated data for the ideal
case of no dislocations, as well as a H content in the necked area of an
SSRT specimen.

the steel can accommodate a higher hydrogen content than what is required to cause
fracture, given that the plastic deformation is kept below a certain limit, in this case
approximately 5%. This raises the question, however, what happens at this level
of deformation to cause sudden fracture of the specimen. The fracture surfaces of
post-mortem specimens can indicate the progression of a crack in the specimen.
Figures 5.8a and 5.8b show the fracture surfaces of the 3% 2 specimen and an SSRT
specimen, respectively. As is also frequently observed in literature, brittle fracture
initiation zones were discovered around the edges that were exposed to the hydrogen
environment [43, 82, 141, 142, 146]. These zones correspond to the macroscopically
brittle quasi-cleaveage (QC) fracture mode, and are indicated in red. The length of
the brittle crack initiation zone corresponds to the width of the QC fracture zone
on the fracture surface. This was measured to be in between 30 and 50 µm for
the pre-strained specimens, and it was found to be independent of the degree of
plastic pre-straining. The SSRT specimens on the other hand, show a brittle zone
of up to 500 µm, as can be seen in Figure 5.8b. The fracture surface outside the
brittle zones shows micro-void coalescence (MVC) type fracture that forms when the
crack growth speed is too high to allow for continuous hydrogen diffusion to the
crack tip. This can therefore only be formed during the fast fracture stage of the
test. Since brittle fracture initiation occurs even in the 3% specimens, this is not the
cause of failure that happens in the SSRT specimens. A higher magnification overview
of the transition zone from QC to MVC fracture in a 3% specimen is given in Figure 5.9.

To find out at what point brittle initiation occurs, EBSD measurements were
performed on cross-sections of selected specimens post-mortem. KAM maps of the
sub-fracture surface microstructure beneath the brittle initiation zone were obtained.
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Figure 5.8.: Fractographic overviews of specimens a) 3% and b) SSRT where brittle
Quasi-Cleavage (QC) crack initiated zones are indicated in red and
Microvoid Coalescence (MVC) regions remain unmarked.

Figure 5.9.: Fracture surfaces showing the transition zone from Quasi-Cleavage (QC)
to Microvoid Coalescence (MVC) fracture in a 3% specimen, taken from
the area indicated in Figure 5.8a.

Figures 5.10a and 5.10b show two examples of these KAM maps. Figure 5.10b
corresponds to the same sample shown in Figure 5.8b, while 5.10a was taken from a
0% specimen that shows clear crack initiation on one side, providing a good study
case to observe the amount of deformation required for brittle crack initiation. The
average KAM values calculated beneath the crack surface is 0.89 ± 0.47°. This point is
indicated in Figure 5.7a to belong to a plastic deformation just over 1% if fit to the
regression. This value itself, however, is markedly below that of 1.02 °obtained for a
homogeneous plastic strain of 1%. This indicates that first crack initiation in the tests
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takes place early on during the deformation, when a homogeneous strain of 1% is
reached. Evidently these cracks do not propagate in the 3% specimens, but do in the
SSRT specimens where they grow large enough to cause macroscopic fracture.

Figure 5.10.: Post-mortem Kernel Average Misorientation maps of areas below a brittle
initation point on the fracture surface of a) 0% and b) SSRT specimens.
Grey pixels were not included in the KAM measurement.

This finding is supported by Figures 5.11a and 5.11b, which show the sides of the
3% 2 specimen and a SSRT specimen, respectively. The 3% pre-strained specimen
shows a high amount secondary cracks on the side surface, with significant crack
mouth opening. In the SSRT specimen, on the other hand, the fracture is entirely
localised to a single crack. Some secondary cracks can be observed, but they have not
been opened. The opening of the secondary cracks in the 3% specimen is shown
at a higher magnification in Figure 5.11c. Here the crack clearly displays a brittle
fracture initiation zone that transitions in to a region of ductile tearing. This is
supported by an IPF map obtained from EBSD shown in Figure 5.11d which shows
the contrast between the relatively equiaxed grains beneath the brittle surface and
the heavily deformed grains in the plastic region. These findings indicates that
brittle cracks initiate at several locations during either the straining or hold time of
the 3% specimen, but they arrest and are only opened during the further straining
in the fast fracture stage of the test. Here the strain rate is high enough that no
more hydrogen is absorbed, diffusion towards the moving crack tip is too slow and
therefore the material retains its ductility. The SSRT specimens, on the other hand,
were continuously strained at a low strain rate while being charged with hydrogen.
This induces continuous crack growth where the crack tip can be supplied with
hydrogen from the electrolyte, which causes brittle fracture even if the steel is not
satured with hydrogen. The extent of HE is therefore more correlated to the opening
of the crack during hydrogen charging than the duration of charging itself and the
resulting saturated hydrogen content.

The reason that the cracks initiated around 1 % deformation do not propagate
during the hold phase is unknown. A brittle crack that has initiated could be expected
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Figure 5.11.: Fractographic images of 45° tilted specimens a) 3% and b) SSRT. c)
shows a zoomed in section of a crack in (a) to highlight the transition
from brittle to ductile fracture. An Inverted Pole Figure (IPF) map of the
cross-section of a similar transition is shown in d) where the start of
plastic deformation can be observed.

to grow under a constant opening in a hydrogen environment since new hydrogen is
absorbed and the stress concentration presented by the crack tip attracts hydrogen
from the nearby bulk material. A possible reason for crack arrest could be a small
force drop during the hold phase of the tests as a result of relaxation of the specimen
and grips. This drop in force can be seen in Figure 5.5 to occur for specimens
strained above the yield point and could cause crack tip closure, depending on the
degree of plastic deformation near the crack tip. The plastic deformation would be
microscopic, however, given that QC fracture surface is not formed from large-scale
plastic deformation [71].

5.5. CONCLUSIONS
This research shows that an increased internal hydrogen concentration does not
necessarily increase HE. Instead, it is largely governed by the presence of hydrogen in
the environment during crack initiation and propagation. The steel can absorb a
significant amount of hydrogen without showing signs of embrittlement, provided it is
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not plastically deformed above a certain threshold. By varying the amount of plastic
deformation, the trapping capacity of dislocations could be isolated from that of other
features like precipitates, showing that the effect of dislocations on hydrogen trapping
is much more siginificant than that of nano-precipitates. The following conclusions
can be drawn from this work:

• Increasing load within the elastic region has little impact on the absorbed
hydrogen content, which was 2.36 ± 0.17 wppm in the 0% pre-strained
condition versus 2.18 ± 0.28 wppm in an undeformed specimen.

• Even small amounts of plastic deformation notably increase the H absorption in
the steel from 3.00 ± 0.11 wppm for 1% up to 3.69 ± 0.26 wppm for 3% plastic
strain.

• Up to 2.97 wppm of hydrogen is stored in dislocations, with only 0.72 wppm
of hydrogen stored in other traps such as lattice sites, grain boundaries and
precipitates.

• Although beneficial for precipitation hardening mechanisms, precipitates do not
play a dominant role in the hydrogen trapping capacity of ductile steels since
significantly more hydrogen is stored in dislocations.

• Increased H absorption does not immediately lead to higher hydrogen
embrittlement. All three levels of pre-straining resulted in 6 to 10% of ductility
loss.

• Small brittle cracks begin to form around 1% global plastic strain, initiating
on the outside surface of the steel that is in contact with the electrolyte and
showing a Quasi-Cleavage fracture surface. These cracks only propagate in a
brittle manner during continued slow strain rate tests. In such cases, the loss in
ductility is 60%.





6
HYDROGEN EMBRITTLEMENT IN

DUAL PHASE STEELS

Previous chapters discussed the influence of carbide precipitates on reducing the
hydrogen embrittlement in ferritic steels. Steels that are currently in use in the
automotive industry, however, combine ferrite with different harder phases like
martensite or bainite. This chapter adds to the overall discussion of HE in steels by
dealing with the hydrogen embrittlement (HE) behaviour of Dual Phase steels with
varying martensite content. Steels with martensite contents of 25 ± 5, 50 ± 4 and 78 ±
7% were realised by intercritically annealing an as-received DP steel. These steels were
charged with hydrogen and consequently subjected to an in-situ slow strain rate tensile
test to characterise the embrittlement. It was found that the 50% martensitic steel
showed most ductility in air, but the higher embrittlement of 86 ± 10%. The extent of
embrittlement does not increase further after martensite forms a continuous network in
the microstructure. The presence of martensite on the surface is linked to the formation
of brittle crack initiation sites in DP steels, even at low hydrogen contents. Furthermore
it was found that the anisotropic banded structure in the annealed steels promotes
brittle crack propagation along the direction of banding, which originates from rolling
process. This research shows that anisotropic martensite distributions as well as surface
martensite should be avoided when developing DP steels to maximise HE resistance.

This chapter is in preparation for journal submission.
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6.1. INTRODUCTION
Previous chapters have dealt with the in-depth characterisation of the Hydrogen
Embrittlement (HE) behaviour of ferritic nano-precipitate steels for use in the
automotive industry. These steels provided a simple single phase ferritic system that
allowed for separate study of the effect of precipitates. However, the approach of
using single phase ferritic steel in the car body is a recent development and is not
used in practice to the extent that more developed Advanced High Strength Steels
(AHSS) are [10]. They contain phases other than ferrite, which also play a large role in
hydrogen embrittlement susceptibility since they interact with hydrogen differently.
Therefore there is benefit in also studying the HE behaviour of currently widely
implemented AHSS to elucidate the influence of their microstructural features in HE.

The most widely used types of AHSS with a ferritic matrix are the Dual Phase (DP)
steels. DP steels combine the ductility of the ferritic phase with the strength of an
interdispersed martensitic phase to obtain a low initial yield point, but a high strength
with high initial strain hardening [154]. This results in good properties for formability
and energy absorption [7]. DP steels make up around a third of the body-in-white
of a modern car chassis [10], and are used in various components such as panels,
pillars and shock reinforcement parts [11]. However, DP steels have been found to be
susceptible to HE like other AHSS [28, 155–157]. Its susceptibility is related to the
martensitic fraction of which both the interphase boundary with ferrite as well as the
grains itself can be hydrogen trap sites [158]. Decades of experience with DP steels
have created a good understanding on how to alter the martensitic fraction and grain
sizes, which has led to multiple studies characterising their effects on the HE of
DP steels. A comprehensive understanding, however, has still not completely been
achieved [7, 14].

Different literature sources suggest a HE behaviour that is divided into three
regimes, based on martensite content [28, 29]. At martensite below 10%, no HE is
found, since the majority of the microstructure is ferritic and martensite islands are
therefore spaced apart. The ferrite/martensite (F/M) interphase boundary is found to
be the main hydrogen trap for this microstructure [28, 139, 159]. As the martensite
content increases, martensite grains grow, the interphase area increases, and more H
is stored. When martensite grains grow large enough to connect to each other, a
continuous martensite network is formed within the ferrite matrix. Wang et al. reason
that at such martensite concentrations, 68.3% in their study, the F/M interphase
area decreases and the hydrogen is stored inside the martensite instead [28]. HE is
found to no longer increase at higher martensite fractions from this point by Davies,
although Wang et al. find that it does increase as the amount of absorbed hydrogen
still increases and the diffusivity of hydrogen decreases.

The fracture in DP steels charged with hydrogen is found to initiate either on the
F/M interphase, or within martensite grains. DP grades with a high ferrite fraction can
accommodate more strain, but develop significant strain partitioning at the interphase
boundary between the ductile ferrite and the hard martensite [28]. A local high plastic
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strain increases the capacity for hydrogen absorption [139, 146, 147], finally leading to
decohesion of the interphase. Ferrite between martensite islands acts as a crack
propagation barrier, but it decreases in effectiveness as martensite grains grow and
the ferrite in between them decreases in thickness [28]. Moreover, the ferrite reduces
in capacity to act as a barrier when hydrogen is introduced into the microstructure,
as shown by Koyama et al. [65]. Higher martensite fractions give the DP steel a higher
strength, but sacrifice in strain since the martensitic network supports the applied
stress and does not allow the ferrite to deform. Furthermore, cracks can propagate
purely through the martensite at this point, and the crack growth inhibiting role of
the ferrite disappears. The exact point at which this happens, though, seems to vary
between microstructures. Davies reports it to be around 30% martensite [29], whereas
Wang et al. report it to be 68.3%.

The effects of microstructural morphology were reported by Rodoni et al, who
observed crack initiation on the F/M interphase [160]. Cracks propagated through
bands of martensite within a DP matrix, perpendicular to the rolling direction. The
cracks were arrested upon meeting a ferrite grain. This anisotropy is often found
in rolled sheets, and could provide better HE resistance in a particular direction.
Sun et al, for example, engineered a microscale lamellar structure of ferrite and
martensite grains perpendicular to the tensile direction, which improved HE resistance
compared to an untreated material [161]. Microstructural anisotropy should therefore
be considered when investigating fracture behaviour of a DP steel.

There are two points of ongoing discussion in the literature that require further
research. Firstly, opposing views have been published on whether HE in DP steels
increases past the point of formation of a connected martensitic matrix. This means
that the effects of anisotropy should be considered, since rolling texture influences the
formation of martensite bands in the rolling direction. This chapter addressed these
issues by discussing results regarding DP steels steel in a hot-rolled sheet. It elucidates
on the role of the anisotropic martensite configuration in hydrogen embrittlement, as
well as fracture initiation and propagation within the microstructure.

6.2. MATERIALS AND METHODS
The as-received DP steel studied in this work is a 1 mm thick commercial grade
DP1000 steel, of which the composition is shown in Table 6.1. The microstructure,
shown in Figure 6.1, is made up of a connected network of martensite with refined
1.7 ± 0.7 µm ferrite grains in between. The martensite content in the as-received alloy
is approximately 68% as determined by using the ImageJ analysis software on Figure
6.1. Heat treatment experiments were performed to vary the martensitic content of
the DP steel in order to study the effect of martensite fraction and structure on the
HE behaviour.
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Table 6.1.: Alloy content of the as-received DP steel used in this research in wt%.

Fe C Mn Cr Si Al Nb Ti P S

96.98 0.14 2.15 0.54 0.13 0.02 0.02 0.01 0.01 0.01

Figure 6.1.: The as-received microstructure. Martensite is shown as the lighter phase,
and ferrite as the darker.

6.2.1. HEAT TREATMENTS AND CHARACTERISATION

The focus of the work discussed in this chapter is to tailor DP steels with different
martensite fractions in order to assess their HE susceptibility. Heat treatments were
performed in a Gleeble 3800-GTC thermomechanical simulator, which consisted of a
heating step to 900 °C with 10 °C/s per second, holding there for 3 minutes, cooling
down to three different intercritical annealing temperatures with 1 °C/s, holding for
10 minutes and finally air quenching to room temperature. Intercritical annealing
temperatures of 590, 610, 630, 650 and 670 °C were chosen for trial heat treatments on
a Bähr FIL805A/D quenching and deformation dilatometer, based on the Ac1 and Ac3

temperatures that were determined as 686 °C and 571 °C. Three final heat treatments
temperatures of 590, 630 and 670 °C were then chosen for Gleeble simulation.

The martensite fraction was determined through both optical (OM) and electron
microscropy (SEM), as well as electron backscattering diffraction (EBSD). For all these
techniques, samples were embedded in thermoset resin, sanded and polished to a 1
µm finish, and finally etched in a 5% nital solution for 8 seconds. Instead of etching,
EBSD specimens were further polished to a 0.04 µm colloidal silica OPS finish. Optical
microscopy images were taken on a Keyence VHX-7000 digital microscope which
includes automated measurement of area fractions based on brightness. Electron
Micrsocopy images were taken on a JEOL JST-IT100 dekstop SEM. In this case
images were exported and analysed externally using the ImageJ software. EBSD was
performed inside a Thermo-Fisher Helios G4 PFIB UXe HRSEM equipped with a
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EDAX Technology APED camera. Measurements were performed at an acceleration
voltage of 15 kV, with a probe current of 6.4 nA and a step size of 100 nm. The ferritic
and martensitic phases were distinguished by color in OM, by brightness in SEM
and by image quality in EBSD. Three different areas were measured for each heat
treatment condition for all techniques. Martensite fractions were found to correspond
well between techniques, and the average of the techniques will be used throughout
this chapter. All fractographic images throughout this chapter were also obtained on
the JEOL JST-IT100 desktop SEM. Vickers Hardness measurements with a force of 1 kg
were performed on a Struers Durascan automatic hardness tester.

6.2.2. HYDROGEN CHARGING AND MECHANICAL TESTING

Specimens heat treated in the Gleeble were electron discharge machined (EDM) to a
double neck-geometry that is depicted in Figure 6.2, where TD is both the transverse
rolling direction as well as the tensile direction. Double necking is necessary because
the edges of a single-necked specimen are not heat treated homogeneously in the
Gleeble, and would have a different microstructure from the centerline. Moreover,
it localises fracture to the zone that was treated in the Gleeble and that has the
desired microstructure. The specimens were subjected to slow strain rate tensile
(SSRT) tests in a ZwickRoell Z100 universal tensile tester fitted with the same setup
that is discussed in Chapters 4 and 5. The bath is filled with a solution of 3.5% NaCl +
3g/L ammonium thiocyanate (NH4SCN), which is used to charge the specimen at a
current density of 1 mA/cm2. Each specimen is pre-charged for 2 hours, before being
strained until fracture at a strain rate of 3.125·10-5/s.

Benchmark tests to obtain the mechanical properties of the DP steels without
hydrogen were performed ex-situ on specimens containing a single gauge section
similar to the outer dimensions of the sample shown in Figure 6.2. This was done to
obtain more accurate data for the whole stress-strain curve of the non-hydrogenated
specimens on a longer specimen gauge.

Figure 6.2.: Sample geometry after Gleeble testing. The axis system is relative to the
rolling direction (RD), Transverse direction (TD) and normal direction
(ND) of the hot-rolled sheet. All dimensions are in mm.
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Hydrogen contents were measured on a Bruker Galileo G8 with added IR07 infrared
furnace. Specimens taken from the second neck of the in-situ tested samples were
measured in the impulse furnace of the G8. This is a melt extraction measurement
performed at approximately 1700 °C where all hydrogen trapped in the specimen is
released, measured over time and integrated into a total hydrogen content. This
means that there is no distinction between diffusible and trapped hydrogen in the
latter measurements, but since the amount of trapped hydrogen in DP steels has been
shown to be negligible, they can be both qualitatively and quantitatively compared [40].

6.3. RESULTS AND DISCUSSION

6.3.1. CREATION OF MICROSTRUCTURES

Initial heat treatments to vary the martensite content in the DP steel were conducted
in the dilatometer. The martensite content was measured through OM, SEM and
EBSD methods, of which the results are shown in Figure 6.3. It is immediately visible
that there is an increasing trend in martensite content with increasing annealing
temperature from a minimum of 25% at 590 °C to a maximum of 78% at 670 °C. The
average martensite content calculated from each technique are given in Table 6.2.
In order to limit control parameters while retaining sufficiently distinct martensite
contents, the heat treatments at 590, 630 and 670 °C were repeated on tensile samples
in the Gleeble. Overviews of the resulting microstructures obtained from SEM are
displayed in Figure 6.4. The martensite islands in the 590 °C specimen exist within a
connected network of ferritic grains. This changes in the 630 °C specimen where
all martensite grains are in contact with each other, although ferrite grains do still
contact each other as well. The complete isolation of ferrite into separate islands is
observed in the 670 °C specimen where martensite forms most of the microstructure.
Connected martensite network formation thus forms here around 50% martensite,
which is higher than the 30% that Davies reported [29], but lower than the 68%
that Wang et al. found [28]. Since this is where both authors found the hydrogen
embrittlement reach a maximum, it can be expected to level off after 50% in this
research.

Other than the martensite content, the density of the ferrite/martensite interphase
in µm/µm-2 or µm-1 could also be calculated from micrographs. It can be seen from
Table 6.2 that the interphase density keeps increasing even at a martensite content of
78%, which directly opposes findings in literature. The unexpected increase in F/M
interphase is a result of the change in size and shape of ferritic grains as the annealing
temperature increases. Figure 6.4c shows that the ferrite grains that exist in between
the martensite matrix have a very small size as well as an elongated shape, which can
both contribute to a high interphase density for a relatively low ferrite content.
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Figure 6.3.: Martensite content after intercritical heat treatments. Three separate
methods, namely optical microscopy (OM), scanning electron microscopy
(SEM), and electron backscatter diffraction (EBSD) were used to separeately
calculate the martensite content.

Figure 6.4.: Microstructural overviews of tensile specimens annealed at a) 590 °C, b)
630 °C, c) 670 °C during the Gleeble treatment.

Table 6.2.: Hardness, Martensite content, Martensite grain size, ferrite/martensite in-
terphase density and hydrogen content for the investigated microstructures.

Annealing Hardness Martensite Ms grain F/M interphase H content
temp. [°C] [HV1] content [%] size [µm] [µm-1·10-2] [wppm]

590 238 ± 25 25 ± 5 3.9 ± 2.6 2.65 ± 0.61 1.16 ± 0.11
630 286 ± 13 50 ± 4 5.9 ± 3.2 3.12 ± 0.57 1.29 ± 0.13
670 344 ± 12 78 ± 7 7.4 ± 3.4 3.83 ± 0.44 1.58 ± 0.27

6.3.2. HYDROGEN TRAPPING

The total hydrogen concentrations are listed in Table 6.2 together with the other
microstructural characteristics. They are visually represented in Figure 6.5 which
shows that all three measures increase with increasing annealing temperature. In



6

88 6. EFFECTS OF MARTENSITE CONTENT IN DUAL PHASE STEELS

literature, the F/M interphase is often proposed as the main microstructural feature
responsible for hydrogen trapping in DP steels [28, 139, 156, 159]. These studies,
however, consider the F/M interphase to decrease in density at high martensite
contents. Wang et al. propose a shift in hydrogen trapping from the interphase
towards the interior of the martensite grains. As can be observed in Figure 6.5,
however, the F/M interphase density keeps increasing at high martensite contents
in this study. This is likely caused by the refinement of the ferrite grains, which
causes an increase in aspect ratio, which can be seen in Figure 6.4c. This results in
an increase in F/M interphase area relative to their size. The increasing trend also
matches that of the hydrogen content more closely than the increase in martensite
content. This suggests that the F/M interphase remains the main contributor to
hydrogen trapping even at a martensite content of 78%. In reality, however, the
martensite will always trap some hydrogen, so the increased absorption will be due
to both factors. In order to distinguish between their relative contributions, TDS
measurements should be performed on a larger sample mass for higher accuracy to
be able to distinguish between hydrogen desorbed from these separate traps.

Figure 6.5.: The total hydrogen concentration in wppm, martensite content in % and
ferrite/martensite interphase density in µm-1 for the steels annealed at all
three temperatures.

6.3.3. MECHANICAL BEHAVIOUR

Representative curves of the Slow Strain Rate Tensile (SSRT) tests for all three
specimen sets are shown in Figure 6.6, and an overview of all data is shown in Table
6.3. As the martensite content increases, it has more capacity to accommodate the
stress and the strength of the steels increases. The 630 °C steel in particular shows
beneficial properties of a relatively high strength and a considerable fracture strain
of up to 12.6 ± 0.6%. Unexpectedly, both strength and ductility for this steel are
higher than that for the 590 °C steel, which fractures at 8.4 ± 1.7%. The 670 °C has
similar strain to the 590 °C steel, but at a higher strength of 1115 ± 15 MPa. As is
characteristic of DP steels, plastic deformation in the ferritic phase starts early on
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Figure 6.6.: Slow Strain Rate Tensile (SSRT) benchmark curves of the three steels
tested in air, as well as the points of fracture when tested in hydrogen.

in the tensile curve which creates a gradual yield point and significant strain hardening.

Table 6.3.: Ultimate Tensile Strength (UTS) and fracture strains for all the investigated
microstructures in air and charged with hydrogen, as well as the Hydrogen
Embrittlement Index (HEI).

Annealing UTS [MPa] Fracture UTS Fract. strain HEI [%]
temperature [°C] strain [%] in H [MPa] in H [%]

590 756 ± 20 8.4 ± 1.7 677 ± 21 4.1 ± 0.7 51 ± 39
630 1025 ± 8 12.6 ± 0.6 798 ± 35 1.8 ± 0.2 86 ± 10
670 1115 ± 15 8.2 ± 0.8 877 ± 20 1.6 ± 0.1 80 ± 19

Behaviour in a hydrogen environment differs significantly from that in air for all
tested steels. Fracture occurs during strain hardening, which results in a reduction of
both strength and ductility. The 590 °C retains most of its ductility with a fracture
strain of 4.1 ± 0.7% which corresponds to a HEI of 51 ± 39%. The ferritic phase can
accommodate more strain in a hydrogen environment than the martensitic phase.
Since the ferrite still forms a connected network in the 590 °C steel, this is the
reason for its relatively mild degree of embrittlement compared to the other steels.
An interesting finding in these curves is that the fracture strain of the 630 °C and
670 °C steels are very similar at 1.8 ± 0.2 % and 1.6 ± 0.1%, respectively. The HEI
factors of these steels are relatively similar at 86 ± 10% and 80 ± 19% for the 630 and
670 °C steels, respectively. While the steels therefore seem to perform comparably,
it means that the 630 °C loses the higher ductility that made it perform better in
the benchmark tests. The HEI stabilises from a certain martensite content, in this
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case 50%, which has been explain as a result of the fact that the martensite forms a
connected network that allows for easy crack propagation [28, 29]. Fracture initiation
presumably happens at a similar plastic deformation for the 630 °C and 670 °C
steels, and since both have martensitic networks, any difference in ferrite content or
distribution becomes unimportant for the final fracture. Since the 670 °C retains a
higher strength at a similar fracture strain, it is arguably the more favourable steel for
hydrogen environments, although the overall performance is significantly reduced
compared to its a case without hydrogen.

Even though plastic deformation seems to only occur in the 590 °C annealed
specimen, it can be observed in the other specimens as well. The plastic deformation
becomes visible in Kernel Average Misorientation (KAM) maps obtained 150 µm
below the fracture surface of the 630 °C and 670 °C annealed specimens, as shown
in Figure 6.7. KAM maps give an indication of the present of Geometrically
Necessary Dislocations (GNDs) that are induced upon tensile plastic deformation to
accommodate strain. Figure 6.7a shows a specimen annealed at 630 °C where it can
be observed that localised areas of deformation are present around martensitic grains
within the ferrite matrix, whereas larger ferrite grains remain relatively undeformed.
In the 670 °C annealed specimen shown in Figure 6.7b the deformation is strongly
present on the interphase boundary between the martensite and interdispersed
ferrite grains, whereas it is lower in the grain interior. The localisation of plastic
strain, and therefore dislocations, on and around the F/M interphase has two effects.
Firstly, it masks the appearance of global plastic strain in the tensile curve, which
gives the appearance that the role of plastic strain is minor. Secondly, dislocations
generated during deformation cause a significantly increased hydrogen absorption
as discussed in detail in Chapter 5. This means that hydrogen concentrations
will also be localised to the F/M interphase boundary, which could cause acceler-
ated fracture initiation on the interphase and propagation through the martensite grain.

Figure 6.7.: Kernel Average Misorientation (KAM) maps made 150 µm beneath the
fracture surface of specimens annealed at a) 630 °C and b) 670 °C.
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Figure 6.8.: Fracture surface overviews of the a) 590 °C, b) 630 °C, c) 670 °C steels.
Insets are shown in red and yellow of brittle and ductile fracture surfaces,
respectively.
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6.3.4. THE ROLE OF MARTENSITE IN FRACTURE

In order to study the role of martensite on the fracture behaviour of these steels, the
fracture surfaces were observed for traces of brittle fracture in the martensitic phase.
They are shown in Figure 6.8 which includes higher magnification insets of brittle and
ductile fracture zones specifically. A first observation to be made is that there is a
distinct fracture band present in the 590 °C steel, that corresponds to a sample-wide
zone of brittle fracture relating to the Quasi-Cleavage (QC) fracture mode. Around the
band, the fracture surface shows dimples. Similar bands seem to arise in the 630 °C
specimens, but the higher magnification insets show a brittle fracture surface only
around the short edge of the specimen, whereas the middle exhibits a seemingly
mixed-mode fracture between dimples and brittle facets. The 670 °C specimen
conversely shows a wider band, but brittle fracture is once again only found near the
short edge. The fact that brittle fracture emerges on the short side of all specimens
indicates that the crack likely initiated here and propagated along the thickness of the
steel sheet towards the middle. It is counter-intuitive, however, that the specimen
showing a QC fracture surface most explicitly is the one with the lowest HEI.

In order to elucidate why, cross-sectional SEM micrographs are shown in Figure 6.9.
These micrographs show distinct microstructural banding along the rolling direction
of the sheet that is still present after the additional heat treatments performed for this
work. The 590 °C sample in Figure 6.9a has a similar banding structure to the 630 °C
specimen in 6.9b, but since the total martensite content is lower, there is a lesser
degree of connection between martensite bands in the ferrite matrix. In other words,
there are more uninterrupted sections of ferrite between martensite bands compared
to the 630 °C specimen which results in an anisotropic martensitic network structure.
This promotes fast fracture propagation within the rolling plane rather than through it,
leading to banding on the QC fracture surface. The microstructure is most isotropic
in the 670 °C specimen in Figure 6.9c, which translates into more homogeneous crack
growth and hydrogen distribution. The effect of a banded microstructure on hydrogen
desorption and diffusion has been discussed previously in literature [162], but it has
only sparingly been connected to crack propagation paths [163].

Other than the anisotropic martensite distribution, the extent of plastic strain that
the 590 °C specimen displays during the in-situ tensile tests also contributes to the
formation of the QC fracture band. Chapter 5 of this thesis described how the
hydrogen concentration can quickly increase upon plastic deformation in a hydrogen
charging environment. KAM maps such as in Figure 6.7 could not be obtained for the
specimens annealed at 590 °C, since deformation was too high. However, given that
the 590 °C specimens exhibit average fracture strains significantly into the plastic
regime, the hydrogen content is likely elevated during the test. This effect was not
directly observed, however, since all hydrogen absorption measurements were only
performed on undeformed specimens. An elevated martensite concentration near the
centre band of the specimen thickness was not observed in Figure 6.9, which suggests
that the presence of the brittle QC fracture band in the centre is instead a result of a
stress-concentration during deformation or the presence of intermetallic inclusions
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such as observed by Depover et al. [164].

Figure 6.9.: Cross-sectional SEM images of the banded ferrite-martensite structures in
the a) 590 °C, b) 630 °C, and c) 670 °C specimens.

6.3.5. THE ROLE OF MARTENSITE IN FRACTURE INITIATION

The banding of brittle fracture surfaces shows the role of martensite in crack
propagation, but it also has a significant influence on crack initiation. This effect
is clearly observable in fractographic images taken of samples tested as part of a
separate study on the as-received DP steel [30]. Figure 6.10 shows two fracture
surfaces of samples subjected to conventional tensile tests (strain rate of 0.01 mm/s)
after hydrogen charging, where areas showing brittle features are highlighted in red.
Figure 6.10a shows the surface of a specimen with an estimated hydrogen content of
3.2 ± 1.0 wppm, based on unfractured identical samples. Fracture initiation can be
seen to happen on the right side of the image, after which it propagates into the
specimen in a triangular way until the point that crack propagation speed outgrows
hydrogen diffusion speed and brittle surface is not formed. This is a common fracture
surface as it is seen in literature for higher hydrogen contents of approximately
2 wppm and above [43, 141, 142, 165, 166]. Interestingly, brittle crack initiation
also occurs in the specimen shown in Figure 6.10b, which is estimated to have a
hydrogen content of only 0.6 ± 0.1 wppm. It is important to note that this test is
not performed in-situ, which could cause crack initiation as discussed in Chapter 5,
but is instead pre-charged and zinc coated to avoid effusion during the test. It is
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therefore surprising that brittle fracture initiation still occurs, especially since the
strain rate in this test is high, which would not cause hydrogen accumulation at the
notch. Both specimens in Figure 6.10 furthermore show the brittle initiation zone as a
rectangularly shaped zone of roughly 100 µm in width.

Figure 6.10.: Fracture surfaces as-received DP specimens subjected to a tensile test.
Estimated hydrogen contents for these specimens were a) 3.2 ± 1.0
wppm and b) 0.6 ± 0.1 wppm. Brittle fracture surfaces are highlighted in
red.

In order to elucidate on the reasons for the formation of the brittle rectangular
zone in all specimens, cross-sectional cuts were made on a different specimen, which
is shown in Figure 6.11. Image 6.11b shows the geometry of a laser cut notch that
was introduced to localise fracture. The figure clearly shows the existence of a surface
region that is fully martensitic around the notch. This is a direct result of the laser
cutting that was used to machine the notch, which causes local heating and cooling
fast enough for martensite to form. Figure 6.11c shows a cross-section of the fracture
surface shown in 6.11a that visualises the brittle fracture through the martensitic
region. The fracture surface is flat, which is characteristic of brittle QC fracture [71,
167], until it reaches the DP microstructure beyond the martensitic band. After this
point it deviates upward and exhibits more deformation of the microstructure that
can be observed by the sheared grains. The length of the flat brittle crack surface
moreover corresponds to the width of the rectangular brittle zone on the fracture
surface in 6.11a. Since this zone even appears on the fracture surface of samples
with a low hydrogen concentration as in Figure 6.10b, it can be assumed that the
martensite at the surface is supersaturated with hydrogen during charging, and that it
does not require slow strain rate testing to initiate brittle fracture.

The same reasoning can be similarly applied to the intercritically annealed samples
with varying martensitic content tested in-situ. Cross-sectional electron micrographs
of the short and long sides of a 590 °C annealed specimen are shown in Figure 6.12.
6.12a shows the microstructure beneath the surface of the double neck that was cut
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Figure 6.11.: Cross-sections of the as-received DP steel subjected to 40% of the
UTS. a) shows a martensitic structure around the notch surface, which
corresponds to the brittle fracture zone on b) the fracture surface and c)
the fracture cross-section.

using EDM. This method of sample cutting is preferred in hydrogen embrittlement
research since it does not induce any deformation nor heat onto the resulting surface
except for an oxide layer that can be polished off easily. Since these specimens exhibit
a banded microstructure, this means that the martensitic bands will be in contact
with the EDM machined surface, as can be seen in 6.12a. On the other hand, the
surfaces that were present in the hot-rolling and during the intercritical annealing
treatment do not show any presence of martensite in Figure 6.12b. This is likely
a result of carbon effusion from the near-surface regions during the intercritical
annealing, which inhibited any martensite formation during quenching. Taking
into account the presence of martensite on the side surface, it follows that cracks
preferentially initiated here since the surface martensite would be saturated with
hydrogen during pre-charging of the specimens. Afterwards, the cracks can readily
propagate along pre-existing martensite bands to cause high HE in the specimens by
the mechanism discussed in Section 6.3.4.
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Figure 6.12.: Cross-sections of the microstructure around the surface of a 590 °C
specimen. a) the short side edges of the specimen that was machined
with EMD and b) the surfaces created after hot rolling.

6.4. CONCLUSIONS
This research shows that increasing the martensitic fraction of DP steels leads to a
further uptake in hydrogen, but does not increase the extent of HE any further from
the moment a connected martensitic network occurs. The increased uptake is a
result of the increase in F/M interphase area, which forms the hydrogen trap in the
microstructure and causes fracture initiation. The banded anisotropic microstructure
is found to cause preferential crack propagation in the rolling direction, which is most
pronounced for DP steels containing approximately 50% martensite. Furthermore, it
was found that martensite has a large influence on early crack initiation when it is
present on the surface that is being charged with hydrogen. The following conclusions
can be drawn from the research performed on DP steels:

• The steel annealed at 630 °C showed the most favourable combination of
strength and ductility, with a strength of 1025 ± 8 MPa and a fracture strain of
12.6 ± 0.6%. This steel, as well as that annealed at 670 °C contain connected
martensite networks.

• The ferrite/martensite interphase density keeps increasing even after the
martensite reaches the required density to form a connected network. This
is a result of refinement of ferritic grains resulting in a high aspect ratio and
interphase area.

• The steel annealed at 630 °C showed the highest HEI of 86 ± 10%, which is
mainly caused by the larger ductility without hydrogen.

• The HEI does not increase further with a higher martensite content since
fracture is dominated by crack propagation through the martensitic phase that
is connected in the steels with higher martensite content. This has the added
effect that the fracture strain of the specimens annealed at 630 and 670 °C are
similar.
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• Although the steel annealed at 590 °C had the lowest HEI at 51 ± 39%,
brittle fracture was most evident on the fracture surface of this steel. The
localisation of brittle fracture is a result of an anisotropic microstructure in the
rolling direction, combined with plasticity effects that increase and localise the
hydrogen content.

• Martensite that is present on the surface acts as a brittle fracture initiation point
even at high strain rates. Cracks then readily propagate through connected
martensite bands. Martensite present on the surface should therefore be
avoided to minimise risk of HE in DP steels.





7
GENERAL DISCUSSION AND

CONCLUSIONS

This project was started with the aim of understanding the effects of different microstruc-
tural features on the Hydrogen Embrittlement (HE) susceptibility of ferritic Advanced
High Strength Steels (AHSS). Research objectives focusing on different microstructural
features within ferritic AHSS were outlined in Chapter 1, after which a technical back-
ground was established in Chapter 2. Chapters 3 and 4 discuss steels including TiC and VC
nano-carbides and discuss the effects of precipitate type and size as well as the charging
environment on HE susceptibility. Chapter 5 focuses on the effects of plastic deformation
on the extent of HE in a TiC nano-carbide steel, and Chapter 6 deals with the effects of
a varying martensite concentration on the HE susceptibility of ferrite/martensite Dual
Phase (DP) steels. This chapter has been outlined according to the research objectives for
this thesis, listed below:

1. The effect of size and type of nano-precipitates on HE.

2. The effect of different charging environments on precipitate hydrogen trapping.

3. The effects of plastic deformation on HE.

4. The effects of different martensite concentrations on HE in DP steels.

Each following section provides a general discussion relating to one of the research
objectives. General conclusions overarching individual chapter contents are given after-
wards. Lastly, this chapter provides recommendations, both for steel design to mitigate
HE and for opportunities for future research.

7.1. DISCUSSION

7.1.1. THE EFFECTS OF PRECIPITATE SIZE

Precipitate size, and consequently their coherency, were found to be the most important
parameters controlling the amount of H absorbed by precipitates. Heat treatments were
utilised to create two different size distributions of two precipitate types: TiC and VC. This

99
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resulted in four different steels, that were charged during the heat treatment using high
temperature hydrogen gas in Chapter 3. It was observed that incoherent precipitates,
especially those larger than 100 nm in size, trap hydrogen inside the precipitate bulk
after high temperature charging. The hydrogen trap for both TiC and VC is likely the
carbon vacancy. These incoherent precipitates trapped hydrogen exclusively at high
activation energies of over 60 kJ/mol which are regarded as irreversible traps that do not
desorb hydrogen at room temperature. Larger precipitates have been known to act as
crack-initiators [168], but this was not found for the incoherent precipitates in this work.
They are both not of a sufficient size to cause crack initiation, and their shape was gen-
erally globular, which decreases the amount of stress concentration around their edges
compared to cubic or elongated precipitates. In Chapter 4 it was shown that incoherent
precipitates do not trap hydrogen at room temperature. This limits their applicability for
hydrogen trapping to cases where high temperatures are present, such as the steelmaking
processes or transporting high temperature steam. Cases of high temperature gas trans-
port, however, could not be sufficiently tested in the thesis as in-situ testing in gas was
not performed.

Room temperature electrochemical charging was shown to be effective in loading
(semi-)coherent precipitates with hydrogen in Chapter 4. (Semi-)coherent precipitates of
both types were found to trap hydrogen with low activation energies on the order of 20
kJ/mol, which was linked to interface vacancies or misfit dislocations on the precipitate
interface as trapping sites. Coherent or semi-coherent precipitates were found to trap
more hydrogen than larger incoherent precipitates. Both TiC and VC (semi-)coherent
nano-precipitates trap hydrogen on or around the precipitate-matrix interface. Since the
surface to volume ratio of smaller precipitates is larger, steels containing the smallest
precipitates store more hydrogen than those with larger carbides (2.62 vs 1.53 wppm
for the TiC steels). However, this is not the only contributing factor, as the type of hy-
drogen trap also changes with precipitate size and as a result its coherency with the matrix.

The effects of precipitate hydrogen trapping on mechanical behaviour and embrit-
tlement are also dependent on precipitate size. No embrittlement was found for steels
subjected to high temperature gaseous charging where only incoherent precipitates were
charged with hydrogen, which is a direct result of their high activation energies for hydro-
gen desorption. Steels containing (semi-)coherent precipitates were expected to show
embrittlement because of their lower activation energies. However, they only showed
embrittlement of around 15% in the tensile tests even though they absorbed more hydro-
gen. Their relative resistance to HE is therefore likely a result of a decreased hydrogen
diffusivity due to their high density of (semi-)coherent precipitates. A lower diffusivity
causes retardation of hydrogen accumulation at critical regions, which limits HE in these
steels even at higher hydrogen contents. Furthermore, steels with smaller precipitates
showed a higher strength since smaller precipitates contribute more to precipitation
strengthening. These steels therefore performed better overall during the tensile tests.
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7.1.2. THE EFFECTS OF PRECIPITATE TYPE

TiC and VC precipitates generally performed similarly during the tests, but some differ-
ences were found. The VC precipitates were found to have a higher aspect ratio than
their TiC counterparts, which means they can reach a larger critical size before they lose
coherency with the matrix. This supports the precipitation strengthening mechanism that
gives the VC steels a similar strength to the TiC steels while retaining more ductility, which
leads to better overall performance. In terms of hydrogen trapping and embrittlement,
however, the difference becomes more pronounced at a larger precipitate size. Firstly, it
was observed that incoherent VC precipitates store H all throughout the bulk, whereas
incoherent TiC precipitates tend to store it more around their circumference. This is
explained to be a result of a higher C-vacancy content in the VC precipitates that can
form a connected network that promotes H diffusion further into the precipitate bulk.
More importantly, it was found that TiC precipitates have a larger tendency to pin grain
boundaries during the heat treatment than their VC counterparts. This results in an
elevated concentration of precipitates on grain boundaries after longer heat treatments.
These intergranular TiC precipitates cause plasticity localisation during deformation
which traps hydrogen and causes increased intergranular fracture. The effect of larger
size intergranular TiC precipitates during in-situ testing is therefore detrimental to HE,
showing a 37% reduction in ductility, whereas the VC containing steel only showed a
reduction of 19%. The overall best performing steel was that containing the smallest VC
precipitates, which showed a loss in ductility of only 15% at a higher hydrogen content.
Between the two steels with a larger precipitate size, the VC steel also performed better
than the TiC steel in terms of both strength and ductility.

7.1.3. THE EFFECTS OF CHARGING ENVIRONMENT

The main finding regarding the hydrogen charging environment is its pivotal role in
causing brittle crack propagation and embrittlement. It was shown that if a growing crack
tip is cut off from the charging environment through slight crack closure, even if the
stress localisation around the crack tip remains, brittle crack propagation does not occur.
Hydrogen diffusion from the bulk towards the crack tip in the TiC steel was insufficient to
cause further crack growth. In the case that the crack was not closed, and hydrogen could
still be absorbed at the crack tip, brittle crack growth was accelerated and significant HE
was observed. The presence of hydrogen in environment around the crack tip is therefore
more influential in causing HE than the internal hydrogen concentration in this steel.
The main difference between gaseous and electrochemical charging is the difference in
their capability of charging incoherent carbides with hydrogen. Extra charged hydrogen
was found after high temperature gaseous charging, while electrochemical charging was
not capable of charging more hydrogen into incoherent carbides than what was already
present from the steelmaking process. This is a result of the diffusion barrier that the
incoherent precipitate/matrix boundary presents, which can only be overcome at elevated
temperatures.
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7.1.4. THE EFFECTS OF PLASTIC DEFORMATION

The effects of plastic deformation on the HE of the precipitate steels is significant. It was
shown in Chapter 4 that the effects of HE only become apparent after the onset of necking
in slow strain rate tests. Necking and fracture were found to be accelerated after the tensile
strength was reached but behaviour before this point remained identical regardless of
the hydrogen content. Chapter 5 furthermore shows that even after hydrogen charging
and plastically deforming a TiC steel up to 3%, which traps significantly more hydrogen
(3.69 wppm) than undeformed specimens, it does not embrittle significantly after fast
fracture. These findings indicate that hydrogen absorption alone is not enough to cause
HE in the precipitate steels. It is only when significant plastic deformation is induced
that embrittlement occurs. Moreover, it was discovered through correlation between
the dislocation densities and hydrogen contents that the amount of hydrogen stored
in dislocations is significantly higher than that observed in precipitates. Even within
the elastic regime, only 0.72 wppm of hydrogen could be stored in precipitates out of
the total of 2.36 wppm of absorbed hydrogen. This finding shows that the contribution
of precipitates to hydrogen trapping is small in the steel. The main postulated reason
for the benefit of precipitates against HE, namely their ability to trap hydrogen strongly
to avoid hydrogen diffusion, could thus be questioned. Their benefit in precipitation
strengthening remains, but for trapping purposes, a higher number of precipitates should
ideally be used to provide a more significant benefit to trapping and HE in general.

The requirement of plasticity for hydrogen related fracture mechanisms is something
that was found from the research in both the precipitation hardened ferritic steels studied
in Chapter 4 and the DP steels studied in Chapter 6. The mechanism that was identified
for the accelerated fracture in steel containing intergranular TiC precipitates is a combi-
nation between localised plastic deformation around grain boundary precipitates and its
interaction with hydrogen. Fracture in the DP steels tested in Chapter 6 also exhibited
plasticity localisation around the ferrite/martensite interphase boundary. The steel with
a 50% martensite content showed the largest embrittlement with a 89% reduction in
ductility. At a fracture strain of 1.8%, high plastic deformation is not observed in the
tensile curve. Kernel Average Misorientation (KAM) was used to determine, however, that
there is a high degree of plastic deformation localisation around the ferrite/martensite
(F/M) interphase boundary. This interphase is argued to be the main hydrogen trap-
ping feature in this steel, as well as the probable location of fracture initiation within
the microstructure. This shows similarities to the dislocation pileup around precipitates
discussed in Chapter 4, although the martensite content is much higher that that of the
precipitates, and plastic strain localisation happens much earlier in the tensile curve
for the DP steels. The existence of hard phases in a soft matrix could therefore be seen
as a detrimental feature for steels in a hydrogen environment, although successfully
dispersing them throughout the microstructure can be a way of partially mitigating HE as
well [169].
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7.1.5. THE EFFECTS OF MARTENSITE

The presence of martensite in the microstructure was found to be important for both
crack initiation and propagation. Of three DP steels with varying martensite content, that
with the lowest content of 25% had the highest remaining ductility in a hydrogen environ-
ment. 50% martensite content was found to be an optimal amount for both strength and
ductility in an environment without hydrogen, but it showed the highest embrittlement of
86% in hydrogen. In fact the fracture strain of the steel with 50% martensite in hydrogen
was similar to that of the 78% steel, while the higher martensite content yielded a higher
strength. The extra ductility observed in the 50% martensite steel without hydrogen was
therefore negated in hydrogen, where the 78% martensite steel retained higher properties
overall.

Early fracture initiation was found to happen in locations where martensite was present
on the surface, from where continuous martensite bands act as fast crack propagation
paths throughout the material. Thus, in this case, the banded microstructure as a result
of rolling resulted in preferential crack propagation along the rolling plane. Inside the
microstructure, crack initiation and propagation is likely to happen along the F/M in-
terphase because of its role in plasticity localisation and hydrogen trapping. Although
hydrogen absorption was found to increase with increasing martensite content, and
the consequential increase in F/M interphase density, the embrittlement levelled off at
50% martensite content, when a continuous martensite network is formed within the
microstructure.

7.1.6. THE ROLE OF CRACK INITIATION

An important finding from both the precipitation hardened and the DP steels, even though
it was not a research objective, was the role of crack initiation and subsequent exposure
to the hydrogen environment in causing HE. In the case of electrochemical charging,
hydrogen absorption is typically faster than diffusion throughout the microstructure.
This creates a localised layer of high hydrogen content around the interface with the
electrolyte that is frequently observed to cause brittle fracture some distance into the
steel [54]. Phases with a lower diffusivity, such as martensite, are more prone to this effect.
The fracture initiation point in DP steels is therefore significantly affected by the presence
of martensite on the surface, as was found in Chapter 6. Surface martensite was shown to
cause brittle fracture after hydrogen charging even at high strain rates, because it creates
a sharp crack that easily propagates along bands of connected martensite. In this case,
martensite was connected preferentially along the rolling plane of the steel sheet. Brittle
fracture initiation was also observed on the TiC containing steel in Chapter 5, where it
was discovered that initiation happened early on in the tensile curve around 1% plastic
strain. During the hold phase of the test, brittle crack propagation was hindered by a
slight drop in force. Although a significant tensile strength remained, hydrogen supply
from the material bulk alone was insufficient to cause further crack growth. Subsequent
opening of the crack at a high strain rate caused ductile propagation rather than brittle, as
seen in Figure 5.11. Slow Strain Rate tests where the brittle micro-crack was opened while
in contact with the electrolyte showed a significantly higher loss in ductility of 60% versus
37%, even though the total hydrogen exposure time was only half as long. Brittle crack
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initiation and the interaction between the micro-crack and the hydrogen environment are
therefore found to play a pivotal role in HE testing. The overall performance of the steels
in an SSRT tests were found to be dependent on the time when fracture initiation occurs,
rather than on the amount of absorbed hydrogen, which were found to be independent
of each other.

Since the initiation of sharp brittle cracks plays such an important role in HE fracture,
the applicability of SSRT testing comes into question. This issue is discussed by Martínez-
Pañeda et al. who couple numerical results to trends observed in experimental works to
show that microcrack initiation occurs in many different materials at levels far below the
failure stress [170]. They mention that "the onset of such cracking can alter the assessment
of SSRT results by complicating the interpretation of typical metrics like time-to-failure,
breaking stress, and ductility.", and argue that the SSRT test should not be used as a
general indication of HE performance. This provides a caveat to the methodologies used
in this thesis, although the SSRT test remains an easy, fast and cheap way of testing a
material for its general HE performance and its hydrogen-related fracture mechanisms.
For more in-depths studies of effect of hydrogen on material performance, however, tests
that incorporate the existence of micro-cracks, such as fracture toughness tests, should
be included in the scope.

7.2. CONCLUSIONS
The following general conclusions can be drawn from the combined work presented in
this thesis:

• Incoherent TiC and VC precipitates can only be charged at high temperature. They
trap hydrogen inside carbon vacancies in the precipitate bulk with activation ener-
gies of at least 60 kJ/mol and as such do not contribute to embrittlement.

• Coherent and semi-coherent TiC and VC precipitates trap hydrogen on interface
interstitials and dislocations, respectively, with trapping energies on the order of
20 kJ/mol. Because the trap sites are present on the interface, more hydrogen is
stored in these precipitates than in incoherent ones. Smaller carbides furthermore
provide a higher strength as a result of precipitation hardening, without resulting in
higher HE susceptibility. Steels containing VC precipitates retain a higher strength
and ductility in hydrogen than those containing TiC in this thesis because VC
precipitates are more elongated and have a larger critical size for coherency loss.

• TiC precipitates have a larger tendency to pin grain boundaries than their VC
counterparts. TiC grain boundary precipitates cause dislocation pile-up upon
deformation of the steel. The interaction between these zones of localised plasticity
and hydrogen causes accelerated intergranular fracture.

• The TiC containing steel can accommodate increased hydrogen concentrations at
low levels of plastic deformation. High levels of plastic deformation in combination
with slow strain rates are required to cause HE in this steel.
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• Dislocations play a more significant role in hydrogen trapping than precipitates in
this work, even in the elastic regime. The main benefit of including precipitates is
therefore likely not their hydrogen trapping capacity, but rather their function in
retarding hydrogen diffusion throughout the microstructure.

• The main hydrogen trapping site in DP steels is the ferrite/martensite interphase
boundary. Plasticity localisation on the boundary interacts with hydrogen to cause
crack initiation.

• Martensite present on the steel surface creates zones of early crack initiation in a
hydrogen charging environment. Anisotropy in the microstructure causes continu-
ous martensite bands to be present in the rolling plane, which results in preferential
crack propagation along the plane.

• All steels tested in this thesis exhibit early crack initiation during in-situ SSRT tests.
Crack opening during hydrogen charging is found to govern whether early crack
initiation leads to a higher degree of HE. Early crack initiation and propagation
during hydrogen charging is of a larger influence to HE performance than the
internal hydrogen content.

7.3. RECOMMENDATIONS
The work performed for this thesis has resulted in an increased understanding of the
hydrogen related fracture mechanisms in ferritic AHSS. This has lead to several recom-
mendations that can be made to guide the design for steels with improved hydrogen
resistance. This section lists recommendations for both hydrogen resistant steel design
as well as opportunities for future research. The latter has been subdivided further into
material-specific recommendations and those applicable to general HE research.

RECOMMENDATIONS FOR HYDROGEN RESISTANT STEEL DESIGN

• Favour the inclusion of small (semi-)coherent precipitates over incoherent ones
for room temperature applications. Other than stronger precipitation hardening
effects, hydrogen trapping on the interface of (semi-)coherent carbides leads to a
higher hydrogen absorption capacity without a reduction in ductility compared to
larger precipitates.

• Utilise incoherent carbides for high temperature applications only, since they do
not provide any hydrogen trapping capacity at room temperature.

• Avoid the accumulation of precipitates on grain boundaries since they promote
plastic deformation localisation and related accelerated intergranular fracture in
hydrogen environments.

• Prioritise use of VC instead of TiC precipitates since they provide near identical hy-
drogen trapping capacity and HE resistance at room temperature at higher strength
and ductility levels. At high temperature, incoherent VC precipitates are likely to
trap more hydrogen than TiC precipitates.
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• Minimise the presence of hard phases such as martensite in surface regions, since
they provide sites for accelerated crack initiation.

• Avoid anisotropy in Dual Phase steels. Martensite distribution in DP steels should
be well dispersed to avoid preferential crack propagation along martensitic bands.

MATERIAL SPECIFIC RECOMMENDATION FOR FUTURE RESEARCH

• Precipitate types of other elements and stoichiometries should be studied. The
precipitates studied in this project were of a relatively simple stoichiometry of
1:1 metal and carbon. Precipitates can be of off-stoichiometric composition, but
they can also attract other species to form carbonitrides (e.g. Ti(C,N)) and other
compounds. Liu et al. have recently conducted a study on combined Ti and Mo
carbides, which increases the amount of hydrogen absorbed by the carbides [171].
Alternatively to different carbides, steels with higher precipitate densities could be
studied.

• The effects of precipitates on hydrogen diffusivity should be studied further. It
was postulated in this thesis that the contribution of precipitates to diffusivity
reduction is of larger influence to HE resistance than to the hydrogen trapping
capacity. Studies on diffusivity, however, were not in the scope of the thesis and
should therefore be systematically performed to confirm the hypothesis.

• In DP steels, the F/M interphase boundary should be investigated further as a large
contributor to hydrogen trapping and crack initiation. Studies done by authors
such as Cho et al. have performed in-depth characterisation of fracture in the
martensitic phase [172], but crack initiation on the interphase is still a topic that is
not fully explored. In this thesis it was shown that the dislocation accumulation at
the interphase is the main reason for hydrogen trapping, which suggests that the
trap is a dislocation, but the contribution of the F/M interphase itself could not be
touched upon in this work, which remains to be determined in future research.

• Microstructural grading should be investigated since it could delay the onset of
sub-critical crack initiation. Surface treatments to decrease the presence of surface
martensite could for example delay the likelihood of sub-critical cracking in DP
steels, resulting in extra ductility for steels that are relatively brittle in hydrogen
environments.

RECOMMENDATIONS FOR GENERAL HE RESEARCH

• Extensive microstructural characterisation is required for hydrogen embrittlement
research. Since every microstructural feature has some interaction with hydrogen,
knowledge of the microstructure beyond the feature of study is important. Exact
knowledge of the residing places for hydrogen is hard to obtain beyond simulations
or observations of single features. Even hydrogen activation energies obtained from
TDS can often be assigned to a range of features with similar energies. Understand-
ing of the interactions between different microstructural features and hydrogen is
therefore essential.
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• Sub-critical micro-crack initiation should be assumed even for smooth specimens.
This project only studied specimens with polished surfaces with the aim of reduc-
ing roughness induced effects on sub-surface hydrogen concentrations. However,
micro-crack initiation at low strain levels as a result of elevated sub-surface hydro-
gen concentrations were still observed on most samples. Test methods that include
cracks, such as fatigue or fracture toughness tests, should therefore be included to
obtain an accurate and in-depth characterisation of a material’s resistance to HE.

• The testing environment should mirror the operational environment of the steel as
closely as possible. Hydrogen absorption can occur from many different sources.
The hydrogen distribution in the steel can differ depending on the source, the
temperature and the duration of exposure to hydrogen, as was shown in this case
using precipitates. If research is being performed for a specific application, such as
corrosion or fatigue, other factors become of interest. Factors such as whether the
part is continuously exposed, what the loading conditions are, if the part is coated
and if there is any pre-existing deformation. Utilising a testing environment that is
different from the operational environment will not lead to a situation where the
hydrogen distribution coupled with the load history is entirely representative of the
operational environment.

• Hydrogen Embrittlement testing should be performed as if specimens will fail in
a brittle way. Throughout this thesis, the importance of plastic deformation in
HE fracture has been emphasized. On a macroscopic scale, however, specimens
become sensitive to small geometrical defects that can accelerate crack initiation.
Ideally notches should be used to force fracture in a pre-defined part of the speci-
men, to avoid influence of machining defects.

• The influence of elastic and plastic deformation in combination with hydrogen
charging should be investigated further. The research performed for this thesis
shows that localised plastic strain can lead to early fracture initiation, whereas
homogeneous plastic strain can allow for increased hydrogen absorption without
microstructural degradation. It discussed the effect of macroscopic plastic defor-
mation before and during hydrogen charging, but did not perform any studies
on for example pre-existing localised plasticity or residual stresses from forming
operations. These topics are highly relevant for many applications of AHSS and
should therefore be investigated more thoroughly.

• Research should be performed on the influence of trace elements on HE in steels.
Since the industry is increasingly shifting to manufacturing green steel from scrap,
trace elements like boron and copper are expected to increase in concentration
over time. The effects of microstructural features involving trace elements are not
yet sufficiently understood.





A
SUPPLEMENTARY FIGURES TO

CHAPTER 4

Figure A.1.: TDS desorption curves. Curves from all three heating rates including the
two deconvoluted skewed gaussian peaks used for calculation of activation
energies.
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Hi ChatGPT. I’m looking for an inspirational quote to end my PhD thesis with, but I have
no inspiration. Could you come up with a quote for me instead? The field is materials
science.

Perfect—since your field is materials science, here are some quotes that align more
closely with the themes of discovery, structure, transformation, and persistence that

often define the field:

"The best materials aren’t found—they’re made."

An original quote (suitable for adding a personal touch)

"To understand a material is to see order in complexity and beauty in the invisible."

Original/philosophical (tailored for thesis use)

"Science may never come up with a better office communication system than the
coffee break, but materials science is how we build everything that holds the coffee."

Light-hearted, semi-original spin (for a more humorous exit)

Wow, thank you! This saves me a lot of time I would have had to spend thinking.





Hydrogen Em
brittlem

ent Susceptibility of Ferritic High Strength Steels                           Tim
 Boot

250925 Thesis Cover.pdf   1   25-9-2025   12:41:36




