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TECHNICAL ARTICLE

Comparative EBSD Analysis of Fracture Behavior in Powder
Metallurgy High-Speed Steel
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1.—Faculty of Materials Engineering, Sahand University of Technology, Tabriz 53318/
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This study compares the fracture toughness of high-speed steel produced by
powder metallurgy and subjected to different heat treatments to obtain either
martensitic or bainitic/martensitic microstructures. The heat-treatment pro-
cess involved austenitization at 1150 �C, followed by either martempering or
austempering at 235 �C, and final tempering. Microstructural analysis was
performed using electron backscatter diffraction (EBSD), field-emission
scanning electron microscopy (FESEM), and X-ray diffraction (XRD). Fracture
toughness was evaluated using circumferential notched tensile (CNT) speci-
mens. The results showed that austempered CNT samples exhibited signifi-
cantly higher fracture toughness compared to martempered ones, indicating
improved resistance to crack propagation. Microstructural characterization
revealed distinct differences: the austempered samples featured bainitic laths,
retained austenite blocks, and martensite plates, whereas the martempered
sample contained martensite plates and austenite islands. However, small
differences in prior austenite grain size, lath thickness, and dislocation den-
sity were insufficient to fully account for the enhanced toughness in the
austempered sample. Further analysis indicated that the increased fraction of
high-angle grain boundaries and higher kernel average misorientation (KAM)
in the austempered sample acted as effective barriers to crack propagation.
Additionally, a greater volume fraction of nano-sized carbides contributed to a
more pronounced strengthening effect, further enhancing fracture toughness.

List of Symbols
AC1 The temperature at which austenite begins

to form during heating
AM Austenite/martensite islands
BL Bainitic lath
B/M Bainitic/Martensite
Bs The starting temperature of the bainitic

transformation
b Burger’s vector
CI Confidence index
d Grain size
D Diameter of hard particles

Dc Mean diameter size of undissolved
carbides

d0 Specimen diameter
dn Notch diameter
F Fracture load
f Fraction of hard particles
f c Surface area fraction of undissolved

carbides
FC Fine carbides
G Shear modulus
GB Grain boundary
GND Geometrically necessary dislocation

density
HAGB High angle grain boundary
IPF Inverse pole figure
IQ Image quality
KAM Kernal average misorientation
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Kc Fracture toughness
kV Kilovolts
LAGB Low angle grain boundary
M Taylor factor
MP Martensite plates
MS The start ing temperature of the

martensitic transformation
ML Martensitic lath
MCC Circumscribed circle diameter in prior

austenite grain
MIC Largest inscribed circle in prior austenite

grain
SSD Statistically stored dislocation
UC Undissolved carbides
bhkl: Full-width at half-maximum
rd Strengthening contribution attributed to

dislocations
rf Fracture strength
rp Strengthening contribution associated

with precipitation carbides
rss Strengthening contribution attributed to

solid solution
rT Increase in yield strength
rY Strengthening contribution attributed to

grain size
e Microstrain
h Bragg angle
qGND Dislocation density of GND
qSSD Dislocation density of SSD

INTRODUCTION

High-speed steels (HSS) are a class of tool steels
widely used in cutting and machining applications
due to their exceptional combination of high hard-
ness, wear resistance, and hot hardness; that is, the
ability to maintain hardness and mechanical
strength at elevated temperatures.1–4 These prop-
erties are primarily achieved through a carefully
controlled heat-treatment process, which typically
involves austenitizing, quenching to form marten-
site, and multiple tempering cycles. The tempering
process is critical for reducing retained austenite,
which is inherently high in HSS due to its complex
alloy composition, and for enhancing the material’s
hardness and wear resistance. Typically, two or
three tempering cycles at 500–600 �C are employed,
reducing the retained austenite content from
approximately 30% to 2–4% and increasing the
hardness to 62–64 HRC.5 Despite these favorable
properties, HSS tools are prone to failure under
severe operating conditions, particularly at cutting
edges or regions subjected to high tensile stresses.6,7

Such failures often result in costly downtime and
tool replacement, underscoring the need to improve
the fracture toughness of HSS. One promising
approach to enhancing fracture toughness in HSS
is through microstructural modification,

particularly by incorporating bainitic microstruc-
tures into the steel matrix. Bainitic transformation
is known to refine grain structure, increase high-
angle grain boundaries (HAGBs), and improve
crack propagation resistance, all of which are
beneficial for enhancing fracture toughness.8–10

Several studies have explored the influence of
bainitic microstructures on steel toughness.11–16 For
example, Chakraborty et al.17 demonstrated that
ultrafine bainitic sheaves interspersed with thin
martensitic plates significantly improve fracture
toughness in high-carbon low-alloy steels. Luo
et al.16 emphasized that bainite/martensite lath
structures’ toughness is strongly influenced by packet
and block size, with a finer substructure improving
toughness. Wang et al.18 found that tempering
bainite/martensite (B/M) duplex structures in M50
steel results in finer ferrite packets and increased
precipitation of nanoscale carbides compared to fully
martensitic structures, leading to improved impact
toughness. The morphology of bainite also plays a
crucial role in toughness enhancement. Lath-like
upper bainite, consisting of thin parallel ferrite laths,
has been reported to provide superior impact tough-
ness compared to granular bainite due to its refined
and ductile nature.19 The presence of film-like
retained austenite between bainitic ferrite laths
further enhances the combination of toughness, duc-
tility, and strength.20 Furthermore, reducing the size
of bainitic units has been shown to enhance crack
resistance by increasing HAGBs, thereby improving
low-temperature fracture toughness.8,9

While previous studies have extensively explored
the bainitic transformation in lower-alloy steels,
high-speed steels have received comparatively less
attention in this context. Most research on HSS
fracture behavior has focused on martensitic
microstructures, with limited studies investigating
the potential advantages of bainitic structures.
Given the high carbide content and complex alloy-
ing of HSS, the formation and stabilization of
bainitic microstructures pose unique challenges
that remain largely unexplored. This gap in knowl-
edge is critical, as an optimized bainitic microstruc-
ture could offer improved fracture toughness
without significantly compromising hardness.

This study aims to address this research gap by
analyzing the bainitic and martensitic microstruc-
tures of PM ASP2030, an alloy consisting of W-Mo-
Cr-Co-Si-V, which is widely used for cutting tool
applications due to its superior properties. These
properties are primarily attributed to its production
method (powder metallurgy) and chemical composi-
tion. Advanced characterization techniques such as
electron backscatter diffraction (EBSD) analysis are
employed in this study. The silicon present in the
steel composition influences bainitic transformation
by promoting a finer bainitic structure21 and stabi-
lizing austenite,22 which in turn facilitates a more
homogeneous distribution of carbides during tem-
pering, ultimately enhancing the steel’s toughness.
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Based on these considerations, this study hypoth-
esizes that the martempering process will yield a
fully martensitic microstructure, optimizing hard-
ness and wear resistance but potentially increasing
brittleness due to the high internal stresses. In
contrast, the austempering process is expected to
produce a bainitic microstructure, which enhances
fracture toughness while maintaining sufficient
hardness. By investigating these two heat-treat-
ment processes, this study seeks to provide a deeper
understanding of the microstructure–property rela-
tionships in PM ASP2030, with a particular focus on
optimizing mechanical performance for cutting tool
applications.

EXPERIMENTAL

Material and Sample Preparation

The raw material used in this study was a 20-mm-
diameter round bar of ErasteelTM PM ASP2030,
processed via powder metallurgy (PM) followed by
hot isostatic pressing. The chemical composition,
determined using a Spectrolab M8TM spark emis-
sion analyzer, is provided in Table I. The bar was
cut into specimens of 15-mm and 125-mm lengths
for subsequent microstructural and mechanical
analyses. Circumferential notch tensile (CNT) spec-
imens, machined according to the DIN 7168 stan-
dard, were used for fracture toughness testing
(Fig. 1).4,23

Heat Treatment

The selection of martempering and austempering
heat treatment cycles was guided by the continuous
cooling transformation (CCT) diagram of PM
ASP2030 steel. The key transformation tempera-
tures, martensite start (Ms) and bainite start (Bs),
were calculated using:24,25

Bs �Cð Þ ¼ 630 � 45 Mnð Þ�40 Vð Þ�35 Sið Þ
� 30 Crð Þ�25 Moð Þ�20 Nið Þ�15 Wð Þ ð1Þ

Ms �Cð Þ ¼ 539 � 423 Cð Þ � 30:4 Mnð Þ � 12:1 Crð Þ
� 17:7 Nið Þ � 7:5 Moð Þ ð2Þ

All the samples underwent a controlled preheat-
ing cycle before austenitization to minimize thermal
gradients and reduce the risk of cracking.26 The
preheating steps were performed at 550 �C and
850 �C for 30 and 15 min, respectively, based on the
recommendations for the heat treatment of high-
speed steels.27,28 Martempering involved austeniti-
zation at 1150 �C for 2.5 min, followed by quenching

at 510 �C for 10 min before air-cooling to room
temperature. This quenching temperature was
specifically chosen based on the CCT diagram,
ensuring that transformation to pearlite was
avoided while reducing thermal stresses before
complete martensitic transformation. Austempering
followed a similar quenching process to 510 �C, but
the samples were then transferred to a 235 �C salt
bath. The austempering duration was set at 72 h to
maximize bainitic transformation, as the kinetics of
bainite formation at lower temperatures are signif-
icantly slower.29 This temperature was chosen
based on the TTT diagram, ensuring the formation
of lower bainite, which provides superior fracture
toughness compared to upper bainite due to finer
carbide precipitation at the grain boundaries.18

All the specimens underwent a three-stage tem-
pering process at 560 �C for 2 h to stabilize the
microstructure and to reduce the retained austen-
ite. The tempering temperature was selected based
on the secondary hardening peak,30 ensuring an
optimal balance between hardness, toughness, and
wear resistance.

Figure 2a and b present the heat-treatment cycles
of martempering and austempering, respectively.

A labeling system was used to ensure consistent
and unambiguous identification of the samples used
in this study. Martempered and austempered spec-
imens were labeled with the letters M and A,
respectively, while the letter T was added after M
or A for tempered samples. Thus, MT and AT denote
martempered and austempered specimens after
tempering, respectively.

Microstructural Characterizations

Metallographic preparation involved grinding
with SiC papers up to 1200-grit, followed by polish-
ing with 3-lm and 1-lm diamond pastes. For

Table I. Chemical composition of the samples used in the study (wt.%)

C Si Mn P S Cr Mo Co V W Ti Al Ni Fe

1.13 0.52 0.30 0.02 0.01 3.62 5.44 8.01 2.70 6.72 0.01 0.03 0.10 Bal.

Fig. 1. Circumferential notch tensile 9 0.3–40 9 0 specimen
geometry (d0 = 10 mm, dn = 7 mm and turning
tolerance = ± 0.1 mm).
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electron backscatter diffraction (EBSD), the sam-
ples underwent additional polishing with colloidal
silica for 3 h, followed by etching with Vilella’s
reagent for 40–60 s. Microstructural analysis was
conducted using a Tescan Mira-3 field-emission
scanning electron microscope (FE-SEM), and EBSD
was performed on an FEI Quanta FEG 450 SEM
equipped with an EBSD detector. Data were col-
lected with a 30-nm step size over a 50 9 50 lm2

area and analyzed using EDAX-TSL OIM Analy-
sisTM software. EBSD identified alpha iron (a) as the
BCC phase, while retained austenite, M6C, and MC
carbides were distinguished based on their crystal
lattice parameters. A misorientation threshold of 5�
with a 2-pixel resolution was used to define the
grain boundaries. Martensitic/bainitic lath sizes
were measured from EBSD maps using the linear
intercept method (ASTM E112), averaging mea-
surements in both vertical and horizontal direc-
tions. Prior austenite grain (PAG) reconstruction
was performed using the Nishiyama–Wasserman
method, which accurately reconstructs BCC-to-FCC
orientation relationships using EBSD data. This
method was chosen due to its high resolution and
efficiency, despite potential limitations related to
surface effects and data interpretation challenges.31

To further validate this approach, back-scattered

mode FE-SEM images were also used to visualize
the PAG boundaries. Geometrically necessary dis-
location (GND) density was calculated using Nye
tensors derived from the EBSD orientation data.
Kernel average misorientation (KAM) maps, rang-
ing from 0 to 5�, were generated to estimate local
strain and stored energy. Phase analysis was con-
ducted using a BrukerTM D8 Advance X-ray diffrac-
tometer (XRD) with Cu Ka radiation (40 kV,
30 mA). Data were collected over the 35–110� range
(ASTM E975) with a 0.02� step size and a 2-s step
time. Quantitative phase analysis was performed
using the Rietveld method with HighScore Plus� 3.0
and Maud 2.55 (2015).

Mechanical Testing

Hardness measurements were performed using
the Rockwell C method in accordance with ASTM
E18. At least six measurements were taken per
sample with a measurement error of ± 0.5 HRC.
Tensile tests were conducted on three CNT speci-
mens using an InstronTM 8502 testing machine at a
crosshead speed of 1.0 mm/min. Fracture strength
and toughness were calculated using Eqs.332 and
4,33 respectively:

rf ¼ F= pd2
n=4

� �
ð3Þ

where rf stands for the fracture strength (MPa), dn

is the notch diameter (mm), and F is the load at
fracture (N) obtained from the force–displacement
curve.

KC ¼ 0:45rf d
1=2
0 ð4Þ

where KC is the fracture toughness (MPa m1/2) and
d0 is the specimen diameter (m).

RESULTS AND DISCUSSION

Microstructural Observations and XRD
Analysis

The SEM images of the M, A, MT, and AT
samples are shown in Fig. 3a–f. The microstructure
of the M sample (Fig. 3a) consists of austenite
blokes (AB), martensite plates (MP), and undis-
solved carbides (UC), while the A sample (Fig. 3b)
contains bainitic laths (BL), austenite blocks, and
martensite plates. The transformation of austenite
to martensite is restricted within small austenite
blocks, and the martensitic transformation could
not proceed further.34,35 UC are observed in both
microstructures, predominantly exhibiting a near-
spherical morphology.

The tempering process did not significantly alter
the overall microstructure at comparable magnifi-
cations. However, secondary carbides, which typi-
cally precipitate during tempering and range in size
from about 2–20 nm,36 become visible at higher
magnifications, as shown in Fig. 3c and d for the MT
and AT samples, respectively. Figure 3e and f shows

Fig. 2. Heat-treatment cycles for (a) martempering and (b)
austempering processes.
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SEM images of the MT and AT samples captured
using EBSD, highlighting the carbides in two
contrasting colors, white and gray, corresponding
to their compositional differences. Energy-disper-
sive spectroscopy (EDS) microanalysis (summarized
in Table II) indicated that the white carbides are
rich in molybdenum and tungsten, while the gray
carbides are rich in vanadium. These findings align
with previous reports, which indicate that M6C-type
carbides typically appear bright and spherical,

Fig. 3. SEM images of (a) martempered and (b) austempered samples. Images (c, e) correspond to martempered and tempered samples, while
(d, f) show austempered and tempered samples. Arrows indicate undissolved carbides (UC), austenite blocks (AB), martensite plates (MP),
bainitic laths (BL), secondary carbides (SC), white carbides (WC), and gray carbides (GC). Primary austenite grain (PAG) boundaries are also
visible in (e) and (f), captured in backscattered imaging mode.

Table II. Chemical composition (wt.%) of the white
and gray carbides and the matrix in the M sample,
as shown in Fig. 3f

V Cr Mo W Co Fe

UC (gray) 20.4 5.40 9.40 8.00 8.50 48.30
UC (white) 2.94 4.35 24.54 38.31 3.36 26.50
Matrix 1.14 4.27 4.08 3.48 9.18 77.85

Comparative EBSD Analysis of Fracture Behavior in Powder Metallurgy High-Speed Steel



being rich in W and Fe, while gray carbides are
either MC-type (enriched in V) or M7C2 and M22C6

types, which are rich in C.37–41

Table III shows that the surface fraction of the
identified carbides in the MT microstructure is
marginally higher than that in the AT sample.
Furthermore, the mean diameter of the UCs in the
MT sample is smaller than in the AT sample.
According to the table, the lower volume fraction of
undissolved carbides in the austempered samples
compared to the martempered ones is due to the
precipitation of nanocarbides during the austem-
pering stage, which cannot be detected by SEM at
high magnification.

Figure 4 shows the XRD patterns of the MT and
AT samples. The identified phases include ferrite
(a), austenite (c), and several types of carbides,
namely Co3W3C, Fe6W6C, and VC, corresponding to
the M6C, M12C, and MC classifications, respectively.

All of these carbides crystallize in a face-centered
cubic (FCC) structure (Table IV).

Lattice strain causes a shift in the position of XRD
peaks and their broadening.42 Equation 543 is used
to determine the extent of this strain:

e ¼ bhkl
4tanh

ð5Þ

where e is the lattice strain, bhkl is the full width at
half-maximum (FWHM) of the hkl planes, and h is
the Bragg angle.

The calculated microstrain values for the ferrite
phase from the (110) and (211) peaks are listed in
Table V. The average microstrain values (e) were
calculated and the dislocation density (qSSD) was
determined using Eq. 6.44 Both e and q are provided
in Table V.

Table III. Surface area fraction (f c) and mean
diameter size (Dc) of undissolved carbides (UC) in
the as-quenched and austempered samples,
measured via SEM images

Sample Dc(lm) f c(%)

MT 0.76 ± 0.05 18.2 ± 0.7
AT 0.82 ± 0.05 15.2 ± 0.5

Fig. 4. X-ray diffraction (XRD) patterns of the martempered (MT) and austempered (AT) samples. The identified phases include ferrite (a),
austenite (c), and carbide phases such as Co3W3C, Fe6W6C, and VC, corresponding to the M6C, M12C, and MC types, respectively. Peak
positions and intensities reflect differences in phase composition and lattice strain among the samples.

Table IV. Volume fractions of ferrite (a), austenite
(c), and carbides of nano and undissolved
M6C + M12C + MC determined using XRD

Specimen a (%) c (%) M6C + M12C + MC (%)

AT 63 2 35
MT 62 5 33
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qSSD ¼ 1:44e2

b2
ð6Þ

where e ¼ ð
Pn

i¼0e
2=nÞ

1
2 is the average microstrain,45

b is the Burgers vector (0.254 nm for BCC phase),
and n is the number of hkl planes analyzed.

Table V shows that the calculated dislocation
density values for the AT and MT samples are not
significantly different.

The mean PAG sizes for the M and A samples
were determined using the intercept method, as
described in ASTM E112 standard, and are listed in
Table IV. It is evident that the PAG sizes for both
samples are nearly identical. Since the primary
austenite grain size in steels is mainly influenced by
the austenitizing temperature, this observation is
consistent with expectations.

EBSD Analysis

Figure 5a and c (MT sample) and 5b and d (AT
sample) show the EBSD phase maps of the martem-
pered and austempered specimens, respectively.
The microstructures of both samples primarily
consist of body-centered cubic (BCC) ferrite/marten-
site (shown in red) and FCC phases (shown in
green), which include MC/M6C-type carbides and, to
a lesser extent, retained austenite. The green
regions are predominantly attributed to carbides,
with minor contributions from retained austenite.
The black areas observed in the EBSD maps likely
correspond to regions where carbides were mechan-
ically detached during sample preparation. These
detached regions are more frequently observed in
the martempered sample (Fig. 5a), particularly
adjacent to carbides. Since both specimens under-
went identical metallographic preparation and orig-
inated from the same base material, and
considering that the austempered matrix is tougher,
such detachment regions are less prominent in the
AT sample (Fig. 5b). Additionally, extremely fine-
scale secondary carbides (SC) are visible at higher
magnification in the austempered sample (Fig. 5d),
indicating a more refined microstructural evolution
in this condition.

Table VII presents the area fractions and average
size of the FCC phase, as determined from EBSD
micrographs for both the martempered (MT) and
austempered (AT) samples. While the FCC phase
fraction remains constant at 17% in both samples, a

slight increase in the average diameter is observed
in the AT sample (from 0.98 lm to 1.01 lm).
However, this difference is negligible and falls
within the range of overlapping standard deviations
(SD = 0.45 for MT and SD = 0.57 for AT), indicating
that no significant coarsening occurred during the
prolonged austempering stage.

The observed discrepancy between the FCC (car-
bide + austenite) volume fractions reported in
Table IV (XRD) and Table VII (EBSD) stems from
fundamental differences in the detection principles,
resolution, and phase identification capabilities of
the two techniques. XRD quantifies all the crys-
talline phases present within the sampling depth,
including nanometer-scale carbides (2–30 nm) that
commonly precipitate during tempering of tool
steels. Because XRD averages signals over a large
volume and can detect coherent diffraction from
even very fine particles, providing a total volume
fraction of all FCC-based phases, regardless of their
size.

In contrast, EBSD is limited by its spatial reso-
lution and can only resolve phases larger than � 30
nm, due to the need for well-defined Kikuchi
patterns for accurate indexing.46 Consequently,
nanoparticles below this size threshold cannot be
reliably identified and are excluded from EBSD-
based quantification. Therefore, the FCC phase
fraction in Table VII only accounts for coarser
particles, resulting in a lower measured volume
fraction compared to XRD. This limitation has been
observed in similar studies. For example, Moshtaghi
et al.47 reported discrepancies between martensite
phase fractions measured by XRD and by EBSD.
This behavior parallels the challenges encountered
here in carbide phase quantification, confirming
that EBSD underestimates fine phases while XRD
captures them more comprehensively. In Table VII,
‘‘Low confidence index points’’ refer to regions where

Table V. 2h� and FWHM, calculated microstrain, and dislocation density (q) of the martempered and
austempered specimens after tempering

Specimen Plane 2h� FWHM (rad) e(%) e(%) q 3 1014 (m-2)

MT (110) 44.505 0.0159 0.969 0.92 20.1
(211) 81.958 0.0299 0.861

AT (110) 44.462 0.0141 0.864 0.91 19.8
(211) 81.837 0.0330 0.953

Table VI. Maximum inscribed circle (MIC) and
maximum circumscribed circle (MCC) diameters
within and outside the primary austenite grains
(PAG), along with the mean PAG diameter

Sample MIC (lm) MCC (lm) PAG (lm)

M 2.59 ± 0. 5 9.6 ± 2 6.10 ± 1
A 2.92 ± 0. 4 9.3 ± 2 6.11 ± 1

Comparative EBSD Analysis of Fracture Behavior in Powder Metallurgy High-Speed Steel



the confidence index (CI) falls below a typical
threshold value (< 0.1). These points are predomi-
nantly associated with nanometer-sized carbides
and fine-scale porosities, which are inherent to the
powder metallurgy process. Due to their extremely
small size (typically< 30 nm), such nanocarbides
do not generate distinct Kikuchi patterns and
cannot be reliably indexed by EBSD. As a result,
they are excluded from phase fraction quantification
and appear as black regions in Fig. 5. To extract a
more accurate fraction of nanocarbides larger than

Fig. 5. EBSD phase and boundary maps (CI> 0.1) of (a, c) martempered (MT) and (b, d) austempered (AT) samples. The FCC
phases—including undissolved carbides (UC), secondary carbides (SC), and retained austenite (RA)—are shown in green, while BCC ferritic
phases are displayed in red. Maps (a) and (b) show broader views of the microstructure, whereas (c) and (d) present higher magnifications,
highlighting fine details such as the morphology and distribution of RA and carbides.

Table VII. Area fractions (%) of FCC and BCC phases, low confidence index points, and average FCC phase
size (lm), determined by EBSD analysis for martempered and austempered samples after tempering

Specimen FCC (%) BCC (%) Low confidence index points (%) FCC average diameter (lm)

MT 17 76 7 0.98 (SD = 0.45)
AT 17 64 19 1.01 (SD = 0.57)

Table VIII.. Prior Austenite Grain (PAG) size,
bainitic ferrite lath size and geometrically
necessary dislocations (GNDs) in martempered
and austempered samples as determined from
EBSD analyses

Sample PAGs (lm) Lath size (lm)

MT 5.79 (SD = 2.92) 0.25 (SD = 0.20)
AT 5.01 (SD = 2.98) 0.24 (SD = 0.19)
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30 nm, FCC-phase inverse pole figure (IPF) maps
were used. Reconstructed PAG maps for the AT
sample were generated using a model based on the
Nishiyama–Wasserman relationship between par-
ent and daughter phases. The corresponding PAG
sizes for both samples are presented in Table VIII.
Notably, the difference between the PAG size and
the prior austenite grain size (Dmean � 6 lm), cal-
culated before tempering (Table IV), is minimal for
both cases. This suggests that the triple tempering
process at sub-Ac1 temperatures had a limited effect
on PAG size.

For boundary classification, misorientation angles
below 15� are categorized as low-angle boundaries
(LAB), while those between 15� and 62� are consid-
ered high-angle boundaries (HAB).48 Figure 6
shows the boundary maps with two misorientation
ranges, 2–15� and 15–62�, for the MT and AT
samples.

Mechanical Properties

The load–displacement diagram of the CNT tests
for the MT and AT specimens is shown in Fig. 7,
and the corresponding fracture strength and frac-
ture toughness and the Rockwell C hardness values
are listed in Table IX. The results show that the
fracture strength and fracture toughness of the AT
sample exceeds those of the MT sample.

Gomes et al.49 have shown a correlation between
yield strength and fracture toughness in high-speed
steels. The relationship between the yield strength
of steels and measurable microstructural features
can be described by:50

Fig. 6. Boundary maps with misorientation angles ranging from 2� to 62� of (a) MT and (b) AT samples.

Fig. 7. Load–displacement diagram of the CNT test for MT and AT
samples.

Table IX. Fracture strength, fracture toughness,
and hardness of MT and AT samples

Specimen
rf

(MPa)
Kc

(MPa m1/2)
Hardness

(HRC)

MT 288 ± 18 10.9 ± 1.0 65.0 ± 0.2
AT 442 ± 28 17.0 ± 1.5 65.1 ± 0.5
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rT ¼ ððrss þ rY þ rPÞ2 þ rd
2Þ1=2 ð7Þ

where rT is the yield strength, rY is the grain size
contribution, rp, is the precipitation contribution,
rss is the solid-solution contribution, and rd is the
dislocation contribution.

In the present study, as the austenitizing tem-
perature was the same for both samples, it is
presumed that rss is identical for both martempered
and austempered conditions. The grain size or lath
width and dislocations density contributions can be
estimated using Eqs. 8 and 9, respectively.51–53

rY ¼ KHPd
�1

2 ð8Þ

rd ¼ aMGbq
1
2 ð9Þ

where d is the grain diameter or ferrite lath width,
M is the Taylor factor (2.73 for the BCC phase), G is
the shear modulus (82 GPa), b is the Burger’s
vector, q is the average density dislocation density,
and KHP (0.21 MPa m�1=2) and a (0.25) are
constants.

To compare the parameters of Eq. 7 for the
martempered and austempered samples, the dislo-
cation density (qSSD), PAGs, and ferrite plate sizes
were determined and are listed in Tables V and
VIII. These data indicate that the primary austenite
grains and ferrite laths in the austempered sample
are slightly smaller than those in the martempered
sample, while the dislocation density is nearly
identical in both microstructures. Consequently, it
can be conclude that the influence of grain size,
ferrite lath length, and dislocation contribution
(from Eq. 9) on the improved fracture strength of
the AT specimen is relatively minor.

The dominant strengthening mechanism in poly-
crystalline materials reinforced with non-shearable
dispersoids is the Orowan mechanism. When dislo-
cations encounter fine, hard particles that cannot be
sheared, they bow around them, forming Orowan
loops. This increase dislocation storage and enhance
strain hardening. This behavior has been widely
reported in materials with incoherent dispersoids,
such as Cr-containing alloys.54 Given that the
dispersoids in our study exhibit similar character-
istics, the Orowan equation (Eq. 10)55 is appropriate
for describing their strengthening contribution:

rP ¼ 0:538Gbf
1
2

D

 !

Ln
D

2b

� �
ð10Þ

where G is the shear modulus, b is the Burgers
vector (0.248 nm), f is the volume fraction of hard
particles, and D is the diameter of the particles.

According to Eq. 10, the precipitated carbides
significantly influence dislocation motion and
matrix strengthening. Table III shows that the
surface fraction of identified UC in the MT sample is
marginally higher than in the AT sample.

Furthermore, the mean diameter of UC in the MT
sample is smaller. This apparent discrepancy of the
lower carbide fraction in AT results from the
inability of SEM imaging at high magnification to
detect nanoscale carbides formed during the
austempering stage.

Based on Eq. 10, the calculated strengthening
contribution from undissolved carbides (rUC

P ),
derived using the volume fractions and average
diameters from the FESEM images (Table X), indi-
cates that the contribution is slightly greater in the
AT sample than in the MT sample. The IPF maps
for MT and AT samples are shown in Fig. 8a and d,
while Fig. 8b and e present magnified views high-
lighting fine carbides (FC) and untransformed car-
bides (UC), marked by arrows. The austempered
sample clearly exhibits a higher area fraction of
FCs, particularly within the ferrite laths. Wen
et al.56 studied the precipitation kinetics of M23C6

carbides in heat-resistant steels with fine-grained
microstructures, observing that fine and coarse
M23C6 carbides form at both low-angle grain bound-
aries (LAGBs) and HAGBs. Similarly, Qi et al.57

reported that the addition of Cr–Mo increases the
number and density of fine carbides, thereby
improving the steel’s strength. Haj Slama et al.58

also observed fine carbide precipitation as separated
films at HAGBs after austempering Fe5Ni0.13C
steel for 5 h. In line with Ohmori et al.,59 the higher
FC content in the AT sample may be attributed to
faster carbon diffusion during bainitic transforma-
tion compared to martensite formation, leading to
carbide formation at ferrite–cementite interfaces.

Fine carbides, visible in the IPF maps (Fig. 8b
and e), range in size from 30 to 60 nm. Their area
fractions, listed in Table X, are 1.7% for the MT
sample and 11% for the AT sample. According to
Eq. 10, the strengthening contribution from these
fine carbides (rFCP ) is significantly higher for the AT
sample due to its larger volume fraction.

The formation of fine carbides in austempered
steels is closely related to bainitic transformation,
especially the formation of lower bainite at temper-
atures between 200 and 300 �C.60,61 During austem-
pering, bainitic ferrite forms via a diffusionless
mechanism, followed by carbon partitioning into the
surrounding austenite. Due to the low solubility of
carbon in bainitic ferrite, excess carbon precipitates
as nanocarbides within laths and along interfaces.
These fine carbides hinder dislocation motion,
enhancing strength. In silicon-containing steels,
carbide precipitation is delayed, allowing for carbon
enrichment and stabilization of adjacent
austenite.62,63

In high-speed steels like PM ASP2030, the B/M
duplex microstructure formed via austempering and
tempering provides advantages over fully marten-
sitic structures. Specifically, tempering at 550 �C
facilitates nanoscale secondary carbide precipita-
tion from the retained austenite. Wang et al.18
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reported similar behavior in B/M structures, which
resulted in more uniform and finer carbide disper-
sion compared to coarser carbides in fully marten-
sitic microstructures, thereby improving both
strength and toughness.64 KAM, derived from local
lattice curvatures, measures local plastic strain and
dislocation density in deformed microstruc-
tures.65,66 Figure 9 shows that KAM values are
higher at the boundaries of martensitic/bainitic
ferrite laths than at their cores, suggesting localized
strain at lath interfaces. Notably, the AT sample
exhibits a significantly higher average KAM (1.18�)
than the MT sample (0.67�), indicating a greater
density of GNDs and thus higher stored internal
energy. The GND density (qGND) was calculated
using Eq. 11, which correlates KAM with disloca-
tion density:67

qGND ¼ a< h>
bd

ð11Þ

where a = 3 is a constant for tilt dislocations, h is the
KAM value (in radians), b is the Burgers vector, and
d is the EBSD step size.

GNDs, which accommodate lattice curvature from
strain gradients, play a critical role in hardening
and energy absorption, while statistically stored
dislocations (SSDs) result from random entangle-
ments. SSD density was derived from the XRD data
using Eq. 6, with the results summarized in
Table V. Although SSDs are generally more numer-
ous, GNDs have a more pronounced impact due to
their directional and localized nature as reported in
a previous study.67

As listed in Table X, the AT sample shows a
significantly higher qGND (8.1 9 1014 m�2) com-
pared to the MT sample (4.6 9 1014 m�2). This
increase in GND density enhances dislocation resis-
tance and improves energy absorption capacity,
directly contributing to the higher fracture tough-
ness in the AT sample. Other EBSD-derived fea-
tures also contribute. The (HAGB density is
significantly greater in the AT sample (23.68 lm�1

versus 7.48 lm�1 in MT), aiding crack deflection
and energy dissipation. Although the MT sample
has slightly higher LAGB density (1.96 lm�1 versus
1.75 lm�1 in AT), their lower misorientation makes
them less effective in hindering dislocation motion.
Together, the elevated KAM values, higher GND
and HAGB densities, and greater strengthening
from fine carbides explain the superior fracture
toughness of the AT sample. These findings align

with those of Moshtaghi et al.,67 who demonstrated
a link between GND accumulation, HAGB density,
and enhanced dislocation storage.

In practical terms, the higher KAM in the AT
sample reflects its improved ability to accommodate
strain gradients and store deformation energy with-
out premature failure, enhancing not only strength
and toughness but also performance under cyclic or
impact loads, key attributes in high-speed tool
steels.

While the present study offers a comprehensive
analysis of the microstructural and mechanical
differences between martempered and austempered
PM ASP2030 steel, further investigations could
provide deeper insight into the underlying mecha-
nisms. The current characterization primarily
relied on SEM, EBSD, and XRD techniques, which
effectively captured features such as dislocation
density, grain boundary characteristics, and carbide
distribution. However, advanced characterization
methods, such as transmission electron microscopy
or 3D tomography, may help reveal nanoscale
features, particularly the morphology and disper-
sion of precipitated carbides and the substructure of
dislocation arrays, which remain unresolved at the
current scale.

From a mechanical perspective, the scope of this
study focused on hardness and fracture toughness
as the primary indicators of performance. Addi-
tional evaluation of tensile strength, fatigue resis-
tance, and wear behavior under various loading
regimes could complement the current findings and
provide a more holistic understanding of the per-
formance benefits of austempered versus martem-
pered microstructures in real-world applications.
These aspects merit further attention in future
investigations aimed at optimizing heat-treatment
strategies for high-performance tool steels. Consid-
ering the improved fracture toughness and refined
microstructure achieved through austempering,
potential industrial applications may include blank-
ing, broaching, cold forging, cold work, cutting tools,
drills, fine blanking, knives, plastic injection molds,
powder compaction, reamers, rolls for rolling mills,
and taps.28

CONCLUSION

This study revealed distinct microstructural dif-
ferences between martempered (MT) and austem-
pered (AT) PM ASP2030 steel after tempering.

Table X. Contribution of measured microstructural characteristics on strengthening and increasing
fracture toughness

Specimen
LAGB (2–15)�

(lm21)
HAGB (15–62)�

(lm21)
KAM

(�)
qGND

(3 1014 m22)
rUC
P

(MPa)
rFCP
(MPa)

rd
(MPa)

MT 1.96 7.48 0.67� 4.6 44.7 514.4 1210
AT 1.75 23.68 1.18� 8.1 38.3 785.8 1590
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While both samples exhibited similar phases, grain
sizes, and overall dislocation densities, the AT
sample showed a significantly higher fraction and
total length of high-angle grain boundaries, a
greater kernel average misorientation (KAM), and

a larger volume of nano-sized carbides. Despite
comparable hardness values, the AT sample demon-
strated substantially higher fracture toughness
than the MT sample. This improvement is attrib-
uted to the combined effects of its refined

Fig. 8. (a, d) Inverse pole figure (IPF) maps of martempered (MT) and austempered (AT) samples, respectively. (b, e) Magnified views
highlighting the distribution of fine carbides (FC) and untransformed carbides (UC), indicated by arrows. The austempered sample (e) exhibits a
higher area fraction of fine carbides within the ferrite laths compared to the martempered sample (b). (c, f) Corresponding boundary maps for (b)
and (e), illustrating grain and phase boundaries. The increased presence of fine carbides in the austempered sample (f) is evident, contributing to
its microstructural refinement.
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microstructure, specifically, the increased density of
high-angle grain boundaries that impede crack
propagation, the elevated KAM indicating enhanced
strain accommodation, and the more pronounced
strengthening from the higher volume of fine car-
bides that hinder dislocation motion.

These findings underscore the critical role of the
austempering heat treatment in tailoring the
microstructure of PM ASP2030 steel to achieve
superior fracture toughness, a key property for
high-performance tooling applications.
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