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Abstract:

In conventional metallic materials, the increase of strength generally sacrifices
ductility. Here, we demonstrate an approach to improve the strength and ductility
simultaneously by introducing micro-banding and the accumulation of a high density
of dislocations in a high-entropy alloy (HEA). We design two non-equiatomic HEAS,
ie., CrioMnsgFezCoioNiyp  and CrioMnyoFegCosgNisg. Unlike the
CrioMnyoFesoCo10Nig HEA, the strength and ductility of the CrioMnsgFezCo1oNisg
HEA are improved concurrently by grain refinement from 347.5+216.1 pum to
18.3£9.3 um. The ultimate tensile strength increases from 543+4 MPa to 621+8 MPa
and the elongation to failure enhances from 43+2% to 55+1%. To reveal the
underlying deformation mechanisms responsible for such a strength-ductility synergy,
the microstructural evolution upon loading has been investigated by electron
microscopy techniques. The dominant deformation mechanism observed for the
CrioMnsgFesCogNig HEA is the activation of micro-bands, which act both as
dislocation sources and dislocation barriers, eventually, leading to the formation of
dislocation cell structures. By decreasing grain size, much finer dislocation cell
structures develop, which are responsible for the improvement in work hardening rate
at higher strains (>7 %) and thus for the increase in both strength and ductility. First
principles calculations reveal the decrease of the stacking fault energy (SFE) with the
decrease of the Mn content. These insights provide guidelines for designing advanced

HEAs by tailoring their SFE and grain size.

1. Introduction

Conventional alloy design strategies are mostly based on one principal element
with the addition of several other minor elements with the aim to improve the
mechanical properties and performance of the material [1]. In recent years, a novel
alloy design concept has drawn great attention, where multi-principal elements are
mixed at equiatomic or near equiatomic concentrations to form highly concentrated

solid solutions, termed high-entropy alloys (HEAS) [2-5]. To promote the wide use of
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HEAs as structural materials, it is highly desirable to improve the strength of HEAs
while maintaining good ductility. Grain refinement is an important way to improve
the mechanical strength, but for most metals and alloys, grain refinement results in a
reduction in ductility [6]. Over the past decades, numerous approaches have been
developed to effectively strengthen metallic materials without significantly sacrificing
ductility (e.g., nanotwins [7], heterogeneous structures [8] and phase transformations
[9-11]), and to reveal the underlying deformation mechanisms [11]. Li et al. [12]
showed that both strength and ductility can be increased in a dual-phase HEA,
consisting of face-centered cubic (FCC) matrix and hexagonal close-packed (HCP)
phase, by decreasing grain size. This is mainly attributed to the low stacking fault
energy (SFE) of the dual-phase HEA and thus the activation of deformation-induced
displacive phase transformation, i.e., from FCC to HCP phase, upon straining [12].
The stacking fault energy (SFE) of FCC based alloys is found to greatly affect
the activation of plastic deformation modes, such as, dislocation slip, mechanical
twinning and phase transformations. Therefore, it impacts the work hardening ability
and thus the mechanical properties of the alloys [13-15]. Typically, for FCC metals
and alloys a particular range in SFE correlates with a dominant deformation
mechanism: ~15 mJ/m? < SFE < 50 mJ/m? for twinning, SFE < 15-18 mJ/m? for phase
transformation, and 50 mJ/m® < SFE for dislocation slip-based plasticity [16].
Compared to equiatomic HEAs, non-equiatomic HEAs greatly expand the
compositional space, as well as the accessible range in SFE [17, 18]. Thus, the design
of non-equiatomic HEAs provides effective ways to obtain alloys with controllable
SFE and hence tunable mechanical properties. Recently,
phase-transformation-induced plasticity (TRIP) dual-phase HEAs with low SFE were
developed in the CrMnFeCo system and the bidirectional transformation of FCC and
HCP offers an extensive work hardening capacity without sacrificing ductility [18,19].
In addition, Cai et al. [19] studied the influence of Mo additions on the deformation
mechanisms of a CrFeCoNi HEA with an estimated SFE of ~19 mJ/m% The
microstructure of this HEA contains both nano-twins and microbands, which result in

a good combination of strength and ductility.
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Up to now, many studies focused on the influence of SFE on the hardening
capability of HEA [20-23], but only few studies investigated how the trade-off
between strength and ductility could be overcome in FCC based HEAs by also
considering dislocation plasticity. In high Mn steels, micro-banding induced plasticity
has been reported to be responsible for the improvement in the work hardening ability
[24]. Besides, Welsch et al. [25] found that microbands developed from the slip bands
filled with dislocations via planar slip in Fe-30.4Mn-8Al-1.2C (wt. %) steel with a
high SFE of 85 mJ/m Thus, FCC HEAs with tunable SFE are interesting candidates
to investigate which deformation mechanism could be utilized to optimize strength
and ductility simultaneously.

In this study, we first designed two non-equiatomic FCC based HEAs with five
principle elements (i.e., Cr, Mn, Fe, Co, and Ni) based on the calculated value. The
designed CrioMnoFegoCo10Niig HEA with high SFE shows a dislocation dominated
deformation mechanism, whereas in the CrigMnsgFe,oCo19Niig HEA with low SFE
twinning-induced plasticity is the major deformation mode. The effect of grain size on
the tensile strength and ductility of two HEAs was studied systematically. The
influence of the Mn content on the SFE energy was further investigated by
first-principles calculations for the composition range CrioMnyFezo—xC0o10Nig (10 < X
< 60) to support the microstructural observations. The effect of the SFE on the
strength-ductility trade-off of non-equiatomic HEAs and the corresponding

deformation mechanisms are discussed in detail.

2. Methodology

2.1. Alloy compositions and thermomechanical processing design

The nominal compositions of the two designed non-equiatomic HEAs are
CrioMnsoFexoCoioNiyg (D-HEA: dislocation dominated-high entropy alloy) and
CrioMnyoFesoCo1oNig (NT-HEA: nano-twinning dominated-high entropy alloy). Both
alloys were cast in a vacuum induction furnace using pure metals (99.9%). The

as-cast ingots were hot-rolled at 900 °C to a thickness reduction of 50% (from 10 mm
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to 5 mm). Subsequently, the alloy sheets were homogenized at 1100 °C (D-HEA) and
1300°C (NT-HEA) for 2 h in Ar protected atmosphere followed by water quenching.
The melting points of both HEAs were measured by differential scanning calorimetry
(DSC) in a NETZSCH STA 449 F3 instrument. Both heating rate and cooling rate are
10 °C/min, and 2 cycles were conducted for each specimen. The homogenization
temperatures were chosen to ~100 °C below their melting points to fully dissolve the
as-cast dendrites and get an adequately homogenous chemical distribution. In this way,
coarse-grained (CG) microstructures also formed. For the fabrication of fine-grained
(FG) microstructures, the homogenized sheets were subjected to cold rolling to a
thickness reduction of 60% (from 5 mm to 2 mm) and subsequent annealing at the
temperature of 900 °C for 3 min followed by water quenching. The measured

chemical compositions of both HEAs by wet chemical analysis are given in Table 1.

Table 1. Wet chemical analysis of two HEAs. FG and CG refer to fine grain and

coarse grain, respectively.

Cr Mn Fe Co Ni
Sample

(at. %) (at. %) (at. %) (at. %) (at. %)

D-HEA (Cast) 10.20 48.79 20.97 10.00 10.04
D-HEA (CG) 9.96 48.88 21.69 9.81 9.76
D-HEA (FG) 9.99 49.19 21.07 9.91 9.85
NT-HEA (Cast) 10.00 9.83 60.37 9.88 9.92
NT-HEA (CG) 9.91 9.77 60.62 9.88 9.82
NT-HEA (FG) 9.96 9.81 60.44 9.88 9.92

Dog-bone shaped tensile specimens (CG and FG) with gauge dimension of 1x10x2
mm?® were cut by electrical discharge machining. The uniaxial tensile test was
performed using a Kammrath & Weiss tensile stage with the assistance of digital

image correlation (DIC) technique. Three specimens were tested with a strain rate of
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0.0025s™ at ambient temperature for each state (NT-CG, NT-FG, D-CG, D-FG). The
cross-section of the fractured tensile sample was mounted to analyze the deformed
microstructure. The sample surface was mechanically ground with silicon carbide
abrasive paper (P60 to P4000), and then polished by using 3 and 1 um diamond
suspensions. Fine polishing was performed by using 50 nm SiO, suspension to

remove the deformation layer on the surface.

2.2. Microstructure characterization

The global crystal structure of two alloys was measured by X-ray diffraction
(XRD) using ISO-DEBYEFLEX 3003 with a Co-Ka (4 = 1.79 A) source operating at
40 kV and 40 mA. XRD data was recorded between 20 and 130 ° (20) at a step size of
0.03 ° and a counting time of 30 s. Electron backscatter diffraction (EBSD)
measurements were carried out using a JEOL 6490 scanning electron microscope
(SEM). Electron channeling contrast imaging (ECCI) analysis was performed in a
Zeiss-Merlin instrument. Transmission electron microscopy (TEM) samples were
prepared using mechanical polishing followed by electro-polishing in an electrolyte of
95% acetic acid and 5% perchloric acid. The electro-polishing was conducted at the
voltage of 34V at room temperature. Scanning TEM (STEM) was conducted in an
aberration-corrected FEI Titan Themis 80-300 at an acceleration voltage of 300 kV.
For low angle annular dark-field (LAADF) imaging, a probe semi-convergence angle
of 17 mrad and inner and outer semi-collection angles from 14 mrad to 63 mrad were

utilized [17].

2.3. First-principles calculation

First-principles calculations were employed to study the effect of Mn content on
the SFE of the non-equiatomic HEAs The electronic structure calculations were
performed with the exact-muffin-tin-orbital (EMTO) method [26-30] in combination
with the full-charge-density (FCD) method [31, 32] within the density functional

theory (DFT) framework. The charges and energies were calculated within the
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generalized gradient approximation (GGA) of the Perdew—Burke—Ernzerhof (PBE)
form [33]. Ideal mixing of the chemical elements was modeled based on the coherent
potential approximation (CPA) [34-36]. The Brillouin zones were sampled by the
meshes with more than 10000 k-points per atom. Note that total energies of
3d-transition-element HEAs often strongly depend on the magnetic state [37, 38].

The intrinsic SFEs of FCC alloys were computed based on the first-order axial

Ising model (AIM1) [39-41] as

2 EHCP_EFCC
VisF ® % (1)

where A denotes the area per atom, and E” denotes the energy per atom of the phase a.
We confirmed that for the present application the second-order axial Ising model
(AIM2) [39] as well as models with explicit ISFs show the same qualitative trend as
that of the AIM1. The total energies of the FCC and the HCP phases in Eq. (1) are
computed with their one- and two-atom primitive cells, respectively. The volumes per

atom were fixed to the ones interpolated or extrapolated from the values of the FCC

phases in the present experiments (see Table 2). The ideal c/a ratio of ,/8/3 ~ 1.633

was applied to the HCP phase. Internal atomic positions were fixed to keep the

rigid-sphere packing.

3. Results

3.1. Initial microstructure

Figs. 1(a) and (c) show the DSC results of the as-cast D-HEA and NT-HEA,
respectively. The average melting temperature of the D-HEA and NT-HEA is 1197 °C
and 1407 °C, respectively. The heating curves don’t reveal any extra peaks before
melting or after solidification for both alloys. This indicates that there is no obvious
phase transition occurring before melting or after solidification. From the XRD
analysis (Figs. 1(b) and (d)), only the face-centered cubic (FCC) phase is detected in
both HEAs with coarse and fine grains. A single FCC phase forms in both alloys after
hot rolling and homogenization. When subjected to further cold rolling and annealing,

both HEAs keep the FCC phase and no phase transformation is detected.
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Figure 1. DSC results of the as-cast (a) CrioMnsgFeCo1oNiyg (D-HEA: dislocation
dominated-high entropy alloy); (¢) CrioMnigFegeCo1oNizg (NT-HEA: nano-twinning
dominated-high entropy alloy); XRD result of the as-cast (b) CrioMnsgFe2Co10Nisg
D-HEA; (d) CrioMnygFegCo10Nizp NT-HEA. FG and CG describe the fine grain and

coarse grain.

Fig. 2 shows the inverse pole figure (IPF) maps of the two HEAs with different
grain sizes. For the D-HEA alloy, the average grain size is determined to be
347.5£216.1 um, as shown in Fig. 2 (a). After cold rolling and annealing, the
microstructure is fully recrystallized, resulting in a refined grain structure with an

average size of 18.3+9.3 um (Fig. 2 (b)). Similarly, the average grain sizes of coarse-
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and fine-grained NT-HEA are 438.2+300.7 um and 24.8+14.6 um, respectively (Fig.
2 (c) and (d)). Annealing twins are also observed in both coarse- and fine-grained
structures. Compared to the D-HEA (FG) alloy, the grain size distribution of the
NT-HEA (FG) alloy is less homogeneous.

Figure 2. EBSD IPF maps of (a) CrigMnsoFezCoioNiig D-HEA with coarse grain
(CG); (b) CryMnggFeCoyoNiyg  D-HEA  with  fine grain  (FG); (c¢)
CrloManeeocoloNilo NT-HEA (CG), (d) CrloMnloFEGOCOmNilo NT-HEA (FG)

3.2. Mechanical properties

Fig. 3(a) shows the engineering stress-strain curves of the two HEAs. The
average yield strength (YS) and average ultimate tensile strength (UTS) of the D-HEA
(CG) are 248+8 MPa and 543+4 MPa, respectively, and the fracture strain is 43£2%.
After grain refinement, it is interesting that both strength and ductility show an
increasing tendency. The average YS and UTS increase to 341+10 MPa and 621+8
MPa, with an increase of 37.5% and 14.3%. Meanwhile, the fracture strain of D-HEA

9
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(FG) is 55£1%, with an increase being 27.9%. For NT-HEA, the YS and UTS of the
NT-HEA (CG) are 170+25 MPa and 521+34 MPa, respectively. The NT-HEA (CG)
has a fracture strain of about 78+£7%. In the fine-grained NT-HEA, the YS and UTS
increase to 318+18 MPa and 698+8 MPa, with an increase of 87.0% and 34.0%. The
fracture strain decreases to 70+2%, with the loss of ductility being 11.4%. Fig. 3(b)
shows the mechanical properties of the investigated HEASs in comparison to other
HEAs and engineering alloys. Both, strength and ductility of D-HEA (FG) is higher
than the equiatomic FCC HEAS (CryoMnyoFeznCo2Nixg [42]), and is also comparable
to non-equiatomic FCC HEAs (CrigFeqMnsCoip [43], CroMnzoFes,CogNisg [43]).
Figs. 3(c) and (d) exhibit true stress-true strain curves superimposed with their
corresponding work hardening plots. At true strains above 7 %, the fine-grained
D-HEA displays a little higher work hardening rate than the coarse-grained D-HEA,
as shown in Fig. 3(c). In contrast, the NT-HEA with refined grains exhibits a more
pronounced strain hardening capability at small strains (5-15%) compared to that with
coarse grains, as shown in region 1 in Fig. 3(d). The difference between the work
hardening rates of the NT-HEA with different grain sizes converges at higher strains.

The underlying deformation mechanisms will be discussed in detail.

10
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Figure 3. (a) Tensile engineering stress-strain curves of two non-equiatomic HEAs; (b)
mechanical behavior of current HEAs compared to other engineering alloys[29, 30];
(c) and (d) strain hardening curves and true stress-strain curves of two HEAs.

3.3. Deformed microstructure and phase stability

Figs. 4(al)-(d1) show the IPF map of the deformed HEAs with a local strain of
80% as determined by DIC (appendix 1). No deformation twins could be observed in
the deformed CrigMnsgFe,0CoioNiyg D-HEA, as shown in Figs. 4(al)-(b1), while a
large amount of deformation twins forms in the deformed CrioMnioFegCo1oNisg
NT-HEA, with the volume fraction of twins of NT-HEA (CG) and NT-HEA (FG)
being 20.4% and 2.8%. Kernel average misorientation (KAM) maps with the first
nearest-neighbor of the deformed HEA are shown in Figs. 4(a2)-(d2). High local
misorientation values are observed in D-HEA, indicating a high dislocation density in
areas with a local strain of 80%. For NT-HEA, in contrast, the local misorientation
value remains lower in areas with a local strain of 80%, which can be seen in Fig.

4(c2) and Fig. 4(d2). Figs. 4(a3)-(d3) show the phase map as well as the twin
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boundary distribution of deformed HEAs, and twin boundary density is much lower in
D-HEA.

Figs. 5(a) and (b) show the XRD results of the D-HEA in regions with different
local strains. In the region of local strain of ~40% and ~80%, only FCC peaks are
detected in the D-HEA (CG) and D-HEA (FG), and no other phases are detected. The
condition is similar to the NT-HEA. In the region of local strain of ~40% and ~80%,
only FCC peaks are detected in NT-HEA (CG) and NT-HEA (FG), indicating that on

an XRD level, no phase transformation occurs during straining.

D-HEA (CG) ~80% D-HEA (FG) ~80% NT-HEA (CG) ~80%  NT-HEA (FG) ~80%

"ﬁ" % » a "\\‘H' dﬁl\'\rﬂ'
§ N I 1 \j\i

Tensile . 4‘ “‘gg "; ‘ (X ‘\\\ v s y

direction_.):'.‘f'.‘ - 18 A '» - \ ?Y 1

.l \ 2 \
N o ﬂﬁ'&”ﬂ

— Twin {111}

Figure 4. EBSD results of the deformed HEAs with ~80% local strain. (a):
CrioMnsoFexoCoioNiyg D-HEA with coarse grain (CG); (b): D-HEA with fine grain
(FG); (c): CrioMnyoFegCoroNizg NT-HEA with coarse grain (CG); (d): NT-HEA with
fine grain (FG): (1) IPF maps; (2) kernel average misorientation between 0 and 5°; (3)

phase maps (the white color shows the twinning boungdaries).
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Figure 5. XRD result of the deformed high entropy alloy with local strain of ~40%

and ~80%: (a) CryoMnsoFezCoioNiyg D-HEA with coarse grain (CG); and (b) with

fine grain (FG); (¢) CrioMnioFesoCo10Niig NT-HEA (CG); (d) NT-HEA (FG).

Table. 2 Parameters calculated according to XRD measurements. a is the crystal

lattice, ¢ is the microstrain, p is the dislocation density, and Ac is the estimated

increased strength.

Local a (nm) ¢ p(M? Ao (MPa)
Strain (%)
D-HEA(CG) ~40 0.3636 0.094 1.6x1013 46
D-HEA(CG) ~80 0.3633 0.099 1.7x1013 47
D-HEA (FG) ~40 0.3635 0.099 15x1014 141
D-HEA (FG) ~80 0.3634 0.100 1.6x1014 142
NT-HEA(CG) ~40 0.3586 0.074 8.1x1012 33
NT-HEA (CG) ~80 0.3585 0.095 1.0x1013 37
13
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NT-HEA (FG) ~40 0.3586  0.074 9.6x1013 113

NT-HEA (FG) ~80 0.3586  0.133 1.7x1014 150

During plastic deformation, mobile dislocations can interact with each other and
also impeding their own motion, contributing to strain hardening. The increase in
yield strength due to dislocation reactions (Ac) can be approximated as [44]:

Ao = MaGbp®® (2)
where M = 3.06 is the Taylor factor that converts shear stress to normal stress for FCC
polycrystalline matrix, o = 0.2 is a constant for FCC metals, G = 74 GPa is the shear
modulus for the CrMnFeCoNi system. The dislocation density (o) can be estimated by
the following equation [44]:

p = 2v/3¢/(Db) 3

where ¢ is the microstrain, D is the grain size, and b is the Burgers vector. In the

current work, the grain size ranges from ~20 um to ~450 um, and the grain size effect

on XRD peak broadening is not taken into account. For an FCC structure, b = (g) a,

where a is the lattice parameter of the FCC phase.

Table 2 shows the estimated data of dislocation density (p) and increased
strength (Ao) caused by dislocation based plasticity. For the D-HEA (CG), the
dislocation density is 1.6x10%* m™ with the local strain of ~40%, and the
corresponding Ao is 46 MPa. After grain refinement, the dislocation density of
D-HEA (FG) increases to 1.5x10" m™, and the Ac also increases 141 MPa.
Compared with D-HEA, NT-HEA has a lower dislocation density and lower Ag under
the same strain condition. For NT-HEA (CG), when the local strain is ~40%, the
dislocation density is 8.1x10"?m™, and As is calculated to be 33 MPa. After grain
refinement, dislocation density increases to 9.6x10"® m™ with the same local strain

and the estimated Ao increases to 113 MPa.

14
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3.4. Fractography

Figure 6. Fracture morphologies of HEAs after tensile testing: (a)
CrioMnsoFezoCoioNiyg D-HEA (Dislocation dominated-high entropy alloy) with
coarse grain (CG); (b) D-HEA with fine grain (FG); (c) CrioMnigFegCoioNisg
NT-HEA (Twinning dominated-high entropy alloy) (CG); (d) NT-HEA (FG).

Figs. 6(a) and (b) show the fracture morphologies of the D-HEA after tensile
testing. Large numbers of dimples are observed, indicating that the fracture mode of
D-HEA is a ductile fracture. The distribution of dimples keeps homogeneous after
grain refinement. Particles are observed inside the voids of the fracture surface, which
are identified to be inclusions acting as initiation sites for the formation of the voids
[9]. Similar to D-HEA, the fracture mode of NT-HEA is also ductile fracture,
confirmed by the dimples observed in Figs. 6(c) and (d). Compared with NT-HEA
(CG) alloy, the NT-HEA (FG) alloy has a heterogeneous distribution of dimples, and
networks of dimples in the size range of 600~1200 nm. The heterogeneous
distribution of dimples in NT-HEA (FG) alloy is related to the heterogeneous and

hierarchical microstructure, which is beneficial to high strength [22].
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3.5. Deformation mechanisms
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Figure 7. Representative LAADF-STEM imagaes with local strain values: (a) and (b)
~80% in the CrioMnyoFegoCo10Ni;o NT-HEA with fine grain (FG) structure; (c) and (d)
~40% in the CrioMnsoFezoCo19Niyp D-HEA (FG); (e) and (f) ~80% in the D-HEA
(FG).
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Fig. 7(a) shows an overview of the deformed NT-HEA (FG) with a local strain of
~80% via LAADF-STEM imaging. The straight vertical lines within the matrix are
coherent X3 twin boundaries parallel to {111} habit planes, also confirmed by selected
area electron diffraction (SAED) from the same region as shown in the figure inset. In
this SAED, only the twin reflections are visible without any signature of secondary
phases. The enlarged LAADF-STEM view corresponding to the highlighted position
in Fig. 7(a) is shown in Fig. 7(b). The average spacing of nanotwins in this region is
determined to 18 + 4 nm and in certain areas, bands with high dislocation density are
observed. Similarly, LAADF-STEM imaging was also applied to characterize the
deformed D-HEA (FG) with local strains of ~40% and 80%, are displayed in Figs.
7(c)-7(d) and 7(e)-7(f), respectively. In the state of ~40% local strain, deformation is
observed to occur via the formation of aligned microbands with high dislocation
density {111} habit plane and no indication for the formation of nanotwins is found
(See Figs. 7(c) and 7(d)). After severe deformation with a local strain of ~80%, these
deformation-induced microbands were completely changed to dislocation cells with a

diameter range from ~50 nm to ~300 nm, as shown in Figs. 7(e) and 7(f).

4. Discussion

4.1. Effect of Mn content on stacking fault energy

In order to study the effect of Mn content on the deformation behavior from the
atomistic and energetic point of view, we compute the SFEs of CrigMnyFezo xCo10Nizg
(10 < x <60) based on first-principles calculations. Since in experiments both the
D-HEA (CrioMnsgFeCo1oNigp) and the NT-HEA (CrioMnioFegoCo1oNiyg) are
paramagnetic (PM) at room temperature, we first consider the PM state where the
orientations of magnetic moments are randomly fluctuated due to thermal excitations.
This is modeled employing the disordered local moment (DLM) [45, 46] approach in
which the magnetic fluctuation in the PM state is mimicked by an equal mixing of

spin-up and the spin-down magnetic moments in the spirit of the CPA. The computed
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SFEs i the PM state are shown in Fig. 8 (square red symbols). In the PM state, the
SFE 1s found to slightly decrease with decreasing Mn content. Specifically, from
CrioMnsgFeyy CoyoNijg to CrioMn;oFegoCo;oNiy the SFE in the PM state decreases by
approximately 10 mJ/m’. Note that the absolute SFE values may be modified by e.g.
finite-temperature excitations such as lattice vibrations [10, 47, 48] and by chemical
fluctuations close to the stacking faults [49, 50]. Such excitations usually induce a
constant SFE shift, but do in practice normally not affect the overall chemical trends,
i which we are mainly interested in the present work. We investigated different
magnetic states as will be discussed below. The inclusion of further finite-temperature

excitations is beyond the scope of the present work.

Cr1oMnxFe70-xCo10Ni10
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~
£
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Figure 8. SFEs of the investigated compositions obtained by first-principles
calculations. Squared red and green triangle symbols denote the results in the PM and

the AFM states, respectively.

In a recent study for FCC CryMn,Fe,CoxpN1i. (x + y + z = 60) [51], the
antiferromagnetic (AFM) state with alternative magnetic orientations along the {100}
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direction is found to be energetically more stable than the previously-found
ferrimagnetic (FiM) state [38] in a wide composition range. The magnetic transition
temperatures T, in the AFM state were also found close to room temperature
particularly for high-Mn compositions, indicating that also magnetic short-range
ordering (SRO) may remain and impact the energies at room temperature. Based on
this finding, it was demonstrated that the magnetic state could, in principle, also
affects the chemical trends of SFEs. We therefore also consider the AFM state as well
as the FiM state for the present FCC CrioMnyFezo xCooNijp (10 < x < 60). We
find that the AFM state is lower in energy than the FiM state for almost all
investigated alloys. Only for CrioMnyoFegCo19Nizo, the FiM state shows a slightly
lower total energy as the AFM state (by about ~4 meV/atom). We also estimate T, for
the investigated alloys in the AFM state based on the mean-field approximation
[52-54]. The obtained T. are all within a range of 200~350 K i.e. close to room
temperature considering that mean-field approximation usually overestimates T.. The
results also imply that, although the alloys are likely paramagnetic at room
temperature, a substantial amount of magnetic SRO may be preserved which could, in
principle, also alter the chemical trends. The computed T, tends to decrease with Mn
content, indicating that any potential magnetic SRO would be also less significant for
Mn-deficient compositions.

The SFEs computed for the AFM state are shown in Fig. 8 (triangle green
symbols). In the AFM state, the SFEs are found to be substantially higher than those
in the PM state. This indicates that magnetic ordering increases the overall SFEs of
the investigated alloys. It is also found that the SFE in the AFM state decreases with
Mn content similar as also found for the PM state. From CrigMnsgFesCo1oNiyg to
CrioMnyoFesoCo10Niyg, the SFE in the AFM state decreases by approximately 160
mJ/m?. One could speculate that at finite temperatures the SFE values are in between
those in the AFM and in the PM states. Note that e.g. lattice vibrations may further
shift the total SFEs as discussed above.

This significant reduction in the SFE with decreasing Mn content supports the

experimental observations that twinning processes play an important role in the
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deformation of the NT-HEA (CrioMnyoFegoCo19Nisg). A similar reduction in SFE is
computationally also found for Ni-free CrigMnyFego—xCo1o alloys [55] as well as for
CryoMn,FeyCoxNi, (x +y + z = 60) [51]. These findings support the experimental
observations that by tuning the Mn content and hence the SFE, the deformation mode

can be tailored to obtain desired mechanical properties in these HEAS.

4.2. Mechanical properties and underlying deformation mechanisms

For most polycrystalline metals and alloys, the improvement in strength by grain
refinement is usually accompanied by the decrease in ductility. The increased strength
can be explained by grain refinement and the higher fraction of grain boundaries,
which impede dislocation motion. The relationship between yield strength and grain

size can be described by the classical Hall-Petch relationship [56]:

oy, =0y +ky-d? (4)
where g, is the yield stress, g, describes the lattice friction stress, k, is the
strengthening coefficient and d describes the average grain diameter. According to

Eqg. (4), the increase of yield strength caused by grain refinement (Ao;) can be
expressed as [56]:
Agg = ky(dpa’* = dzg") (5)

In this work, Aagg is obtained from the stress-strain data. According to Eq. (4),
the value of k, for D-HEA is 517 MPa-um"* and the strengthening coefficient k,
for NT-HEA is 810 MPa-umY2. The different strengthening coefficients for D-HEA
and NT-HEA result in different yield strengths of two alloys.

The critical stress for twin growth t;,, can be estimated by the following
equation [22];

Yisr , 3Gbs
Ty = 1S 4 360 6
o = 18 4 2 Q

Here, L, is the width of twin embryo (260 nm) [22], and G is the shear modulus
which was determined to be 76 GPa. The Burgers vector of the partial dislocation (bs)

is 0.147 nm. Different Mn contents of the two alloys result in quite different SFEs,
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which would lead to a difference in the twinning stress. For the D-HEA alloy, which
has a high SFE, and the shear stress required to grow twins is ~300 MPa. By
considering a Taylor factor of 3.06, a normal stress of ~920 MPa is required to grow
twins the twinning stress, which is even higher than the UTS of D-HEA (FG), thus no
twins could be observed in the deformed D-HEA (FG).

For NT-HEA with a lower SFE, the shear stress required to grow twins is ~130
MPa, and a normal stress of ~400 MPa is required to grow twins in NT-HEA. The
measured yield strengths of NT-HEA (CG) and NT-HEA (FG) are 181 MPa and 314
MPa, thus the predicted stresses for twinning is mainly reached after yielding. This
indicates that for the NT-HEA (FG), twins start to grow at ~5% of strain, as shown in
point 1 of Fig. 3(a), contributing to hardening at the early stages of plastic
deformation. LAADF-STEM images of the NT-HEA (FG) before and after
deformation (Fig. 9) further support that true strain of ~5% leads to the formation of
the twins (~645+428 nm). Twin boundaries act as effective barriers for dislocation
motion, where incoming dislocations may dissociate into two Shockley partials
propagating along the twinning boundaries in opposite directions [57, 58]. The
interaction between dislocations and twin boundaries results in a high work-hardening
ability, which explains the retained high work hardening rate in region 1 of Fig. 3(d).
Reaching the critical twinning stress in NT-HEA (FG) shortly after yielding results in
an extended strain range where twinning can provide high steady work hardening,

resulting in a high ultimate tensile strength [42, 59].
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Figure 9. Representative LAADF-STEM images of CrioMnigFegCo1oNizo NT-HEA
with fine grain (FG) structure with true strain values: (a) and (b) ~0% prior to

deformation; (c) and (d) ~5% after tensile deformation.

For the NT-HEA (CG), the critical twinning stress is reached at a strain of about
20%, as shown in point 2 Fig. 3(a), indicating a delayed formation of deformation
twins. The delayed interaction of dislocations and twins causes a slower decrease in
the strain hardening rate and delayed retention of the work hardening rate, shown in
region 2 of Fig. 3(d). ECC image of the NT-HEA (CG), as shown in Fig. 10 (a), also
supports that twins are formed with a true strain of ~20%. Thus, the onset of necking
is shifted to higher strains resulting in an excellent ductility (~85%) of NT-HEA (CG).

The excellent ductility could be explained by concurrent deformation mechanisms
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involving nano-twinning, related to the low SFE and dislocation-based plasticity.
Based on the experimental observations, a schematic sequence of the deformation

mechanisms of NT-HEA and D-HEA is plotted in Fig.11.

Figure 10. ECC images of CrioMn;oFegCo10Nizo NT-HEA with fine grain (CG)

structure with true strain values: (a) ~20%; (b) 40% after tensile deformation.

For the NT-HEA, the low SFE promotes mechanical twinning (nucleating at
initial dislocation pile-ups). Twinning can already be initiated at low strains (5%), as
shown in Fig.11(a), which is common in Fe-Mn austenitic steels [60]. At higher
strains, dislocation slip is activated and further straining leads to interactions of
mechanical twins and dislocations [61, 62] as shown in Fig.11(b). The twins act as
barriers for dislocation glide leading to a further strain hardening. At higher strains
dislocations cell structures evolve contributing to further strengthing and ductility. As
deformation continues, secondary nano-twins are activated in the NT-HEA, as seen in
Fig.10(b) and Fig.11(c), and the interaction of nano-twins and dislocations finally
results in an excellent ductility of the NT-HEA at room temperature.

For the D-HEA, we find an approach to simultaneously improve both the
strength and the ductility of a single FCC phase high entropy alloy after grain
refinement. The increased ductility comes from micro banding mechanism.
Microbands have been observed in lightweight austenitic steels [24, 63] and duplex
steels [64]. In the field of HEA, microband-induced plasticity is also an attractive
strain hardening mechanism [65]. According to experimental results, a schematic is

plotted to reveal the evolution process of microbands. During deformation, the grain
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first subdivides into several misoriented domains, resulting in the formation of

microbands, as Fig.11(d) shows. As deformation continues, the misorientation is
increasing, leading to the formation of dense dislocation cell blocks, which is
responsible for the improvement in the work hardening rate at higher strains (>7%).
Meanwhile, the space between dislocation walls evolves into some dislocation free
regions, as is shown in Fig.11(f), thus dislocations cells are mobile [66, 67], and these
mobile dislocations could make contributions to the plastic strain. As the deformation
continues, the formation of microbands also relax plastic localization [68] and enables
extra of plasticity. As grain size decreases, more mobile dislocations are involved

during deformation, thus the strength and ductility of D-HEA could be improved

simultaneously.
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Figure 11. Schematic showing the evolution of microstructures: (a) twin boundaries;
(b) dislocation pile up; (c) interaction of twins and dislocations; (d) microbands

composed of dislocation walls; (e) microbands interacted with other dislocations; (f)

dense dislocation cells.
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5. Conclusions

The mechanical properties of the two single-phase non-equiatomic HEAS,
CrioMnsoFez0CoioNiyp (D-HEA: dislocation dominated-high entropy alloy) and
CrioMnyoFegoCo1oNiy (at. %) (NT-HEA: twinning dominated-high entropy alloy),
have been investigated. The effect of stacking fault energy on the mechanical
properties and deformation mechanism is investigated. The main conclusions are:

1. D-HEA and NT-HEA, both in homogenized and in recrystallized states, consist of
a single FCC structure. Both two alloys have high phase stability and keep a
single FCC structure after tensile deformation.

2. In D-HEA, the grain refinement leads to increases in both strength and ductility.
When grain size decreases from 347.5+216.1 um to 18.3£9.3 um, the ultimate
tensile strength increases from 543+4 MPa to 621+8 MPa, and the elongation to
failure enhances from 43+£2% to 55+1%.

3. Mn content has an obvious effect on the SFE of the investigated non-equiatomic
HEAs. When the Mn content decreases from 50% to 10%, first-principles
simulations predict the decrease of the SFE. The varying SFE has a great
influence on the deformation mechanism found in experiments as described
above.

4. The deformation of D-HEA is dominated by dislocation cells and microbands. The
high dislocation accumulation induced plasticity helps D-HEA to break the
ductility-strength trade-off. While the deformation of homogenized NT-HEA is
dominated by nano-twinning, which is beneficial if ductility becomes important
for applications. These insights are used to project some future directions for
designing advanced HEAs through the adjustment of stacking fault energy by

tuning the Mn content.
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