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Interaction between precipitating phases
in quenched Al-Cu-Si alloys
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The Netherlands

The precipitation in two solution-treated Al-Cu-Si alloys, one with and one without free silicon
particles, was studied by differential scanning calorimetry, X-ray diffraction and hardness
measurements. In both alloys, 6'-phase and Si-phase precipitation processes proceed
simultaneously. As in binary Al-Si and Al-Cu alloys aged at the same temperature, precipitation
occurs at clearly separate time intervals; this finding suggests an interaction between the two
precipitation processes. It is shown that the interaction of stress fields around newly formed
precipitates can result in a significant decrease of the nucleation barrier and thus can explain the
synchronous precipitation. The activation energy of the combined precipitation reaction is

0.95 + 0.06 eV.

1. Introduction

The Al-1.3 at % Cu-19.1 at % Si alloy produced via
melt spinning and subsequent extrusion combines the
attractive properties of aluminium alloys with a large
volume percentage of finely distributed silicon par-
ticles (low thermal expansion and reduced wear),
giving the possibility of age-hardening of the matrix.
Recently, precipitation in the solution-treated and
subsequently quenched Al-1.3 at % Cu-19.1 at % Si
alloy was studied by differential scanning calorimetry
(DSC) [1]. It was observed that for heating rates
smaller than 20 Kmin~?! the precipitation of the Si
and 0’ phases from the supersaturated Al-rich phase
occurs simultaneously. As.in quenched binary Al-Si
and Al-Cu alloys aged at the same temperature, pre-
cipitation occurs at clearly separate time intervals, this
finding is somewhat surprising.

The aitered precipitation kinetics in the Al-Cu-Si
alloy, as compared to those in the respective binary
alloys, might be due to the presence of misfitting
silicon particles which influence the kinetics of precipi-
tation from the matrix [2-6]. This influence is usually
explained as follows. The difference in shrinkage on
cooling, due to the difference in the respective values
of coefficients of thermal expansion (CTE) of the
dispersed particles and the surrounding matrix, intro-
duces a thermal misfit between particles and matrix.
This thermal misfit is accommodated by elastic and
plastic deformation of the matrix [ 7], the latter by the
creation of misfit dislocations. These dislocations can
act as extra nucleation sites (enhancing precipitation)
or they can annihilate excess vacancies (retarding
precipitation). The elastic stresses resulting from misfit
accommodation can also influence precipitation
phenomena [8, 97.

To obtain a better understanding of precipitation in
Al-Cu-Si alloys with and without Si particles, precipi-
tation experiments were performed on the Al-1.3 at %
Cu-19.1 at % Si alloy and on an Al-1 at % Cu-1 at %
Si alloy. In the latter alloy all silicon can be dissolved
in the Al-rich phase at the homogenizing temperature.
The isothermal precipitation in the solid-quenched
Al-13 at % Cu-19.1 at % Si alloy was studied by
hardness measurements and by measurement of lattice
parameter variations of the Al-rich phase. The precipi-
tation in the Al-1at% Cu-1at%Si alloy was
studied by DSC.

2. Experimental procedure

2.1. Alloy preparation

A high-purity Al-1.3 at % Cu—19.1 at % Si alloy was
produced by melt spinning and subsequent extrusion.
The production route of the alloy was described
carlier [1]. Specimens were solution-treated for 5 min
at 793 K in a vertical tube furnace and subsequently
quenched in water at room temperature. After this
solution treatment, the Si-particle size in the alloy
studied is ~ 1-2 pm [1]. A part of the specimens was
stored at room temperature awaiting further experi-
ments; another part was stored in liquid nitrogen. It
has been shown previously [10] that this difference in
storing temperature does not influence the kinetics of
precipitation during artificial ageing. The quenched
and aged specimens will be indicated by SQ + A,
followed by the ageing temperature. The ageing treat-
ment was performed in an oil bath with temperature
stability + 1.5K and was concluded by a direct
quench into water at room temperature.

* Present address: Department of Engineering Materials, University of Southampton, Highfield, Southampton SO9 5NH, UK.

0022-2461 © 1994 Chapman & Hall

2835



To study the precipitation of Cu and Si atoms from
the Al-rich phase in the absence of Si particles, an
Al-1 at % Cu-1 at % Si alloy (nominal content) was
produced from 99.999% pure Al, 99.99% pure Si and
a 99.95% pure Al-50% Cu master alloy (all percent-
ages by weight) by conventional casting. Chemical
analysis showed a content of 1.07at% Cu and
1.01 at % Si. The ingot was homogenized at 798 K for
5 days and subsequently quenched in water at room
temperature. Due to the conventional casting and the
long homogenizing treatment, the Al grain size of this
alloy is quite large (> 0.1 mm).

2.2. X-ray diffraction

In Al-Cu-Si alloys, the lattice parameter of the Al-rich
phase depends linearly on the amount of copper and
silicon dissolved in it [10]. Both types of dissolved
elements decrease the lattice parameter of the Al-rich
phase. Hence lattice parameter measurements are
a useful method for the study of precipitation.

For measurement of the lattice parameter of the
Al-rich phase of the Al-1.3 at % Cu-19.1 at % Si alloy,
XRD experiments were performed using a Debye—
Scherrer (DbS) camera. The experimental procedures
are described elsewhere [10].

2.3. Hardness measurements

Hardness measurements were performed after ageing
at 423 K of two water-quenched specimens. One spe-
cimen had been naturally aged for 14 months between
quenching and artificial ageing; the other was nat-
urally aged for 24 h. Microhardness was measured on
potished longitudinal sections through the axis of the
extruded bar using a Leitz—Durimet Vickers hardness
tester. For each hardness value at least ten indenta-
tions, evenly distributed over a line from the axis to
the edge of the bar, were made (hardness did not
depend on the radial distance to the centre of the bar).
The indentation force was 0.981 N.

2.4. Differential scanning calorimetry

Samples of the Al-1at% Cu-1at% Si alloy were
homogenized for 30 min at 793 K and subsequently
quenched in water at room temperature. The samples
were stored in a freezer at 263 K. For differential
scanning calorimetry, a DuPont 910 DSC was used.
Inside the DSC cell a protective gas atmosphere was
maintained by flushing with 99.999% pure argon.
Both specimen and reference were enclosed in an
aluminium pan with an aluminium cover. Heating
rates between 1 and 60 K min~! were used. Per speci-
men, two scans were performed; the second after cool-
ing at about 0.5 K min~'. As a consequence of this low
cooling rate, it can be expected that in this second run
no precipitation occurs. The calibration procedures
and baseline corrections have been described pre-
viously [11].

3. Results
3.1. The Al-1.3 at % Cu-19.1 at % Si alloy

Directly after quenching and after short periods of
ageing, no intermetallic phases were detected by DbS
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TABLE I Minimum ageing times, t,, (h) required for the appear-
ance of lines diffracted by the Al,Cu phases in SQ + A specimens.

Phase SQ+A423K SQ+A453K SQ+A483K
o 8 3.5 2
(] 512 128 16

experiments on the Al-1.3 at % Cu-19.1 at % Si alloy.
In Table I the minimum ageing times for the appear-
ance of the 8 and 0 phases (composition Al,Cu) in
SQ + A specimens are given. After an Al,Cu phase
had been detected, it was found to be present at all
subsequent ageing times studied. The lattice para-
meters of the Al-rich phase as a function of ageing time
are presented in Fig. 1. During ageing the Al-rich
phase lattice parameter increases from values around
0.4042 nm to about 0.4051 nm. This increase is caused
by the precipitation of Cu and Si atoms from the
Al-rich phase (see [10]). At the final stages of ageing,
the measured lattice parameter of the Al-rich phase
(0.4051 nm) is higher than the value for pure Al
(0.40496 nm). This is largely due to thermal stresses in
the matrix caused by misfitting silicon particles [10].

The hardness as a function of time of artificial
ageing at 423 K for two SQ Al-1.3 at % Cu-19.1
at % Si specimens is shown in Fig. 2. One specimen
was naturally aged for 24 h between quenching and
the start of artificial ageing, the other was naturally
aged for 14 months between quenching and the start
of artificial ageing. For comparison also, the lattice
parameter at this temperature (from Fig. 1) and the
identified phase (from Table 1) are indicated in Fig. 2.
The data in this figure show that (i) 6" phase is detected
from the early stages of the rise of the Al-rich phase
lattice parameter, and (ii) © phase is detected only in
the final stages of the rise of the Al-rich phase lattice
parameter. This observation is valid for all three age-
ing temperatures studied (compare Fig. 1 and Table I).
This indicates that the Cu atoms precipitating from
the Al-rich phase are incorporated almost exclusively
in the &' phase.

3.2. The Al-1 at % Cu-1 at % Si alloy

The DSC run of the quenched Al-1 at % Cu-1 at % Si
alloy at a heating rate of 5 Kmin~! is presented in
Fig. 3. In this run only one exothermic effect is ob-
served between 520 and 640 K. The endothermic effect
situated beyond 640 K reveals three sub-effects. The
end temperatures of these three effects are about 680,
730 and 790 K. These temperatures correspond with
the semi-equilibrium solvus of €' and the equilibrium
solvi of 6 and Si phase, respectively [12, 13]. These
three phases are the only ones reported to exist above
600 K [1, 14]. Correspondingly, the three sub-effects
are interpreted to be due to the dissolution of these
three phases [1]. From this identification of the dis-
solution effects it is derived that the precipitation
effect contains the formation of Si and &' phases. This
formation might at least partly occur during the pre-
cipitation effect. However, the formation of 6 phase
might also occur during dissolution of the € phase.
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Figure I The Al-rich phase lattice parameters of the Al-1.3 at %
Cu-19.1 at % Si alloy as a function of time of ageing at the indicated
temperatures; storage between quenching and ageing was at room
temperature (RT) or in liquid nitrogen (LN). The lattice para-
meter for pure aluminium, a%,, is indicated. [J, 423K, RT;
W, 453K, LN; O, 483K, RT; x, 483K, LN,
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Figure 2 Hardness of two solid-quenched Al-1.3at% Cu-19.1
at % Si specimens during ageing at 423 K. The two specimens were
naturally aged for 24 h or for 14 months between quenching and
artificial ageing. For comparison the Al-rich phase lattice parameter
of the SQ + A423 specimen is also given (see Fig. 1). The time
intervals at which the 6 phase and the 6 phase are detected are
indicated. 00, SQ + 24 h NA; M, SQ + 14 months NA.
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Figure 3 DSC run at 5 Kmin ! of the SQ Al-1 at % Cu —1 at % Si
alloy.

At a heating rate of 1 Kmin™!

observed.

At heating rates larger than 10 K min ™!, the en-
dothermic dissolution effect reveals only two sub-
effects. The temperatures of these two effects indicate

, similar effects were

that they correspond to Si and 6-phase dissolution.
Hence it is thought that at these heating rates only
negligible amounts of 8" phase are formed during the
precipitation effect. In accordance with this, it was
found that at these heating rates the precipitation
effect reveals two sub-effects.

4 Discussion

4.1. Age hardening

Misfit after quenching (due to the difference in CTE of
matrix and Si particles) will result in the creation of
dislocations [7, 10]. These dislocations will increase
the hardness of the matrix [7]. Artificial ageing gener-
ally decreases the dislocation density. Hence the ob-
served drop in hardness of SQ Al-1.3 at % Cu-19.1
at % Si specimens after a short time of artificial ageing
(see Fig. 2) is ascribed to this annealing-out of disloca-
tions. Fig. 2 further shows that during the precipita-
tion of copper and silicon atoms from the Al-rich
phase, the hardness of the alloy increases. The increase
in hardness coincides with the detection of the semi-
coherent 6" phase. As the precipitation of silicon is
generally thought not to cause a hardness increase
[14], it is concluded that the formation of 6" precipi-
tates is the main hardening mechanism in the
Al-1.3 at % Cu~-19.1 at % Si alloy. The hardness of
the Al-1.3 at% Cu—-19.1 at % Si specimen naturally
aged for 14 months after solid quenching is about
10 Hy higher than that of the solid-quenched speci-
men. This is thought to be due to GP zones which, in
this alloy, form on natural ageing for several months
[1], and which increase the hardness. On artificial
ageing, the difference in hardness between the two
specimens gradually decreases. This might indicate
that GP zones gradually dissolve. (In DSC experi-
ments on Al-1.3 at % Cu-19.1 at % Si alloys aged at
room temperature, the GP zones start to dissolve from
360 K onwards (see [1]).) Both specimens reach
essentially the same maximum hardness (135 Hy) after
about 60 h of ageing.

4.2, Kinetics of Si and 8 phase precipitation

As noted above, the increase of the Al-rich-phase
lattice parameter on ageing of the SQ Al-1.3at%
Cu-19.1 at % Si alloy (see Fig. 1) is due to the precipi-
tation of Cu and Si atoms from the Al-rich phase. The
curves representing the variation of the lattice para-
meter as functions of the ageing time (Fig. 1) are very
smooth and do not show any plateau or multiple
inflection points. This indicates that the precipitation
of Si phase and 6" phase strongly overlaps. This find-
ing corresponds to DSC experiments performed on
the same alloy, which show that the precipitation of Si
phase and &' phase gives rise to a single heat-evolution
effect [1]. In the present study, the DSC experiments
on the Al-1 at % Cu-1 at % Si alloy, have shown that
also for this alloy Si phase and ¢ phase precipitation
overlap strongly (see Section 3.2 and Fig. 3). In con-
trast to these findings, the precipitation of alloying
elements from the Al-rich phase in solid-quenched
binary Al-Si and Al-Cu alloys occurs at clearly separ-
ated time intervals. In SQ Al-Si alloys the precipita-
tion of Si occurs between about 0.01 and 0.2h at
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492 K [15]. On ageing an SQ alloy with about the
same percentage of Cu atoms dissolved in the Al-rich
phase (Al-1.7at% Cu) as in the Al-13at%
Cu-19.1 at % Si alloy and at the same ageing temper-
ature, the precipitation of the 8 phase starts after
about 0.5h, and is completed in about 10h [16].
From Fig. 1 it is obtained that in the
Al-1.3 at % Cu-19.1 at % Si alloy at a similar temper-
ature, precipitation occurs between about 0.1 and 2 h.
This is intermediate between the ageing times required
for precipitation in the respective binary systems. The
above points at some interaction between the precipi-
tation of Si phase and the 8 phase.

Due to the strong overlap between the Si- and
0’-phase precipitation processes it is not possible to
obtain the extent of the two precipitation processes
separately. However, as the interaction between the
two processes is thought to be very strong (see pre-
vious section), it is considered that the two processes
are governed by one effective activation energy. To
obtain this activation energy the complement of the
extent of the combined reaction is defined by

1—x(t) = [am(t) — aalt = 0)]/
[aat = 0) —apn(t =00)] (1)

in which a,;(t) is the Al-rich phase lattice parameter
during ageing, a,(t = o) is the Al-rich phase lattice
parameter after completion of precipitation, and
aa(t = 0) is the Al-rich phase lattice parameter before
the start of precipitation. Arrhenius plots were con-
structed for x = 0.1, 0.2, 0.3, 0.4, 0.5, 0.6, 0.7 and 0.8.
The correlation coefficients of the straight lines
through these plots are all satisfactorily close to unity
(all correlation coefficients are between 0.97 and 0.99).
The average value of the apparent activation energy
for the combined process is 0.95 + 0.06 eV. In accord-
ance with the assumption that one single activation
energy governs the combined precipitation process
(sce above), no significant variations with the extent of
the reaction (i.e. with x) were observed. The activation
energy agrees well with the apparent activation energy
of the combined Si and 0’ precipitation as obtained
from DSC experiments on the same alloy (1.00 eV, see
[1]). The apparent effective activation energy for pre-
cipitation in the Al-1.3 at % Cu—19.1 at % Si alloy is
intermediate between the apparent activation energy
of Si precipitation in solid-quenched Al-Si alloys
{0.89 ¢V, see [17]) and the apparent activation energy
of @ formation in solid-quenched Al-Cu (about 1.1 eV
for T < 550K, see [16]). This finding is consistent
with the notion that the Si-phase and the ©'-phase
precipitation processes interact.

4.3. Interaction between Si and 6’ phase
precipitation

By TEM experiments on Al-based metal matrix com-
posites (MMCs), it was recently shown that 6 precipi-
tation is very sensitive to stress fields around misfitting
particles [9]. In this research it was shown that both
density and preferred orientation of the plate-shaped
©'-phase precipitates are influenced by the strain fields
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in the matrix around a misfitting SiC particle. (In
unstrained Al-Cu the orientations of the 6'-phase pre-
cipitates are equally distributed over the three possible
orientations on the {100} planes of the Al-rich
phase [18].) In the Al-1.3 at % Cu—19.1 at % Si alloy
21 vol % of free silicon particles are present, while in
the Al-1at % Cu-1at % Si alloy all silicon is dis-
solved during homogenizing. As in both alloys the
precipitation of the Si phase and the 6’ phase occurs
simultaneously, it is not possible that the strain fields
around free silicon particles in the Al-1.3at%
Cu-19.1 at % Si alloy are the cause for the interaction.
Instead it is thought that the interaction of stress fields
around newly formed precipitates is the cause of the
interaction.

As the volume occupied by a silicon atom in the
Si-rich phase is larger than the volume occupied by
the same atom dissolved in the Al-rich phase (see
[19]), the precipitation of silicon atoms from the Al-
rich phase will result in misfit stresses. The formation
of @'-phase precipitates causes misfit stresses in the
direction normal to the ' plate [20]. It has been
shown by Perovic et al. [21, 22] that, through minim-
izing the interaction term of the strain fields, the
formation of new §'-phase precipitates is facilitated by
the elastic strain fields of existing 6’-phase precipitates.
In binary Al-Cu alloys this gives rise to the precipita-
tion of linear arrays of 6’-phase precipitates [21, 22].
The strain fields around Si particles and those around
& precipitates can also interact to facilitate the forma-
tion of cither of these phases. This is illustrated in
Fig. 4, in which two orientations of a plate-shaped ¢
precipitate relative to a spherical Si precipitate are
depicted. Since ©' is semicoherent, the misfit of the
9'-phase plate normal to the plate is much larger than
the misfit parallel to the plate. As in the nucleation
stage the precipitates are too small to induce plastic

(b)

Figure 4 Two possible orientations of a plate shaped particle
relative to a spherical particle: (a) the surface-normal orientation,
(b) the surface-parallel orientation.



accommodation of misfit, see [23], and as thermally
activated relaxation is assumed to occur only in the
latter stages of precipitation, only elastic accommoda-
tion of misfit is considered. Then the ‘surface-normal’
orientation (Fig. 4a) is energetically favourable in the
case that the sign of the misfit is equal for both
precipitates. The ‘surface-parallel’ orientation (Fig. 4b)
is energetically favourable in the case where the misfits
are of opposite sign (see also [9]).

An estimation of the magnitude of this strain inter-
action can be obtained from the density of the strain
energy in the matrix around a spherical misfitting
inclusion, per unit of volume, E., (see [24])

6
Eq = 6p, CZSZ[%O] 2

where p, is the shear modulus of the matrix (i.e. of
aluminium), C is a constant depending on the elastic
constants of matrix and inclusion (C = 0.73 for Si in
Al see [23]), € is the misfit parameter (0.0643 for Si in
Al, see [18]), ry is the radius of the inclusion and 7 is
the distance to the centre of the inclusion. If the
formation of Cu precipitates would completely annihi-
late the strain energy in the matrix, then the energy
available per Cu atom, E¢,, amounts to

Eey = ®

XcuPn

where xc, is the atomic fraction of copper in the
matrix (0.016 in the Al-1.3 at% Cu-19.1 at % Si
alloy) and py is the atomic density of the matrix. Using
values from the literature [25] the following equation
is obtained (the temperature dependence of elastic
constants for the small temperature range considered

is neglected):
6
23eV [H )

In a similar manner, an estimate of the average energy
available to one copper atom (which depends linearly
on the volume fraction of newly formed Si precipi-
tates) is obtained (see [24]):

Eco = 0023¢V (5)

From Equation 4 it can be concluded that for a signifi-
cant part of the matrix (i.e. ¥ < 2ry), the energy avail-
able to one copper atom is sufficiently large to explain
the observed decrease of the activation energy for
precipitation in the Al-Cu-Si alloy (E4 = 0.95¢V)
as compared to that in binary Al-Cu alloys
(Ex = 1.1 eV). The average energy available to one
copper atom (0.023 eV, Equation 5) seems a little too
low to explain this difference. However, it should be
noted that 6'-phase precipitates will preferentially nu-
cleate on sites where the barrier for nucleation is
lowest, i.e. where the elastic energy density is highest.
Hence this value should be considered to be an estim-
ated lower limit for the energy available.
Experimental indications for the importance of mis-
fit strains on the precipitation of 0 phase can be
obtained from the work of Hosford & Agrawal [18],
who showed that a uniaxial stress of 48 MPa has
a profound influence on ®-phase precipitation in

Ecw =

quenched Al-1.7 at % Cu alloys: under compression
along a {100} direction the precipitation on {100}
planes parallel to the stress axis is favoured, while in
tension precipitation on {100} planes perpendicular
to the stress axis is favoured. For stresses of 34.5 MPa
and lower, no difference in density of &'-phase precipi-
tates on the three {100} planes-was observed. These
externally applied uniaxial stresses can be compared
with the stresses around misfitting inclusions. The
stress distribution in the matrix around a spherical
misfitting inclusion is given by (in spherical coordin-
ates) [24]:
ro\?

o, = — 209 = - 4|.LAC8<7) (6)
For Si precipitates in Al, the following equation is
found:

o, = — 209 =

_ 51 GPa<59>3 )

¥

This shows that for r < 5r,6'-phase precipitation will
be influenced by misfit stresses. Hence after completed
precipitation of silicon (corresponding to about
1 vol % of newly formed Si particles), the whole of the
matrix will be affected.

The above shows that strain fields around Si pre-
cipitates influence ©'-phase formation by lowering
nucleation barriers. This may explain why the precipi-
tation of the 8 and Si phases from the Al-rich phase in
the Al-Cu-Si alloy proceeds synchronously.

5. Conclusions

During ageing of quenched Al-Cu-Si alloys, the 6'-
phase and Si-phase precipitation processes occur sim-
ultaneously. This can be explained by interaction of
stress fields around newly formed precipitates. The
activation energy of the combined precipitation reac-
tion is 0.95 + 0.06 eV.
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