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ARTICLE INFO ABSTRACT

Keywords: Producing robust recrystallization models which can assist metallic microstructural design requires effectively

Subgrain ]?Oufldaries understanding recrystallization nucleation. When the nucleation of static recrystallization (SRX) occurs at

Eecrly“f‘lhza“o“ deformed grain boundaries, strain-induced boundary migration (bulging) is generally accepted as the nucleation
ucleation

mechanism. However, the present study challenges that view, showing, for a Ni-30%Fe alloy, that nucleation at
deformed grain boundaries is not solely determined by bulging: results indicate that the number of bulges
developed in the deformed microstructure is over four times larger than the number of SRX grains. On the other
hand, SRX nucleation is shown to occur only when the low-angle boundary (LAB) between a pre-existing bulge
and its parent grain transforms into a high-angle boundary (HAB). Based on this, a novel nucleation criterion is
proposed, which may apply to SRX irrespective of the nucleation site (and to dynamic/metadynamic recrys-
tallization): nucleation occurs whenever the misorientation of the LAB surrounding a bulge reaches the minimum
HAB misorientation (e.g., 15°). Besides, correlation exists between the dislocation density accumulated around
the various triple junction and grain boundary types in the microstructure, and their nucleation efficiency. This
has been attributed to the higher fraction of relatively large initial subgrain misorientations measured for higher
boundary dislocation density.

Electron backscatter diffraction
Strain-induced boundary migration

1. Introduction performance of the material. Accordingly, past research has made

considerable effort to predict the density and rate of nucleation during

Like phase transformations, recrystallization is usually divided into
two stages: nucleation of the new grains, and their subsequent growth
into the original microstructure. However, in recrystallization, the new
grains originate from pre-existing entities in the deformed material
(namely, subgrains) [1]. Therefore, nucleation in recrystallization is
understood as the initiation of growth of such entities into the deformed
microstructure [2,3], and is fundamentally different from nucleation in
phase transformations. The nucleation of recrystallization is of crucial
importance for the design and control of metallic microstructures [4,5]:
since it determines e.g. grain size and texture after recrystallization
[2,6], the nucleation of recrystallization can strongly affect the

recrystallization using physics-based models [7-13].

In the entire microstructure, nucleation events are rare: only a small
fraction of subgrains succeed in reaching the nucleation stage. Yet,
despite the importance of the process, the factors that render some
subgrains more favorable to nucleation than others are not yet under-
stood [3]. This question is highly relevant nowadays, with the wide-
spread use of metallurgical models including microstructural topology
(e.g. cellular automata) for materials design. These derive the evolution
of microstructural variables (e.g. grain size or texture) from that of the
individual features in the microstructure (e.g. the different subgrains).
Topology-based models of recrystallization have been developed,

Abbreviations: CSL, Coincidence site lattice; DRX, Dynamic recrystallization; EBSD, Electron backscatter diffraction; FCC, Face-centered cubic; FTB, Former twin
boundary; FTE, Free twin edge; FTB-FTB, Junction of two former twin boundaries and a general high-angle boundary; GND, Geometrically necessary dislocation;
GOS, Grain orientation spread; HAB, (General) high-angle boundary; HABx3, Junction of three general high-angle boundaries; HAB-FTB, Junction of two general
high-angle boundaries and a former twin boundary; IPF, Inverse pole figure; KAM, Kernel average misorientation; LAB, Low-angle boundary; MDRX, Metadynamic
recrystallization; SFE, Stacking fault energy; SIBM, Strain-induced boundary migration; SRX, Static recrystallization; TEM, Transmission electron microscopy.
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incorporating always nucleation. However, the nucleation rate in such
models is either a fitting parameter, or needs direct input from experi-
mental data [14-23]. Therefore, physics-based prediction of the nucle-
ation of recrystallization using topology-based models is yet to be
accomplished. This is partly due to the limited knowledge of the factors
that determine the activation of subgrains for nucleation [3]. Hence, it is
needed that the critical factors for the nucleation of recrystallization are
systematically studied. For instance, this has been done for the nucle-
ation in solid-state phase transformations [24].

In terms of nucleation mechanism, static recrystallization (SRX)
processes are normally divided into two types, depending on the site of
nucleation [2,3]. On the one hand, nucleation at transition or shear
bands is understood to occur by the transformation of the low-angle
boundaries (LABs) of pre-existing subgrains into high-angle bound-
aries (HABs) [2,7]. Nucleation happens at transition/shear bands when
the energy stored in the microstructure due to dislocations is relatively
high [2]. This is the case when deformation is imparted at low tem-
perature, to medium or high strain [2]. On the other hand, when
deformation is applied at high temperature, or at low temperature to low
or medium strain, new SRX grains form only at the boundaries of
deformed grains (and their junctions) [2]. Under these conditions,
stored energy is relatively low [2]. SRX nucleation at deformed
boundaries is understood to occur via a different mechanism: strain-
induced boundary migration (SIBM) [3,8,12-14,25-32]. In SIBM, the
boundaries of deformed grains develop “bulges” or serrations, each of
which is assumed to develop into an SRX grain [2,8,10]. Both in the
classical [25-27,33-35] and more recent studies [9,29,31,32,36], this
assumption has only been based on the observation of SIBM in the
microstructure in the early SRX stages. Nevertheless, whether serrations
actually develop into SRX grains has not been proved. Moreover, the
occurrence of SIBM itself has only been shown locally, for individual
deformed boundaries [9,25-27,29,31-36]. Hence, its overall incidence
in the microstructure remains to be quantified. This scarce knowledge of
SIBM persists despite its high relevance for practical applications: SRX
nucleation predominantly occurs at deformed boundaries after hot
rolling, and when annealing cold-rolled sheet up to moderate re-
ductions. Accordingly, physics-based models of SRX under such condi-
tions have been recurrently reported [8-10,12], including topology-
based models [14,15,23].

In our previous study, we showed, for SRX in a Ni-30%Fe alloy after
hot deformation, that only a small fraction of the potential nucleation
sites around deformed boundaries effectively develops into SRX grains
[37]. This was explained by the different nucleation tendencies of sub-
grains around the same deformed boundary, and of different deformed
boundaries. Firstly, while dozens of subgrains exist around each
deformed boundary, the boundary nucleation potency (defined as the
number of SRX grains formed per boundary) ranged between two and
four [37]. For instance, it was found that, for the same deformed
boundary, nucleation generally occurs earlier at triple junctions than at
grain-boundary sites [37]. The same has been reported for a different
hot-deformed nickel alloy in a more recent paper [4]. Secondly,
considerably higher nucleation efficiency (defined as the number of SRX
grains formed per unit of boundary length) was measured for general
HABs compared to former twin boundaries [37] (FTBs, as twin bound-
aries lose their character upon plastic deformation [36,38]). Moreover,
our study showed contrasting behavior across triple grain junctions:
junctions of three general HABs (HABx3) exhibit higher nucleation ef-
ficiency (number of SRX grains per junction) than junctions of two
general HABs and an FTB (HAB-FTB); by contrast, junctions of two FTBs
and a general HAB (FTB-FTB) display the lowest efficiency, together
with free twin edges (FTEs) [37]. FTEs are twin edges which are not
connected with the boundaries of their parent grain. During deforma-
tion, FTEs become intersected by LABs created by that deformation [37].
As mentioned above, the development of physics-based models of SRX
nucleation which encompass microstructural topology requires under-
standing the origin of all these differences in SRX nucleation activity
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across subgrains and deformed boundaries/junctions.

Within this context, the present study examines whether SRX
nucleation at deformed boundaries is effectively determined by SIBM.
For this purpose, the number of serrations (i.e. the outcome of a single
SIBM event) in the deformed microstructure is compared to the number
of SRX grains formed. Moreover, the factors determining the nucleation
of SRX at deformed boundaries are examined at the levels of both the
subgrain and the deformed boundary/junction. Particularly, in the SIBM
theory, nucleation is related to the dislocation density around the
deformed boundary, and the energy of the nucleus boundary [8,9].
Besides, models on boundary migration during SRX usually assume that
its rate depends on the dislocation density ahead of the migrating
boundary, and the mobility of the boundary [5,8,9]. In turn, both
boundary mobility and energy are known to depend on boundary
misorientation. Hence, attention is paid to the role of the boundary
misorientations of SRX nuclei, and that of the dislocation density around
deformed boundaries/junctions. This analysis is expected to shed light
onto the mechanism of SRX nucleation at deformed boundaries.

For this purpose, the case of SRX in a Ni-30%Fe austenite alloy after
hot deformation is analyzed. In SRX in hot-deformed austenite, nucle-
ation essentially occurs at the deformed boundaries only
[2,10,15,27,28,39,40]. Accordingly, SIBM is generally treated as the
dominant nucleation mechanism [10,15,27,28]. Moreover, SRX in hot-
deformed austenite is one of the most studied cases in the literature in
which nucleation occurs at deformed boundaries (and in which SIBM is
thus considered the nucleation mechanism). The reason is its practical
importance for the hot rolling of steel. As a characterization technique,
electron backscatter diffraction (EBSD) is employed. This procedure was
previously used by Landheer et al. to unravel the factors determining
nucleation in solid-state phase transformations [24]. EBSD allows
measuring grain misorientations inside the bulk of a material, and can
provide statistical representativity. At the same time, those mis-
orientations can be related to the deformed microstructure including its
dislocation density and the misorientations of the subgrains. High-
energy X-ray diffraction techniques can also provide grain mis-
orientations in a quantitatively representative manner, in the bulk, and
in situ. Yet, the deformed microstructure cannot be resolved unless small
material volumes are considered, which do not allow for statistical
representativity [1,3,41].

2. Experimental methods
2.1. Model alloy and thermo-mechanical processing

The experiments were performed on a binary alloy containing 70 wt
% nickel and 30 wt% iron (Ni-30%Fe). This alloy consists of single-phase
austenite both at elevated temperature and after cooling to room tem-
perature. Hence, it has been widely used as a model alloy to study SRX
[28,37,42-44] and substructure development [44-48] in austenite. The
stacking fault energy (SFE) of the alloy, which controls deformation and
recrystallization behavior in single-phase alloys, is similar to that of
carbon steels in the austenite phase [49]. Accordingly, recent in situ
studies have shown that the evolution of dislocation density for Ni-30%
Fe essentially mimics that of Fe-C-Mn steels upon both SRX and dynamic
recrystallization (DRX) [44]. More details of the chemical composition
and prior processing of the alloy are available in [37].

Samples from the Ni-30%Fe alloy were prepared and subjected to
deformation and annealing experiments in a dilatometer. The average
equivalent grain diameter of the alloy before deformation was 88 pym
[37]. This grain size is in line with those employed in practice in hot
rolling operations [15,40,42,50]. Moreover, this grain size is similar to
those considered by representative studies modelling SRX with nucle-
ation at deformed boundaries, based on SIBM (~80-100 pym [9,10]).
Deformation was carried out under uniaxial compression to a strain of
0.2, at a temperature of 900 °C, and with strain rate of 1 s~L. These
deformation conditions were chosen in line with those typically
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preceding SRX during hot rolling, e.g. [15,37,40,50-53]. Our previous
work demonstrated that the nucleation of SRX in this alloy and with
these deformation conditions essentially occurs at the deformed
boundaries: intragranular nucleation events accounted for less than 2.5
% of all observations [37]. In addition, profuse SIBM (bulging) takes
place in the microstructure [37]. After deformation, the temperature of
900 °C was held for different times in different samples, before
quenching to room temperature. One sample was quenched immediately
after deformation. The time between end of deformation and start of
cooling for this sample was ~ 0.5 s. Further details of these experiments
are provided in [37].

2.2. Microstructural characterization via EBSD

Microstructural characterization of the dilatometer samples was
conducted in a cross-section normal to the cylindrical axis, as close as
possible to mid-sample length and at the center of the cross-section. Two
different sets of EBSD scans were performed, with different step sizes.
Firstly, scans with a step size of 0.5 pm were obtained for the charac-
terization of the SRX process (Section 3.1), nucleation (Sections
3.3-3.4), and the dislocation densities near boundaries/junctions
(Section 3.5). For each annealing time, an area of 1.5 mm? was scanned
for statistical significance. That area contained at least 700 deformed
grains, 4500 boundaries between deformed grains, and 300 SRX nuclei.
Details about sample preparation and EBSD acquisition are given in
[37]. Secondly, scans with a step size of 50 nm were carried out for the
analysis of serrations (Section 3.2), and that of the substructure (Section
3.6). In particular, four scans with an area of 170 x 140 pmz each were
made. That area encompassed 150 deformed grains, 200 boundaries
between deformed grains, and 2000 boundary subgrains. Sample prep-
aration and EBSD acquisition for these maps are described in the Sup-
plementary Material.

The post-processing of the EBSD maps was conducted with OIM
Analysis v8. Cleaning was carried out using a neighbor orientation
correlation algorithm to eliminate wild spikes. A Kuwahara filter [54]
was applied to the EBSD data before the calculations, which reduces
noise while preserving the subgrain boundaries. Annealing twin
boundaries were detected as coincidence site lattice (CSL) boundaries
with Y3 or )9 character [36,38]. A tolerance of 3° was allowed in the
identification of annealing twin boundaries, compared to the theoretical
misorientations (60°(111) for > 3 and 38.9°(110) for }_9). Addition-
ally, the condition was set that the boundary traces in the scan were
parallel to those that would result for the boundary plane of the theo-
retical CSL misorientation, with a maximum deviation of 8°. In the
presented maps, white lines indicate boundaries identified as £3 or £9
CSL (annealing twin boundaries). Black lines account for boundaries
with misorientations higher than 15°, and not identified as CSL
boundaries (general HABs). Gray lines indicate LABs (and represent
misorientations between 5 and 15°, unless otherwise stated). The di-
rection of compression is always the vertical direction of paper. The
inverse pole figure (IPF) maps are those parallel to the compression
direction.

For all the analyses, deformed grains were detected as entities fully
surrounded by boundaries with a misorientation larger than 15°, and
having an internal grain orientation spread (GOS) higher than 1.2°. For
the substructure analysis, subgrains were detected within deformed
grains as entities bounded by a minimum misorientation of 1°. More
details about the subgrain reconstruction are provided in the Supple-
mentary Material. For the nucleation analysis, entities with lower GOS
than 1.2° and fully surrounded by misorientations larger than 5 and 15°,
respectively, were considered as possible and successful SRX nuclei.
Annealing twin boundaries were excluded from the possible/successful
SRX nuclei boundaries, as they were present inside the SRX grains only.
Moreover, minimum sizes of 0.25 and 1.25 um, respectively, were also
considered for subgrains and SRX nuclei. SRX nuclei/subgrains were
classified by nucleation site depending on the number of neighboring
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deformed grains, including their parent grain (e.g. three for triple-
junction nuclei/subgrains, or two for grain-boundary nuclei/sub-
grains). For simplicity in the interpretation, subgrains at multiple
deformed grain junctions were discarded for the presented results. In
other words, the results are based only on subgrains at grain-boundary
nucleation sites. To ensure the representativity of the results,
deformed boundaries with captured lengths shorter than 3.75 ym (and
their subgrains) were also excluded from the substructure analysis.

SRX fractions were calculated as the fraction of scanned area
encompassed by (possible) SRX nuclei. Sizes of grains, SRX nuclei and
subgrains are given as equivalent diameters, excluding annealing twin
boundaries. Misorientations between SRX nuclei and deformed grains
are those between their average crystallographic orientations. They
were classified as LAB if smaller than 15°, and as HAB otherwise. For
each subgrain, its misorientation was calculated as the average of all the
pixel-to-pixel misorientations across its boundary with all the entities
belonging to the same deformed grain. The uncertainties given for the
SRX fractions are the standard errors resulting from dividing the total
area scanned into three smaller areas of equal size. Uncertainties pro-
vided for sizes, misorientations and subgrain-free boundary lengths are
the standard errors considering all the entities of the same type and
annealing time. Uncertainties in the numbers of serrations/grains/sub-
grains (and their densities) were determined through Poisson counting
statistics [55].

For the analysis in Section 3.5, deformed grain boundaries were
classified into general HABs or former twin boundaries (FTBs). FTBs are
annealing twin boundaries which have lost their CSL character during
deformation [37]. In this study, all the annealing twin boundaries in the
deformed grains had lost that character, totally or partially. FTBs were
thus detected as boundaries with at least a portion identified as > 3 or
>-9 following the criterion above, or relatively straight boundaries
forming a band inside a deformed grain.

For the analysis of the number of serrations, only deformed boundary
segments identified as general HABs were considered. This is due to the
minor contribution of FTBs to nucleation, i.e. less than 5 % of all SRX
grains [37]. Additionally, a minimum boundary length was established.
This was 5 ym for density and boundary efficiency, and 30 um for
boundary potency. The threshold length was raised for the latter to make
results comparable with those in [37]. In total, 85 and 30 deformed
boundaries were examined for density/efficiency and potency, respec-
tively. The uncertainties given for the boundary efficiencies were
calculated via Poisson counting statistics [55]. Those provided for the
boundary potencies are standard errors considering the number of ser-
rations and SRX grains found at each of the individual deformed
boundaries analyzed. Only serrations with amplitudes larger than 0.5
um, and bulging from one side of the boundary, were included in the
analysis. Boundary segment lengths are provided as Euclidean lengths (i.
e. measured through straight line from start to end of the segment).

Finally, from the EBSD maps, the density of geometrically necessary
dislocations (GNDs) per pixel was derived with the method described in
[56]. {111} <110> slip systems were considered, together with a Bur-
gers vector length of 0.2518 nm [57]. Kernel average misorientation
(KAM) maps were also obtained. For the GND and KAM calculations, 1st-
order neighbors were used in the maps with 0.5 pm step size (Section
3.5), and 5th-order neighbors in those with 50 nm step size (Section
3.6). The uncertainty indicated for the average GND density in the
microstructure is the standard error resulting from dividing the total
scanned area into three smaller areas of equal size. The uncertainties
provided for the dislocation-density intensity factors are the standard
errors considering all the analyzed boundaries/junctions of each type.
The distances between pixels and deformed boundaries/junctions were
calculated using a purposely written program in python.
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3. Results
3.1. General description of the SRX process

The evolution of the main microstructural variables describing the
SRX process examined in this study is represented in Fig. 1. As shown by
Fig. 1(a), the recrystallized fraction (SRX fraction) followed the usual
sigmoidal curve with annealing time (on a logarithmic scale). The time
needed to reach an SRX fraction of 98 % was ~ 100 s. Fig. 1(a) also
demonstrates that the size of the SRX grains increased continuously
throughout SRX. This is the customary behavior in SRX, and can be
ascribed to the growth of the SRX grains into the deformed micro-
structure after nucleation. The SRX grain size at the end of the process
(SRX fraction of ~ 98 %) was 36 um. In addition, Fig. 1(b) displays that
the (number) density of SRX grains increased only in the first stages of
SRX. In particular, the density started to steadily decrease after an SRX
fraction of ~ 40 % (annealing time of 20 s). The initial increase agrees
with the nucleation of new SRX grains. The subsequent decrease can be
ascribed to a process of grain growth, in which larger SRX grains grow at
the expense of smaller ones. Occurrence of grain growth simultaneous to
SRX has been reported in previous papers on SRX in austenite [6,39].

3.2. Number of serrations and SRX grains

The number of serrations in the deformed microstructure at the
beginning of SRX (annealing time of ~ 0.5 s) is compared to the number
of SRX grains formed during the process in Table 1. An example of the
quantification of the number of serrations for a single deformed
boundary can be seen in Fig. 2(a). For the number of SRX grains, the
value after annealing for 20 s was chosen for the comparison. This is the
maximum reached throughout the process, before the density of SRX
grains started to decrease via grain growth (Fig. 1(b)). Results in Table 1
are indicated in terms of both number density (number of serrations/
SRX grains per unit of area scanned by EBSD) and boundary efficiency
(number of serrations/SRX grains per unit of deformed boundary length
in the microstructure). These indicate a considerably larger number of
serrations compared to SRX grains; specifically, some four times higher.
In addition, Table 1 gives the average number of SRX grains formed per
deformed boundary (SRX grain boundary potency), as measured in [37]
for this same SRX process, and an annealing time of 10 s. One example of
a deformed boundary with SRX grain potency of 3 is displayed in Fig. 2
(b). In the analysis of [37], only deformed boundaries fully consumed by
SRX grains after 10 s were included (~18 % of all deformed boundaries).
Yet, the average boundary potency in the microstructure was observed
not to change significantly beyond an annealing time of 2 s [37]. This
value is contrasted in Table 1 against the average number of serrations
per deformed boundary (serration boundary potency) measured in this

100 60
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5 607 8
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Table 1

Number densities, boundary efficiencies and boundary potencies for both SRX
grains and boundary serrations. Only deformed boundaries fully consumed by
SRX grains were considered in the analysis of SRX grain potency, while all of
them were considered for the serration potency. The SRX grain data correspond
to at least 700 deformed grains and 4500 deformed boundaries. The serration
data correspond to at least 150 deformed grains and 200 deformed boundaries.
The uncertainties in the densities and boundary efficiencies were determined via
Poisson counting statistics [55]. The uncertainties in the boundary potencies are
standard errors considering the number of SRX grains and serrations measured
at each of the individual deformed boundaries analyzed.

SRX grains Serrations

760 £ 40 (20 s)
29+2(209)

2950 + 150 (0.5 s)
120 £5(0.55)

Density (no./mm?)

Boundary efficiency (no./mm
HAB)

Boundary potency (no./HAB)

3.0+ 0.2(105s) [37] 7.0 £0.5(0.55)

study, at the beginning of SRX. Particularly, this serration boundary
potency was over twice as high. Furthermore, if only the ~ 18 % of
boundaries with the largest number of serrations are considered, that
potency would grow to 16 + 3. This is over five times higher than the
average SRX grain boundary potency. If, as in the current SIBM theories,
the formation of serrations is undistinguishably associated with SRX
nucleation, boundaries with more serrations would be more likely to be
fully consumed by SRX grains at an earlier stage.

3.3. General description of the SRX nuclei

In the present subsection, the occurrence of SRX nuclei in the
deformed microstructure is generally described. Specifically, SRX nuclei
are understood as entities with low stored energy, i.e. the potential to
grow. Thus, they are identified as entities with low internal misorien-
tation (average GOS < 1.2°) and minimum boundary misorientation of
5°. No size criterion is applied, which means that both “potential” SRX
nuclei (which have not undergone significant growth into deformed
grains, understood as growth beyond the subgrain size level) and “suc-
cessful” SRX nuclei (which have undergone significant growth) are
included. Both entity types are simply referred to below as SRX nuclei. In
addition, four annealing times have been studied: 1, 2, 5 and 10 s. These
have been selected to account for different degrees of SRX, within its
early stages. Representative micrographs for each of these annealing
times can be seen in Fig. 3. Besides, a quantitative description of the SRX
nuclei found after these annealing times is given in Table 2, together
with the corresponding SRX fraction. The data in Table 2 are based on at
least 700 deformed grains, 4500 deformed boundaries, and 300 SRX
nuclei per annealing time.

In particular, Table 2 indicates that a significant fraction of the SRX
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Fig. 1. (a) Evolution of SRX fraction and grain size of the SRX grains with annealing time. (b) Evolution of grain size and number density of the SRX grains with

SRX fraction.
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111
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LAB (5-15°)
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IPF (Compression
direction)

N
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/

Fig. 2. Representative examples of the quantification of (a) serrations and (b) SRX grains for a single deformed grain boundary. The black arrows in (a) and (b)
indicate the serrations and SRX grains, respectively. (c) Example of deformed boundary where considerable bulging has occurred from both sides of the boundary.
The black arrows in (c) represent the direction of this bulging. Annealing times are (a, ¢) 0.5 s and (b) 10 s. All the maps display IPF coloring.

nuclei contained annealing twins, especially for the longer annealing
times (~45 % and ~ 55 % after 5 and 10 s). In this sense, studies on
recrystallization of face-centered cubic (FCC) alloys have identified
annealing twinning to assist nucleation [31,58-60]. This happens when
the nucleus is separated from its parent, deformed grain by the twin
boundary [59]. Yet, this effect was not observed in the present study. On
the contrary, annealing twin boundaries were here exclusively found
inside the SRX nuclei. An example of this can be seen in the SRX nucleus
of Fig. 4, where white lines account for twin boundaries. Such a behavior
implies that the twins formed during the migration of the nuclei
boundaries, i.e. after nucleation. This difference with past studies can be
attributed to the relatively low SFE of the alloys employed in those
studies [31,58-60], which promotes annealing twinning [45,49].
Hence, for those alloys, annealing twins were found both inside SRX
nuclei and around their boundaries [31,58-60]. On the other hand, the
SFE of Ni-30%Fe is medium-to-high [36,45]. The lower tendency for
twinning expected for this higher SFE seems to have restricted the

occurrence of twinning to situations where significant boundary
migration had already occurred.

In addition, annealing twins inside SRX nuclei altered the misorien-
tation of a part of the boundary of those SRX nuclei. As displayed in Fig. 4
(c), this sometimes meant that a part of the nucleus boundary was of LAB
character, while the rest had HAB character. Hence, annealing twinning
can bias the relationship between SRX nuclei misorientations and
nucleation. As a result, SRX nuclei with annealing twins are excluded
from the subsequent analysis in Section 3.4. In turn, this means that only
relatively small SRX nuclei are considered (as annealing twins precisely
appear during growth of the nuclei). In this sense, Table 2 shows that the
average diameter of SRX nuclei including twins was considerably larger
than that of SRX nuclei without twins for all the annealing times. The
occurrence of twinning upon growth also explains why the number of SRX
nuclei with twins significantly increased with annealing time. This
happened even after the total number of SRX nuclei had stagnated (~ 300
SRX nuclei with twins after 2 s and ~ 400 after 10 s).
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Il Recrystallized
I Deformed

Fig. 3. Representative fragments of the EBSD maps analyzed for annealing times of (a) 1 s, (b) 2's, (c) 5 s and (d) 10 s, each representing one of the deformed grains
examined. The colors represent the internal GOS of the grains shown. In total, an area of 1.5 mm? was analyzed for each annealing time, which encompassed at least

700 deformed grains.
3.4. SRX nuclei misorientations and nucleation

In this subsection, the factors determining the success of SRX nuclei
in growing into the deformed microstructure are examined. For this
analysis, the SRX nuclei without annealing twins of Table 2 are
considered, and divided into two groups: those with a boundary
misorientation smaller than 15° (i.e. forming an LAB with their parent
grain), and those fully surrounded by misorientations larger than 15° (i.
e. of HAB character). These categories are hereafter referred to as LAB
and HAB nuclei.

In this regard, Fig. 5(a)-(c) compares the evolution of the size dis-
tribution of the LAB and HAB nuclei lying at grain-boundary sites. Fig. 5
(d)-(f) gives analogous results, but for LAB and HAB nuclei formed at
triple grain junctions. The figures demonstrate that, while the smallest
SRX nuclei could be either HAB or LAB, HAB nuclei reached significantly
larger sizes than LAB nuclei. This occurred for both types of nucleation
sites, and all the considered annealing times. For the grain-boundary
nuclei, the difference was enhanced with longer annealing time: the
maximum size attained by LAB nuclei merely increased from 3 to 5 ym
between 1 and 10 s, whereas that reached by HAB nuclei grew from 5 to
13 um (Fig. 5(a)-(c)). Furthermore, the maximum size of HAB nuclei
increased monotonically between 1 and 10 s, but that of LAB nuclei
ceased to increase after 2 s. For the triple-junction nuclei, similar ob-
servations apply: the largest size reached by HAB entities increased
monotonically with annealing time, while the size of most LAB nuclei
stayed smaller than 5 pm for all the annealing times (Fig. 5(d)-(f)).
Nevertheless, LAB nuclei larger than this size were occasionally
observed after 2 and 10 s (Fig. 5(e)-()).

Apart from this, triple-junction nuclei tended to show larger sizes
than grain-boundary nuclei (Fig. 5). In this sense, the fraction of triple-
junction nuclei smaller than 2 pm was lower than that of grain-boundary
nuclei for all the annealing times and both the HAB and LAB nuclei.

Conversely, the fraction of nuclei larger than 2 ym was higher for triple-
junction nuclei than for grain-boundary nuclei after all the annealing
times. This occurred even when, for each annealing time, the maximum
sizes reached by triple-junction and grain-boundary nuclei were not
significantly different.

As an example, representative SRX nuclei in a stage of early growth
are given in Fig. 6 (see also the SRX nucleus in Fig. 4). These have un-
dergone significant growth into the surrounding deformed microstruc-
ture, understood as reaching a diameter larger than the maximum
shown by LAB grain-boundary nuclei (3-5 pm, see Fig. 5(b)-(c)). Firstly,
Fig. 6(a) displays an SRX nucleus formed at a grain-boundary site
(general HAB), with an equivalent diameter of ~ 12.1 pm. In line with
the results in Fig. 5(b)-(c) for grain-boundary nuclei of that size, the SRX
grain was fully surrounded by an HAB. Interestingly, its aspect ratio was
relatively high: growth was occurring considerably more quickly along
the deformed boundary (black arrows) than normal to it. Secondly,
Fig. 4 and Fig. 6(b) show SRX nuclei formed at multiple grain junctions.
Their equivalent diameters were ~ 27.9 (Fig. 4) and ~ 7.2 pm (Fig. 6
(b)). Both junctions were of the HABx3 type (or, more specifically,
HABx4 for Fig. 4). The nucleus in Fig. 4 formed an HAB with each of its
deformed neighbors. By contrast, the nucleus in Fig. 6(b) formed an LAB
with one of its neighbors (i.e. its parent grain), and HABs with the other
two. As in Fig. 6(a), growth appears to have preferentially occurred
along deformed boundaries, compared to normal to them (e.g. the black
arrow in Fig. 6(b)). Nevertheless, this happened along all the deformed
boundaries of the junction only for the nucleus in Fig. 4. On the other
hand, the nucleus in Fig. 6(b) underwent growth only along the
deformed boundary around which its boundary misorientation was of
HAB character on both sides. No significant growth occurred thus along
the other two deformed boundaries. Around these, the boundary of the
SRX nucleus was of LAB character on one side of the deformed boundary
(gray arrows in Fig. 6(b)). Despite being in an early stage of growth, both
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SRX fraction, number, and average equivalent diameter of SRX nuclei found in a scanned area of 1.5 mm? after annealing times of 1, 2, 5 and 10 s. The “number of
deformed grain neighbors of SRX nuclei without annealing twins” represents the number of observations in the gray histograms of Fig. 7. The area examined
encompassed at least 700 deformed grains, and 4500 boundaries between deformed grains. The uncertainties shown for the SRX fractions are the standard errors
resulting from dividing the total area scanned into three smaller areas of equal size. The uncertainties given for the average SRX nuclei sizes are the standard errors
considering the sizes of all nuclei of the same type and annealing time. The uncertainties given for the numbers of SRX nuclei were obtained through Poisson counting

statistics [55].

Annealing time (s)

SRX fraction

Total no. of SRX nuclei (> 5°)

No. of SRX nuclei with annealing twins

Average size of SRX nuclei with annealing twins (um)

No. of SRX nuclei without annealing twins

Average size of SRX nuclei without annealing twins (um)

No. of deformed grain neighbors of SRX nuclei without annealing twins

No. of SRX nuclei without annealing twins of which the smallest misorientation
with any of their deformed neighbors is < 15°

No. of SRX nuclei without annealing twins of which the smallest misorientation
with any of their deformed neighbors is > 15°

Total no. of successful SRX nuclei (>15°)

1 2 5 10

0.4% + 0.1 % 3.1% + 0.6 % 5.0% + 1.6 % 10.8 % + 0.4 %
371+ 19 750 + 30 700 + 30 775 + 30
81+9 292 + 17 318 + 18 410 + 20
7.3+0.4 11.2+ 0.4 139+ 0.5 18.0 £ 0.5
290 + 17 460 + 20 385 + 20 365 + 19
1.80 + 0.04 2.1+0.1 2.6 £0.1 3.3+0.2
761 799 594 483

135 + 12 194 + 14 132 + 11 100 + 10
155 + 12 269 + 16 253 + 16 265 + 16
154 + 12 510 + 20 530 + 20 740 + 30

SRX nuclei in Fig. 6 contained a twin boundary. This agrees with the
tendency for twinning during boundary migration, explained in Section
3.3.

Additionally, the distribution of the misorientations between SRX
nuclei and their deformed grain neighbors is displayed in Fig. 7 for
different annealing times. Two distributions are provided, both incor-
porating nuclei regardless of their nucleation site: one includes both
HAB and LAB nuclei (gray), and the other one HAB nuclei only (orange).
The number of misorientations represented in the gray plots is given in
Table 2. The well-known Mackenzie distribution [61], which accounts
for the general grain misorientations in the case of random texture, is
superimposed as reference. The analogous grain misorientation distri-
bution for a characteristic FCC rolled texture is also displayed, as
calculated by Mason and Schuh [61].

Particularly, the misorientation distribution between SRX nuclei and
deformed grains (gray in Fig. 7) exhibited two peaks after all the studied
annealing times. One was centered around 50-60° (i.e. inside the HAB
misorientation range). This peak is shifted to larger angles compared to
that in the Mackenzie distribution, which appears in the 45-50° range.
Yet, its position roughly agrees with the peak in the Mason-Schuh dis-
tribution. The other peak was centered around 10-15° (i.e. in the LAB
misorientation range). Such a peak is absent for both Mackenzie and
Mason-Schuh distributions. This is because SRX nuclei originate from
subgrains, which form LAB misorientations with their parent grains
(and, for each SRX nucleus, one of the deformed neighbors must
necessarily be its parent). Hence, a distribution of misorientations be-
tween SRX nuclei and their deformed neighbors can be expected to
effectively overestimate the fraction of LABs, compared to a general
grain misorientation distribution like those by Mackenzie and Mason-
Schuh. Consequently, the LAB-misorientation peak likely corre-
sponded to misorientations between the nuclei and their parent grains.
On the other hand, the similarity with the Mason-Schuh distribution for
larger misorientations suggests that the HAB-misorientation peak
resulted from misorientations between the SRX nuclei and the deformed
neighbors not being their parents. This would also mean that the
misorientation distribution between the SRX nuclei and those neighbors
is similar to the general grain misorientation distribution for the ex-
pected texture. In the present case, that is the texture considered by
Mason and Schuh, rather than the random one considered by Mackenzie
[61].

Fig. 7 also demonstrates that the magnitude of the HAB-
misorientation peak monotonically increased with annealing time,
while that of the LAB-misorientation peak decreased. Accordingly, the
fraction of LAB misorientations was reduced with annealing time (from

22 % after 1 s to 14 % after 10 s), while that of HAB misorientations
increased. As HAB nuclei are fully surrounded by HAB misorientations,
including only these in the distribution (orange in Fig. 7) eliminates the
LAB-misorientation peak. However, a new peak then emerges for mis-
orientations between 15° and 20°, i.e. the lowest misorientations within
the HAB range.

Finally, Fig. 8 represents the distribution of the smallest misorien-
tation between each SRX nucleus and any of its deformed grain neigh-
bors. Hence, it differs from Fig. 7, in that only one misorientation is
included per SRX nucleus. Following the explanation above, this
misorientation can be associated with that between the SRX nucleus and
its parent grain. As expected, the fraction of LAB misorientations was
significantly higher than in Fig. 7. Nevertheless, like in that figure, this

j}//\ :
QD
\
S
A (b)

IPF (Compression
direction)

001 101

— HAB (2 15°)
LAB (5-15°)
CSL boundaries (23, 29)

Fig. 4. Example of an SRX nucleus formed at a quadruple grain junction, inside
which several annealing twin boundaries exist: (a) IPF map, (b) GOS map, and
(c) enlarged view of the region inside the black box in (a). Annealing time is 10
s. The gray arrows point at low-angle boundaries (LABs) formed owing to
annealing twinning.
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Fig. 5. Equivalent grain diameter distributions of SRX nuclei located at (a-c) grain-boundary sites and (d-f) triple-junction sites after annealing times of: (a, d) 1 s, (b,
e) 2sand (c, f) 10 s. Nuclei are separated into those fully surrounded by a high-angle boundary (HAB), and those having at least one low-angle boundary (LAB) with
any deformed neighbor. The data correspond to at least 700 deformed grains, 4500 boundaries between deformed grains, and 300 SRX nuclei per annealing time.

fraction considerably decreased with annealing time (from 47 % after 1 s
to 27 % after 10 s). Unlike in Fig. 7, no distinct peak was observed in the
HAB misorientation range. This would agree with the HAB-
misorientation peak in Fig. 7 mainly resulting from the mis-
orientations between the SRX nuclei and the deformed neighbors which
are not their parents.

3.5. Dislocation density distribution around deformed boundaries and
Jjunctions

The GND distribution around the different types of triple junctions in
the deformed microstructure is plotted in Fig. 9(a). Similarly, Fig. 9(b)
provides the GND distribution around the different types of deformed
grain boundaries. Data correspond to the deformed grains in the
microstructure quenched immediately after deformation, and are based

on over 1700 triple junctions and 4800 boundaries. For each type of
junction/boundary, the plots represent the average GND density of all
the pixels located at a given distance to the closest junction/boundary of
that type. The average GND density in the deformed microstructure was
5.2 +0.1-10" m™2

Fig. 9(a) shows that the GND density monotonically increased to-
wards the triple junctions, for all the junction types. Triple junctions led
to distinct GND accumulation within a radius of ~ 10 pm, with GND
densities at larger distances not significantly higher than those in the
grain interiors. HABx3 junctions produced the highest GND accumula-
tion, followed closely by HAB-FTB junctions. On the other hand, FTB-
FTB and FTE junctions exhibited considerably lower GND densities.
The size of the area with higher GND density did not differ significantly
across junction types. For each junction, a factor kr; was then calculated
as the ratio between the mean GND density within a certain radius
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(b)

Fig. 6. Examples of representative SRX nuclei formed at (a) a grain-boundary nucleation site (general HAB), and (b) a triple junction (HABx3 junction). Annealing
times are (a) 2 s and (b) 5 s. The black arrows indicate the preferential growth directions of the SRX nuclei. The gray arrows point at the intersections between the
deformed boundaries of the junction and the SRX nucleus-parent low-angle boundary (LAB). The color scale represents KAM values.
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Fig. 7. Distribution of the misorientations between the SRX nuclei and their deformed grain neighbors after annealing times of (a) 1 s, (b) 2 s and (c) 10 s. The red
dashed line indicates the threshold misorientation (15°) between low-angle and high-angle boundaries. The orange histogram includes only SRX nuclei fully sur-
rounded by a high-angle boundary (HAB). The purple and green solid lines give the general grain misorientation distributions for a random and FCC rolled texture,
respectively (both replotted after [61]). The data correspond to at least 700 deformed grains, 4500 boundaries between deformed grains, and 300 SRX nuclei per

annealing time. (For interpretation of the references to colour in this figure legend, the reader is referred to the web version of this article.)

around the junction, and the mean GND density in the deformed
microstructure (Table 3). The value in the table is the average for all the
studied junctions of the corresponding type. For a radius of 1 um, the
table indicates that the GND accumulation around HABx3 and HAB-FTB
junctions was ~ 2.9 and ~ 2.7 times the average GND density in the
microstructure. For the same radius, FTE and FTB-FTB junctions led to
higher GND densities by factors of ~ 2.3 and ~ 2.4.

Likewise, the GND density also increased monotonically towards the
grain boundaries. This happened for both HABs and FTBs (Fig. 9(b)),
with the thickness of the layer with higher GND density not differing for
both types. Yet, the GND density was considerably lower around FTBs.
The quantitative data on the GND accumulation around grain bound-
aries are given in Table 4. For each boundary, kg was calculated as the
ratio between the mean GND density in a layer of certain thickness
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Fig. 8. Distribution of the smallest misorientation between each SRX nucleus and any of its deformed grain neighbors (i.e. its parent grain) after annealing times of
(a) 1s, (b) 2sand (c) 10 s. The red dashed line indicates the threshold misorientation (15°) between low-angle and high-angle boundaries. The data correspond to at
least 700 deformed grains, 4500 boundaries between deformed grains, and 300 SRX nuclei per annealing time. (For interpretation of the references to colour in this
figure legend, the reader is referred to the web version of this article.)
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Fig. 9. GND density in the microstructure quenched immediately after deformation as a function of the distance to the closest (a) triple junction and (b) grain
boundary of each type. The black lines represent the average GND density as a function of the distance to the closest (a) triple junction or (b) grain boundary of any
type. The data correspond to over 1700 triple junctions and 4800 grain boundaries.

around the boundary, and the mean GND density in the deformed stronger tendency for dislocation transmission across the boundary,
microstructure. The values displayed in the table are the corresponding compared to general HABs [62-64]. In turn, that is due to the good
averages for all the analyzed boundaries of each type. Within a thickness atomic match of the crystals on either side of the twin boundary.

of 1 um, the GND accumulation around HABs was ~ 2.5, against ~ 2.0 These results also demonstrate that the difference in GND accumu-
for FTBs. Lower dislocation density around FTBs agrees with their lation between HABs and FTBs is considerably larger around the grain

10
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Average dislocation-density intensity factors kr; for the different types of triple junctions and three different radii (1, 2 and 5 ym), as measured in the microstructure
quenched after deformation. The average kyy considering all the junction types is also included. The uncertainties provided for the kr; factors are the standard errors
considering all the analyzed junctions of each type. The number of junctions considered is also indicated, together with their nucleation efficiencies [37]. The un-
certainties shown for the nucleation efficiencies were derived with Poisson counting statistics [55].

kry(1 pm) kry(2 pm) kry(5 pm) No. of triple junctions analyzed Nucleation efficiency (no./junction) [37]
HABx3 2.89 + 0.04 2.68 + 0.02 2.13 +0.02 874 0.30 + 0.05
HAB-FTB 2.70 &+ 0.04 2.52 + 0.02 1.97 + 0.02 754 0.14 £ 0.02
FTB-FTB 2.40 + 0.09 2.18 +0.08 1.76 + 0.06 82 0.07 + 0.04
FTE 2.30 + 0.10 2.02 + 0.08 1.47 + 0.06 76 0.08 + 0.03
All triple junctions 2.76 + 0.03 2.57 + 0.02 2.02 + 0.02 1786 -

Table 4

Average dislocation-density intensity factors kg for the different types of grain boundaries and three different layer thicknesses (1, 2 and 5 pm), as measured in the
microstructure quenched after deformation. The average kgp considering both types of boundaries is also included. The uncertainties provided for the kgp factors are
the standard errors considering all the analyzed boundaries of each type. The number of boundaries considered is also indicated, together with their nucleation ef-
ficiencies [37]. The uncertainties shown for the nucleation efficiencies were derived with Poisson counting statistics [55].

kgp(1 pm) kggp(2 pm) kgg(5 pm) No. of boundaries analyzed Nucleation efficiency (no./mm boundary) [37]
HAB 2.52 + 0.02 2.22 4+ 0.01 1.84 +0.01 2491 5.6 + 1.6
FTB 1.99 + 0.02 1.78 + 0.01 1.53 + 0.01 2374 0.9 + 0.4
All grain boundaries 2.26 = 0.01 2.00 £ 0.01 1.68 £ 0.01 4865 -

boundaries than around the corresponding triple junctions. In this sense,
junctions consisting of HABs only (HABx3 junctions) only exhibited
slightly higher accumulations than junctions comprising FTBs and HABs
(HAB-FTB junctions): ~2.9 against ~ 2.7. Therefore, the lower dislo-
cation accumulation around FTBs than for HABs must have primarily
occurred in the regions far from their (HAB-FTB) junctions. Addition-
ally, this different behavior of HAB-FTB junctions from that of FTBs can
be ascribed to the additional barrier to dislocation slip that the general
HABs at such junctions represent, compared to the relatively conducive
FTBs. This explanation is supported by the fact that GND density is lower
when only one out of the three junction boundaries is a general HAB
(FTB-FTB junctions), compared to when two are (HAB-FTB junctions).

The dislocation density distribution around the different types of
junctions/boundaries is illustrated for a representative deformed grain
in Fig. 10. The figure displays the KAM distribution in a deformed grain
containing six FTBs (Fig. 10(a)-(b)). Fig. 10(c)-(h) are magnified images
around HAB-FTB, FTB-FTB and FTE junctions of that grain, respectively.
Particularly, Fig. 10(c) and (f) demonstrate that, for the three FTBs
present, KAM values are effectively much higher near their HAB-FTB
junctions (yellow and green pixels) than away from them (blue
pixels). Similar results can be seen in Fig. 10(d) and (g) for two FTB-FTB
junctions. Interestingly, whereas KAM values far from the junctions
seem equally low for all the FTBs in Fig. 10(f) and Fig. 10(g), KAM values
near HAB-FTB junctions (Fig. 10(f)) are visibly higher than near FTB-
FTB junctions (Fig. 10(g)). This is also displayed for HAB-FTB and
FTB-FTB junctions belonging to the same FTB (Fig. 10(h) and Fig. 10(g),
respectively). Besides, Figs. 10(e) and (h) show increased KAM values
for one of the two FTEs present, but not for the other one. Moreover,
KAM values around either FTE are lower (green pixels) than around the
HAB-FTB junction of the same FTB (green and yellow pixels) in the same
image.

3.6. Characterization of the substructure around deformed boundaries

Table 5 describes the properties of the subgrains located around the
deformed boundaries of the microstructure quenched immediately after
deformation. Subgrains are divided into four categories, depending on
the average GND density around their specific deformed boundary. In-
dividual boundary GND densities were calculated as the mean GND
density inside a layer of thickness 0.5 pm and parallel to the boundary.
Moreover, the GND density ranges of the four categories were selected
so that each contained an approximately equal number of deformed
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boundaries. In total, the analysis is based on more than 150 deformed
grains, 200 deformed boundaries and 2000 boundary subgrains. Such
statistics are analogous to those examined by Haghdadi et al., when
ascertaining the mechanism of recrystallization nucleation in ferrite in
duplex stainless steels [65]. To the authors’ knowledge, this analysis
represents the first systematic characterization of the substructure in
deformed metals, which includes only subgrains around grain
boundaries.

In the present case, subgrains were not detected along the whole
length of the deformed boundaries. On the contrary, significant
boundary portions were not adjacent to any detected subgrains, i.e. such
regions were subgrain-free. A representative example of this can be seen
in Fig. 11. For the deformed grain of the figure (brown in Fig. 11(b)), one
of its boundary segments (labelled as I) was almost fully surrounded by
subgrains. By contrast, the other two (labelled as II and III) were mostly
subgrain-free, except for some specific regions (highlighted by black
arrows in Fig. 11(b)). As indicated by Table 5, the fraction of this
subgrain-free boundary length strongly decreased with boundary GND
density: from over 90 % for the boundaries with lowest GND densities, to
merely ~ 30 % for those with the highest. Subgrain-free areas around
deformed boundaries have not been observed in former studies char-
acterizing substructures in deformed metals [34,45,65-67]. However,
for the same material and deformation temperature, higher dislocation
densities are known to progressively lead to arranged dislocation
structures due to recovery [2,68]. Furthermore, the present study deals
with lower strain and/or higher deformation temperature than previous
studies, both of which produce lower dislocation densities after defor-
mation [2]. Consequently, the existence of subgrain-free boundary re-
gions in this case is likely due to locally insufficient dislocation
accumulation, which did not allow for dislocations to arrange into
subgrain boundaries. Additionally, the reduction in subgrain-free length
with higher boundary GND density implied that the number of captured
subgrains significantly increased with higher boundary GND density: for
instance, an over threefold increase between the boundaries in the
lowest and highest GND density categories (Table 5).

About the effectively detected subgrains, Table 5 demonstrates that
their average diameter did not change significantly with boundary
dislocation density. This represents another difference with most pre-
vious studies, where higher applied strains considerably reduced the
measured average subgrain sizes [45,65-67]. The latter is in line with
the usual description of subgrain boundaries as dislocation arrays [2]:
smaller subgrains mean more subgrain boundaries per unit of area
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Fig. 10. Example of a representative deformed grain containing former twin boundaries (FTB) in the microstructure quenched immediately after deformation. (a)
shows all the pixels in the area selected, and (b) only those neighboring a boundary. (c-h) give enlarged details around different types of triple junctions: (c, f) HAB-
FTB, (d, g) FTB-FTB and (e, h) FTE. (c-e) are based on the map shown in (a), while (f-h) are based on the map shown in (b). The colors represent KAM values.

available to contain dislocations. Nevertheless, Hurley and Humphreys
did report a saturation of the average subgrain sizes with higher applied
strain, for the highest strains in their study on aluminum after cold
rolling [66] (from a true strain of 1.4 to one of 2.3 [66]). Furthermore,
all former studies considered the subgrains in the deformed micro-
structure as a whole, while we focus only on those around grain
boundaries. As boundary dislocation densities are considerably higher
than those in the grain interiors (e.g. Section 3.5), one possibility is that
their level here has exceeded that required for subgrain sizes to stop
decreasing (even if the present conditions correspond to relatively low
applied strain and high deformation temperature). By contrast, subgrain
misorientations monotonically increased with higher boundary GND
density (Table 5). This does agree with past studies [34,45,65-671, and
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the dislocation array character of subgrain boundaries: more disloca-
tions per unit of boundary length are contained in subgrain boundaries
with higher misorientations [2]. Table 5 also indicates that the density
of subgrains with relatively large misorientations per unit of boundary
length considerably increased with increasing boundary GND density.
Furthermore, this was the case regardless of whether these are defined as
misorientations larger than 2, 5 or 10°. This effect can be attributed to
both the increase of subgrain misorientations with boundary GND
density, and the larger overall density of subgrains associated with
boundaries with higher GND density.
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Table 5
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Characterization of the subgrains located around the boundaries of the deformed microstructure, as quenched after deformation. Subgrains are divided into four
categories as a function of boundary GND density. The data correspond to over 150 deformed grains, 200 deformed boundaries and 2000 boundary subgrains. The
uncertainties displayed for the subgrain-free boundary lengths are the standard errors considering all the deformed grain boundaries examined within each category.
The uncertainties given for the subgrain sizes and misorientations are the standard errors considering all the subgrains analyzed within each category. The un-
certainties indicated for the subgrain densities were derived from Poisson counting statistics [55].

Boundary GND density category 1 2 3 4 Total
Boundary GND density lower limit (m~2) 0 1.25-10%° 1.610%° 1.95.10'° -

Boundary GND density upper limit (m~2) 1.25-10'° 1.6-10'° 1.95-10"° - -

No. of boundaries analyzed 52 52 52 51 207

Total boundary length (mm) 2.41 1.88 1.24 0.68 6.21

Mean subgrain-free boundary length fraction 0.91 + 0.01 0.72 + 0.03 0.50 + 0.04 0.33 + 0.03 0.62 + 0.08
No. of subgrains captured 194 459 613 667 1933

Mean subgrain diameter (pm) 0.75 + 0.04 0.72 + 0.03 0.76 £+ 0.02 0.74 £+ 0.02 0.74 £+ 0.02
Mean subgrain misorientation (°) 2.50 +£0.11 2.84 +0.08 3.26 + 0.09 3.45 + 0.08 3.19 £+ 0.05
Density of subgrains with misorientations > 2° (no./mm deformed boundary) 40.22 + 0.04 145.66 + 0.03 326.59 + 0.04 770.64 + 0.06 209.33 £ 0.01
Density of subgrains with misorientations > 5° (no./mm deformed boundary) 4.07 £ 0.13 22.90 + 0.08 72.58 + 0.08 154.41 + 0.15 39.91 + 0.01
Density of subgrains with misorientations > 10° (no./mm deformed boundary) 4.08 +0.13 9.00 +0.13 20.07 + 0.16 33.8+0.3 7.86 + 0.02

4. Discussion
4.1. SIBM and the nucleation of SRX

Section 3.2 made clear that the number of serrations developed
along deformed boundaries upon SRX is much larger than the number of
new grains that form during the process. Particularly, according to
Table 1, about four times larger. Nevertheless, this figure should only be
regarded as a lower limit to the overestimation, for various reasons.
Firstly, only general HABs with lengths above 5 um were examined. In
reality, albeit fewer in number, shorter general HABs (and FTBs) also
produced serrations. Secondly, serrations with smaller amplitudes than
0.5 pm were discarded, even if some were clearly detected. Finally, for
each deformed boundary, serrations were counted as if bulging had only
occurred from one side of the boundary (see Fig. 2(a)). For most
boundaries, detecting serrations from both sides would have required
micrographs before and after bulging. However, in a few of them, strong
serrations existed towards either side, indicating that serrations had in
fact formed from both (Fig. 2(c)). Similar bulging from both sides of a
boundary and based on particularly strong serrations has been reported
by other studies treating SIBM [26,35].

The smaller number of SRX grains compared to serrations is in strong
disagreement with the currently used physics-based models of SRX
nucleation at deformed boundaries: the number of SRX grains generated
during the process is directly calculated as that of SIBM events in the
microstructure [8-10,12]. The same number also defines the final grain
size, as models foresee no disappearance of SRX grains along the process
[8-10,12]. The practical implications of this discrepancy were illus-
trated by e.g. Hurley and Humphreys [9]. These authors applied such an
SIBM-based model to SRX in aluminum deformed at room temperature
to low and moderate strains. Their model had no adjustable parameters,
relying only on published constant values and experimental measure-
ments [9]. Specifically, the authors noted that their approach over-
estimated nucleation by a factor of at least two or three; moreover, if
they gave a reasonable prediction of SRX kinetics, it was only because
that higher nucleation rate was balanced by an equally unrealistically
low growth rate [9].

In this sense, it should be born in mind that the criterion for SIBM
[33] employed by SRX models simply aims to predict when a subgrain
sitting at a deformed boundary bulges into the neighboring deformed
grain. In other words, when a serration forms at a boundary. Never-
theless, the serration itself is not an SRX grain. This is the case even if
this study suggests that SRX grains do evolve from serrations (see e.g. the
triple-junction nucleus in Fig. 6(b), or the grain-boundary nuclei next to
the black arrows in Fig. 2(c), all of which have undergone clear growth
by bulging). The distinction between serration and SRX grain was
already acknowledged by Beck and Sperry in the first ever report of
SIBM, in which SIBM and recrystallization were distinguished as
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separate phenomena [25]. Moreover, the formation of a serration does
not imply that it will grow significantly into the deformed microstruc-
ture. In fact, past SRX studies have only shown relatively small serration
migrations into the neighboring deformed grains, and only locally (i.e.
for individual deformed boundaries). For instance, a systematic analysis
of former micrographs displays that those migrations were always
within ~ 15 % of the average deformed grain size of each case
[9,26,29,32-34]. As most micrographs corresponded to early SRX
stages, any further evolution was left open to speculation. This gap is
now filled by the analysis in Section 3.2, with results that are statisti-
cally representative for the whole microstructure. And that analysis
sheds light onto the reason for the nucleation overestimation by current
SIBM models of SRX nucleation: SRX grains evolve from a fraction of the
serrations only. Hence, unlike assumed by those models, the formation
of SRX grains is not solely determined by the event of SIBM. On the
contrary, there must be another effect or factor defining whether an
individual subgrain succeeds in reaching the nucleation stage, to
become an SRX grain. The next sections of this discussion are dedicated
to searching for it.

4.2. SRX nucleation at the subgrain level: The role of nucleus
misorientation

According to the SIBM theory, the bulging of deformed boundaries
can be energetically favorable owing to the elimination of the disloca-
tions contained in the material volume swept by the serration
[2,8-10,12]. In other words, the driving force for SIBM is the overall
reduction of the energy stored in the form of dislocations. In this case,
the accumulation of dislocations around deformed boundaries was
clearly displayed in Section 3.5. Nevertheless, at the same time, the
creation of a serration implies an increase in the area of the corre-
sponding deformed boundary. This is not energetically favorable, in
virtue of the resultant increase of the overall boundary energy. Conse-
quently, the conventionally applied criterion for SIBM states that SIBM
can only occur when the reduction in the energy stored as dislocations
exceeds the simultaneous increase of boundary energy. This occurs
when the size of the bulging subgrain ds; exceeds a critical diameter dc,
given by [2,8-10,12]:

ds¢ = dc = y5/AEd @
where AE, is the difference in stored energy per unit of volume across
the boundary, and y¢; is the energy of the boundary between the nucleus
and the neighboring deformed grain per unit of area. In the criterion for
SIBM, the boundary misorientation of the nucleus plays thus a role
through its effect on nucleus boundary energy. Particularly, Equation
(1) implies that SIBM/nucleation is easier for a lower ysz, which de-
creases d¢. Grain-boundary energies y;; have been extensively reported
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Fig. 11. Representative fragment of the EBSD maps analyzed for subgrain characterization, showing one single deformed grain: (a) IPF map and (b) map where each
color represents an individual subgrain/parent deformed grain. (c) is a magnified view of the region inside the black box in (a). The white region in (a) and (b)
accounts for a recrystallized region. The gray lines in (a) represent misorientations between 1 and 15°. The black arrows in (b) point at areas with subgrains around
the deformed boundaries II and III. The arrows in (c) point at the intersections between the boundary of an SRX nucleus and the deformed grain boundary where it
sits: gray and black arrows point, respectively, at the sides of the deformed boundary where the nucleus boundary is an LAB and an HAB.

to vary with boundary misorientation in metals, both in the HAB and
LAB misorientation ranges [69-71].

At the same time, the migration velocities vgx of recrystallizing
grains also depend on the misorientation of their boundaries. In
particular, vgyx is conventionally assumed [2,8-10] to follow:

Vrx = Mgp-Eq ()
where Mgg is the mobility of the grain boundary, and E; is the stored
energy per unit of volume ahead of the boundary. Grain-boundary
mobilities Mgp are widely known to be a function of boundary misori-
entation [2,5,72,73]. This is the case for both HAB and LAB
misorientations.

Regarding boundary misorientations, Fig. 5(a)-(c) showed that SRX
nuclei at grain-boundary sites only grow above a certain size (4-5 pm)
when fully surrounded by an HAB (HAB nuclei). This is not the case for

nuclei forming an LAB with their parent deformed grain (LAB nuclei).
Fig. 5(d)-(f) displays similar behavior for SRX nuclei at triple junctions:
the vast majority of those larger than 3-5 pm are HAB nuclei, with only a
few LAB ones exceeding that size. This size agrees well with the
maximum one exhibited by subgrains (e.g. the largest subgrain size
measured for Section 3.6 was 4.4 pm). Hence, the present results suggest
that effective nucleation (understood as growth beyond the subgrain
size level) requires an HAB between SRX nuclei and their parents. This is
in line with the low mobility of LABs compared to HABs [2,5,72,73], and
implies an immobile character of LABs during SRX. Similar LAB
immobility upon SRX was observed via ex situ EBSD analysis by Lin et al.
for copper [74]: while boundaries with general HAB misorientations
migrated considerably in-between SRX steps, those with LAB mis-
orientations stayed stationary. However, the study in [74] differed from
the present one in that it only dealt with growth of the SRX grains, well
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after nucleation. Likewise, LAB immobility was also implied by the
negligible subgrain growth reported by Beladi et al. for SRX in the same
alloy studied here, albeit at 1000 °C [28]. Nevertheless, Beladi et al.
examined subgrains in the grain interiors [28], while the present results
refer to SRX nuclei (i.e. neighboring the deformed grain boundaries).

Apart from this, Fig. 7 demonstrated no preferential misorientation
between HAB nuclei and their deformed neighbors, compared to the
general grain misorientation distribution for the expected texture (in
this case, Mason-Schuh [61]). HAB nuclei are the successful ones, i.e.
those leading to nucleation. As a result, if any HAB misorientation
played a preferential role in nucleation, it would display higher fre-
quency in the orange histograms of Fig. 7 than in Mason-Schuh distri-
bution. The latter is the case for solid-state phase transformations: in a
comparable study on ferrite nucleation in austenite [24], mis-
orientations in the 40-50° range accounted for over 80 % of phase-
boundary misorientations. By contrast, in the present case, no misori-
entation shows higher frequency. This reveals that SRX nucleation is not
controlled by specific HAB misorientations. By these means, any sig-
nificant effect of either HAB mobilities or HAB energies on SRX nucle-
ation is neglected. For example, higher mobilities for misorientations
around 38-40°<111> have been repeatedly measured in the SRX of FCC
metals [26,35,72,73]. Similarly, both experimental and modelling
research has consistently reported lower boundary energies for mis-
orientations near ) 3 (60°<111>) and 38-40° in FCC metals including
nickel [69-71]. Moreover, those studies have observed considerable
scatter in the boundary energies within the HAB range [69-71]. Yet,
significantly higher frequencies are not found in Fig. 7 neither around
38-40° nor around 60°, compared to the Mason-Schuh distribution.
Significant deviations are not seen for any other misorientations either.
It can thus be concluded that the factor determining SRX nucleation at
the subgrain level in this case is the presence of a mobile HAB between
nucleus and parent grain. Therefore, nucleus-boundary misorientation
plays a role through its effect on mobility. By contrast, no role has been
detected for boundary energy, despite its impact on the critical diameter
for SIBM through Equation (1).

4.3. SRX nucleation at the subgrain level: Triple-junction and grain-
boundary nuclei

As mentioned in Section 4.2, unlike grain-boundary LAB nuclei, a
few triple-junction LAB nuclei did grow beyond the subgrain size level.
One of them can be seen in Fig. 6(b), which shows that its growth was
only due to bulging migration of its HAB (black arrow in Fig. 6(b)). By
contrast, the LAB with its parent stayed stationary with respect to the
position of the triple junction (gray arrows), in agreement with the LAB
immobility discussed in Section 4.2. Similarly, no significant migration
of the LABs was visible either for the other LAB triple-junction nuclei
identified in the EBSD maps, and larger than 3 um. Noteworthily, the
amplitude of the bulging undergone by the nucleus in Fig. 6(b) (~10 pm
from the bulge tip to the LAB) contrasts with that of the serrations
observed at grain-boundary sites. Those were considerably smaller (e.g.
1-2 pm for those highlighted in Fig. 2(b), which were particularly large
among those in this study). What is more, serrations with amplitudes
larger than 3 pm could not be found at grain-boundary sites in the
analyzed maps (up to an annealing time of 10 s). Hence, the growth of
some LAB triple-junction nuclei beyond the subgrain size level seems
related to an enhanced tendency for bulging at triple junctions.

In turn, this enhanced tendency is likely due to the presence of an
‘extra’ deformed boundary at the junctions, inexistent at grain-boundary
sites, and along which the nucleus in Fig. 6(b) is growing. Boundary
migration through bulging along a deformed boundary is more favor-
able for two reasons. Firstly, higher dislocation densities ahead of
migrating boundaries promote faster migration upon recrystallization
Equation (2) [2]. Section 3.5 showed that higher dislocation densities
effectively existed here around deformed boundaries. Moreover, the
KAM color scale displays that this was clearly the case for the ‘extra’

15

Materials & Design 262 (2026) 115421

boundary in Fig. 6(b). Secondly, boundary energy is removed from the
system as the ‘extra’ boundary is consumed by the bulge [37]. While
bulging at grain-boundary sites only removes the energy stored as the
swept dislocations (Section 4.2), bulging at triple junctions also
removes the boundary energy of the ‘extra’ boundary. This makes the
bulging of triple junctions more favorable with respect to the associated
increase of boundary energy (Section 4.2), compared to bulging at
grain-boundary sites. The enhanced bulging at junctions can also
explain the generally larger sizes of triple-junction nuclei compared to
grain-boundary nuclei, after equal annealing times (Fig. 5). The higher
dislocation densities around triple junctions (e.g. Table 3 and Table 4)
would be another reason.

Consequently, the significant growth of triple-junction SRX nuclei
can start through bulging, and along the ‘extra’ deformed boundary. By
contrast, for grain-boundary SRX nuclei, which do not have such an
‘extra’ boundary, the significant growth starts along the boundary of
their parent grain (see the aspect ratio of e.g. the SRX nucleus in Fig. 6
(a), or those in Fig. 3). This implies that the activation of the significant
growth of a nucleus always occurs along a deformed boundary, irre-
spective of the nucleation site, and for the reasons stated above: higher
dislocation density, and elimination of the corresponding boundary
energy. Moreover, for LAB grain-boundary nuclei, their boundary is of
HAB character on one side of the deformed boundary where they are
located (black arrows in Fig. 11(c)), but an LAB on the other side (gray
arrows in Fig. 11(c)). This is the same situation as for LAB triple-junction
nuclei with respect to the boundaries of their parent grain: HAB on one
side, and LAB on the other one (gray arrows in Fig. 6(b)). Growth has not
been detected in either case: neither for LAB grain-boundary nuclei
(Fig. 5(a)-(c)), nor for LAB triple-junction nuclei along the boundary of
their parent grain (Fig. 6(b)). On the other hand, it has been observed in
the cases in which the nucleus boundary is of HAB character on both
sides of a deformed boundary: for triple-junction nuclei along the ‘extra’
boundary (where the nucleus boundary is an HAB on both sides
regardless of the character of the boundary with their parent grain,
Fig. 6(b)), and for HAB grain-boundary nuclei (Fig. 5(a)-(c) and Fig. 6
(a)). Hence, the immobile LABs seem to have a “drag” effect on any
HAB:s on the other side of a deformed boundary. This means that an HAB
(i.e. a mobile boundary) is required on both sides of a deformed
boundary for nucleus growth to effectively start.

In conclusion, two conditions are needed for SRX nuclei to initiate
their significant growth: (i) an adjacent deformed boundary along which
boundary migration can occur; and (ii) that their boundary is an HAB on
both sides of that deformed boundary. For grain-boundary nuclei,
growth can thus only start when they form an HAB with their parent
grain. By contrast, triple-junction nuclei can start growing even if they
form an LAB with their parent. Nevertheless, Fig. 5(e)-(f) suggest that
this led to growth beyond the subgrain size level only occasionally: LAB
triple-junction nuclei accounted for less than 10 % of all the triple-
junction nuclei analyzed in Section 3.4 and being larger than 5 pm (<
5 % of all the SRX nuclei analyzed in Section 3.4). As a result, the growth
of LAB triple-junction nuclei does not practically challenge HAB
mobility as the factor defining that a subgrain leads to SRX nucleation.

4.4. SRX nucleation at the boundary/junction level: The role of
dislocation density

The results in Section 3.5 indicate that the various types of triple
junctions and grain boundaries in the microstructure rank equivalently
in terms of dislocation accumulation and nucleation efficiency. HABx3
junctions display higher GND density and nucleation efficiency than
HAB-FTB junctions, as these do compared to either FTB-FTB junctions or
FTEs (Table 3). As for grain-boundary sites, general HABs also accu-
mulate higher GND density and produce more nucleation than FTBs
(Table 4). The present results suggest thus that the dislocation density
accumulated around a boundary/junction is a good predictor for its
nucleation activity. In this sense, it was also found in Section 3.6 that the
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fraction of relatively large subgrain misorientations (e.g. larger than 5 or
10°) around a boundary increases with its GND density (Table 5). These
misorientations are closer to the threshold HAB misorientation (e.g.
15°). As a result, they can more easily transform into an HAB, if subgrain
misorientations increase during annealing.

The occurrence of such an LAB-HAB transformation in this case is
supported by the results in Sections 3.3-3.4. Firstly, Table 2 shows that
successful SRX nuclei appeared gradually over time. For instance, only
~ 20 % of those existing after 10 s were present after 1 s (continuous
nucleation [37]). Based on Sections 4.2-4.3, successful SRX nuclei are
defined in Table 2 as those fully surrounded by misorientations larger
than 15° (i.e. those with HAB nuclei-parent misorientations), and irre-
spective of whether they included annealing twins. Secondly, new HAB
nuclei-parent misorientations can only form in the microstructure if pre-
existing subgrain boundaries increase their LAB misorientations to reach
an HAB magnitude. About this, Table 2 effectively demonstrates that the
number of SRX nuclei-parent misorientations that were lower than 15°
decayed with annealing time, as the HAB nuclei-parent misorientations
appeared. Finally, the 15-25° peak in the distribution of misorientations
between HAB nuclei and their deformed neighbors (orange in Fig. 7)
cannot be explained without a gradual LAB-HAB transformation. This
peak is absent in the Mason-Schuh distribution, which gives the general
grain misorientation distribution for the deformed texture of this case.
The Mason-Schuh distribution does not include SRX nuclei mis-
orientations, implying that the origin of the peak is effectively related to
nucleation. Moreover, such a peak would in fact arise from a progressive
LAB-HAB transformation occurring upon nucleation: misorientations
between SRX nuclei and parent grains which increase from LAB to HAB
values would more likely lie in the lower HAB range (e.g. 15-25°), closer
to the original LAB misorientations (lower than 15°).

Hence, these results indicate that the misorientations between sub-
grains and their parent deformed grains gradually increase during
annealing. For subgrains (bulges) with sufficiently large initial mis-
orientations with their parent grains, this transforms their boundary
character from LAB to HAB. As concluded in previous sections, such an
event triggers their effective growth into the deformed microstructure (i.

— HAB (= 15°)
LAB (5-15°)
CSL boundaries (23, 29)

direction)

IPF (Compression
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e. nucleation), owing to the resultant HAB mobility. Following this
growth, subgrains (bulges) with lower initial misorientations with their
parent grains are consumed by the successful ones, before their mis-
orientations reach the minimum HAB misorientation. Therefore, a
competition exists between adjacent subgrains (and, in general, between
those located in each other’s environment) to first reach the HAB
character. Apart from this, since a greater number of relatively large
initial subgrain misorientations exist for boundaries/junctions with
higher dislocation densities, these will show higher nucleation effi-
ciencies. Such an increase of subgrain misorientations upon annealing
was also observed by Faivre and Doherty for aluminum cold-rolled to
low and medium reductions [34]. Yet, their study did not identify the
effect of subgrain misorientations on nucleation [34]. In addition, an
analogous LAB-HAB transformation is widely considered to be respon-
sible for the nucleation of SRX under high stored energy [2,3] (i.e.
intragranular SRX nucleation, see Section 4.5).

In this paragraph, the association between large subgrain mis-
orientations, high boundary GND densities and nucleation, elucidated in
the present paper, is applied to explain results described in our previous
paper [37]. In that paper, we found that SRX grains formed only at some
junctions between LABs created by deformation, and the general HABs
of the deformed grains (e.g., Fig. 12). In principle, higher mis-
orientations of such LABs should favor nucleation: this increases the
energy of the LAB and, thereby, the energy subtracted from the system
when the LAB is consumed by the bulging (Section 4.3). However, the
observed nucleation events could not be explained by higher LAB mis-
orientations [37]. For instance, a new SRX grain was only found at one
of the junctions between an LAB separating two deformation bands
within a deformed grain, and the boundary of that deformed grain (I in
Fig. 12). Yet, the misorientation of the LAB was higher near the junction
on its other end, where no SRX grain existed (II in Fig. 12). The parent
grain of the new SRX grain was the deformed grain containing the LAB.
Further analysis of those EBSD maps has now revealed that the GND
density of the parent grain was significantly higher around the LAB
junction showing a nucleus: 1.6 + 0.2-10'° m™2 at I, against 1.0 +
0.2.10° m~2 at I (both measured in areas of 6x2 pmz, centered at the
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Fig. 12. IPF map showing an SRX grain formed on one end (detail I) of the LAB separating two deformation bands inside a deformed grain, but not on the other end
(detail II). The black arrows point at LABs separating the deformation bands in that deformed grain. The gray lines represent misorientations between 5 and 15°.

Annealing time is 5 s (adapted from [37]).
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intersection between the LAB and the HABs, and inside the parent grain
only). Therefore, it is possible that, in this case, a subgrain with large
initial boundary misorientation existed at I, following the high local
dislocation accumulation. In line with the mechanism described above
(LAB-HAB transformation), that subgrain would have produced a new
SRX grain more easily, as effectively observed. Interestingly, the dislo-
cation density at I was higher inside the parent grain than in the anal-
ogous boundary layer on the other side of the boundary (1.6 + 0.2-10*°
m~2 against 1.1 + 0.2:10'% m’z). Hence, the parent was the deformed
grain with locally higher dislocation density at the boundary. This is
consistent with the proposed nucleation mechanism, as larger subgrain
misorientations result from higher dislocation densities. However, the
current SIBM theory predicts that bulging is more likely from the side of
the boundary with lower dislocation density, into the side with higher
dislocation density [4] (Section 4.2). Therefore, following that theory,
the parent of the observed SRX grain would have been the deformed
grain on the other side of the boundary, with locally lower dislocation
density at the boundary. This consideration about which of the
deformed grains at a boundary becomes the parent adds thus further
grounds to the LAB-HAB transformation being the effect that determines
SRX nucleation in the case here studied.

Finally, it should also be noted that EBSD analysis can produce
artificially higher pixel misorientations near grain boundaries [63,75].
This is due to overlapping of the Kikuchi patterns of the neighboring
grains, and can lead to apparently higher GND density values [63,75].
Nevertheless, Wright et al. conservatively estimated the effect to be
present in a layer of only ~ 150 nm around the boundaries [63].
Moreover, the artificial misorientation increase was shown to be quan-
titatively similar for general HABs and the £3 boundaries in an FCC
structure [63]. In contrast with this, the GND density trends described in
Section 3.5 extended over a few microns (Fig. 9). Likewise, the
boundary dislocation densities of Section 3.6 were calculated over a
layer of 0.5 pm (i.e. significantly larger than 150 nm) around the
boundaries. Hence, none of the GND density variations discussed here
can be expected to be significantly affected by EBSD artifacts near grain
boundaries. Consequently, greater dislocation accumulation can be
safely defined as the factor determining the nucleation activities of
different deformed boundaries/junctions, in virtue of the larger initial
subgrain misorientations associated. This factor provides thus a satis-
factory explanation to the observations on SRX nucleation sites made by
previous research: earlier nucleation at triple junctions compared to
grain-boundary sites [4,37], and a small contribution of FTBs to nucle-
ation [28,37].

4.5. Towards a general criterion for the nucleation of recrystallization

In Section 4.4, it was explained that the LAB misorientations of
subgrains increase with time during annealing, until reaching an HAB
value. At the same time, Sections 4.2-4.3 revealed that the existence of
an HAB misorientation between SRX nucleus and parent grain is the
factor determining nucleation. These conclusions suggest that the
nucleation mechanism in this case is an LAB-HAB transformation of the
boundaries between subgrains located at deformed grain boundaries (or,
in other words, of bulges) and their parent grains. This mechanism can
be formalized into a criterion for SRX nucleation:

Os(t) = O0c = Ouag 3
Following this criterion, a nucleation event will happen whenever the
misorientation of a subgrain (bulge) 0s¢(t) reaches the minimum HAB
misorientation Oyap (typically, 15°). Hence, Oyap acts as a critical
misorientation for nucleation 6c. This nucleation criterion can be
incorporated into models of SRX, provided that they encompass: (i) the
initial misorientations of the subgrains located around deformed grain
boundaries (bulges), and (ii) the rate of increase of those misorientations
during SRX. For the case studied here, this nucleation criterion provides
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a better estimation of nucleation density than the criterion for SIBM, for
which twofold and threefold overestimations compared to experimental
values had been reported in [9]. Furthermore, the nucleation criterion in
Equation (3) is consistent with the direction in which the significant
growth of SRX nuclei has been found to start here: this occurs along the
deformed boundary (see e.g. Fig. 3, Fig. 4 or Fig. 6), while SIBM rep-
resents growth in the direction perpendicular to the boundary. As dis-
cussed in Section 4.3, the initiation of growth along the deformed
boundary requires an HAB between the bulge and its parent grain.

This study has treated a case where SRX nucleation occurs at
deformed boundaries and junctions. However, as noted above, an LAB-
HAB transformation of subgrain boundaries is also the conventionally
accepted mechanism of SRX nucleation at transition/shear bands
[2,7,41]. The nucleation of SRX shifts from deformed boundaries and
junctions to transition/shear bands as the energy stored in the deformed
microstructure as dislocations is increased [2,34]. In this regard, the
present results suggest that, unlike proposed by the current theories,
nucleation does not occur at deformed boundaries/junctions when the
overall stored energy is low because the nucleation mechanism is
different. On the contrary, that happens because these are the areas with
the largest dislocation accumulations in the microstructure when that
overall stored energy is low. These high dislocation densities around
deformed boundaries are behind the two requirements for the activation
of nucleus growth noted in Section 4.3: large initial subgrain mis-
orientations (eventually leading to HABs), and the high stored energies
around the deformed boundaries along which SRX nuclei preferentially
grow. As the overall stored energy in the material is increased, transition
and shear bands start to form. Eventually, these become the areas with
the highest dislocation densities [76] and, thereby, the highest subgrain
misorientations [34,76]. Nucleation then naturally shifts to those sites,
even if the underlying mechanism stays the same irrespective of the
nucleation site.

Similarly, the literature also proposes that the nucleation mechanism
of DRX and metadynamic recrystallization (MDRX) follows an LAB-HAB
transformation of subgrain boundaries [4,13,16,19,21,59,77]. This
means that the same nucleation mechanism (and criterion) may apply to
recrystallization not only regardless of the nucleation site (i.e. the level
of stored energy), but also of whether it occurs in the presence of
external deformation. Consequently, the findings of the present work on
SRX at deformed grain boundaries point towards a possible unified
description of nucleation, encompassing the various recrystallization
modes.

Nevertheless, it remains to be explained how subgrain boundaries
increase their misorientations to become HABs and, thereby, to enable
nucleation. For DRX/MDRX, the simultaneous application of external
strain provides two clear mechanisms: the continued introduction of
dislocations, which accumulate into pre-existing subgrain boundaries to
progressively increase their misorientations [4,13,78]; and (ii) the
crystallographic rotation associated with the external deformation,
which can reorient both the subgrain and its parent until the misorien-
tation of their boundary exceeds the HAB threshold [59,77]. On the
other hand, in the case of SRX, no external deformation takes place.
Accordingly, for SRX nucleation at transition/shear bands, the LAB-HAB
transformation has been proposed to result from subgrain growth into
crystallographic orientation gradients [2,7]: if the orientation around
the subgrain boundary changes while it migrates, its misorientation will
be altered even if the orientation inside the subgrain remains constant;
for a sufficiently strong orientation gradient, this can transform an LAB
misorientation into an HAB one. However, in the present case, the
occurrence of subgrain growth itself is at odds with the LAB immobility
discussed in Section 4.2: subgrain growth precisely operates via LAB
migration.

In this view, another possibility to explain the increase of subgrain
boundary misorientations is that the dislocations present at the begin-
ning of annealing directly migrate into the subgrain boundaries: this
would lead to higher LAB misorientations, considering the description of
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LAB:s as dislocation arrays [2]. Direct observations of profuse dislocation
migration during annealing in hot-deformed austenite have recently
been reported, using transmission electron microscopy (TEM) [28,42].
Furthermore, dislocation migration is usually understood to occur dur-
ing static recovery, even in the absence of an external stress
[8,10,79,80]. The effect would be triggered by the stress fields produced
by the dislocations themselves [80]. Besides, the migration of the dis-
locations existing inside the subgrains into subgrain boundaries is
energetically favorable: when dislocations arrange into LABs, the indi-
vidual strain fields around them partially cancel each other. This leads to
a reduction of the corresponding elastic strain energy [81]. Moreover,
the strain field cancellation is enhanced with higher LAB misorientation,
due to the closer spacing between dislocations [81]. Consequently, the
elastic strain energy per dislocation is further reduced when dislocations
arrange into fewer LABs, with higher misorientation each [2]. In turn,
this means that the migration of dislocations into subgrain boundaries is
energetically favorable not only from the subgrain interiors, but also
from subgrain boundaries with lower misorientations [82]. The recent
TEM analyses of annealing in hot-deformed austenite have also practi-
cally observed dislocation migration out of LABs [28,42]. In any case, it
is clear that the reduction of the elastic strain energy associated to dis-
locations can provide a driving force for their migration into subgrain
boundaries (and, hence, for the eventual LAB-HAB transformation).
Nevertheless, further work is still required to confirm whether this
phenomenon can effectively explain the LAB-HAB transformation
occurring during SRX in hot-deformed austenite.

5. Conclusions

The mechanism of nucleation of SRX in austenite after hot defor-
mation has been systematically examined for a Ni-30%Fe alloy. In this
process, SRX nucleation prevalently occurs at the boundaries between
the deformed grains. The main conclusions are the following:

1. The density of bulges (SIBM events) in the microstructure greatly
exceeds that of the new SRX grains (at least, by four times). This can
explain the previous overestimation in the density of nucleation
when the SIBM criterion is applied to predict the nucleation of SRX at
deformed grain boundaries. This also challenges the generally
accepted notion that SRX nucleation at deformed grain boundaries is
determined by SIBM. Additionally, the significant growth of SRX
nuclei into the microstructure does not start perpendicularly to the
deformed boundary (the direction of SIBM), but along it.

2. Only SRX nuclei separated from their parent grain by an HAB un-
dergo significant growth into the deformed microstructure. In
contrast, SRX nuclei separated by an LAB do not grow significantly,
due to the limited boundary mobility. This means that, against the
currently accepted view, the existence of an HAB misorientation
between nucleus and parent grain (and not SIBM) is the factor
determining SRX nucleation. In addition, no role in SRX nucleation
has been observed for nucleus boundary energy.

3. The different types of deformed grain boundaries and junctions in
the microstructure rank equivalently in terms of GND accumulation
and nucleation efficiency. This is explained by the higher density of
relatively large initial subgrain misorientations that has been
measured for higher boundary GND density. Such misorientations
are closer to the minimum HAB one.

4. Subgrain misorientations increase during annealing. Consequently,
unlike considered by the current SIBM theory, nucleation occurs
when the LAB between a pre-existing subgrain and its parent trans-
forms into an HAB. This is the mechanism accepted for SRX at
transition/shear bands, and for DRX/MDRX. Hence, a unified
description of the nucleation of recrystallization is possible, based on
this criterion.
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