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Abstract

Phase transitions play a crucial role in Li-ion battery electrodes being decisive for both the power
density and cycle life. The kinetic properties of phase transitions are relatively unexplored and
the nature of the phase transition in defective spinel Lis+xTisO12 introduces a controversy as the
very constant (dis)charge potential, associated with a first-order phase transition, appears to
contradict the exceptionally high rate performance associated with a solid-solution reaction. With
the present DFT study, a microscopic mechanism is put forward that provides deeper insight in
this intriguing and technologically relevant material. The local substitution of Ti with Li in the
spinel LisxTisO1, lattice stabilizes the phase boundaries that are introduced upon Li-ion
insertion. This facilitates a sub-nanometer phase coexistence in equilibrium, which although very
similar to a solid solution should be considered a true first-order phase transition. The resulting
interfaces are predicted to be very mobile due to the high mobility of the Li-ions located at the

interfaces. This highly mobile, almost liquid-like, sub-nanometer phase morphology is able to



respond very fast to non-equilibrium conditions during battery operation, explaining the excellent

rate performance in combination with a first-order phase transition.



1 Introduction

Electrochemical energy storage in Li-ion batteries is a key technology for the development of
portable electronics and electrical vehicles. In addition it is now considered as a storage media for
bridging the difference between supply of renewable energy sources and the societal demand.
The working principle of Li-ion batteries is based on the reversible insertion and extraction of Li-
ions in the crystal structure of the positive and negative electrode materials. The nature of the
phase transitions in the electrode materials induced by the insertion of Li-ions is of large practical
importance for Li-ion battery performance as it affects both the cycle life and power density.
First-order phase transitions result in an attractive flat electrode potential, the phase boundaries
formed, however, are thought to be responsible for poor rate performance and typically lead to
poor cycle performance by strain-induced mechanical failure. Interestingly, two intensively
studied electrode materials, olivine LiFePO,™ and spinel LisTisO1,/%* ! appear to be exceptions,
showing excellent rate performance in combination with a long cycle life. For olivine LiFePQO,,
recent studies have provided first insights in the phase-transition kinetics of electrode materials.
Metastable intermediate phases were observed, induced by the high (dis)charge rates®™ ™ and the
first-order phase transition was predicted and observed to be bypassed.!*® ¢ ¢ &1 |n addition, the
phase transition morphology in individual grains was shown to depend on the (dis)charge rate.[”
For spinel LisTisO1, the fundamental nature of the first-order phase transition is unclear even at
equilibrium. This is demonstrated by the fundamentally different phase transition behaviour that
has been reported: (1) a complete solid solution,™ (2) a nano-scale phase separated system[®® ¢!
or (3) a macroscopically phase separated system!’ . Herein, the experimental difficulty is to
distinguish between the structurally very similar LisTisO1, and Li;TisO1, endmember crystalline

lattices.!” ™ % 7 ypon lithiation the spinel Li;TisO:> endmember phase undergoes a phase



transition towards the rock-salt Li;TisO1, endmember phase while maintaining its symmetry with
a volume change of only 0.2%.[2% P 78 83 b.¢.dl Thiq so_called ‘zero-strain’ property allows the
material to go through thousands of charge-discharge cycles with marginal capacity loss and also
suggests that interfaces between the endmember phases, LisTisO;, and Li;TisO5,, can be
associated with a very small energy penalty[® unlike in other Li-ion electrode materials such as
anatase TiO,® and LiFePO,.[** ™ Although the very flat voltage profile suggests macroscopic
two phase separation!’® which is supported by electron microscopy studies,!™ temperature-
dependent X-ray diffraction advocates that intermediate LisxTisO1,  compositions
macroscopically phase separate below 80 K whereas at higher temperatures they segregate into
nano-domains of the endmember phases’® which is supported by NMR experiments.!
Several NMR studies indicate that the individual endmember phases have high barriers for Li-ion
diffusion resulting in poor Li-ion mobility™ ¢ % I which is supported by static DFT
calculations,™! whereas intermediate compositions display high Li-ion mobility!™ ¢ 122 *1 which
is also supported by DFT calculations.' The assumption of macroscopic phase coexistence of
the endmember phases poses a contradiction: how can a sum of two macroscopically phase

separated poor Li-ion conductors give rise to the high mobility observed in intermediate

R11,13,18,19 [15a, b, c, d, e]?

compositions both with NM and macroscopic electrochemical techniques

Using ab-initio DFT calculations this work aims at a fundamental understanding of the
nature of the phase transition behavior and Li-ion kinetics in spinel LisTisO;, and how this
transition is correlated with the material’s excellent electrode performance in Li-ion batteries.
The results reveal a crucial role for the interfaces between the two endmember phases, the
abundant existence of which is facilitated by the partial replacement of Ti with Li. The intimate

mixing of sub-nanometer domains of the endmember phases structurally appears as a solid

solution, however it should be considered as a first-order phase transition, a consequence of the
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very small energy associated with the coherent interfaces. Molecular dynamics simulations
display ultra-fast interface kinetics of the sub-nanometer phase separated system driving the very
high Li-ion mobility in the spinel LisxTisO1, lattice. The nature of the interfaces explains the
contradicting observations and the excellent rate performance of this intriguing material, giving

insight in the relation between atomic scale properties and excellent Li-ion battery performance.

2 Results and Discussion

2.1 Thermodynamics of Li-ions in LisTisO12
The use of pure spinel LixTiO, and defective spinel Lis.xTisO1, as electrode materials in Li-ion
batteries relies on its ability to store Li-ions at two distinct crystallographic sites, the tetrahedral

16¢

8a site, referred to as Li®, and the octahedral 16c site, referred to as Li*®. Additionally in spinel

LisxTisO12 Li-ions reside on the Ti (16d) sub-lattice in a ratio of 1:5 Li:Ti, referred to as Li*®.
These Li-ions are strongly bonded and therefore do not participate in the Li-ion insertion and
extraction during battery operation. Their presence ascertains almost identical lattice parameters
for the LisTisO12 and Li;TisO12 endmembers, which is in turn responsible for the zero-strain
property.[® We start with predicting the distribution of the electrochemically inactive Li-ions
over the Ti (16d) sub-lattice. This is achieved by calculating the lowest energy Li*®* —Ti'®¢
configuration, that will serve as a starting point considering the Li-vacancy energetics on the
electrochemically active Li 8a and 16c¢ sub-lattices. The Li-Ti disorder on the 16d sub-lattice is
calculated in both LisTisO;, and Li;TisO12 endmember phases, by using a three-fold primitive
cell in the smallest supercell, which is the smallest supercell having the correct stoichiometry. For
the 1:5 Li:Ti ratio this results in 19 symmetrically distinct configurations. The resulting total

energies of these configurations after ionic relaxation, calculated using the generalized gradient

approximation (GGA) in density functional theory (DFT),1X%* ® ¢l are shown in Figure 1a. All



calculations were performed without considering spin polarization because this does not change
the energies significantly!*”) indicating that magnetization does not play a significant role in the
energetics of spinel LisxTisO12. The two lowest Li** —Ti*® energy configurations in LisTisOx2,

shown in Figure 1b/c, are identical to the two lowest Li*®™ —Ti'*® energy configurations in

Li7Ti5012.
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Figure 1 (a) Total energy of all possible arrangements of Li and Ti (ratio 1:5) on the 16d sub-
lattice after relaxation in both endmembers stoichiometry’s LisTisO1,  (supercell
Lig®[Li,Ti1]*®0,4) and Li;TisO1, (supercell Liy,***[Li,Tito]*0.4). (b)/(c) The two lowest energy
configurations of LisTisO1, obtained from (a). The cyan, purple, grey, and red spheres represent

Li*® Li®, Tiand O atoms respectively.

Analysis of the various Li*®? —Tj®

configurations reveals that the energy systematically increases
with decreasing Li*® — Li*® distance. A small Li*®® — Li** distance introduces a repulsive energy
(the minimum 16d-16d distance is 2.974 A) explaining why the maximum Li** — Li'* distances,
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5.146 A and 6.642 A, results in the lowest total energy. The energy difference between the two
lowest energy configurations is small, amounting to 23 meV and 71 meV for the LigTi;0024 and
16d

the Lii4Ti10024 endmember supercells respectively. This indicates, that, in practice, the Li

Ti'® disorder may consist of a mixture of these two configurations.
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Figure 2 Formation energies (stars) of (a) pure spinel LixTi,O4, (b) LTO-1 and (c) LTO-2
configurations. Formation energies were determined per formula unit of Li,Ti,O4 and Liz+xTisO1
respectively. The bold line represents the convex hull comprised of the most stable ground states
(hollow circles) that were determined in each case.(d) Insertion voltages determined for the pure
LixTi,O4 and defective spinel Lis+«TisO1, from the total energies between consecutive points (Li-
configurations) on the convex hull at 0 K. The dotted line in (d) is a guide to the eye.
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We shall refer to the two different low-energy 16d sub-lattice configurations as LTO-1 (Li®

— Li*® distance 5.146 A) shown in Figure 1b and LTO-2 (Li** — Li*® distance 6.642 A) shown
in Figure 1c. Given the small difference in ground state energy of the LTO-1 and LTO-2
configurations, the lithium-vacancy energetics on the 8a and 16¢ sub-lattices is calculated for
both starting structures, using the initial part of the code for cluster expansion developed by Van
de Ven and co-workers to obtain symmetrically unique configurations.[*®® * 1. Because the Li'**
ions do not participate in the insertion/extraction reaction during battery operation, the
configuration of these ions as well as the O and Ti atoms is fixed (though the ionic positions are
relaxed during the energy minimizations). For comparative purposes also the previously
reported™*” ¥ lithium-vacancy energetics on the 8a and 16¢ sub-lattices in pure spinel LixTi,O4
are calculated.

Putting vacancies in the pure spinel primitive cell on the 8a and 16c¢ sub lattices results in 24
symmetrically distinct lithium-vacancy configurations. The large size of the LigxTisO1, (LTO-
1/2) supercells (three times the primitive cell) and the reduced local symmetry, introduced by the
Li*® atoms, results in a much larger amount of symmetrically distinct lithium-vacancy
configurations on the 8a and 16c¢ sub-lattices of which we have considered 2653 in LTO-1 and
1490 in LTO-2. In Figures 2a-c the formation enthalpies per formula unit LixTi,04 (1<x<2) and
LizxTi5012 (0<x<3) for all calculated Li-vacancy arrangements, reflecting the relative stability of
the different configurations (the formation enthalpies of the complete compositional range are
provided in the Supporting Information A, Figure S1). The formation enthalpy for the

defective spinel can be defined as:

X X
Efom = ELiMTiSOlZ _5 ELi7Ti5012 - (1_ 5) ELi4Ti5012



Where E is the energy of a specific Li-vacancy arrangement at a concentration X, ELi7Ti5012 is the

energy of the endmember phase where all octahedral 16¢ sites are occupied and Eumsolz is the

energy of the endmember phase where all tetrahedral 8a sites are occupied. The formation
enthalpy of the pure spinel is described in detail elsewhere.™” *! Considering the formation
enthalpies makes it possible to study the relative stability of the different configurations, and
thereby predicting the thermodynamic path upon (de)lithiation. The lines in Figures 2a-c,
represent part of the convex-hull which is constructed by connecting a line between the most
stable (ground state) structures at 0 K as a function of Li composition. Before considering LTO-1
and LTO-2 it is illustrative to start with the formation enthalpies of the pure spinel phase shown
in Figure 2a. Starting at the Li;Ti,O4 ground state, where the 8a sub-lattice is completely
occupied by Li-ions, additional Li-ion insertion results in configurations with a mixed Li®/Li*
occupancy, before reaching the Li,Ti,O4 ground state, where all 16c sites are occupied. The

formation energies of these mixed Li®/Li**

configurations are positioned significantly above the
convex hull connecting the LiiTi,O4 and Li,Ti,O4 ground states indicating a thermodynamic
driving force for the first-order phase transition between these ground states in agreement with
experimental observations and previous calculations.*¥*° Figures 2b and 2c show the formation
enthalpies of both LTO-1 and LTO-2 for the same compositional range, from lithium occupying
all 8a sites in LisTisO1; to lithium occupying all 16¢ sites in Li;TisO12. Comparison shows that
LTO-1 and LTO-2 have a very similar ground state energies upon Li-ion insertion in the 8a and
16¢ sub-lattices that differs fundamentally from those predicted for pure spinel. In contrast to

pure spinel, both LTO-1 and LTO-2 result in several mixed Li%/Li'*

configurations (0<x<3) that
have a formation enthalpy very close and even positioned on the convex hull (two additional for

LTO-1 and one for LTO-2). This implies that in spinel Lis+«TisO12 configurations with mixed Li-



ion occupancy of 8a and 16c¢ sites are relatively stable and likely to occur in practice. This in
contrast to pure spinel Lip+Ti;O4 Where the large formation energy of these mixed Li®/Li'*
configurations provides a driving force towards macroscopic phase separation in domains of
occupied 8a sites and domains of occupied 16c sites.

The voltage profile in Figure 2d is determined from the most stable consecutive ground
state configurations, positioned on the convex hull, shown for the complete concentration range
in the Supporting Information A, Figure S1. As expected, the similar convex hull of LTO-1
and LTO-2 result in very similar voltage profiles. For compositions between Li;TisO;, and
Lig4TisO1,, in addition to all the 16¢ sites being occupied, additional Li-ions occupy the 8a sites,
causing distortions in the neighbouring TiOg octahedra, observed both in LTO-1 and LTO-2, in
agreement with previous theoretical studies.”™® Compositions in excess of Li;TisO, have also
been observed experimentally for nano sized LTO, in agreement with our observations wherein
in addition to full 16c occupancy; partial 8a occupancy was reported using neutron
diffraction.™ LTO-1 and LTO-2 differ only significantly at compositions exceeding Lig4TisOx2,
at which point the voltages obtained for Li insertion are negative. The negative voltage indicates
that the free energy is lower than that of metallic lithium and hence Li-plating is preferred over
exceeding the Lig4TisO1, composition. This is in good agreement with values predicted by Zhong
and co-workers™® and those obtained via chemical/electrochemical insertion in nano
LisxTisO12.2% %% For pure spinel Li,Ti,O4 the voltage profiles reported in the literature have been
obtained by performing Monte Carlo simulations at 300 K based on a cluster expansion using the
DFT energies™” ! whereas at present we report the voltage curve solely based on the ground
state enthalpies, and therefore the configurational entropy is not included. In the composition
range 0<x<3 in LixTi501, the voltages are predicted to be almost constant at 2.00 £ 0.04 V, both

for LTO-1 and LTO-2. This calculated value is higher than the experimentally observed plateau
10



voltage which is =1.55 V vs. metallic Li.l’* 8 These discrepancies between calculated and
experimental insertion voltages are often reported using DFT calculations,”®® ® and do not
influence any trends in the voltage drop observed as a function of increased Li-concentration.
Although both pure spinel LixTi,O4 and defective Lis.xTisO12 display a constant voltage
plateau, the underlying structural changes are very different. In the LixTi,O4 the formation
energies in Figure 2a indicate that it is due to a macroscopic phase separation, driven by the

large energy penalty of mixed Li®%/Li**

sites, in practice leading to domains where Li-ions
occupy the 8a sites and domains where the Li-ions occupy 16c sites thereby avoiding the mixed -
Li®/Li*° site occupancy. However in LiswTisO12, @ number of configurations with mixed -
Li%/Li'® site occupancy are close or even on the convex-hull, indicating that the material will
transform from Li,TisO1, to Li;TisOp, via these Li%/Li%° configurations. Because the only
difference between LixTi,O4 and LisTisO12 is the presence of Li-ions on the Ti 16d sub-lattice,

16¢

these ions appear to stabilize the mixed Li®/Li'® site occupancy.
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Figure 3 Structures corresponding to the lowest energy configurations of LTO-1 where panels
(@) — (f) correspond to LisTisO12, LigsTisO10, LisTisO12, LissTisO12, LigTisO12, and LigsTisO1
respectively some of which fall on the convex hull. The red and grey balls correspond to O and
Ti, while the cyan, violet, and yellow balls correspond to Li at the 16d, 8a, and 16c sites
respectively.
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To gain insight in this mechanism the Lis.«TisO1, lowest energy configurations, three of
which are positioned on the convex hull, as shown in Figure 2b, are studied in more detail. The
structure of the all Li®® occupied, LisTisO1, of LTO-1, shown in Figure 3a, has relatively short
Li® — Li*® distances (3.448 — 3.450 A) as compared to the Li® — Ti**" distances (3.485-3.486
A). The mixed Li®*¥/Li'® occupancy is observed in Figures 3b-e, corresponding to LTO-1

configurations with compositions of LissTisO1, up to LigTisO12, Where it is observed that the

-16¢

nearest Li 16d

-16d

- Li® pairs occur near the Li'® position. This indicates that the Li'*® atom stabilizes

the Li® — Li*® nearest neighbors, albeit up to a certain maximum Li concentration. When the
composition exceeds LigTisO1, the Li® ions move to neighboring 16¢ sites as observed in Figure
3f. In pure spinel the nearest Li® — Li*®*® neighbors would result in a interatomic distance of 1.82

A and hence a large Coulombic repulsion making these configurations energetically

16d

unfavorable. In LTO the nearby Li*® sites allow the Li® — Li*®® distance to relax to a distance in

the range of 2.354 — 2.435 A (lowering the Coulombic repulsion) as shown in Figures 3d-e.
Configurations with a smaller Li® — Li*®® distance result in a higher formation enthalpy. For
example the composition LissTisO1, of LTO-1, where the lowest energy configuration has been
depicted in Figure 3d, has a Li®® — Li'® distance between 2.354 — 2.435 A. At the same

composition the configuration with a 200 meV/Li higher formation enthalpy, shown in the

L'].GC

Supporting Information A (Figure S2), contains several Li® — Li'® nearest neighbors,

16d

however, of which all but one have a Li** adjoining atom. Because the Li®* atoms are not able to

relax towards the Ti'®® atoms the Li® — Li'® distances are relatively small (1.986 — 2.122 A)

which is responsible for the higher formation enthalpy. The same stabilization mechanism is

observed in LTO-2.

16d

A consequence of the nearest Li® — Li'® stabilization adjacent to Li'*® atoms in spinel

LisxTi5012 is that the phase separation between domains of 8a occupancy and 16c occupancy,

13



representing the first-order phase transition, is mixed on a sub-nanometer length scale in contrast

to pure spinel.

0.5

-0.1

oL* oL oL’ @Ti @O0

Figure 4 Lowest energy LigTisO1, configuration of LTO-1 (Left) and a cross section of the

difference in charge density (Right) between the LigTisO12 configuration and the Li;TisO1

16d 16d

configuration consisting only of Li™" . The cross-sectional plane chosen passes through the Li
— Li*®— Ti*® atoms indicated by the dotted line. Of these atoms the Li'® forms part of the nearest

neighbor Li® — Li*®® pair denoted by the green shaded oval.

The stabilization mechanism of adjoining Li®® and Li'® is further investigated by
considering the difference in valence electron density upon lithium addition between the most
stable LigTisO2 (LTO-1) and Li; Ti4O1, (LTO-1) configurations shown in Figure 4. From a cross
section of the charge density difference it is observed that upon lithium addition, the electron

density is donated to the 2p-O and 3d-Ti orbitals of the neighboring O and Ti atoms.

-16¢ 16d

Consequentially, the Li** atom neighboring the Li® (nearest to the Li**¥) seen in the left panel of
Figure 4 is better shielded by the electrons residing in the O orbitals in its vicinity in comparison
with other Li** atoms, with a larger charge density being transferred to the oxygen atom adjacent
to the Li*®". In addition to the larger Li®® — Li'® nearest neighbor distances allowed in the vicinity

of a Li*®, the electron density screening is responsible for the stabilization of the nearest Li® and

14



Li*®® neighbors in spinel LisTisO12, resulting in the formation of sub-nanometer 8a-rich and

16¢-rich domains.

2.2 Kinetics of Li-ions in LisTisO12 by Molecular Dynamics simulations

To investigate the kinetics of the Li-ions on the 8a and 16c sub-lattice Molecular
Dynamics (MD) simulations were performed using DFT for intermediate compositions 0<x<3 in
spinel LisxTis012 hosting a mixture of 8a and 16c¢ site occupancies. A 2x1x2 supercell was
constructed with an initial (001) orientation of the interface between the domains of Li®® and Li®
occupancy, as shown in Figure 5, which was suggested to be a preferential interface orientation
by TEM™ and static (0 K) DFT calculations™. Such sharp coherent interfaces, separating
domains of Li® and Li'®, were observed using electron microscopy®® reporting a small interface
width of only a few Angstroms. At the (001) interface one layer of 8a positions and 16c¢ positions
is purposely left unoccupied, , to create a space for the interface to relax during the MD
simulations, see Figure 5. The periodic boundary conditions introduce a second interface
between the Li® and Li'®® domains also with the (001) orientation connecting the bottom of the
supercell with the top, in this case introducing nearest Li® - Li*®® neighbors. Several supercell
configurations that differ in size and stoichiometry were simulated for a calculation time of up to
200 pico seconds for a wide range of temperatures (300 to 600K), see Supporting Information

B.
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Figure 5. (a) 2x1x2 LTO supercell, starting point of the MD simulations. (b) 3D representation
of the phase separated initial supercell: in green the Li-rich endmember (Li-;TisO12) phase where
all electrochemically active Li-ions occupy the 16c sites and in purple the Li-poor endmember
(Li4TisO12) phase where all electrochemically active ions occupy the 8a sites. The dimensions of
the supercell are 1.67:0.83-1.67 nm® and the DFT calculations are performed under periodic

boundary conditions.

During the first 2 ps (the initial stage of the MD simulations) the supercell shown in
Figure 5 immediately relaxes at the interfaces towards a variety of local Li® - L' - Lj®
configurations, between which it fluctuates. These local configurations are very similar to the
ground state configurations predicted by the static DFT calculations in the previous section where

nearest Li® — Li'® neighbors were shown to be stabilized by adjacent Li®

atoms, see Figures
3c-e. The kinetics of the local configurations will be discussed in detail in a following paragraph.

After the initial 2 ps the MD simulations show a highly mobile, liquid like, interface and domain

16



structure moving through the crystal lattice as shown in Figure 6. MD-simulations of the same
supercell at different temperatures show similar results, however differing in the exact evolution
of the morphology indicating the random character of the mobile domain interface (Supporting

Information C).
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The mobility of the Li® and Li**® domain-interface morphology is the consequence of the high
Li-ion mobility over the 8a and 16c sub-lattices. This is illustrated by Figure 7a and 7b that
display the relative positions of the 8a and 16c¢ sites and the integrated Li-ion density during the
first 100 out of the total 185 ps MD simulation at 520 K of a fraction of the supercell shown in
Figure 5. It reveals the diagonal pathways connecting every 8a site to another 8a site in four
directions, via a 16c site, creating a 3D dimensional diffusional network. Figure 7c displays the
mean square displacement (MSD) as a function of the MD simulation time. After approximately
100 ps the MSD reaches a plateau which is accompanied by an apparent stabilization of the
interface in the (100) direction, see Figure 7d. For the cubic symmetry of spinel Lis+xTisO1; this
is equivalent to the (010) and the (001) orientation from which the MD simulation was started.
However, close examination at the atomic scale shows that locally no preferred interface exists.
The diffusion of the Li-ions, and thereby the interface and domain mobility, is dictated by the
Li** atoms, as will be discussed below. Given the stabilization of the MSD after approximately
100 ps, this should be considered as an equilibration of the system from the initial conditions
shown in Figure 5. Therefore it is necessary to distinguish the Li-ion kinetics before and after the
initial approximately 100 ps as this equilibration results in a MSD of the Li-ions, as observed in
Figure 7c, whereas after 100 ps only local mobility is observed leading to fluctuations of the
interface region between the Li®® and Li'®® domains, see Supporting Information D. The
stabilization of the MSD indicates that the MD system during the first 100 ps is not in
equilibrium, a condition similar to that imposed during the operation of Li-ion battery electrodes
where electrochemically driven insertion or extraction of Li-ions induces a non-equilibrium
condition. We suggest that the diffusional relaxation mechanism is of interest for the

understanding of the functioning of spinel Lis«xTisO12 as Li-ion battery electrode.
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Figure 7. (a) Schematic representation of the all possible 8a and 16c sites in a fraction of the
supercell and (b) Li-ion density plot integrated over the first 100 ps of the MD-simulation at 520
K, for comparison represented in the same fraction of the supercell shown in Figure 7(a), red
colour represents high density, green represents lower Li-ion density indicating the
characteristic diagonal (110) (011) (101) Li-ion diffusion pathways. (c) Mean square

displacement (MSD) of all elements in the supercell for the first 100 ps out of the total 185 ps at
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520 K and the total 70 ps at 600 K. (d) Representative 3D configuration for the configurations

occurring after the first 100 ps.

From all possible Li-ion diffusional transitions (16c-16c, 8a-8a, 16d-16¢, 16¢-16d, 16d-
8a, 8a-16d, 8a-16¢ and 16c-8a) only the 16¢c-8a and 8a-16¢ transitions occur during the MD
simulations, consistent with the high energy barriers for the other transitions measured with local
probes and predicted by ab-initio calculations.!® ® 122 213141 ‘The most interesting observation is
that the large majority of the transitions (>99.5%) takes place at interfaces between the Li%-
domains and Li***-domains and practically no transitions occur within the Li®-domains and Li®-
domains during the time of the MD simulations, the latter in agreement with experimental

observations!™ ° 122 1

pointing out sluggish diffusion at the endmember phases. This was further
confirmed by MD simulations of the endmember phases LisTisO1, (Li%) and Li;TisO (Li**)
where no transitions were predicted at 600 K and up to 200 ps simulation time. This indicates that
the high mobility of the Li-ions in spinel Li,TisOq, & 12> 2241 shoy|d be attributed to high Li-
ion mobility at the interfaces between the Li®®-domains and Li‘*°-domains. As concluded from the
most stable configurations in Figure 3, the interfaces are stabilized by the Li‘®® atoms resulting in
sub-nanometer domains and hence a large abundance of these interfaces. As a consequence
Lis+xTisO1; for the compositions 0<x<3 is an excellent Li-ion conductor due to the highly mobile
and apparently abundant Li'®® stabilized interfaces. The rare conditions that lead to Li-ion
transitions within the Li®-domains and Li'*-domains (0.05% of all transitions) are analyzed in
Supporting Information E. The energy barrier for the 8a-16¢ and 16c-8a transitions occurring
at the domain interfaces are quantified by the mean jump rate v according to v = J/(Nt) where J

represents the number of the 16¢-8a or 16c¢-8a transitions during the MD simulation, N the total

number of Li-ions in the supercell and t the total simulation time. The respective activation
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barriers for the 8a-16¢ and 16c-8a interface transitions are calculated using transition state theory
by Ea = -kT In(v/v) ) where v, represents the attempt frequency, typically assumed to be 10*
sec [®! k is Boltzmann’s constant and T the temperature, the results of which are presented in

Table 1.

T (K) | t (ps) | Equilibration Threshold E (eV) E (eV)
Composition

Time (ps) Time (ps) 8a - 16¢ | 16¢— 8a
A:Lis,TisOy, | 520 185 3 0.1 0.28 0.28
A:Lis,TisO, | 520 185 100 0.1 0.31 0.31
A:Lis,TisO, | 600 70 3 0.1 0.30 0.31
B:Lis;TisO1, | 600 54 3 0.1 0.29 0.29

Table 1. Activation energies of the 8a-16¢ and 16¢-8a transitions resulting from various MD

simulations where ¢t is the total simulation time

The equilibration time has little influence on the calculated energy barriers as shown in Table 1.
The energy barriers are slightly increasing when the equilibration time is increased to 100 ps
where the MSD starts to flatten (Figure 7c). As expected for a system near equilibrium the
barriers for 8a-16¢ and 16¢-8a transition are symmetric, and they are in good agreement with
NMR experiments [ ¢ 12221 55 \vel| as with static DFT calculations based on the Nudged Elastic
Band (NEB) approacht*® *. To examine whether the results depend on the starting conditions of
the MD simulations or on temperature several simulations were performed, giving very similar
results as shown in Table 1 and the Supporting Information F. Figure 8 presents an overview

of reported activation energies in literature, including the present results. Compared to the static
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NEB calculations™ 1 based on non-stoichiometric cells, the MD simulations have the
advantage to include the lattice kinetics and to give insight in the timescale of the most probable
transitions. Figure 8 indicates that high Li-ion mobility is expected for intermediate
compositions, 0<x<3 in LisTisO1. The present results show that this is due to the Li‘®
stabilized Li®-Li*® nearest neighbors which induce interfaces between the Li®*and Li‘®® domains
with partially filled sites allowing facile Li-ion transitions. In contrast, the vacant sites in the
endmembers (16c¢ sites in LisTisOy, and 8a sites in Li;TisO12) are unstable due to occupancy of
all nearest neighbors. As a consequence there are effectively no vacancies to facilitate Li-ion

diffusion resulting in the high activation energies observed and predicted!® & 12 b 13.14]

48f 8a 8a 16¢ 16¢ c
b:ng#— M
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’ u NMR spectrospopy %DFT (GGA) - NEB
. ‘ 1: Wilkening 5:Chen
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Figure 8 Overview of the activation energy for Li-ion diffusion in spinel Liz+TisO1, as a

function of concentration, where the blue line represents the weighted average.

Considering the MSD during the first 100 ps equilibration time, a self-diffusion
coefficient (D) can be determined using D = MSD/(2Nt)?®! where N is the dimensionality of the
diffusion (in this case N = 3 for the 3D diffusional work demonstrated by Figure 7), and t the

time, resulting in D =7.3-10" cm%s at 520 K. One could argue whether during the equilibration,
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where there is a driving force towards a lower energy state, this can be considered to be a self-
diffusion coefficient. However, given the very small energy gain during the simulation, ~0.021
eV per Li-ion, we suggest that this is a realistic prediction of the self-diffusion coefficient. Given
the calculated activation energy, see Table 1, this results in a room temperature self-diffusion
coefficient of D =7.5-10° cm?s which is in the upper range of chemical diffusion coefficients
reported by electrochemical methods®® **¥I. However, it should be realized that, in particular for
non-dilute systems such as LTO, the chemical and self-diffusion coefficients may differ
considerably. The MSD obtained from the 70 ps calculation at 600 K results in a self-diffusion
coefficient of D=8.3-10"" cm?/s which at room temperature amounts to D =3-10cm?/s, which is
of the same order of magnitude as the MD simulation at 520 K.

To gain insight in this very high Li-ion mobility the local interface configurations and Li-
ion transitions during the MD simulations are studied to highlight the origin of the high Li-ion
conductivity of spinel LisxTisO12. This results in three distinct interface configurations between
which the system fluctuates as will be illustrated by the snap-shots of an MD simulation showing
a typical evolution of the interface region in Figure 9a-f. Figure 9 is a 2D projection of the 3D
8a and 16c site configuration on the xz plane, covering 8.3 A of depth in the y-direction, also
indicating the Li'®® atoms nearest to the shown 8a and 16c sites as well as a schematic indication
of the phase boundary. The starting frame, Figure 9a, depicts two of the three possible local
interface configurations that occur during the simulations. For local configuration type 1 an

occupied Li® site (Li,) has only one out of four nearest Li** (Lis) sites occupied. The resulting

Li% - Li'®® nearest neighbor pair is stabilized by the neighboring Li*®

, representing the type of
configuration shown in Figure 3 that were found to have the lowest formation energy. The

thermal fluctuations during the MD simulation result in a Li® - Li'® nearest neighbor distance
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16d

between 2.2 and 2.7 A, mediated by the relaxation near the Li'®", consistent with the relaxation

results that predict a value close to 2.4 A (Figure 3c,d,e). This configuration allows several
possible transitions as indicated by the straight dashed lines in Figure 9a. Local configuration
type 2 is characterized by empty 8a and 16¢ sites at the interface between the Li® and Li'*®*
domains forming a (100) or (001) boundary (and (010) in 3D), see for instance near Li, and Lis in
Figure 9a. The straight solid line in Figure 9b indicates an actual 8a-16c transition during the

Li*®® nearest neighbor (Li, and Li;), having interface

simulation, creating a new Li%® -
configuration type 1, stabilized by the nearest Li**". This is followed by an 8a to 16¢ transition
(Li) in Figure 9c resulting in configuration type 2. The transitions from Figure 9c to 9e proceed

via another type 1 interface configuration, characterized by the Li® - Li'®

nearest neighbor pair,
indicated with a red arrow in Figure 9. The sequence from Figure 9a to 9e effectively causes the
interface between the Li® and Li'*®® domains to move, responsible for the dynamic domains
structure shown in Figure 7, to reach the final interface configuration type 3 depicted in Figure
of that occurs several pico-seconds later. In this interface type a diagonal empty layer of 16c¢ sites
exist between the two phases (area between Lis Lig, Lis). To transform this type 3 interface into a
type 1 or 2 requires either a number of type 1 and type 2 transitions, or a 16c-8a-16c¢ transition
which in this case actually occurs during the simulations, as indicated in Figure 9f, the result of
which is again a type 1 interface configuration. This type of transition occurs approximately only
1 out of 100 transitions, the small probability of which is a consequence of the energetically

unfavorable 8a occupancy by the Lis atom having two nearest Li®

neighbors and no adjacent
stabilizing Li*®. The poor stability of the intermediate state of this transition is illustrated by its
short 0.01 ps life time compared to the typical life time of the configurations shown in Figure 9

which is generally more than 0.1 ps. This explains why 16c-8a transitions in Li'* domains and
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8a-16¢ transitions in Li®* domains are energetically very unfavorable and do not occur during the
present MD simulations, consistent with NMR experiments® 2 ®! and static DFT calculations™
Y The transitions from Figure 9b to 9e is completed within 0.4 ps indicating that the transitions
at the interface may be strongly correlated. In order to investigate if the supercell size in the y-
direction influences the result, a 2x2x2 supercell was simulated. Although the size of this
supercell limits the total simulation time to 10 ps a number of similar correlated transitions were
observed, indicating that these transitions are not induced by the periodic boundary conditions.
Analyzing the interface configurations during the MD simulations reveals that adjacent type 1
configurations as well as adjacent type 1 and type 2 configurations are avoided, and that
preferably a mixture of type 1 and type 2 or type 3 configurations is formed. This explains the
equilibration during the MD simulations shown in Figure 6 where the middle interface exists of
adjacent type 2 configurations, and the interface at the bottom of the supercell, which is
connected to the top, exists of adjacent type 1 configurations. This unfavorable situation relaxes
during the MD simulation to a mixture of interface types as illustrated by the transitions during
the initial stages of the MD simulations in Supporting Information G. During as well as after
the equilibration, of approximately 100 ps, as shown in Figure 8, the same type of fluctuations
between the three interface configurations are observed. The only difference is that the non-
equilibrium conditions during the initial 100 ps cause a higher calculated transition frequency,

responsible for the slightly lower energy barriers during the equilibration time in Table 1.
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Figure 9 Schematic 2D representation of the evolution of the 3D 8a and 16c¢ site configuration
during a sequence of snap-shots (during 5 ps) resulting from the Molecular Dynamics
simulations (2x1x2 Lis,TisO1,, 520 K). The hexagons represent the tetrahedral 8a sites and the
circles represent the octahedral 16c sites. The color of the enumerated Li-ions (smaller circles)
reflect the type of site they occupy, purple for 8a and green for 16c. The Li-ions residing at the
16d sites are indicated with a small offset in the xz plane making them visible behind the 16¢

sites but their distance to the two nearest 8a sites is equal. A schematic boundary is drawn
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separating the Li-poor (Li®®) and Li-rich (Li**°) domains . As indicated in Figure 9 only diagonal

transitions can occur connecting 8a sites via a 16c site and vice versa.

16d

The described mechanism demonstrates the crucial role of the Li™" sites which locally

stabilize type 1 interface configurations consistent with the most stable configurations in Figure

3. Because the Li*®

sites prefer to be well distributed through the lattice (Figure 1), with an
average distance between 5.146 A and 6.642 A, this facilitates an abundance of interfaces. The
MD simulations indicate that this results in Li®® and Li'®* domain sizes as small as 1 nm in
diameter, although the restricted supercell may influence this. The intimate mixing of the Li®® and
Li** domains is consistent with the recently observed percolating endmember phase mixturel?”.
Moreover, the associated distribution in local configurations explain the local NMR
observations® and temperature dependent diffraction!® suggesting nanometer scale domains or
even a complete solid solution™. Nevertheless the predicted sub-nanometer morphology
represents a true first-order phase transition, as the chemical potential, the first derivative of the
Gibbs free energy, is discontinuous as observed in Figure 3d. Solid solution like phases are
experimentally observed in materials that are chemically lithiated. We anticipate that under the
high-rate like conditions, associated with chemical lithiation, many particles react concurrently
resulting in many particles that are partially lithiated in which the sub-nano morphology will
establish. In contrast, relatively slow electrochemical lithiation is likely to activate only a small
amount of grains leading to a macroscopic separation of the phases over different grains. This
long-range phase separation may prevent reaching the equilibrium conditions described at present

rendering the macroscopic phase separation a metastable condition, which explains the

experimental observations of macroscopic phase separationt’ .
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The Li'® stabilized local interface configurations facilitate the high Li-ion mobility
observed in the MD simulations, causing transitions between the type 1-3 interface configurations
described in Figure 9. The high Li-ion mobility at the domain interfaces is responsible for the
high mobility of the domain interface-morphology as observed in Figure 6, even at equilibrium
conditions. Therefore we conclude that the high mobility of the Li-ions at the interface is
responsible for the excellent conductivity of spinel Lis«TisO12. In addition, the interfaces are
most likely responsible for the increased electronic conductivity observed” 2% €I during battery
cycling as they introduce a more homogeneous distribution of the mixed Ti**/Ti*® oxidation
states, which were recently shown by electrochemical and spectroscopic tools®¥ to be
responsible for enhancing electronic transport. (De)lithiation of the endmember phases introduces
the highly mobile interfaces that effectively activate the material by introducing high ionic and
electronic mobility, consistent with experimental observations!® > 154 27 28.b. ¢l ' Therefore the
presence of the interfaces allows the system to respond very fast to non-equilibrium conditions

occurring in Li-ion batteries, explaining the excellent rate capabilities of spinel Liz+xTisO12.

3 Conclusions

Evaluation of the lowest energy configurations predicted by DFT calculations provides

16d 16d

fundamental insight into the role of the Li~" sites in disordered spinel Lis«xTisO12. The Li~" ions

energetically prefer to be well distributed through the LTO lattice, and stabilize the adjacent

8a_ Li16c

nearest Li® - Li'*®® neighbors. This in contrast to pure spinel Liy.,Ti,Os where Li nearest

neighbors are energetically highly unfavorable inducing macroscopic phase separation. In spinel
-8a

LisxTisO1, the stabilization of Li® - Li** nearest neighbors allows intimate mixing of the Li
g

and Li** domains explaining both the solid solution interpretations and the observation of
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domain structures. It represents, however, a true thermodynamic first-order phase transition
consistent with the observed flat potential profile. The Li'® stabilized Li® - Li'**® nearest
neighbors also play a pivotal role in the kinetics of the system as illustrated by the Molecular
Dynamics simulations, by allowing facile transitions between a few stable local interface
configurations. These transitions induce rapidly moving interfaces between the Li® and Li'*
domains, explaining the very fast response on non-equilibrium conditions such as those occurring
in Li-ion batteries. Thereby, unlike in other known first-order electrode materials, the low energy
associated with the coexisting phases, makes that the phase separation in LTO appears to occur
spontaneously towards sub-nanometer domains. This suggests that the first-order phase
transformation appears to be driven by spinodal decomposition rather than nucleation. The
simulations in this work suggest that it is this local environment that is responsible for the
excellent rate performance and cycle life of spinel LisxTisO1, as Li-ion battery electrode.
Nevertheless, it is possible that macroscopic phase separation can occur under non-equilibrium
conditions during battery operation as the inter particle diffusion over large distances may
prevent reaching the equilibrium conditions described at present, rendering macroscopic phase
separation a metastable condition. Thereby the detailed local environment as described by the

present DFT calculations brings forward a consistent understanding of the thermodynamics and

kinetics of the spinel Lis.«TisO1 Li-ion battery electrode material.

Methods
Computational details Calculations were performed using the Vienna ab initio simulation

package (VASP)*’
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wherein the ground state energies were determined by the use of the generalized gradient
approximation (GGA) to density functional theory (DFT).[**® 9 To describe the electron-ion-
core interactions the projector augmented method (PAW)! 1 was used. The cutoff was set to
400 eV for accurate calculations. The total energy convergence was ensured to be within 10™ eV
per formula unit between successive iterations with respect to the k-point sampling. For the MD
simulations a k-point mesh of 4x4x4 was applied for supercell relaxations and total energy
calculations. The k-point mesh was reduced to 1x1x1 for the MD simulation to ensure feasible
computational times. The cutoff energy was set to 400 eV and a 2 fs time step appeared
appropriate for the simulations. To determine the position of the mobile Li-ions during the MD
simulations the distance of the Li-ions from the crystallographic sites in LTO?*! were monitored.
A Li-ion within a radius of 0.8 A from the crystallographic positions was interpreted as
occupying the specific position. A variety of threshold and equilibration times were applied to
test the consistency in the hopping time scales. Finally, visualization tools (Material Studio and
Mat lab) were used to derive the macroscopic and microscopic pictures of the moving interface.

The insertion voltage The difference in Gibbs free energy AG for the Li insertion reaction can

be used to determine the average voltage for Li insertion as*”

-AG

T
(Xz_X1)F

where x; and X, are the two end Li-compositions between which insertion occurs ( X2 > X;) and
F is Faradays constant. This is further simplified by the assumption that the changes that occur
in volume and entropy are very small during this reaction as a result of which the average

insertion voltage can be approximated to

—-AE

T
(Xz_X1)F
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where AE is the calculated total energy difference of the two Li-composition limits taking
metallic Li as a reference.
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