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Próbowałam różnych doświadczeń opisanych w podręcznikach fizyki i chemii. Niekiedy dodawał
mi otuchy jakiś drobny sukces, kiedy indziej znów wpadałam w głęboką rozpacz z powodu wypad-
ków i błędów, wynikających z mojego braku doświadczenia. Na ogół jednak wiedziałam, że
postępy nie mogą przychodzić ani szybko, ani łatwo; te pierwsze próby utrwaliły we mnie za-
miłowanie do badań eksperymentalnych z dziedziny fizyki i chemii.

I tried to reproduce various experiments described in the treatises on physics or chemistry. From
time to time a little unhoped-for success would come to encourage me, and at other times I sank
into despair because of the accidents or failures due to my inexperience. However, on the whole,
I learned, that progress in such matters is neither rapid nor easy, I developed my taste for experi-
mental research during these first trials.

Maria Skłodowska-Curie (on her research beginnings)
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Abstract

The autonomous filling of creep-induced grain-boundary cavities by tungsten-rich precipitates has been
studied for Fe-W alloys at various temperatures, loading conditions and creep rupture times. To this aim,
scanning electron microscopy, energy-dispersive spectroscopy and X-ray nano-tomography were used. Ad-
ditionally, the effect of local plastic deformation, followed by ageing processes, on the surface precipitation
in these alloys has been studied by means of scanning electron microscopy, together with energy-dispersive
spectroscopy. Finally, a diffusion-based finite element analysis has been performed to study cavity filling for
different combination of diffusion mechanisms. From scanning electron micrographs it can be confirmed,
that Fe-W alloys show damage-selective precipitation of the Laves phase (Fe2W). Furthermore, the filling ra-
tios of individual cavities are determined and it is found, that the autonomous healing strongly depends on
the duration of the loading at of elevated temperature. From the quantitative analysis of the size and shape
of the precipitates and cavities it is found, that the orientation of grain boundaries to the stress direction
has an influence on the morphology of the induced-cavities, as well as, the filling ratio. The grain-boundary
cavities orientated favourably for the cavity growth show low filling ratios, due to the fact, that their propa-
gation proceeds with a higher rate than the solute transport. The critical volume of a cavity, that can be fully
filled with solute atoms, is found to be of the order of 10 µm3, while the average filling ratio for Fe-W alloys
is found to be around 50% for the sample loaded to 100% of its lifetime. Moreover, the scanning electron
micrographs of the indentation-deformed samples subjected to ageing revealed surface precipitates (Fe2W),
which existence has to be further researched. The hardness measurements of Fe-W samples showed that af-
ter 200 hours of ageing at 580◦C, the strength of the alloy is only reduced if the material has been pre-strained,
but it remains constant for the solution heat treated specimens. This result shows, that the process of disloca-
tion recovery dominates over work-hardening only in the case of a high dislocation density. Finally, the finite
element analysis revealed, that during the diffusive cavity filling of an equilibrium-shaped void, three differ-
ent diffusion profile regimes are plausible. Namely, a diffusive filling dominated by volume diffusion, which
occurs for a relatively small spacing between neighbouring cavities and is independent of the ratio of bulk
and grain-boundary diffusion. Secondly, a diffusive filling governed by volume diffusion with contributing
grain-boundary diffusion, which occurs for relatively low ratios of bulk and grain-boundary diffusion. And
ultimately, a diffusive filling governed by grain-boundary diffusion, which occurs for relatively high ratios of
bulk and grain-boundary diffusion.
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1
Introduction

One of the most concerning issues of today’s world is the unpredictability of the lifespan of anything that has
been created, either by humans or nature. The greatest goal of all has always been to more or less ‘guarantee’
a minimal lifespan of anything that exists, irrespective of any (initially non-fatal) damage which it encoun-
tered during its life. While the nature has supplied the living organisms with an ability to reconstruct and heal
local non-fatal damage and thereby prolong the subsequent lifetime, man-made materials and constructions
lack such a feature. Therefore, engineers and scientists, inspired by the self healing mechanisms in nature,
decided to devise and incorporate self mechanisms into man-made materials. This idea gained a high pop-
ularity in early 21st century, following a land-mark paper by White et al. [84] in which healing of a thermoset
polymer, due to the inclusion of micro-capsules filled with a liquid adhesive, was demonstrated. The concept
however dates back to the less-known work by Dry [22] in which the matrix material was concrete. Since then,
self-healing systems have been introduced into polymers, fibre-reinforced composites, asphalt, concrete and
metallic materials [78, 79].

The work described in this thesis focuses on the formation of local damage and its subsequent heal-
ing, during continuous loading at high temperatures, in a model alloy for so-called creep-resistant steels,
which are utilized at high temperatures and so-called creep loading conditions. Creep-resistant steels are
the key construction materials in thermally and mechanically loaded elements in high temperature instal-
lations, such as steam turbines and aeroengines. Under the combined effect of temperature and stress, the
components show the well-known phenomenon of creep deformation. Creep deformation not only leads to
dimensional changes, but also to microstructural changes which eventually lead to premature fracture of the
component. This damage usually starts at grain boundaries and is in the form of cavities, which grow and co-
alesce with proceeding deformation. Traditional methods to design more robust creep-resistant steels with
either the ability to endure higher stresses or with a longer lifetime, focus on compositional and microstruc-
tural changes, which prevent, or at least retard, the formation of the creep cavities at the grain boundaries.
Hence, the traditional approach focuses on the prevention rather than the (autonomous) management of the
creep damage [78]. The approach, which is the subject of this work, i.e. autonomous self healing of early
stage creep damage, does not deal with the enhancement of the initial properties of the material, but with
autonomous control or healing of damage, during the entire period of creep deformation, as the aim is to
obtain as significantly increased ‘guaranteed’ lifetime.

As first explicitly expressed in [37, 78], an autonomous self healing ability in a material requires the pres-
ence of “local temporary mobility” which does not compromise its initial properties too much [30]. In partic-
ular, the condition of ‘mobility’ is important as repair of damage requires the transport of the ‘healing agent’
from its original position to the damage site. While designing for self healing behaviour is now an intentional
design route, it has been discovered that self healing sometimes also occurs in conventional materials, such
as old concrete bridges, that autonomously filled their cracks with newly reacted calcite [78]. Self healing in
steels is hard to achieve as the high melting point of steels implies a very strong bonding between the con-
stituent atoms (the dominant iron atoms and the substitutional and interstitial alloying elements) resulting
in a very low (or virtually absent) intrinsic mobility at room or modest temperatures. Only when steels are
exposed to high temperatures (typically >550◦C), the atomic mobility reaches a value that leads to healing of
the small scale local damage. As the healing reaction involves the controlled autonomous deposition of well-
selected alloying elements in the creep cavities, the starting condition at the beginning of the creep loading
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2 1. Introduction

should be the one of an over-saturated solid solution [30]. In response to the newly-created open volume
defects the solute atoms move via volume and grain-boundary diffusion to the surfaces of the cavities and
segregate there. The healing automatically stops when all the solute atoms are used to form precipitates at
damage sites or when a cavity is fully filled [86]. The filling of the cavities not only prolongs the lifetime of the
material, but also enhances its strength and creep properties.

The most successful creep damage healing results have been obtained with Fe-Au model alloys. Fang
et al. [24] developed an iron-gold system which evidently showed precipitation of gold-rich phases in creep
deformation-induced grain-boundary cavities, when subjected to stress levels of 60 – 120 MPa at temperature
of 550◦C. Another worth-mentioning material that has been studied, is the iron-copper steel grade. Unlike the
Au atoms, copper showed both precipitation at crack surfaces and inside the bulk. A substantial fraction of
the healing agents, in this case the Cu atoms, were rendered immobile by internal precipitation in the interior
of the grain and could no longer contribute to the healing reaction. Hence, the Fe-Cu system is considered to
be a rather inefficient system for self healing of creep damage [39, 40]. As internal homogeneous precipitation
is less likely to occur for atoms with a larger atoms radius, recent research focused on the iron-molybdenum
system and the precipitation of Mo-rich phases in creep cavities has been demonstrated [89]. The current
research is focused on yet another system selected on the guiding principle of large diameter solute atoms
which can be brought into a supersaturated state, the iron-tungsten (Fe-W) system.

The main aim of this research Thesis is to investigate the self healing mechanism of the aforementioned
ferritic Fe-W alloys. In particular, the healing of deformation-induced damage, which is either formed dur-
ing creep loading or by micro-indentation. The (internal quasi-homogeneous) creep-induced damage is
formed during the mechanical tests of the alloys and its filling is examined afterwards, while the local surface
indentation-induced damage is formed during plastic deformation of the alloys’ surface in ambient environ-
ment and its filling and strength changes are investigated after ageing processes. Each of this experiments is
performed at different testing conditions, in order to thoroughly evaluate the self healing mechanism. The
experimental techniques used for the second phase precipitation examination include scanning electron mi-
croscopy, energy-dispersive spectroscopy and X-ray nano-tomography. Additionally, a diffusion-based finite
element analysis is performed for the general case of Fe-X substitutional model alloys, in order to evaluate
the role of the various diffusion mechanisms in controlling the filling of the creep-induced cavity, having an
equilibrium starting shape. The diffusivity values are adequately varied to gain an insight on all possible cases
of the diffusive solute transport in Fe-X alloys.

The Thesis report commences with the theoretical background on creep deformation, its damage nucle-
ation and evolution, and a review on currently used methods to elongate creep lifetime (Chapter 2). Then,
the notion of a general self healing effect is described, together with the detailed description of autonomous
repair in steels and its applications and prospects (Chapter 3). Subsequently, the main matter is addressed,
which includes the description of Fe-W alloys, the mechanical creep testing and experimental investigation
of their self healing effect (Chapter 4). Then, the results of the investigation of the indentation-deformed sur-
faces after (stress-free) ageing is presented (Chapter 5). The report ends with the detailed description of the
diffusion-based finite element model, together with its outcomes and directions for future research on the
self healing effect in creep steels (Chapter 6).



2
Creep deformation

In this chapter, the phenomenon of creep and creep damage in metallic materials and in particular (ferritic)
steels is presented. Although the Thesis report is on the healing of creep damage, it is important to describe
and analyze the processes which lead to the formation of creep damage. Creep, the plastic elongation of a
material loaded at a high temperature (at a homologous temperature >0.4Tmel t , when Tmel t is expressed in
Kelvin) for a long time at a constant external load, is known as a slow, time-dependent and continuous plastic
deformation of a material, and it involves the combined contributions of dislocation motion and diffusion [2].
The chapter commences with the description of creep behaviour, and is followed by a section on the classi-
fication of creep mechanisms, that govern the deformation of materials under specific conditions. Then, the
chapter introduces the various mechanisms for creep damage formation and ends with the description of
some potential approaches to control and prevent the formation of creep damage.

2.1. Creep behaviour
Typically, to determine the tensile strength of a metal, a quasi-static or even a dynamic tensile test is required,
in which the applied load increases continuously as a function of time. However, in the case of conventional
creep testing, creep deformation takes place under a constant load and the strain rate is measured as a func-
tion of time until the final fracture takes place [5, 32]. As creep is to provide information on the long term
behaviour of a material, the loading conditions are selected such that a specimen failure will take place af-
ter a relatively long time, ranging from 1000 to over 200,000 hours. To show the various stages of the creep
deformation the actual creep curves (see Fig. 2.1) are often presented on logarithmic time scales [5]. In Fig.
2.1 it can be observed, that with the application of a load there is a rapid initial strain, which is the sum of
the elastic deformation and the instantaneous plastic deformation. As this strain is non-dependent on time,
the initial elongation is not classified as being part of the creep process. Following the instantaneous strain
evolution, Stage I (also called primary creep stage) occurs. During this stage, there is a significant continuous
change of the creep rate (i.e. plastic strain rate) with time and accumulated plastic strain. With the creep rate
decreasing, after some time, the creep rate (on a logarithmic time scale) becomes constant and this state can
be sustained for a long period of time. This stage is called Stage II (also stationary, steady-state or secondary
stage). During this stage, the total creep strain increases linearly with the logarithm of time [5, 32]. From a
time perspective, stretching from the application of the load to the moment of sample failure, Stage II very
often is the dominant part of the creep curve, and a parameter called steady-state creep rate (ε̇SS = ∆ε/∆t )
can be derived from it. This steady state creep rate is very important as it is used in the calculations of the
engineering design parameters of all metallic components that are subjected to creep deformation in service.
Using steady-state creep rate, an allowable applied stress of a component can be estimated [5, 32, 33]. Subse-
quently after the second stage, the creep curve enters the region, where its creep rate significantly increases
as a function of time (stage III). The accelerated creep is mainly caused by the additional elongation of the
sample, due to the extensive cavitation and/or cracking that nucleated. Stage III of a creep curve is called
tertiary stage, and it eventually ends with a final creep fracture of a sample [5, 32].

3



4 2. Creep deformation

Figure 2.1: Schematic representation of a creep curve.

At every creep curve stage different deformation processes occur. These processes are:

• Stage I: The high initial creep rate is caused by the activation of primary glide systems, which allows
the primary dislocations to become mobile. Subsequently, the primary dislocations are multiplied by
Frank-Read sources and joined by dislocations generated from grain boundaries or defects, which in-
creases the dislocation density in a material. Such a phenomenon of the dislocation density increase is
called work-hardening and lasts until the primary dislocation motion is stopped by secondary disloca-
tions or grain boundaries. As the creep process takes place at higher temperatures, at which diffusion
takes place, a dynamic equilibrium is formed between dislocation production (work hardening) and
dislocation annihilation (recovery) after some time [32, 72].

• Stage II: The constant creep rate (dε/d t ) is caused by the balance between the recovery process (i.e. de-
crease in material’s strength (dσ/d t ) and work hardening (dσ/dε), given that dε/d t = (dσ/d t )/(dσ/dε).
Meaning, that the rate of dislocation annihilation is fast enough to match the rate of the increasing dis-
location density [72].

• Stage III: The increase in creep rate is partially due to the recovery rate dominating the work-hardening
rate. This is mainly caused by cross slip of screw dislocations. This cross slip allows screw disloca-
tions to circumvent obstacles, and enhances a dislocation slip length. At high temperatures, the cross
slip process is accompanied by grain boundary sliding, as well as, the enhanced mobility of vacancies,
which help dislocations to pass over obstacles. The significant reduction of the cross-sectional area of
a test sample (i.e. an increase in the true applied strain) and the formation of grain-boundary cavities
also contribute to the acceleration of the creep rate. The end of Stage III, the sample fracture, is usually
associated with sample necking in combination with grain-boundary cavity growth and coalescence
[32, 72].

The shape of the creep curve depends on the applied constant stress and the imposed temperature. These
creep curve changes are depicted in Fig. 2.2. From Fig. 2.2a it can be concluded, that the instantaneous
strain increases with increasing applied stress and temperature and that the time to failure is reduced. From
Fig. 2.2b it can be concluded, that the duration of the steady-state creep rate stage decreases with increasing
applied stress and temperature.
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Figure 2.2: (a) Schematic representation of a creep curve and its alternations when σ and T increase, t f indicates time of fracture. (b)
Schematic diagram of creep rate as a function of time and its alternations when σ and T increase. ε̇I I indicates the secondary creep rate
[32].

The interrelations between stress, temperature, strain rate and stage ratios depend on physical param-
eters such as, for instance, grain size, stacking fault energy, and shear modulus of the crystal lattice. The
influence of different parameters on creep deformation depends on the prevailing creep mechanisms. The
following Equation 2.1 (known as the power-law creep equation), containing physical parameters and con-
stants to be obtained by fitting to experimental data sets, has been shown to give a decent first order estimate
of the creep rate as a function of stress, temperature and grain size, as well as, the activation energy of the
dominant deformation mechanism [32, 72, 82].

ε̇SS =C ·d−mσn exp

(
− Q

RT

)
, (2.1)

where C is a material constant that dependents on material’s microstructure and particular creep mecha-
nism, Q is the activation energy for creep, m is the grain size exponent, n is the stress exponent, σ is the
applied stress, d is the grain diameter, R is the gas constant and T is the applied temperature.

2.2. Creep deformation mechanisms
As stated before, creep deformation is governed by different mechanisms, and the balance between them
depends on the most dominating microstructural processes and specific thermomechanical parameters. In
general, creep mechanisms can be divided into two categories:

1. Solid state diffusion dominated creep

2. Dislocation motion dominated creep

Grain boundary sliding has been proposed as the third independent creep mechanism [31]. However, it has
been concluded by Raj and Ashby [68], that the accommodation of grain boundary sliding involves both
diffusional creep and/or plastic flow by dislocation motion. Therefore, grain boundary sliding cannot be
present without at least one of the other two microstructural processes governing creep deformation. Despite
the fact, that grain boundary sliding is described separately in this section, strictly speaking, it should not be
regarded as a separate creep mechanism.

2.2.1. Solid state diffusion dominated creep
This creep mechanism takes place under the conditions of high temperature-low stress or low temperature-
high stress [23]. Then, the creep strain is governed by the movement of individual atoms as a result of the
generation and propagation of vacancies [2]. The driving force for the movement of matter is the difference
in the chemical potential of vacancies in the grain interior and those located in grain boundaries. Depending
on the local conditions, the grain boundaries are either sources or sinks for vacancies (or interstitials) [67].
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Nabarro-Herring creep
The mechanism is also known as bulk diffusion creep. It takes place at combination of a high temperature
(nearing the melting point) and low stresses, when a metal starts to show Newtonian viscous flow. Meaning,
that the deformation is governed by diffusional motion of atoms and vacancies across the grains, i.e. the
crystal lattice. The motion of atoms and vacancies is stress-directed. In this mechanism, steady-state creep
rate is linear and directly dependent on the applied load and motion of vacancies through the lattice [35, 59,
63, 85]. Therefore it can be written that [33]:

ε̇SS ∝ σDV

d 2 , (2.2)

where σ is the applied stress, DV is the volume/bulk diffusivity of the crystal lattice and d is the diameter of a
grain.

Coble creep
This mechanism is also known as grain-boundary diffusion creep and it is based on diffusional motion of va-
cancies, which primarily travel along grain boundaries. It has been noticed, that such a motion is enhanced,
when the applied stress is increased and/or the high temperature is slightly reduced (below 0.7 Tm). The mo-
tion of vacancies along grain boundaries is stress-directed. In this mechanism, steady-state creep rate is also
linear and directly dependent on the applied load and motion of vacancies across grain boundaries [36, 55],
and can be written [33]:

ε̇SS ∝ σDGB

d 3 , (2.3)

where DGB is the grain-boundary diffusivity.

As it can be observed from Equation 2.2 and Equation 2.3, the grain size has a strong influence on dif-
fusional mechanisms of creep. This grain size dependence is more pronounced in Coble creep than in the
Nabarro-Herring creep because of the extensive diffusion of vacancies along well-oriented grain boundaries.
A schematic comparison between vacancy flow in Coble and Nabarro-Herring creep mechanisms is depicted
in Fig. 2.3.

Figure 2.3: Schematic representation of the vacancy flow in (a) Nabarro-Herring creep mechanism – bulk diffusion, and (b) Coble creep
mechanism – grain-boundary diffusion. Vacancies are represented as blue-framed squares and their direction of flow is depicted with
blue arrows. The direction of the applied stress σ is indicated by red arrow [34].

2.2.2. Dislocation motion dominated creep
Dislocation creep can take place over a very broad range of applied stresses and temperatures. It comprises
of mechanisms such as dislocation glide and climb, and both are usually assisted by vacancy diffusion. Dis-
location glide describes the dislocation movement through a crystal lattice, when the dislocation core moves
along a slip plane, stepping one Burger’s vector distances at a time. This form of dislocation movement will
continue until they reach grain boundaries and annihilate or when the dislocations encounter obstacles, in
a form of particles or other dislocations. The obstacles prevent further dislocation motion and to overcome
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them, an additional assisting process is required, which is the vacancy diffusion. Vacancies help the disloca-
tions to climb over obstacles, by means of vacancy-atom exchange and jog formation, allowing further dislo-
cation glide. However, the dislocation climb requires the application of more energy than dislocation glide, as
the equilibrium concentration of the vacancies in the grain has to increase in order to enable the continuation
of the dislocation movement. Therefore, for this process to take place a higher temperature is required [65].
As in the end every dislocation creep mechanism involves work-hardening (dislocation glide prevention) and
recovery (dislocation climb and dislocation annihilation by vacancy diffusion), the secondary creep rate of
dislocation creep can be written as follows [65]:

ε̇SS ∝ D ·σn , (2.4)

where D stands for the material’s diffusivity and n is the stress exponent, which defines the contribution of
dislocation mechanisms in the creep deformation. This value of the exponent is larger for dislocation dom-
inated deformation (usually between 3 and 10) and lower for diffusion dominated deformation (between 1
and 2). The lower experimentally observed stress exponent n, the larger the contribution of diffusion pro-
cesses in the overall creep deformation.

2.2.3. Grain boundary sliding
Grain boundary sliding takes place due to shear stresses being generated between individual grains loaded
under a common far-field imposed uniform tensile (or compressive) stress. These shear stresses cause the
grains to slide along each other via their boundaries. In the case of the dislocation dominated creep, the dislo-
cations on grain-boundary planes can cause grains to slide. However, this process requires very high stresses
and the likelihood of it occurring highly depends on the grain size, grain boundary surface area, and grain
boundary orientation and type [29]. Therefore, grain boundary sliding is usually more often encountered in
(and by many scientists assigned to) the diffusion creep conditions. During diffusion creep, the diffusional
flow of matter in the boundaries (between the regions under tension and compression) accommodates the
sliding process. While relatively low stresses are sufficient, a high vacancy concentration and a high diffusion
rate are required for the process to be effective [73].

2.3. Creep damage mechanisms
Creep in its tertiary stage ends with a rupture of the test piece or the installation. This final failure develops
gradually over time and can be governed by different mechanisms, called creep damage mechanisms. This
section focuses on the relevant mechanisms of damage and their dependence on stress and temperature.
Whatever the mechanism, every creep failure events starts with the nucleation of local damage, before the
damage will grow at later stages of the process. Therefore, firstly, creep damage initiation will be described.

2.3.1. Damage nucleation
Cavitation, i.e. the formation of pores not containing a gas or other matter, is initiated on grain boundaries
by one of the two modes of nucleation: atomic bond breaking or vacancy condensation. Atomic bonds can
break at weak interfaces, but almost exclusively if the grain boundary contains a high concentration of weakly
bound solute atoms and it is not often encountered during high-temperature deformation. Therefore, cavity
nucleation by vacancy condensation is regarded as a more common damage nucleation mechanism during
creep as it appears in high temperature conditions. In such a mode, cavity nucleation is highly dependent on
stress and temperature application [61]. A significant stress level is required, as a large stress concentration
needs to be introduced locally in the material before cavities can start nucleating. On the other hand, a high
temperature is required to allow rapid diffusion of vacancies to and along the grain boundary if the grain
boundary is to be opened up to create a damage.

Although cavity formation can, in principle, take place at any place along the grain boundary, grain
boundary junctions, as well as, grain-boundary inclusions and impurity particles are preferred locations for
cavities to be formed. The actual nucleation rate also depends on the nature and the inclinations of the grain
boundary. Grain boundary can create a hole at grain junctions or a ledge on an inclined single grain bound-
ary (to the stress direction), as well as, cause incohesion between the lattice and a grain-boundary inclusion
or an impurity particle. The exception is a void created at grain boundaries located exactly perpendicular to
the stress direction, for which grain boundary sliding will not occur. Such nuclei are assumed to be due to a
dislocation pile-up that breaks through from the grain into the boundary. This nucleation mechanism does
not require a diffusional transport of vacancies, unlike the mechanisms governed by grain boundary sliding.
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However, the application of a stress remains required in order to cause the dislocation movement leading
to dislocation pile up at boundaries [46, 61, 69]. A schematic depiction of these nucleation mechanisms is
presented in Fig. 2.4.

Figure 2.4: Schematic representation of (a) cavity nucleation at grain-boundary triple-junction caused by the grain boundary sliding
(GBS) mechanism, (b) cavity nucleation at grain-boundary impurity particle (or inclusion) caused by the grain boundary sliding mech-
anism, and (c) cavity nucleation at a single grain boundary transverse to the applied stress σ caused by dislocation pile-up [61].

2.3.2. Damage growth
Given that the creep deformation continues after cavity nucleation, the damage can grow by one of the fol-
lowing mechanisms. The mechanism governing the particular cavity growth is associated with temperature
and applied stress, under which the creep deformation takes place. Diffusive cavity growth is usually associ-
ated with high temperature-low stress conditions, while plastic flow cavity growth is usually assigned to low
temperature-high stress conditions.

Diffusive cavity growth
The cavities which are wide apart on a grain boundary grow solely by diffusion. During this growth atoms are
transported from the surface of the cavity to the grain boundary, which the cavity lies on. Then, the atoms are
deposited there and their entire transport from the cavity surface is controlled by either grain boundary diffu-
sion or surface diffusion. The slower of these two processes controls the cavity growth. When grain-boundary
diffusion controls the growth, the cavity sustains its equilibrium shape due to the rapid surface diffusion. In
other words, the atoms are deposited faster at the surface of the cavity than they are removed from the tip of
the cavity by grain-boundary diffusion [61]. If the cavity growth is controlled by surface diffusion, the void
takes the shape of a crack-like cavity, which is regarded as its non-equilibrium shape (see Fig. 2.7) [62]. The
diffusive cavity growth is also further enhanced by the diffusion of vacancies to the cavity surface from bulk
and grain boundary, but its influence on the shape of the growing cavity is considered to be negligible, as the
vacancies tend to diffuse back and forth [75]. The equilibrium shape of a cavity is presented in Fig. 2.5, which
also presents a schematic representation of a diffusive cavity growth.

Creep-enhanced cavity growth
Once nucleated, grain-boundary cavity can also grow solely by the creep deformation. Meaning, that its
growth is governed by power law creep as a result of the surrounding stress field in the bulk, adjacent to
the cavity [49]. However, this mode of cavity growth is only possible when there is no vacancy flux in the
material, which is an unrealistic condition at elevated temperature. Therefore, it is more realistic to assume
that creep-enhanced growth takes place as a result of coupled diffusion and plastic mechanisms. In such a
case, the diffusion mechanism contributes to the expansion of damage within a certain region, defined by a
characteristic diffusion lengthΛ (see Fig. 2.6). Outside of it, the cavity growth is governed by power law creep
deformation. Creep can accelerate the diffusional cavity growth by decreasing the length Λ, which takes
place at high applied stresses and strain rates [61]. A comparison between the creep cavity growth controlled
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by diffusion and by creep (plastic) flow is depicted in Fig. 2.8. Finally, the cavity growth can be enhanced by
pre-existing grain-boundary cavities (nucleated earlier), which propagation is controlled by the stress fields
(increased stress concentration at the cavity tip) of the adjacent cavities, that lie on the same grain boundary
[49].

Figure 2.5: Schematic representation of a diffusive cavity growth controlled by grain boundary diffusion (equilibrium cavity shape),
where a stands for the radius of the cavity and b for the radius of the box of interest [61].

Figure 2.6: Schematic representation of a coupled diffusion-plastic cavity growth. Λ is the characteristic diffusion length, which defines
the region of diffusive cavity growth, a stands for the radius of the cavity and b for the radius of the box of interest [61].

Additionally, the shape of the cavities during growth can be strongly influenced by grain boundary slid-
ing. However, grain boundary sliding itself does not affect the volumetric growth the cavity [62]. The shape
change of the cavity before and after grain boundary sliding, at an inclined (to the applied stress) single grain
boundary is depicted in Fig. 2.9. Furthermore, the cavity growth is also affected by the polycrystalline na-
ture of the most technical metals. Therefore, the growth of the cavity can be constrained or unconstrained.
Constrained creep cavity growth is caused by the creep flow in the surrounding grains. When the cavity prop-
agation is faster than creep deformation, the redistribution of stress in the solid occurs, which leads to hetero-
geneous distribution of cavities in the material. This means, that cavities are not evenly distributed on grain
boundaries, and a situations where there are many cavities along one grain and none along another can be
encountered [62]. The unconstrained creep cavity growth takes place when both normal and shear stresses
are applied on cavitated grain boundaries. The shear stress causes the grain boundary sliding effect, which
further establishes a homogeneous spatial distribution of cavities in the material [62].
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Figure 2.7: Schematic representation of a non-equilibrium shape of a cavity during diffusive creep cavity growth [62]. Arrows indicate the
applied stress (σ) direction, while the DS and DGB arrows along the cavity and the boundary indicate the direction of surface diffusion
and grain-boundary diffusion, respectively.

Figure 2.8: Schematic representation of the influence of the diffusive and creep cavity growth mechanisms on the shape of the cavity
[62]. Arrows indicate the applied stress (σ) direction.

Figure 2.9: Schematic representation of the influence of grain boundary sliding (GBS) on the cavity shape [62]. Arrows indicate the the
normal and shear stress directions.
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2.4. Creep failure
The propagating cavities, controlled by any of the aforementioned growth mechanisms, eventually coalesce
with one another, creating micro- and macro-cracks. The final fracture can take place according to different
modes, depending on the ductility of the metal. These modes are presented in Fig. 2.10:

• Intergranular creep fracture (by voids and wedge cracks): This fracture mode is observed when the
applied stress is relatively low. It is controlled by grain boundary sliding and/or wedge and crack for-
mation along grain boundaries normal to the applied stress [4, 27].

• Growth of voids by power-law creep (transgranular and intergranular): Fracture takes place due to the
diffusional growth of voids along grain boundaries or inside the bulk material [4, 27].

• Rupture due to dynamic recrystallization: This fracture is usually connected with dynamic recrystal-
lization of the material. As a result of the local transient softening the deformation is highly localized
leading to an extreme reduction of the cross-section [4, 27].

Figure 2.10: Schematic representation of fracture mechanisms for fcc metals and alloys. The sequence of mechanisms is ordered accord-
ing to the brittleness/ductility of a metallic material [4].

2.5. Prevention and control of creep damage
As the creation and growth of local creep damage is the most important aspect controlling creep life time,
many researchers have tried to come up with the solution to retard or control the formation and growth of
creep cavities. One of the approaches is connected with the composition of the steels, which can be alloyed
with other metallic elements and brought to a solid solution state before the material is exposed to creep
loading conditions. The solute atoms contribute to an increase in strength and a delayed damage nucleation
by weakly pinning the moving dislocations. Similar approaches consider precipitation hardening, which con-
strains the dislocation movement due to the presence of precipitated carbides, nitrides or intermetallics, or
grain boundary hardening, which involves tempering treatments of steels that lead to the formation of laths
and blocks in the microstructure of a material, delaying the creep deformation [1, 54]. These mechanisms
can certainly work, but the introduction of discrete microstructural entities such as precipitates and (strong)
grain boundaries also leads to the introduction of stress concentrations, which do favour the formation of
cavities. Whatever the approach, they have in common that they aim to prevent the formation of cavities
rather than to make any formed cavity more harmless. The latter approach has been demonstrated in a lab-
oratory experiment in which creep loaded samples were ex-situ post-sintered to remove the porosity [30]. Of
course such a strategy is non-realistic for real technical constructions. Finally, a completely new, innovative
and attractive approach for creep damage control has recently emerged, which considers the autonomous
filling of creep cavities by solute atoms, priory incorporated into the crystal lattice of alloys. This method is
called self healing of creep-induced damages, and it requires significantly larger attention and description.
The following chapter solely focuses on that intriguing mechanism of creep damage control.





3
Self healing

The creep damage mechanisms mentioned in the previous chapter will guide the development of a self heal-
ing strategy for creep damage in high-temperature metals. This approach is an alternative option for the
conventional approach of damage prevention. The concept of autonomous damage healing appears to be
an attractive option as it takes into account the eventual damage presence in the materials and deals with its
control by full or partial repair, resulting in an elongated lifetime of structural elements. This chapter aims
to exemplify this innovative concept by describing its principles and requirements in order to have a greater
understanding of the mechanism applied in the actual research reported in the next chapters. The chap-
ter ends with present applications and future prospects of self healing implementation in metallic materials,
which sums up the accomplishments that were and can be achieved in the field of damage control in metallic
materials exposed to high temperatures and serious stresses for extremely long times.

3.1. Self-healing requirements
Self healing materials should not be perceived as newly developed materials, but rather as materials that
are modified in a way to possess a new functionality, which enables them to autonomously (or with a small
stimulation) restore their initial properties, for instance, strength or stiffness [79]. In order to alter an already
existing material type to make it self healing, a set of requirements has to be followed [78, 79]:

1. The process of the damage healing has to take place with a relatively high rate, i.e. damage creation can-
not outweigh the filling process, otherwise the self healing does not serve its purpose of performance
elongation.

2. The material, after modification, has to perform regular mechanical functions, that were assigned to it
before alternations.

3. Ideally, the process has to be able to perform multiple successive healing actions at the same location.

4. Ideally, the process can heal a damage of any given size.

5. Ideally, the damage of the material is complete.

6. Ideally, the process has to be autonomous, i.e. does not require any external intervention.

7. Ideally, the self healing material has to have the same properties as the material before modification.

8. Ideally, the self healing material should cost less or at least not a lot more than the pre-modified mate-
rial.

9. Ideally, the process makes the material forever-lasting, i.e. there is no need for the replacement of a
structural element made of a self healing material.

Some of the above-mentioned requirements consider ideal cases, which are most of the time hard to
achieve. This is due to the sheer constrains imposed by the intrinsic material chemistry and resulting physics,
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which cannot be modified to certain extends as their atomic/molecular/bond structure are not so easily ma-
nipulatable. However, even a self healing process which only delivers a "minimal" healing action, but con-
tributes to the increase in material’s lifetime in the case of accidental or expected localised damage, is consid-
ered to be serving its purpose [78, 79]. The minimal requirements that a self healing material has to possess
impose, that the material: (i) can have a significantly extended lifetime in the case of an accidental (non-fatal)
damage, (ii) can perform at least one self healing event, (iii) only needs weak external factors to be activated,
(iv) heals defects up to a specific size (called a critical size of damage), (v) heals the damage only partially,
(vi) decreases slightly the properties of the material and (vii) costs a bit more than its non-self healing coun-
terpart. As long as these minimal properties are satisfied, a material can be regarded as self-healing because
the generic purpose of the autonomous repair is not to maximize the performance of the material, but that of
the final product. The product performance increases as long as the embedded self healing ability does not
adversely effect the entire material system [78, 79]. A schematic plot of performance versus lifetime for four
cases is presented in Fig. 3.1. From Fig. 3.1 it can be observed, that an original material can indeed be im-
proved by traditional approaches and still perform longer than the reference base material. Moreover, it can
be seen, that self healing causes periodic increases in materials’ performance, which the original or tradition-
ally improved approach cannot do. Finally, a comparison between a minimal and ideal self healing approach
can be seen, which shows what can be achieved if the self healing field is further explored and advanced.

3.1.1. Self healing scheme
In order to incorporate a self healing ability into any material, a general scheme has to be followed. To intro-
duce a self healing ability in a material, a certain fraction of atoms/molecules has to be set aside, which may
later contribute to the performance recovery upon damage (see Fig. 3.1), but does not enhance any of the
material’s initial properties or most likely even lowers the initial mechanical properties of a material. More-
over, it has to be made sure, that not only there are enough atoms and atomic configurations, which are set
aside to realize healing of damage, but also that there are enough atoms left that give the material desired
mechanical properties [78, 79].

The "healing agents", responsible for the performance elongation of the material, have to be able to move
to the damage site and when they are present there, they have to be able to fill the space and stay at the spot.
Furthermore, they have to bond with the surface of the damage, otherwise they would not contribute to the
local restoration of the load-bearing capabilities. Thus, the self healing scheme has to take into account a
solution involving a local temporary mobility in a rigid material, which is halted as soon as the damage-filling
is completed. To facilitate crack healing, it is important that the surfaces of the damage stay in relatively close
contact with each other and are kept in a fixed position during healing actions. This implies that the damage
propagation cannot take place during healing or the healing has to be spontaneous enough [78, 79].

Figure 3.1: Schematic plot of performance versus service lifetime for four different cases of materials: (a) original material, (b) tradition-
ally improved material, (c) (minimal) self healing (SH) material and (d) ideal self healing material [28].
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In summary, the general self healing scheme (quasi-) autonomous healing of structural materials can be
formulated as follows [30]:

1. Self healing agents are added into the material (or a fraction of a material is transformed into self heal-
ing agents), which has to be performed homogeneously. Meaning, that this action does not jeopardize
the structural integrity of the entire material.

2. The agents are delivered autonomously or with slight stimuli under full or slightly reduced operating
conditions of the material.

3. The defects are healed by reactions taking place under full or slightly reduced operating conditions.

3.2. Self-healing mechanism in steel
Since the subject of this work are Fe-based creep-resistant alloys, the self healing principle and scheme for
steels are introduced hereafter. Firstly, the general scheme that was described in the previous section can be
adapted as follows [30]:

1. Solute elements with healing functions have to be introduced in the crystal lattice of the metallic ma-
terial by the means of solid solution heat treatment and quenching.

2. Solute atoms have to be delivered autonomously to the defect sites through volume and/or grain bound-
ary diffusion during high temperature exposure and constant loading (creep conditions).

3. Solute atoms have to segregate preferentially on cavity surfaces and subsequently precipitate into sec-
ond phase, binding with the crystal lattice. The precipitates heal the damage by closing it.

In order to implement the above-mentioned concept, the kinetic and thermodynamic requirements of
solute transport by volume and grain-boundary diffusion into open-volume defects have to be considered,
which is the aim of the following subsection.

3.2.1. Self healing of creep-induced damage by solute diffusion
As mentioned in the chapter, the nucleation and growth of grain-boundary cavities during creep is inevitable
as the deformation progresses. It has been proven that creep cavity growth takes by diffusive transport, which
leads to the intergranular creep fracture, is the most frequently encountered creep damage mechanism in
creep-resistant steels under ordinary service conditions [30]. Therefore, the self healing ability has to be
focused on this kind of damage.

The fact that the cavity growth takes place by the combined action of diffusive transport of matter from
creep cavity surface to grain boundary, and vacancy diffusion, has already been mentioned in the previous
chapter. Therefore, using the phenomenon of self-diffusion (which also governs the vacancy diffusion), a self
healing mechanism that relies on the diffusion of matter into the cavity can be introduced [66, 87]. By doping
steels with appropriate alloying elements, a solute transport of matter to the cavity surface can be achieved,
provided that the alloying element atoms can be put in an initially supersaturated state. The solute atoms in
their supersaturated state are triggered to move toward the cavity surface by the combined action of volume
and grain boundary diffusion. The main driving force for the diffusional transport of matter into the cavity
surface is the reduction of system’s energy, which comprises of the following driving forces: (i) the chemical
potential provided by a supersaturation of solute, (ii) grains in strain and (iii) surface energy for precipitation
located at creep cavities. These driving forces can facilitate a higher diffusion rate of solute compared to the
vacancy diffusion and atomic transport that cause the cavity growth. This is also enabled by the fact that
solute atom transport is enhanced by dislocations, which attract impurities and diffuse them to the grain
boundaries and open-volume defects (dislocation diffusion). Moreover, the high rate of solute diffusion can
be accomplished by localized high diffusivity paths present in the material, such as grain boundaries and
free surfaces [30, 51, 71, 87]. Once the solute atoms are segregated to the damage sites, they start to form
precipitates or other 2nd phases, which are interfacially bonded to the matrix.

For the healing to be efficient, it has take place during the early stages of the cavity growth and at the
appropriate rate. If the solute depletion is too slow, the cavity can growth and/or coalesce to the size which
cannot longer be fully prevented. This fact suggests that there is a critical size of a cavity that can be healed
upon the transport of solute for every self healing system [87].
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In summary, the main requirements for the self healing process in creep-resistant steels are as follows [87]:

1. High mobility of the solute in the material (at the prevailing temperature and stress).

2. Driving forces towards the damage site (provided by damage itself, the supersaturated state of material
and applied stress).

3. Free surface of cavities (provided by damage formation) that acts as a trigger for precipitation.

4. Sufficient interfacial precipitate-matrix bonding (provided by prior studies on bonding between solute
and solvent atoms).

5. High healing rate compared to damage propagation rate (provided by driving forces, dislocations and
high-energy paths).

6. Sufficient reservoir of healing solute atoms within the matrix (provided by the composition of the ma-
terial).

Additionally, one extra requirement has been incorporated into this scheme, which is the site-selective pre-
cipitation. This requires a high energy barrier for homogeneous precipitation of solute, which is directly
connected with the atomic radii of solute and atoms constituting the matrix. Once the solute atoms have
a larger size than solvent atoms, this barrier is provided. This requirement has been added to the scheme
after the work on Fe-Cu alloys, which show a high amount of bulk precipitates as Cu atoms and Fe atoms are
comparable in sizes [39, 40].

An illustrative scheme of a self healing effect, that complies with all the above-mentioned requirements,
is depicted in Fig. 3.2, where a propagation of a creep-induced cavity on a single grain boundary, located
transversely to the applied stress, is described. In reality, all the aforementioned steps in Fig. 3.2 take place
simultaneously once the cavity is nucleated. Meaning, that the solute transport does not start at larger crack
opening, but is activated by any open-volume defect in the material.

Figure 3.2: Schematics of the self healing effect at a creep-induced cavity, located transveresely to the applied stress (σ): (1) nucleation of
a creep cavity at a grain boundary, (2) and (3) growth of the cavity, (4) solute diffusion towards the surface of the cavity and its segregation,
(5) and (6) filling of the cavity with solute atoms. Around the cavity and the adjacent grain boundary, a solute depleted zone is marked
(dashed lines) [87].
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3.3. Applications and prospects of self healing steel
Creep-resistant steels are in a high demand in power plants, in particular in their structural parts like: rotors,
blades, casings, casing bolts, pipework. In such installations, lower fuel costs and lower carbon-dioxide emis-
sions are accomplished by increasing the steam conditions, i.e. by raising the temperature and pressure (up
to 600◦C and 160 bar, respectively) [57]. Creep-resistant steels are also exploited extensively in the aerospace
industry, where they serve as structural elements for aeroengines, utilized at even more severe conditions
as they deal with higher temperature (even up to 1000◦C) and forced cooling [7]. Self healing steels offer an
elongated time of performance, which is connected with fewer replacements of these structural parts. This
eventually leads to the energy savings due to the lack of recycling of the scrap elements, and economical ad-
vantages for the industries, which can allocate a smaller budget for the substitutional parts and their service.
The service conditions of steam turbines and aeroengines are perfect for the autonomously healed steels.
Thanks to this harsh environment they can thrive in their performance, inducing the healing ability on the
service damage. The healed damage not only elongates the lifetime of the structural parts, but also reduces
the material’s deformation. This means, that the increasing strain can be halted by healed creep cavities or
the strain rate can be lowered by the damage filling. The problem of the progressing deformation particularly
affect the blades of aeroengines, which after straining can rub against the casing that leads to malfunction or
catastrophic outcomes during service [33].

The most important matter is that self healing steel is no longer a material, but a system, which devel-
ops its functions during worktime. The solid solution heat-treated self-healing steels are relatively ductile
and they tend to show lower strength at the beginning of their deformation, compared to traditionally man-
ufactured creep-resistant steels. However, as the deformation proceeds, the solute atoms contribute to the
strength increase by (i) dislocation pinning, (ii) by dynamic precipitation at damage sites and (iii) by the re-
duction of precipitation coarsening, which ultimately leads to the longer times when the material possesses
an adequate strength, ductility and shows an overall reliable performance, compared to the traditionally im-
proved steels [33]. Number of researchers have conducted projects on the self healing effect in steels and
showed that there are multiple compositional options that can serve as autonomous repair systems. The
creep deformation studies of austenitic stainless steels doped with traces of boron and nitrogen [30] have
shown that the segregation of B to the cavity surfaces leads to the precipitation of boron nitrides, that fill up
the creep damage. Furthermore, the precipitation of BN particles not only fills the volume of the damage,
but causes a complete cessation of the creep cavity growth, which was assigned to the high melting point of
the particles (around 3000◦C) and a strong precipitate-matrix interfacial bonding. Such findings show the
prospects of the self healing effect in steels, which can be possibly achieved in many more grades of steel,
with further research and experimental investigation [87].

Systematic experimental investigations of self healing in iron-based alloys has been conducted most ex-
tensively by researchers from the Delft University of Technology, who elaborated this subject on Fe-Au, Fe-Cu
and Fe-Mo alloys. They have demonstrated that Fe-Au at elevated temperature and constant loading condi-
tions shows an effective autonomous healing capabilities. Fe-Au alloys resulted in high filling ratios of creep-
induced cavities (up to 80%) and its precipitates immobilized the growth of voids prior to their coalescence,
which proves that the solute transport to damage takes place at a high rate in the early stages of deformation
[87]. Moreover, the work on Fe-Cu alloys showed the enhancement of the creep lifetime in solutionised alloys
compared to the same alloys in which the solutes were effectively immobilised by a precipitation treatment
prior to the actual creep testing [39, 40]. Then, the Fe-Mo alloys that they investigated showed an enhanced
creep lifetime, due to the dynamic precipitation of the Laves phase at the creep-induced damage [89].

All in all, the outcomes portray a great potential connected with the substitution of creep-resistant steels
with self healing steels, but at the same time, it is clear that the ideal composition to get a proper combination
of good mechanical properties on an absolute scale and a significant life time extension by the autonomous
and timely healing of creep loading induced damage has not been reached yet. The project on damage for-
mation and healing in Fe-W model alloys presented in this Thesis aims to contribute to the database required
to define the optimal creep steel composition.





4
Self-healing of creep-induced cavities in

Fe-W alloys

Tungsten is essentially known for its high strength and yield point at elevated temperature, and its high creep
resistance. When combined with iron, the Fe-W alloys do not only show the enhancement of aforementioned
properties, but also show a higher melting point and heat resistance capacity [53, 76]. The precipitation of the
(Fe,Cr)2(Mo,W) Laves phase has been discovered in high-Cr steels, that contained traces of Mo and W after
a long elevated temperature exposure. Tungsten thereby shows precipitation capabilities in the iron lattice,
which can serve as a repairing mechanism in high-temperature alloys [89].

By comparing Fe-W alloys to the Fe-based alloys which were investigated in the self healing capability
(metioned in the previous chapter) it can be said, that the Fe-W alloys are characterized by a better solid-
solution strengthening than Fe-Mo alloys, which makes them a better choice for creep resistant alloys. On
the other hand, the diffusivity of tungsten is slightly lower than that of molybdenum in the bcc iron matrix,
which can be a limiting factor for Fe-W self healing [76, 89]. All in all, Fe-W is expected to show a self healing
performance that is nearly as efficient as Fe-Au alloys, which showed a preferential precipitation at creep-
induced grain-boundary cavities and a significant cavity filling, that increased with the increasing volume of
defects [24].

The aim of this chapter is to evaluate the results of the second phase precipitation as a self healing mech-
anism at creep-induced damage in the binary Fe-W alloys by means of various experimental and computa-
tional techniques. This chapter commences with the details of the Fe-W alloys design, which is followed by
the description of creep tests, used to induced damage and precipitation in the alloys, then, the experimental
methods used to study the self healing effect in these alloys, i.e. scanning electron microscopy and X-ray to-
mography, are presented. The chapter is divided into separate sections with independent results for each of
the undertaken experimental procedures. The chapter ends with conclusions on all the obtained results and
recommendations for the future Fe-W investigations.

4.1. Design of the Fe-W alloys
In order to design an alloy for the purposes of this project, several factors had to be taken into consideration.
First is the solubility of tungsten in bcc iron matrix. According to the literature, W is soluble in α-Fe up to
35.5 wt.% at the peritectic temperature of 1548◦C. The literature also confirms that iron and tungsten form
two stable intermediate phases (µ - Fe7W6 and δ - FeW) and an intermetallic phase - Fe2W, known as the
λ-phase or the Laves phase [53].

Secondly, before the alloys’ concentration could be chosen, the atomic size factor in Fe-W had to be con-
sidered. When taking into account the precipitation of the second phase as a self healing mechanism, the
preferable precipitate nucleation has to be examined in the chosen binary alloy. Of course, a heterogeneous,
rather than homogeneous, nucleation of precipitates is desired in Fe-W alloys. A homogeneous precipitation
in the bulk does not contribute to the healing of the induced damage. In order to find the favourable nucle-
ation sites for precipitates in Fe-W, the total change in Gibbs free energy for nucleation of precipitates had to
be elaborated. The equation is as follows:

19
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∆G = 4π

3
r 3(∆GV +∆GS )+4πr 2γ, (4.1)

where ∆GV is the change in chemical potential per unit volume, ∆GS is the change in elastic energy density
due to strain, γ is the interfacial energy and r is the nucleus radius [86].

When the solute atoms are larger in radii than the solvent atoms, the energy for the bulk nucleation of
precipitates is significantly increased, due to the increase in elastic strain of the lattice (large ∆GS ). Such
an energy barrier is too large for the solute atoms to form and grow nuclei in the bulk, and they start to
migrate throughout the lattice to nearby lower energy sites. The lower energy sites for precipitation are dis-
locations, defects or grain boundary cavities. At these locations, the strain fields generated around the nuclei
are changed, which leads to a decrease in the energy barrier for nucleation because of the decrease in ∆GS .
This reduction in Gibbs free energy, in case of precipitate nucleation on dislocations, can be approximated
by [86]:

∆Gd =−4µbr 3
Aε/Rd , (4.2)

where b is the Burgers vector, µ is the shear modulus, Rd is the distance of the nucleus to the dislocation core,
r A is the solvent radius and ε is the relative size difference of a solvent and solute atom radii, which is equal to

ε= (rB − r A)/r A , (4.3)

where rB is the solute radius [86].
The significant size difference between the radii is likely to promote heterogeneous precipitation, which

can result in a self healing mechanism by precipitation at open-volume defects. The atom radius of W is
bigger than that Fe in the bcc matrix. Their relative size difference is equal to ε≈ 10%.

4.1.1. Composition of the Fe-W alloys
When the heterogeneous precipitation in Fe-W alloys was established using the atomic size factor, the com-
position of the metallic samples designated for further testing could be chosen. In order to accomplish it,
Fe-W binary phase diagram had to be studied. The diagram is depicted in Fig. 4.1 and was rendered using
thermodynamic database by the ThermoCalc software. The concentration of tungsten in the samples had to
be chosen taking into account the testing temperatures and the fraction of the second phase at these tem-
peratures. The temperature of exposure has to adapt to the real service temperature of currently used indus-
trial creep-resistant steels. Usually, metallic elements subjected to creep deformation during work operate
in temperatures of around 1

3 to 1
2 of Tm . Furthermore, in order to investigate the second phase precipitation,

a sufficient amount of this phase has to precipitate during temperature exposure, otherwise the results of
healing might be unsatisfactory and prone to inaccuracy.

The Fe-W composition was calculated at the equilibrium of α-phase and α+λ phases for temperatures
between 500 and 600◦C (see Fig. 4.1). The results are presented in Table 4.1. It can be observed, that in order
to obtain a the second phase precipitation in Fe-W alloys at elevated temperatures, their concentration of
tungsten must be at least ∼0.5 – 1 wt.%, depending on the given temperature range.

Table 4.1: Equilibrium phase concentrations of the Fe-W system in α-phase.

Temperature [◦C] Fe [wt.%] W [wt.%]

500 99.51 0.49
550 99.30 0.70
600 99.03 0.97

Considering all the mentioned requirements and restrictions, two materials were chosen: Fe-4wt.% W
and Fe-6wt.% W. The concentration of tungsten in Fe-4wt.% W corresponds to the tungsten supersatura-
tion of 1 at.% (at 550◦C) in this alloy and was chosen in order to establish a relatively high driving force for
the solute atoms to fill and precipitate the grain-boundary cavities in the early stages of the alloys’ creep de-
formation. On the other hand, the concentration of tungsten in Fe-6wt.% W corresponds to the tungsten
supersaturation of 2 at.% (at 550◦C) and was chosen to evaluate the influence of a higher driving force for so-
lute precipitation, compared to Fe-4wt.% W, on the creep cavity filling. The higher tungsten concentrations
were not chosen as the increasing W concentration in the Fe-W alloys increases the solutionizing temperature
of the λ-phase.
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The alloys were produced by Goodfellow. The received materials slightly differed in composition and
contained traces of other elements, but they certainly fell into the category of high purity alloys. The exact
chemical compositions of the two Fe-W systems determined by X-ray fluorescence (XRF) are presented in
Table 4.2. The fact that the alloys were of high purity was advantageous for the precipitation behaviour of the
Laves phase in the materials. High-purity alloys lack the precipitation of other particles, like carbides (such
as M23C6 or MC) or nitrides, which hinder the precipitation of the second phase.

Figure 4.1: Phase diagram of Fe-W obtained from the Thermocalc software. The depicted concentration of W is chosen to present the
full range of tungsten solubility in iron (0 – 35.5%). Phases: α - ferrite, γ - austenite, λ - Laves phase, µ - stable intermediate phase of
Fe7W6.

Table 4.2: The chemical compositions of the chosen Fe-W alloys [wt.%].

Alloy W Si S Zn Fe

Fe4W 3.800 0.020 0.026 0.195 Balanced
Fe6W 6.013 - - - Balanced
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4.2. Sample preparation
When the alloys were ordered and delivered, they were received in sheets of dimensions 10×10×0.5 mm,
in height, width and thickness respectively. Subsequently, they were machined by spark erosion into small
dogbone-shaped samples. The shape of the sample with its dimensions is depicted in Fig. 4.2. The motiva-
tion for choosing such a shape of specimens has to do with the desired failure site, which is the region with
a reduced uniform cross-section of the dogbone-shaped sample. The curved profile of the "dogbone" con-
centrates the applied stress locally at the edges of the gauge section. Additionally, the smooth fillets do not
cause stress concentrations in the transition zones, which allows the specimens to fail in the gauge section
during tensile deformation. The purpose of the blank holes in the samples is connected with their mounting
procedure inside the creep tester. It has been proven, that the locally raised stress concentration at the hole
edges (caused by bolts during creep testing) does not cause the samples to fail in their grip sections.

Figure 4.2: Schematic representation of the creep sample shape with its dimensions [mm].

4.2.1. Solution heat treatment
In order to bring the materials into a supersaturated solid solution, the samples had to be annealed for
24 hours at 900 and 1000◦C (temperature for Fe4W and Fe6W, respectively). A supersaturated state corre-
sponds to a full dissolution of tungsten atoms in the bcc iron matrix and a relatively defect-free alloy. The
chosen temperatures and time are the safe choices for the dissolution of the pre-existing Laves particles in
the as-received alloys. The temperatures correspond to the α-phase region above the solvus line, that sepa-
rates α-phase and the dual phase of α+λ (see Fig. 4.1). To obtain supersaturated alloys in room temperature,
the samples had to be rapidly water-quenched after annealing. The created solid solution contains more dis-
solved tungsten in the iron martix than possible, under equilibrium conditions. Therefore, quenching is the
only option to sustain this state, as solute atoms do not have the time to precipitate in the iron matrix.

The entire heat treatment procedure was done using an electric high-temperature vertical tube furnace,
where samples were inserted, inside an evacuated silica tube filled with 200 mbar of ultrahigh purity argon.
The silica tube was attached to a high-temperature resistant nickel-chromium-aluminum wire and inserted
in the middle of furnace tube in a free-hanging position. The centre of the furnace was chosen for its temper-
ature stability. Quenching was done by a free fall of the silica tube into a room temperature water in a metal
bucket. When the wire was cut, the silica tube fell into a bucket and broke due to the impact with the bottom.

4.2.2. Grain size
In order to have a closer look at the samples’ microstructure prior to creep testing, optical microscopy was
used. The samples were priory sanded, polished, etched using 2% Nital solution and cleaned in ethanol
in ultrasonic bath. The surfaces of both of the materials were captured on micrographs and the grain size
measurements were performed on the optical images using the ImageJ software. The micrographs of the
Fe4W and Fe6W surfaces, together with the histograms of their grain size distribution are depicted in Fig. 4.3.
As can be seen in Fig. 4.3a (Fe4W) and Fig. 4.3c (Fe6W), the alloys resulted in a supersaturated solid solution
with an equi-axed ferritic structure and without any segregation. The diameter of a grain was calculated by
measuring a diameter of a circle that has the same surface area as the grain in question. This quantity is
named "equivalent diameter" or "EqDiameter". In the Fe6W alloy the average grain diameter is almost five
times bigger than that of Fe4W. The total number of grains in the Fe4W alloy is four times greater than in the
Fe6W one, which is connected with the grain size. From the standard deviation of grain diameters, it can be
concluded that the grain size in the Fe6W alloy varies more than in the Fe4W alloy.
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Figure 4.3: Optical microscopy images of the surface of (a) the solutionized Fe4W alloy with (b) its grain size distribution and (c) the
solutionized Fe6W alloy with (d) its grain size distribution, after the solution heat treatment. The black dots on the surface of the Fe6W
alloy have been examined and appeared to be surface dirt/contamination (not precipitated particles).

Figure 4.4: Optical microscopy images of the surface of (a) the as-received Fe4W alloy and (b) the as-received Fe6W alloy.

For the sake of monitoring the grain size and shape development before and after annealing, optical mi-
croscopy was performed on the samples prior to solution heat treatment. The optical images of the Fe-W
alloys before the heat treatment are depicted in Fig. 4.4. From Fig. 4.4 it can be observed, that the shape of
the grains visibly differs from the ones included in Fig. 4.3. The elongation of the grains is caused by the cold-
rolling process (during sheet manufacturing). In order to compare the sizes of the as-received grains with
solutionized ones, their surface area had to be taken into account. The measurement of an equivalent diam-
eter would have led to inaccurate conclusions as the closest approximated shape of the as-received grains is
an ellipse, instead of a circle. The average surface area of the grain for the Fe4W alloy was equal to 14,000 µm2

and 16,000 µm2 for the as-received and solutionized samples, respectively. For the Fe6W alloys, the aver-
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age surface area of the grain was around 32,000 µm2 and 33,000 µm2 for the as-received and solutionized
samples, respectively. All in all, the surface area of the solutionized grains was only slightly larger than the
received ones, but their shape significantly differed. The slightly increased surface area of grains is connected
with the full dissolution of pre-existing phases and coarsening of solutionized grains. The change in grain
shape during annealing is associated with grain boundary migration and grain boundary area reduction, due
to the reduction of a material’s internal energy [13].

4.3. Creep tests
When the preliminary grain size measurements were performed, all the samples could be used in creep tests.

4.3.1. Set-up and sample mounting
The creep testing was performed using a home-build creep tester. The tester consists of a vacuum chamber
furnace that is installed on a universal load frame Instron 5567 with a 1 kN load cell. Both of the arms of the
load frame go inside the chamber. The chamber’s entrance inlets are sealed in order to sustain a vacuum
pressure during experimentation. To mount a sample, the chamber of the furnace has to be disassembled,
which is possible due to the design that allows to dismantled it into two halves. The described parts can be
seen in Fig. 4.5. Before a sample can be inserted inside the chamber, its mounting to the load frame arms
has to be performed properly. Bolts have to go through sample’s blanked holes to attach it to the load frame.
A metallic bolt has a relatively high thermal conductivity in chosen testing temperature, which can cause a
rapid heat transfer to the grips of a sample. Therefore, bolts are supplied with an alumina tube (Al2O3) before
their insertion. Alumina has a significantly lower thermal conductivity in the chosen testing temperature and
prevents a sample from local temperature increase, local softening and premature failure.

When the sample is mounted inside the tester, vacuum is applied to the chamber, both by an incorporated
furnace pump (<1×10−4 mbar) and a turbo-pump (<2×10−5 mbar). The purpose of the vacuum is to prevent
oxidation of metal during creep testing, which might compromise results. When vacuum is present, high
temperature of the order of 500-600°C, and a constant load of the order of 250-450 N can be applied and
have to be sustained through the entire test. The temperature readout is recorded by the thermocouples
attached to an experimented sample and the inside wall of the chamber. The wires of the thermocouples
lead to the destined attachment spots that go outside of the furnace, where the thermocouple adaptors are
installed. Temperature is controlled by the LabView software on the set-up’s computer. Force of the load
frame is controlled by the Instron Bluehill software on the set-up’s computer. The creep test parameters
are also established and controlled using the Instron Bluehill software. The selection of the load is done in
accordance with the stress that is desired to be achieved in the gauge section of a sample. Therefore, the
cross-section of a sample in its gauge section has to be priory calculated.

Every creep test is performed in the same exact manner. Firstly, the zero position zero of the load frame
has to be found by regulating and adjusting the frame. Subsequently, a preliminary test, without any load,
has to be performed in order to establish stable temperature and vacuum pressure. Then, a creep test can be
commenced. During creep tests the load and the frame displacement readouts are stored every required time
step during the test. Initial creep tests are usually undertaken to evaluate creep mechanisms and lifetimes in
certain conditions. Then, the well-established and reproducible creep tests can be performed to produce ei-
ther deformed or failed samples. The results of the creep test on the Fe-W alloys are presented in the following
section.
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Figure 4.5: Front view of the creep tester mounted on an Instron 5560 load frame.

4.3.2. Creep behaviour at constant temperature
For creep data analysis, it is essential to introduce the Shelby-Dorn equation for the steady-state creep regime
[88]:

ε̇SS = Ad mσn exp

(
− Q

RT

)
, (4.4)

where A is a microstructure-dependent constant, Q is an apparent activation barrier, m is the grain size ex-
ponent, n is the stress exponent, σ is the applied stress, d is the grain diameter, R is the gas constant and T is
the temperature. Using this equation an estimation of the stress exponent can be established, which defines
the creep deformation mechanism governing the alloys.

Firstly, the samples were tested at constant temperature (550◦C and 580◦C for the Fe4W and Fe6W alloys,
respectively) for varying stresses. The obtained creep curves from the tests of the Fe4W and Fe6W alloys are
presented in Fig. 4.6a and Fig. 4.7a, respecitively. From Fig. 4.6a, it can be observed, that all the Fe4W samples
show the expected three-stage creep behaviour, except for the test at 100 MPa (black curve) which was inter-
rupted due to the long length of the test (1113 hours). Furthermore, it can be seen, that the instantaneous
strain increases and the lifetime decreases with increasing applied stress for all the samples. From Fig. 4.7a
it can be observed, that the creep behaviour of Fe6W samples showed unexpected results as the influence of
the increasing applied stress was not consistently changing the deformation behaviour of the samples. For
instance, the time to failure of the sample subjected to 120 MPa was higher compared to the sample sub-
jected to 110 MPa, which defies the general creep behaviour. Furthermore, multiple tests on the Fe6W alloys
were interrupted due to their long length. This behaviour for the Fe6W alloys imposes difficulties with the
repeatability of the creep tests.

Thanks to the obtained strain data for the Fe-W samples, the steady-state creep rate ε̇SS of each deforma-
tion could be derived. Since the strain rate during steady-state creep is directly proportional to the applied
stress with the power of the stress exponent (ε̇SS ∝ σn), the stress exponent could be calculated from the
experimental creep data. The plots with trendline fittings used for the calculation of the stress exponents are
included in Fig. 4.6b (for the Fe4W alloys) and in Fig. 4.7b (for the Fe6W alloys). For the Fe4W alloys the stress
exponent is equal to n = 3.6±0.2, which assigns the creep deformation mechanism to a combination of dif-
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fusional and dislocation creep, that is believed to govern the α-Fe solid solution [58, 81, 88]. The case of the
Fe6W alloys is quite complicated as the stress exponent is equal to n = 15.2±3.2, which falls into the category
of dislocation creep in dispersion-hardened alloys [26]. Since the Fe6W alloys were not dispersion-hardened,
a plausible explanation for such a high stress exponent is the alloys’ grain size that is larger than the thickness
of the sample. Due to the large size of the grains, the creep deformation of the Fe6W alloys can be approxi-
mated to the creep of a single crystal. In such a case, the creep mechanism governing the deformation of the
Fe6W alloys cannot be established by the power-law creep equation (Equation 4.4). In a single crystal, the
deformation is governed by dislocation multiplication, motion and interactions with solute atoms, as well
as, by the orientation of the crystal planes. In polycrystalline materials, the presence of grain boundaries re-
stricts the movement of slip planes and the transport of solute in the grains, making the deformation more
predictable and the creep mechanism distinguishable [50].

From the creep curves, one more essential parameter could be calculated, i.e. the stress exponent for the
lifetime, which was used to define the time to rupture of the alloys at a given stress. For the calculation of this
exponent, Monkman-Grant equation was used: [74]:

tR · ε̇SS =C , (4.5)

where tR stands for rupture time f a material and C is a material’s constant. From Monkman-Grant relation
and Sherby-Dorn equation (Equation 4.4), it can be observed, that the rupture time is inversely proportional
to the applied stress with the power of the stress exponent. Therefore, a new exponent can be introduced,
which is the aforementioned stress exponent for the lifetime mtR . This exponent simplifies the relation be-
tween the rupture time and the applied stress. Thereby, the rupture time is directly proportional to the ap-
plied stress with the power of the stress exponent for lifetime (tR ∝ σmtR ). For the Fe4W alloys the stress
exponent for lifetime is equal to mtR = –3.8±0.9, which was calculated using the plot from Fig. 4.6c. For the
Fe6W alloys the exponent was not calculated, due to the lack of creep lifetime data.

Figure 4.6: (a) Creep curves of the Fe4W samples for a varying applied stress at 550◦C, (b) steady-state creep rate as a function of applied
stress derived from the creep curves and (c) applied stress versus the creep lifetime plot obtained from the creep tests on the Fe4W
samples.
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Figure 4.7: (a) Creep curves of the Fe6W samples for a varying applied stress at 580◦C and (b) steady-state creep rate vs. the applied stress
derived from the creep curves.

Using all the calculated parameters of the Fe4W alloys, the expected creep lifetime and the creep rate
could be estimated at any applied stress. Therefore, the Fe4W alloys could be subjected to interrupted creep
in selected stress conditions at 550◦C. The purpose for this procedure was connected with X-ray tomographic
investigation of the self healing mechanism during different stages of the alloys’ creep lifetime. Due to the
unpredictability of the Fe6W alloys, the samples made from this material were left out of the investigation,
and were subjected to the grain reduction procedure, described in the next section.

4.3.3. Creep behaviour at constant stress
According to [76], the activation energy for tungsten self-diffusion in α-iron is equal to Q = 312±27 kJ/mol.
The activation energy of solute self-diffusion is usually assumed to be the activation energy for diffusional
creep [2]. The experimental activation energy can be estimated using Sherby-Dorn equation (Equation 4.4)
when alloys are tested in varying temperature at the same subjecting stress. This process was performed
on the Fe4W alloys at 550, 560 and 575◦C with an applied stress of 140 MPa. The obtained creep curves are
presented in Fig. 4.8a. The activation energy was derived from the steady-state creep rate versus 1000/T
(T – temperature of exposure) plot (Fig. 4.8b), that shows the Fe4W alloys’ temperature dependencies at the
constant applied stress. The Fe4W alloys’ experimental activation energy for creep is equal to 1588 kJ/mol,
which is five times larger than the theoretical activation energy for tungsten self-diffusion in α-iron. The
reason for such a large activation energy for creep can be connected with the fact, that creep deformation of
the Fe4W alloys is not only governed by volume diffusion creep mechanism, but a combination of diffusion
and dislocation creep mechanisms. Therefore, the experimentally calculated activation energy cannot be
considered as the activation energy of W self-diffusion in the bcc-Fe matrix.

Figure 4.8: (a) Creep curves of the Fe4W samples for different temperatures of exposure at a stress of 140 MPa and (b) a plot of steady-state
creep rate versus 1000/T used for the calculation of the creep activation energy of the Fe4W alloys.
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4.4. Grain size reduction
The large grain size of the Fe6W alloys was the reason for the unexpected results of their creep testing. There-
fore, an attempt to decrease the grain size of the Fe6W alloys was undertaken. Such a procedure involved
a sequence of sample annealing with consecutive quenching. First, the samples were annealed at the tem-
perature of the austenitic phase formation (around 1100◦C, see Fig. 4.1) and were subsequently rapid water-
quenched. The second annealing procedure involved annealing of the samples at the temperature of their
solid solution heat treatment (1000◦C) and subsequent rapid water-quenched. Thanks to the first procedure,
a nucleation of the γ-phase inside the α-phase can be achieved, which is expected to take place within the
grains (see Fig. 4.9). Then, after the second procedure, the parts of the austenitic phase are expected to trans-
form into the α-phase, creating new grains. Despite the expectations of the grain size reduction in the Fe6W
alloys, the results of the annealing processes were unsuccessful (see Fig. 4.10). From Fig. 4.10 it can be seen,
that not only the grain size was not reduced, but also the desired microstructure was not found on the sur-
faces of the alloy. Therefore, either there was not enough time for the γ-phase to nucleate during the first
process or the γ-phase was formed and instantly transformed back to the originalα-phase during the second
process. Due to these unsatisfactory results, an alternative process for the grain size reduction is advised.

Figure 4.9: Schematic representation of the expected Fe6W alloy mictrostructure after the phase transformation from α to α+γ.

Figure 4.10: (a) Optical microscopy image of the surface of the Fe6W alloy that underwent a grain size reduction process, together with
(b) the grain size distribution after the attempted reduction.



4.5. Microstructure after creep 29

4.5. Microstructure after creep
The self healing effect in alloys can be studied by the means of electron microscopy, which may result in a
direct visual proof of creep damage filling by the second phase precipitation. Therefore, the microstructure
of the Fe-W alloys were analyzed by a JEOL JSM 6500F Scanning Electron Microscope with a field emission
electron gun, equipped with detectors for secondary and back-scattered electrons, as well as, an energy dis-
persive detector. The electron beam energy and current were 15 keV and 80 µA, respectively. Before every
scanning process, the samples had to be conditioned (same procedure as for optical microscopy) and cleaned
in ethanol in an ultrasonic bath.

4.5.1. Microstructure of Fe-4W alloys

Figure 4.11: Back scattering SEM images of the surface of the Fe4W alloy after creep failure (at 140 MPa at 550◦C. (a) Image with a
magnification of 2,000× that shows different creep damage and bulk precipitation. (b) Image with a magnification of 10,000× that shows
a precipitated wedge crack. (c-d) Images with a magnification of 6,000× and 8,000×, respectively, that show coalesced precipitated
cavities along a grain boundary.

Fig. 4.11 shows a back-scattering scanning electron microscopy (SEM) micrograph of the surface of the
Fe4W alloy after creep failure at 140 MPa and 550◦C. In Fig. 4.11a creep cavities, such as cavities along grain
boundaries and grain-boundary triple junction wedge cracks on stress-affected grain boundaries, can be ob-
served. The creep damage in the Fe4W alloy developed to the extend at which the cavities coalesced, forming
micro-sized cracks. The density ofW-rich precipitates is relatively low, and therefore the cavities are only
partially filled. Nonetheless, a site-selective precipitation of tungsten in the Fe4W alloys can be confirmed.
Fig. 4.11b-d show back scattering SEM images of creep damage in the Fe4W alloy in higher magnifications.
It can be observed, that most likely, the solute depletion into the cavities takes place from the bulk of the
material. Furthermore, it can be seen, that the solute atoms segregate at the edges of the cavities, where
they nucleate and grow into precipitates, which confirms the heterogeneous precipitation at creep-induced
damage in the Fe4W alloys.
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As mentioned previously, the Fe4W alloys are subjected to interrupted creep tests, when their rupture time
is well-established. Therefore, for the sake of comparison with the Fe4W alloys after creep failure, SEM mi-
crographs of the Fe4W alloy’s surface after interrupted creep at 140 MPa and 550◦C are presented in Fig. 4.12.
The creep deformation of this alloy was interrupted at the half of the rupture time (t = 0.5tR = 52 h).

Figure 4.12: Back scattering SEM images of the surface of the Fe4W alloy after interrupted creep (t = 0.5tR = 52 h) at 140 MPa and 550◦C.
(a) Image with a magnification of 500× that shows precipitated cavities along grain boundaries. (b) Image with a magnification of 3,000×
that shows a different surface region with the precipitated cavities along grain boundaries. Yellow arrows indicate the direction of the
EDS scans.

Fig. 4.12 shows a back-scattering SEM micrographs of the surface of the Fe4W alloy after interrupted creep
(t = 0.5tR = 52 h) at 140 MPa and 550◦C. In Fig. 4.12a precipitated creep cavities along grain boundaries can
be observed. Fig. 4.12b shows a different surface region of the Fe4W alloy, where fully filled grain-boundary
cavities can be seen. The precipitated grain-boundary cavities are isolated and show a higher filling ratio
compared to the cavities observed on the surface of the Fe4W alloy after creep failure, where no fully filled
damage can be seen (see Fig. 4.11b-d). From Fig. 4.12b it can be concluded, that the cavities did not coalesce
and therefore, the volume of damage is lower compared to the one observed on the surface of the Fe4W alloy
after creep failure. The decreased damage volume leads to high filling ratios of the isolated cavities as the
solute atoms have a limited open-volume surface to precipitate to.

Energy-dispersive X-ray spectroscopy (EDS) line scans were performed across two precipitated cavities
depicted in Fig. 4.12b (the directions of the scans are indicated by the yellow arrows). It was observed, that
the tungsten atomic concentration increases to a value of 33 at.%, when the scans go through the middle of
the precipitation. This concentration matches the expected atomic percentage of tungsten in the Laves phase
(Fe2W).

4.5.2. Microstructure of Fe-6W alloys
Despite the fact, that the Fe6W alloys showed unexpected results during creep testing, due to the large grain
size, their microstructure was examined by means of scanning electron microscopy. The results are depicted
in Fig. 4.13.

Figure 4.13: Back scattering SEM images of the surface of the Fe6W alloy after creep failure at 120 MPa at 580◦C (a) An image with a
magnification of 1,000× bulk precipitates with nucleated voids around them. (b) A closer look of (a) in a magnification of 4,000×.
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Fig. 4.13 shows back-scattering SEM micrographs of the surface of the Fe6W alloy after creep failure at
120 MPa and 580◦C. Unfortunately, grain boundaries did not show any precipitation. However, bulk precip-
itates were found on the alloys surfaces, which are depicted in Fig. 4.13a and, in higher magnification, in
Fig. 4.13b. I can be observed, that around the bulk precipitation, voids are nucleated. Since the bulk precip-
itates are the undissolved second phase, which remained after the solid solution heat treatment, the defects
around the particles can be assigned to the decohesion of precipitates from the cavity surfaces, that took
place during creep deformation of the Fe6W sample.

4.6. X-ray tomography
Scanning electron microscopy is a 2-dimensional imaging technique and it imposes limitations when a pre-
cise investigation of creep cavity filling and the exact locations of healed sites is desired. Therefore, for a more
extensive study of the self-healing effect in Fe-W using X-ray nano-tomography has been employed.

4.6.1. Background and underlying physics
X-ray nano-tomography (usually called nano-CT: Computerized Axial Tomography) is a radiographic imag-
ing technique with an ability to render 3-dimensional representation of the internal structure of optically
opaque materials. Its spatial resolution capabilities can reach tenths of nanometeres, and it allows a non-
destructive testing of materials, with a minimal specimen preparation [52]. Nowadays, due to the popularity
of X-ray tomography that boomed 20 years ago, a lot of facilities offer this technique of material investigation.
The tomographs differ from laboratory tomographs to synchrotron tomographs, with or without in-situ de-
vices [8]. The technique used for the investigation of Fe-W alloys was synchrotron X-ray nano-tomogrpahy.
Therefore, this particular method is described, but the basic principles of the technique are applicable for all
the available set-ups.

Synchrotron radiation is prodcued by the bending of a high-energy electron beam by a magnetic field.
The advantage of a sychrotron X-ray source is that the emitted light is significantly greater in brightness, com-
pared to the one emitted by conventional X-ray sources. Such a high flux of the X-ray beam helps to acquire
detailed images of materials that possess relatively low variations in absorptivity. Furthermore, synchrotron
tomographs allow X-ray energy to be tuned to a narrow energy band, which can result in a monochromatic
X-ray beam that enhances the accuracy of the images, by resolving the energy dependence on X-ray absorp-
tion [8, 52]. Synchrotron tomography can be based on two different approaches of the interpretation of X-ray
transmitted beam [56]:

X-ray tomography based on phase contrast
Synchrotron X-ray tomography can be based on the phase contrast detection method. In this X-ray tomogra-
phy, the X-rays are considered as electromagnetic waves. When X-ray waves pass through an object, not only
they are attenuated (decreased in amplitude), but also their phase is changed. This is due to the complex
refractive index of the material, which can be represented as follows [3]:

n = 1−δ+ iβ, (4.6)

where δ is the decrement of a real part of the refractive index and β is known as an absorption coefficient.
The complex refractive index is determined by the electron density of a material and is directly proportional
to the decrement of a real part of the refractive index.

The X-ray electromagnetic wave can be described as [3]:

Ψ(z) = B0ei nkz = B0ei (1−δ)kz e−βkz , (4.7)

where δkz is the phase shift (k being the angular wavenumber and z being the direction of wave propagation
normal to the surface of the medium) and e−βkz is the exponential decay factor decreasing the amplitude of
the wave, B0.

In more general terms, the total phase shift of the X-ray beam traveling a distance z at specific sample
locations, represented by the coordinates x and y , can be estimated using the following equation [3]:

Φ(x, y) =−2π

λ

∫ z

0
δ(x, y, z)d z, (4.8)

where λ is the wavelength of the incident X-ray beam.
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When an object is illuminated by the X-ray photon beam, located at a fixed position, the changes of phase
in X-ray beam are recorded (for each angular position of the sample) by a out-of-plane moving detector, while
the sample is rotating about its single axis (see Fig. 4.15). By measuring the phase change across the entire
object at different positions of a detector, a higher image quality, compared to X-ray tomography based on
attenuation (in the case when the material has low variations in absorptivity), can be obtained. However,
such a technique requires a homogeneous and spatially coherent beam. Otherwise, the images can result in
an ambiguous representation of the internal structure [14, 41].

A recent development in the phase contrast X-ray tomography offers an even more reliable representa-
tion of scanned objects for low variations in attenuation coefficients. This technique is called holotomog-
raphy and uses a variation of several specimen-source distances (for each angular position of a sample) to
measure the phase shift and attenuation of the electromagnetic waves. This method produces near-field
unravelled Fresnel diffraction patterns (i.e. interference between non-affected and diffracted components
of the beam), which can be reconstructed and combined into phase maps (see Fig. 4.14). The phase maps
are reconstructed via phase retrieval procedure that uses iterative algorithms to extract amplitude and phase
contrast from the images, captured at different sample-source distances, in order to render one reconstructed
2-dimensional tomograph. This technique allows to obtain a quantitative distribution of the phase. The re-
constructed tomographs reveal the electron density and absorptivity distribution inside the material, which is
useful in distinguishing details of the internal structure, i.e. phase edges. The drawback is that this technique
is connected with high acquisition time, as a large number of images has to be recorded [14–17].

Figure 4.14: Schematic representation of the synchrotron X-ray phase contrast holotomography. Fresnel patterns are recorded at several
sample-detector distances (left-hand side), reconstructed, and recombined into phase maps - (right-hand side) to show the distribution
of the phase contrast. Note, that the tomographic projections are taken at a single angular position of the sample [14].

X-ray tomography based on attenuation
Synchrotron X-ray tomography can also be based on the detection of the attenuation of the beam transmitted
through an object. This procedure is done by illuminating a sample with a beam of high energy X-ray photons,
which interact with matter. X-ray photons can penetrate a sample, be: (i) scattered by energetic electrons,
depositing no energy or (ii) be absorbed by it, either depositing all their energy and exciting electrons from
atoms or depositing a part of their energy simultaneously exciting an electron and resulting in a photon with
reduced energy (Compton effect). The absorption type depends on electron binding energies with the nuclei.
The interactions strongly increase with increasing number of electrons (i.e. with atomic number) [38, 64]. In
other words, the bigger the atomic number of atoms, the bigger the number of interactions of X-ray photons
with matter, which results in a larger number of absorbed photons and/or photons with decreased energy.
The number of absorbed photons and the decrease in energy of scattered photons, decrease the intensity
of the X-ray incident beam. As mentioned before, the intensity of the X-ray beam is the amplitude of X-ray
electromagnetic waves. Therefore, considering the complex refractive index presented in Equation 4.5 and a
scalar wave function from Equation 4.6, the total amplitude decay of the X-ray beam traveling a distance z
at specific sample locations, represented by the coordinates x and y , can be represented using the following
equation [14]:

B(x, y) = 2π

λ

∫ z

0
β(x, y, z)d z, (4.9)

knowing that β = (λ/4π)µ, an attenuation coefficient µ, which depends on the atomic number of a material,
can be incorporated into Equation 4.9.

The attenuated X-ray electromagnetic waves are recorded by a out-of-plane moving detector across the
entire sample (for each angular position of the sample), while the object in question is rotating about its
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single axis [14], which is exactly the same measuring procedure as in the phase contrast tomography, which
is schematically represented in Fig. 4.15.

Figure 4.15: Schematic representation of a synchrotron X-ray phase contrast and attenuation tomography [14].

A difference between the attenuation X-ray tomography and phase contrast X-ray holotomography in
case of a reconstructed scan is presented in Fig. 4.16. As it can be observed, areas with little differences
in absorptivity are not visible in the absorption scans (left-hand side), while they are revealed for the phase
contrast scans (right-hand side).

Figure 4.16: Reconstructed tomography scans of a frog for attenuation X-ray tomography (1 scan, left-hand side) and X-ray holotomog-
raphy (3 holotomographic scans after phase retival, right-hand side). ρ stands for the atomic number density [14].

A difference between the phase contrast tomography and holotomography is presented on reconstructed
3-dimensional scans in Fig. 4.17. As it can be observed, holotomographs reveal absorption differences in
the material structure (left-hand side), which cannot be visible for conventional phase contrast tomographs
(right-hand side).

Figure 4.17: Three-dimensional tomographic reconstructions of a metal composite consisting of an aluminum matrix and 20 vol.% Al203
particles. Left-hand side - holotomography, right-hand side - phase contrast tomography [6].
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4.6.2. Reconstruction of tomographic images
To produce a tomographicaly reconstructed scan, every defined angular position of the sample has to be
recorded and the projections have to be "stitched" together. This method is applicable for each of the above-
mentioned tomography techniques. In order to perform a tomographic reconstruction of a scan, analytical
reconstruction algorithms have to be implemented. Numerous methods exist, but they all take into account
two assumptions. Namely:

• the projection slices are infinitely thin

• for any detector and source position, all photons travel in the same straight line.

In such a way, the difference between voxel and pixel disappears during reconstruction [42]. This information
is used by the algorithm to produce a tomographic scan. Since the description of reconstruction techniques
is beyond the scope of this work, a brief overview of two most popular methods is presented.

1. Filtered Back Projection Reconstruction: it is an analytical reconstruction algorithm that applies a
convolution filter to discard blurring. It applies simultaneous equations on the projection sums at
differing angles to compute the values of either attenuation coefficients or electron density (or both)
within a cross-section of an object. The simultaneous equations are essential to result in a correct val-
ues of the aforementioned parameters [8, 83]. To render an image, the different values of the absorp-
tivity and/or electron density are given in greyscale intensity values and each of these values comprises
one pixel on a tomographic scan.

2. Fourier Slice Theorem: this theorem states that: "the Fourier transform of an object’s projection at any
angle equals a line taken in the same orientation of the two-dimensional Fourier transform of the same
object" [44]. Using this information, all projections taken from different angles can be represented on
one polar coordinate grid. The values of frequencies are then assigned to greyscale intensity values and
each of them comprises one pixel on a tomographic scan.

4.6.3. Experimental details for the synchrotron X-ray nano-tomography
With the theory lied down, all the specifications of the precise morphological study of the Fe-W samples can
be described. The technique used for the study on the Fe-W alloys was a synchrotron hard X-ray holotomog-
raphy instrument based on phase contrast with high spatial resolution. The instrument is located at beamline
ID16A at the ESRF (Grenoble, France). The high energy monochromatic coherent X-ray beam of 33.6 keV was
selected for this experiment. Fresnel diffraction patterns were recorded at four different source-sample dis-
tances for one tomographic projection and the phase maps were reconstructed by phase retrieval process
using the GNU Octave software [24].

Bar-shaped samples were prepared by machining the gauge sections of the creep samples using spark
erosion (see Fig. 4.18). If the sample was fractured, the machining was done beneath the broken site of the
gauge section.

Figure 4.18: Schematic representation of the cut and machined creep sample used in the X-ray holotomography (left-hand side). Bar-
shaped sample mounted in the X-ray tomography set-up (right-hand side).



4.6. X-ray tomography 35

The bar-shaped sample was mounted with its longest dimension upwards in the sample holder. It was
scanned, while rotating about its z-axis. The projections were recorded by a detector with a 2048×2048
binned pixels array. One tomographic scan performed 1500 projections, with an exposure of 1 second for
the resolution of 100 nm. The measurements were conducted under sustained high vacuum to prevent any
unnecessary X-ray transmission losses and X-ray scattering from air (which is the reason of the enhanced
background on tomographs). The projections were tomographicaly reconstructed via a filtered back projec-
tion reconstruction algorithm method using the ESRF PyHST software package [24]. A schematic representa-
tion of the X-ray nano-tomography procedure is presented in Fig. 4.19.

Figure 4.19: Schematic diagram of the synchrotron X-ray holotomography imaging process [24].

4.6.4. Analysis of the Fe-W tomographic data
From scanning electron microscopy images, combined with energy-dispersive spectroscopy, we know that
the phases present in the Fe-W samples are: the Fe-W alloy matrix (bcc structure), empty creep cavities and
W-rich precipitates (33 at.% W and 67 at.% Fe). During the data analysis, the W-precipitates and cavities
were of most interest, as they directly define the self healing activity in the alloy. Since electron density of
tungsten is much higher than that of iron and vacuum, and because the electron density of iron is much
higher than that of vacuum, the phase contrast differences between the phases is easily recognizable on the
tomographic scans. Which means that the dark features can be assigned to precipitates, while the bright
features correspond to cavities. The contrast in the scans is dominated by phase contrast, due to the free
propagation of the X-ray beam in the tomographic set-up [24].

3D rendering of the Fe-W samples
Knowing the differences in composition for the expected phases, a 3-dimensional reconstruction of the to-
mographic scans could be performed. In order to do this, the Avizo Fire 8.1 software was used. Firstly, all the
scans for a particular sample were loaded by the programme, which layered them according to their sequence
and rendered a voxel intensity histogram (see Fig. 4.20). Thanks to the back filtered projection reconstruc-
tion, all the electron density values recorded in the cross-sections of the Fe-W sample were given in different
greyscale intensity values. One voxel (which is equal to the volume of 100×100×100 nm) has its assigned
grayscale value, which is equivalent to a phase shift recorded by a detector. Segmentation of precipitates and
cavities with assigned greyscale intensity threshold values could be achieved by means of the Avizo Fire soft-
ware, threshold filters and an extensive study of local electron density variations in the FeW alloys (done by
H. Fang [24]). This procedure resulted in 3-dimensional rendering of the scanned samples, which represent
the division of the three material phases in three different colors. An example of such a rendering can be seen
in Fig. 4.21.
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Figure 4.20: Exemplary histogram depicting the number of voxels appearing in particular greyscale intensity values (named as voxel
intensity) [52]. A voxel intensity histogram represents the frequency of all the greyscale intensity values that appear on all the layered
scans.

Processing of 3D renderings of the Fe-W samples
For a further data analysis, the 3-dimensional render volumes had to be split into smaller boxes, called re-
gions of interest (ROI). This procedure is strictly connected with computer RAM capacity, which could not
handle an analysis performed on the entire sample. All the ROIs include both the cavities and precipitates. In
order to investigate the filled parts of cavities, appropriate Avizo Fire 8.1 functions had to be used, due to the
fact, that the partially filled cavities were disconnected from the whole cavities as a result of the smoothing
filters used during thresholding processes. The functions employed were dilating the cavity and precipitate
particles by 3 pixels in face (6×3 pixels), corner (8×3 pixels) and side (12×3 pixels) directions to establish
their connectivity. If the dilated precipitate particles had a corner, face or side contacts with cavity particles,
they were assumed to belong to a one precipitate-cavity structure. This process was done to have a visual
confirmation of precipitate-cavity interconnection. After this procedure, the structures were smoothed for
the second time and saved as separate precipitates and cavities binary images. Fig. 4.22 shows exemplary
binary images that were filtered from a single tomographic scan from one of the regions of interest. After
binary image rendering, used for quantitative data analysis, each of the reconstructed particles was labeled
and analyzed to obtain their volume and position.

Figure 4.21: 3-dimensional renderings of the tomographic scan reconstruction of four different Fe-Au samples. Cavities are marked in
red and precipitates in green [24].
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Figure 4.22: A sequence of filtering for 3-dimensional tomographic reconstruction shown on a single tomographic scan. When the tomo-
graphic scans are layered and reconstructed (Fig. 4.21, upper row) using Avizo Fire 8.1, and when the thresholds are applied (Fig. 4.21,
bottom row), ROIs can be selected and cropped from original tomographic scans. After second layering, thresholding and reconstruc-
tion, particles are dilated and structures are established. Binary images of cavities and particles can be rendered for each tomographic
slice.

Quantitative data analysis and shape classification of the Fe-W
Using the binary images, a quantitative data analysis could be performed by the MATLAB software with the
DIPimage toolbox. The DIPimage programme dilates the binary images of particles and checks the connec-
tivity of the structures. Images are treated by the DIPimage as matrices with values 1 and 0 (see Fig. 4.23). The
dilated matrix of precipitates is multiplied by the dilated matrix of cavities, which results in the values of 1 in
their overlaps. Dilation is only used to establish the cavity-precipitate connection for filling ratio calculation,
while other parameter calculations are performed on original binary images. In previous research it has been
proven, that if the 3-dimensional representations of precipitates and cavities lie separately within a radius of
300 nm (specifically for 100 nm resolution of X-ray tomography), they belong to the same precipitate-cavity
structure [70].

After the computation for all the binary images, the parameters needed for the shape classification of
particles were calculated. One voxel was set to be equal to a volume of 100×100×100 nm. Hence, the results
of all the parameters were directly rendered in metric units. The filling ratio of the particle-cavity structures
was calculated using the following equation:

F R = Vpr eci pi t ate

Vcavi t y +Vpr eci pi t ate
, (4.10)

where Vpr eci pi t ate is the total volume of precipitates in contact with the cavity and Vcavi t y is the unfilled
volume of the cavity.
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Figure 4.23: Schematic example of the DIPimage representation of a binary image before and after dilation.

The resulting parameters from the DIPimage were used for the shape classification of the particles (note
that connected particles are assumed to be a one shape). The shape classification was based on quantitative
data analysis done by Fang et al. [24] and Isaac et al. [48]. The shape of the particle can be represented by
its shape complexity (Ωd , where d is the dimensionality of the particle), which is a dimensionless parameter
that establishes the irregularity of the shape. For 3-dimensional particles (d = 3), the complexity parameter
can be represented as:

Ω3 ≡ A

π1/3(6V )2/3
, (4.11)

where A is the surface area of the particle and V is the volume of the particle. Using this equation, the surface
area of the particle, A, is normalized by the surface area of a sphere with the same volume as the object, V .

Furthermore, using the diameters of the particle’s equivalent ellipsoid (an ellipsoid with the same moment
of inertia as the real particle), the flatness and the elongation parameters can be calculated. The flatness is
defined as:

F = b

c
, (4.12)

while the elongation is defined as:

E = 2a

b + c
, (4.13)

where a, b and c are the equivalent ellipsoid major, intermediate and minor semi-axes, respectively.
The flatness and elongation parameters, together with the complexity parameter, are used to characterize

the shape of the particle. The shape classification can be established based on Table 4.4 (the classification was
defined by Fang et al. [24]). The combination of these parameters is an unique and unambiguous quantitative
approach to describe the morphology of the particles [24].
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Table 4.3: Classification of different shapes based on the elongation (E), flatness (F ) and 3-dimensional complexity parameter (Ω3) [24].

Class E [-] F [-] Ω3 [-]

Sphere - - Ω3 ≤ 1.15
Ellipsoid <5 <5 1.15 <Ω3 < 2.5
Rod ≥5 <5 1.15 <Ω3< 2.5
Sheet - ≥5 1.15 <Ω3 < 2.5
Complex object - - Ω3 ≥ 2.5

4.6.5. X-ray tomography of the Fe-W alloys: results and discussion
Two creep samples were analyzed using the aforementioned methods: two Fe4W alloys subjected to creep
deformation at 160 MPa and 550◦C. The first was subjected to the creep interrupted at the half lifetime
(t = 0.5tR = 52 h, called the 0.5tR Fe4W sample/alloy in this chapter), which corresponds to the halted steady-
state creep stage of the sample. The second one was subjected to the full creep failure (t = tR = 104 h, called
the tR Fe4W sample/alloy in this chapter). The scanned samples resulted in the 3-dimensional cubic recon-
structions with the dimensions of 321.5×321.5×321.5 µm3. Each reconstruction is divided into 4 regions of
interest (ROI). An exemplary ROI, after local reconstruction, is presented in Fig. 4.24.

The quantitative analysis of the ROIs resulted in the determination of the volumes and filling ratios of the
individual cavities in the samples. The damage volume varies from 3×10−3 to 2×103 µm3, while the filling
ratio varies over the entire range, which means, that the empty, partially filled and fully filled cavities can be
found in the samples. The classification of the shapes resulted in the determination of spherical, ellipsoidal,
rod-like and complex shapes (see Table 4.4). Examples of all the shapes found in the alloys are presented
in Fig. 4.25, where the filling ratios F R, precipitated volumes Vpr eci pi t ate , total cavity volumes Vcavi t y and
samples (where the cavities were found) are assigned to each of them.

Figure 4.24: Three-dimensional reconstruction of one the slices (regions of interest) from the Fe4W alloy after creep failure (tR ) at 550◦C
and 160 MPa, rendered using the Avizo Fire 8.1 software. From the left side by columns: a combination of cavities and precipitates,
separated precipitates, and separated cavities. The dimensions of the ROI: 80×321.5×321.5 µm3.
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Figure 4.25: Examples of the classified precipitated cavities found in the analyzed Fe4W alloys after creep at 550◦C and 160 MPa. The pre-
cipitated volumes (Vpr eci pi t ati on , marked in green), total cavity volumes (Vcavi t y , marked in red are the unfilled parts of the cavities),
the cavity filling ratios (F R) and the Fe4W sample types (tR or 0.5tR ) are included in the figure.

Self healing efficiency of the Fe4W alloys
The plots of the filling ratio as a function of the cavity volume for both Fe4W samples are presented in Fig. 4.26
and Fig. 4.27. Each data point corresponds to the individual cavity, found in the 0.5tR and tR Fe4W alloys.
From the figures the filling ratio distribution in the samples can be observed. For the 0.5tR Fe4W sample
(Fig. 4.26), the fully filled cavities comprise roughly 12% of all the cavities, while the empty cavities 62%.
The average damage volume in this sample is equal to Vcav,av = 1.45 µm3, while the average filling ratio to
F Rav = 0.16. For the tR Fe4W sample (Fig. 4.27), the fully filled cavities comprise roughly 47% of all the cavi-
ties, while the empty cavities 42%. The average damage volume in this sample is equal to Vcav,av = 3.9 µm3,
while the average filling ratio to F Rav = 0.52.

Using Fig. 4.27, an approximation for the lowest detectable cavity volume for the given resolution limit
(100 nm) is established and equals Vmi n,cav = 3 ×10−3 µm3. The same approximation is performed for the
critical cavity volume and it results in Vcr i t i cal ,cav = 20 µm3. The critical cavity volume corresponds to the
maximum volume of damage that can be fully precipitated. Furthermore, from Fig. 4.26 and Fig. 4.27 it can
be observed, that for the given resolution, the partial filling of the cavities cannot be determined when the
filled volume is below 10−2 µm3.

The self healing kinetics is controlled by a relative rates of damage formation and healing. The healing
by precipitation is triggered by the nucleation of damage and is believed to become active when the cavity
reaches a characteristic size V0. Fang et al. [24] established two different cases of the cavity growth followed
by precipitation: (i) the cavity growth associated with the filling by the precipitates, that takes place without
linkage with other cavities and (ii) the cavity growth that links other cavities after it reaches a specific volume.

For the first case, it is assumed that the filling is activated for a cavity volume V0. Subsequently, the cavity
volume Vcav grows following a power law, with a simultaneous solute atom diffusion to it. Therefore, using
this mindset, a filling ratio of a growing cavity (without coalescence) can be calculated using the following
equation, established by Fang et al. [24]:

F R = kpr ec

kcav

(
1− V0

Vcav

)
, (4.14)

where kpr ec and kcav quantify the combined effect of stress and local conditions (e.g. the grain size).
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Using this equation, the evolution of the filling ratio of cavities in the Fe4W alloys could be established.
The value of kpr ec /kcav was chosen to be equal to 1.1, as it corresponds to the full filling for Vcav = V0 [24].
The cavity volumes Vcav match the volumes of the cavities found in the samples. The chosen nucleation start
volume of the cavity in the 0.5tR Fe4W alloy is 3×10−2 µm3. In the tR Fe4W alloy, the chosen nucleation start
volumes are: 2×10−2 µm3, 2×10−1 µm3 and 2 µm3 (note: each filling ratio evolution path is established for
the same growth rate). The approximated filling ratio evolution paths for the Fe4W alloys, tested at 550◦C and
160 MPa, are marked by orange solid curves in Fig. 4.26 and Fig. 4.27. From these paths, it can be observed,
that the filling ratio continuously increases with increasing cavity volume until the cavity is fully filled. Ad-
ditionally, by comparing Fig. 4.26 and Fig. 4.27 it can be observed, that filling ratio of the 0.5tR Fe4W alloy
would not match the one of the tR Fe4W alloy if it was subjected to the full creep deformation, due to the
highly developed sizes of the defects, which almost approach the critical volume size.

Figure 4.26: Filling ratio versus cavity volume for the 0.5tR Fe4W alloy after interrupted creep at 550◦C and 160 MPa. Each data point
corresponds to the individual cavity found in the internal structure of the alloy. The orange curve indicates the predicted filling ratio
evolution route for the cavity which the nucleation start volume is equal to 3×10−2 µm3.

Figure 4.27: Filling ratio versus cavity volume for the tR Fe4W alloy after creep at 550◦C and 160 MPa. Each data point corresponds to
the individual cavity found in the internal structure of the alloy. The orange curves indicate the predicted filling ratio evolution routes
for the cavities which the nucleation start volumes are: 2×10−2 µm3, 2×10−1 µm3 and 2 µm3.
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Thanks to the obtained quantitative data, it has been established, that the tR Fe4W sample shows a higher
average filling ratio and average damage volume compared to the 0.5tR Fe4W sample, but also a bigger
amount of fully filled cavities and a higher filling ratio for the partially filled cavities. These filling ratios
for the individual cavities of a specific volume are depicted in Fig. 4.28. The first conclusion that appears
after seeing the data gathered in Fig. 4.28, is that by subjecting the Fe4W sample to creep deformation for a
longer time, a higher filling of the damage can be achieved. This statement is only partially correct. During
longer temperature exposure, the solute atoms have indeed more time to precipitate to damage, especially
given that tungsten is characterized with relatively low diffusivity inα-iron (around 10−22 m2/s at 550◦C [76]).
Although, such a big difference between the filling ratios of the cavities in the 0.5tR and tR Fe4W samples can-
not only be caused by the difference in the duration of creep deformation, and has to be influenced by other
factors. The reasons for the higher filling ratio of the tR Fe4W compared to the 0.5tR Fe4W sample could be:
(i) the resolution limit of the X-ray tomography, which enables to detect the partially precipitated damage
only above the volume of 10−2 µm3, (ii) a highly developed volume of the defects and/or coalescence of the
cavities in the 0.5tR Fe4W sample (a big volume growth or nucleation causes an abrupt filling ratio decrease).

Figure 4.28: Filling ratio versus cavity volume for the tR (in black) and 0.5tR (in red) Fe4W alloys after creep at 550◦C and 160 MPa.

Influence of grain-boundary orientation
It has been found, that the number of rod-shaped and complex shaped cavities is comparable in both sam-
ples. These shapes of the cavities correspond to the cavities that are created by the coalescence of multiple
defects. It has also been noticed, that the ellipsoidal cavities of a higher volume constitute a high fraction of
cavities in the 0.5tR Fe4W sample. The cavity coalescence and big cavity volume are the reasons for the low
filling ratios in the 0.5tR Fe4W alloy. This is caused by the orientation of the grain boundaries along which the
cavities are located. Namely, the grain boundaries parallel to the applied stress are less likely to accommo-
date a high rate of cavity growth or a nucleation of a big defect than grain boundaries transverse and inclined
to the applied stress (or grain-boundary junctions where the diffusional void nucleation is enhanced by the
opening of the junction [61]) because the production of vacancies for void growth takes place by tension
across the grain boundary [46]. In Fig. 4.29 examples of two different kinds of creep damage locations are
presented. These locations are: (i) grain boundaries parallel to the applied stress σ and (ii) grain boundary
junction with inclined grain boundaries and a transverse grain boundary to the applied stress σ. These ex-
amples are taken from the three-dimensional reconstruction of the tR Fe4W (rendered by Avizo Fire 8.1) as
this sample possesses a bigger variety of grain-boundary orientations compared to the 0.5tR Fe4W sample.
Although, the grain boundaries are not perfectly transverse or parallel to the applied stress, they do show the
dependency of grain boundary orientation on the cavity shape, which is showed in Table 4.4.

As the flatness parameter is mainly used in distinguishing the sheet-shape of the cavity, it has been ig-
nored in shape classification of the cavities considered in Table 4.4. From the table it can be seen, that the
cavities are comparable in their average complexity parameter Ω3,av, therefore, the shape classification can
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only be based on their average elongation parameter Eav. The cavities located at the grain-boundary junc-
tion (with transverse and inclined grain boundaries) have the highest average elongation parameter, which
confirms the presence of many complex and elongated cavities. This observation confirms the fact, that in-
clined and transverse grain boundaries, and grain boundary junctions, are the locations for cavities that are
complex in shape and large in volume, which is caused by cavity coalescence, high cavity growth rate or nu-
cleation of a big volume cavity. This further confirms that the grain boundary orientations other than parallel
to the applied stress are the most favourable locations for cavity growth in the alloys.

Figure 4.29: Three-dimensional reconstruction of two regions of interest from the Fe4W alloy after creep failure (tR ) at 550◦C and
160 MPa, rendered using the Avizo Fire 8.1 software. From the left side by columns: a ROI containing a grain boundary parallel to the
applied stress (σ), and a ROI containing a grain-boundary junction with grain boundaries inclined and transverse to the applied stress
(σ).

Table 4.4: The average flatness parameters Eav and complexity parametersΩ3,av for all the grain-boundary types depicted in Fig. 4.29.

GB type Eav [-] Ω3,av [-]

Parallel GB 2.52 1.40
GB-junction + inclined/transverse GB 2.85 1.42
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Cavity shape evolution
Increasing volume of a cavity leads to its shape evolution. The shape development of the cavities goes through
the following path: sphere/ellipsoid → sheet/rod/complex. It is rare for the cavities to follow a different
sequence with their increasing volume. It is strictly connected with cavity growth during creep deforma-
tion. Cavities grow as spheres (lens-shapes – equilibrium shape), when their growth is controlled by grain-
boundary diffusion or as ellipsoids (crack-like shape – a non-equilibrium shape), when their growth is con-
trolled by cavity surface diffusion. Subsequently, the cavities grow and coalesce into sheet-like, rod-like or
complex defects.

Fig. 4.30 shows four separate plots of filling ratio as a function of cavity volume for the individual cavities
of specific shapes found in the internal structures of the tR and 0.5tR Fe4W samples. In Fig. 4.30a-b it can be
observed, that there is a higher number of ellipsoidal cavities compared to the number of spherical cavities,
in the samples, which suggests that the growth of the damage in the Fe4W alloys is governed by cavity surface
diffusion. In Fig. 4.30c-d it can be observed, that rod-like and complex shapes in the Fe4W samples are of a
higher volume, which can indisputably be regarded as the coalescence of spherical or ellipsoidal cavities.

Figure 4.30: Filling ratio versus cavity volume plots of the tR (marked in black) and 0.5tR (marked in red) Fe4W samples after creep at
550◦C and 160 MPa, with the division into damage shapes. (a) Spheres, (b) ellipsoids, (c) rods and (d) complex shapes.

From Fig. 4.30 it can also be observed, that the most favourable morphology for self healing are the spher-
ical and ellipsoidal shapes. These shapes show the highest average filling ratios and the highest percentage
of full filling for both tR and 0.5tR samples. This is connected with the fact, that these are the shapes of the
cavities that activate the precipitation by their nucleation. The more complex shapes do not show full filling
ability, which is strictly connected with the fact, that their existence is caused by cavity linkage, so their high
cavity growth and a sudden volume change cannot possibly be matched by the rate of solute diffusion.
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4.7. Conclusions and recommendations
It has been proven, that autonomous full and partial repair of creep-induced cavities by the precipitation of
the second phase in Fe-W alloys is achievable. It has been found, that the cavities which are nucleated and
grown on the grain boundaries of Fe4W alloys can be effectively healed if their volume does not exceed the
critical cavity volume, Vcr i t i cal ,cav = 20 µm3. Furthermore, by means of the simplified model of the filling
ratio evolution, it has been proven that the filling ratio of the cavities increases with the increasing volume
of a defect as long as no cavity linkage is accommodated. It has been observed, that the sample subjected
to creep failure shows a higher cavity filling by the precipitation of the second phase than the one subjected
to interrupted creep deformation (t = 0.5tR ). This result has been attributed to a more pronounced cavity
coalescence/cavity growth and a nucleation of big defects in the sample subjected to the interrupted de-
formation. This phenomena are influence by the grain-boundary orientation. The visual inspection of the
rendered cavity-precipitate structures in both samples proves that the sample after interrupted creep pos-
sesses numerous grain boundaries more favourable for coalescence, big volume nucleation and accelerated
cavity growth. It has also been found that the growth of the cavities in the Fe4W alloys is most likely governed
by cavity surface diffusion as the majority of the cavities take form of the crack-like non-equilibrium shape.
Furthermore, from the experimental testing, proceeding the Fe-W alloys’ tomographic data analysis, several
additional conclusions can be made. Namely:

• The current solution heat treatment of the alloys does not fully dissolve all the second phases, which is
indicated by the presence of bulk precipitation in the tested samples.

• The grain size becomes the dominant factor influencing the creep deformation of the alloys when the
grain size diameter is greater than the thickness of a sample.

• Fe-W shows no bulk precipitation during creep deformation, which proves that the energy barrier for
homogeneous precipitation, caused by the big sizes of tungsten atoms, is relatively high in Fe-W alloys.

• The creep mechanism governing the deformation of Fe-W alloys is a combination of volume diffusion
creep and dislocation creep, which was proven by the calculated stress exponent and activation energy
for the Fe4W alloys.

• The volume diffusion is predominantly governing the solute transport to the creep-induced damage,
which was revealed by SEM micrographs that show the segregation of small precipitates at the edges of
the cavities.

• The small amount of bulk precipitates induce void nucleation in the bulk of the material, which might
decrease the strength of the material.

The following recommendations for future work with Fe-W alloys can be made based on the outcomes of
this project:

• In order to dissolve all the bulk precipitates in Fe-W alloys, a different approach to the solution heat
treatment of the samples has to be applied, which most possibly involves longer annealing time and/or
increased temperature.

• In order to obtain reproducible creep tests for the Fe6W alloys, an effective grain reduction procedure
has to be found, which most probably involves recrystallization of the grains and/or the reduction of
samples’ thickness or improved primary production conditions.

• In order to investigate the stress and temperature influence on the filling ratio of cavities and cavity
volume sizes in Fe-W alloys, X-ray tomographic processing has to be performed on the samples priory
subjected to creep deformation in different conditions.

• In order to examine the concentration of tungsten on the filling ratio of cavities, different compositions
of Fe-W alloys have to be introduced into the experimental procedure.

• In order to more precisely evaluate the grain boundary type and orientation influence on the filling ratio
of the cavities, and cavity volume and shapes, more in-depth investigation of the reconstructed cavity-
precipitate structures has to be undertaken. This procedure has to involve the exact reconstruction of
grain boundaries present in the alloys, using the provided tomographic scans.





5
Influence of ageing processes on Fe-W

alloys

In the previous chapter, the self-healing effect that takes place during creep deformation has been described.
A mechanical load was used to induce damage inside the material, while, at the same time, the tempera-
ture and stress were controlling the solute atom diffusion and the subsequent second phase precipitation.
In contrast, this chapter intends to describe the precipitation of a second phase at indentation-induced sur-
face micro-deformations, which takes place during the heat treatment of the iron-tungsten alloys. The most
important difference, with the situation for high-temperature creep is that all damage was introduced to the
samples as performed at room temperature with a subsequent elevated temperature exposure. This chapter
aims to evaluate the precipitation of the second phase at defects by diffusion of solute atoms in elevated tem-
perature, when an external stress is removed. Furthermore, this chapter also aims to establish the changes
of the alloys’ properties during the ageing process. This evaluation entails the measurements of mechanical
parameters, such as hardness.

In the beginning, the hardness testing of the alloys is introduced to assess the change of the materials’
strength during interrupted heat treatment, which can indirectly convey information about solute diffusion
and precipitation in the alloys. The chapter continues with the study of deformation-induced defects, their
surface precipitation after ageing and a detailed explanation of its nature. The chapter finishes with conclu-
sions and recommendations.

5.1. Hardness measurements
Hardness can be defined as a resistance of a material to a local plastic deformation [77]. Vickers micro-
hardness measurements were performed, using a micro-hardness tester, on four iron-tungsten samples:
Fe4W and Fe6W as-quenched, and Fe4W and Fe6W as-quenched and tensile pre-strained at room tempera-
ture with ε = 0.32. These tests (under the load of 0.5 N) were conducted every time the samples were subjected
to an interrupted ageing. The procedure of their ageing is described in the following subsection. The exact
composition of the samples is presented in Table 4.1. The as-quenched state of the samples refers to their
prior solution heat treatment with the subsequent rapid water-quenching, described in the previous chap-
ter. In this chapter, the as-quenched samples are called undeformed samples, while the as-quenched and
pre-strained samples are called deformed samples.

5.1.1. Heat treatment of hardness samples
Ageing of the samples was performed to investigate the hardness development of the Fe-W alloys over ageing
time. For this purpose, an electrical vacuum furnace with an external turbo-pump was used. The furnace
heats using Eddy current by a time-dependent magnetic field from a solenoid coil [33]. The vacuum that can
be reached by the furnace is slightly below 5×10−4 mbar, while the turbo-pump is able to decrease it down
to 2×10−5 mbar. The vacuum is used to avert the oxidation of the alloys during the heat treatment.

In order to prevent the samples from moving inside the chamber of the furnace, due to a produced mag-
netic field, a metallic holder with a ceramic insert was employed to serve as a sample support. Another pur-
pose of such a holder is to obtain an even temperature distribution over the samples during the ageing pro-
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cess. Whereas, the purpose of a ceramic insert is to limit the contact between the metallic wedge and the
samples. To control the temperature inside the chamber of the furnace, an Eurotherm controller was used,
that was connected to a thermocouple type K with two ends, one laying near the metallic holder, and the
second one hanging in the ambient air outside the furnace [33].

The total ageing time was established to be 200 hours and the process was interrupted at selected times
for hardness measurements. The times at which the measurements were taken are marked on the hardness
versus age time plots in Fig. 5.1 and Fig. 5.2. Every time the furnace was heated up to a temperature of 580◦C
with a heating rate of 10◦C/min. The maximum temperature was reached approximately after 55 minutes.
Each time the process was halted, the cooling of the furnace was done under sustained vacuum by letting it
equalize with room temperature, which lasted approximately 2.5 hours.

5.1.2. Hardness results and discussion
Interrupted Vickers micro-hardness measurements yielded results that are visible in Fig. 5.1 (Fe4W alloys)
and Fig. 5.2 (Fe6W alloys). The broad standard deviation of the measurement points is assigned to the mea-
sured hardness, that significantly changes with the position of the micro-indentation. Sometimes a grain
boundary, a precipitate, a prior indent (higher hardness) or the inside of a grain without any defects (lower
hardness) was indented.

From Fig. 5.1 and Fig. 5.2 it can be observed, that higher hardness of the deformed samples, compared
to the undeformed ones, is registered. This can be attributed to strain hardening due to multiplication of
dislocations, which decreases the average separation distance between dislocations. This also increases the
resistance to dislocation motion, together with the imposed stress required to deform an alloy, which results
in greater hardness values [12].

Furthermore, in the early stages of the ageing process constant hardness values are registered for the
deformed samples. This continues until 8 and 10 hours of ageing, for Fe4W and Fe6W, respectively. The
so-called plateau in hardness (the constant hardness over ageing time) is rarely found. Usually the hard-
ness increases and reaches a peak (peak-ageing), before a decay (overageing), due to precipitation hardening
and subsequent precipitation coarsening. The hardness plateau in case of the Fe-Mo alloys was assigned
by Zhang [86] to a balance between precipitation hardening and a counteracting dislocation recovery. The
previously introduced dislocations (by tensile deformation) are migrating into grain boundaries, where they
can be annihilated, but at the same time, their motion is being impeded by the solute atoms clustering at the
dislocations.

In Fe-W alloys, the diffusion of tungsten atoms in theα-Fe matrix is relatively slow compared to the rate of
dislocation recovery in the matrix. Therefore, the dislocation impeding is only effective in the case of a high
dislocation density (i.e. the deformed samples) – when tungsten atoms require shorter distances to diffuse
and segregate at dislocations. At a certain point, when the dislocation density decreases, the dislocation
recovery gradually stops being compensated by precipitation hardening and the hardness of the deformed
samples drops (red fitting curves - Fig. 5.1 and Fig. 5.2). It reduces to the time at which it coincides with the
hardness of the undeformed samples, i.e. the initial state before deformation [11, 19, 21]. Another explanation
for the hardness reduction of the deformed samples could be the coarsening of precipitates (overageing) and
the consequent material softening, but is unlikely as the undeformed samples do not show any hardness
decrease after the same ageing time, which would be expected in this case [11].

The constant hardness (black fitting curves - Fig. 5.1 and Fig. 5.2) in the case of the undeformed samples
is caused by a lack of diffusion or dislocation motion events inside the material. Meaning, that the diffusion
through the iron matrix is too low (D = 5.92×10−21 m2/s at 580◦C [76]) to mobilize and agglomerate the tung-
sten atoms at the dislocations, which prevents precipitation hardening. Moreover, supersaturated metals are
characterized to be defect-free, or at least low in dislocation density, which makes a major dislocation recov-
ery impossible to take place. Additionally, no overageing effect at such an early stage of annealing can appear
(too few particles).
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Figure 5.1: Hardness of the Fe4W undefromed and the Fe4W deformed samples as a function of the ageing time. The alloys were aged
for 200 h at 580◦.

Figure 5.2: Hardness of the Fe6W undeformed and the Fe6W deformed alloys as a function of the ageing time. The alloys aged for 200 h
at 580◦.

5.2. Precipitation of tungsten at micro-indented sites
Scanning electron microscopy (SEM) images of the micro-indented (using the hardness tester) and aged (for
140 h at 600◦C) creep Fe-W sample, that was supersaturated before creep fracture, revealed an interesting
phenomenon. Namely, a precipitation of nano-particles of a secondary phase on the surface of the indenta-
tion (see Fig. 5.3). Energy-dispersive spectroscopy (EDS) spot analysis showed various results of the compo-
sition of the nano-precipitates. The results can be seen in Fig. 5.4. In Fig. 5.4c it can be observed, that the
composition of the small precipitates is not conclusive, as the concentration of tungsten in the phase varies
from 8 to 18 wt.%. A phase with the observed compositions is not predicted by the iron-tungsten phase di-
agram. The only conclusion that can be made from these results is that the nano-precipitate is most likely
a Fe2W Laves phase (62 wt.% W and 38 wt.% Fe), but the spatial resolution of EDS equipment is too low to
pick up the exact composition of such a small particle. In other words, the probed volume of the material
below the precipitate, which X-rays are emitted from, is simply too bulky and contains too much α-Fe matrix
compared to the amount of the secondary phase. As a result, the composition of the precipitate is averaged
over a bigger volume than its actual size [25]. In order to gain a greater knowledge of the precipitation at the
micro-deformed sites, several other samples from Fe-W material were tested and investigated.
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Figure 5.3: A back scattering SEM image (magnification of 1,000×) of the second phase precipitation (bright cuboid shapes inside the
indentation) at the indentation site in the Fe6W fractured creep sample after aging at 600◦C.

Figure 5.4: Back scattering SEM pictures of the Fe6W sample from Fig. 5.3, (a) with a magnification of 3,000×, (b) 10,000× and (c) 60,000×,
combined with the results from EDS composition obtained from four different surface precipitation spots.
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5.2.1. Precipitation at indentation
The alloys chosen for this investigation were the same as the ones used for the hardness tests: Fe4W and
Fe6W undeformed, and Fe4W and Fe6W deformed. Then, all samples were subjected to plastic deformation
by micro-indentation (using a micro-hardness tester with the load of 0.5 N) and aged for 140 hours at 600◦C.
Due to deformation, the dislocations density inside the grains increases. Given that the alloys are supersatu-
rated, the nucleation of new dislocations during plastic deformation attracts the solute atoms to their cores,
where they segregate. As mentioned in the third chapter, the reason for solute atoms to migrate to defects,
such as dislocations, is associated with the reduction in the energy of elastic distortion of the lattice. The
incorporation of solute atoms into the crystal lattice by supersaturation results in an elastic distortion of the
atomic bonds. In order to reduce this energy, solute atoms tend to move from a tightly-packed crystal lattice
to more lower-density defects. Additionally, an ageing process enhances the migration of solute atoms to
matrix mismatches and/or defects as it provides the necessary energy for the solute atoms to diffuse through
the lattice into these sites [10, 18, 45].

An excellent example of solute migration, and a subsequent precipitation of a second phase at indentation
sites has been presented by Zhang in the Fe-Au-B-N alloy [86]. As it can be seen in Fig. 5.5, the precipitation of
a new phase appeared at the surface of a Knoop indentation, which was induced prior to the ageing process,
that lasted 64 hours at 550◦C. In the Fe-Au-B-N alloy, the increased bulk diffusion by dislocations causes the
precipitation of Au-rich particles. Dislocations, introduced by the indentation, speed up the local response
in the deformed areas as they attract the solute and serve as short-circuit diffusion paths into open-volume
defects, where the solute can precipitate [71, 86]. A similar behaviour is expected from Fe-W alloys.

Figure 5.5: Back-scattering SEM image of the Fe-Au-B-N alloy with a Knopp indentation after ageing for 64 h at 550◦C [86].
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5.2.2. Results and discussion
The ’fresh’ indentations on Fe4W and Fe6W alloys can be seen in Fig. 5.6 and Fig. 5.7, respectively. From
the micrographs, it can be seen that there is no precipitation at the deformed sites. The back scattering SEM
images of the indentations were also taken after the ageing process and are presented in Figures 5.8-11.

Figure 5.6: Back scattering SEM images of the freshly indented Fe4W undeformed sample with the magnification of (a) 400× and
(b) 5,000×.

Figure 5.7: Back scattering SEM images of the freshly indented Fe6W undeformed sample with the magnification of (a) 500× and
(b) 4,000×.

Figure 5.8: Back scattering SEM images of the indented undeformed Fe4W sample (after ageing for 140 hours at 600◦C) with the magni-
fication of (a) 1,000× , (b) 8,000× and (c) 8,000×.
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Figure 5.9: Back scattering SEM images of the indented aged undeformed Fe6W sample (after ageing for 140 hours at 600◦C) with the
magnification of (a) 1,000×, (b) 5,000× and (c) 10,000×.

Figure 5.10: Back scattering SEM images of the indented deformed (ε = 0.32, ε̇ = 1.33×10−4 s−1) Fe4W sample (after ageing for 140 hours
at 600◦C) with the magnification of (a) 1,000×, (b) 3,000×, (c) 3,000× and (d) 8,000×.
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Figure 5.11: Back scattering SEM images of the indented aged deformed (ε = 0.32, ε̇ = 1.33× 10−4 s−1) Fe6W sample (after ageing for
140 hours at 600◦C) with the magnification of (a) 1,000×, (b) 5,000× and (c) 5,000×.

From the figures above, several observations can be made:

• When comparing the samples before and after the ageing process, it is apparent, that the precipitation
of the small particles is visible only after the high temperature exposure.

• The precipitation of the second phase takes place exclusively inside the indentations and it is nowhere
visible in the bulk of the material.

• The precipitates tend to form cuboid shapes if they have no big defects to precipitate into (see Fig. 5.3).

• There is no obvious link connecting the different tungsten concentrations to the precipitation at the
indentations.

• From the visual inspection it can be observed, that the greater dislocation density of the deformed
samples does not affect the precipitation after ageing.

The micrographs showed the presence of multiple defects inside the indentations, that were not in those
locations before indenting. This observation is pointed out in the book "Dislocations in Solids" by Nabarro
and Hirth, where it is concluded as "not resolved very well" [60]. However, thanks to this observation, the
presence of small cuboid-like precipitates (Fig. 5.3) could be interpreted as a second phase precipitation at
nano-defects induced by micro-indentation. This theory is supported by the presence of black spots that
lie in the vicinity of the nano-precipitates, which could be unfilled nano-defects. Their existence was orig-
inally assigned to precipitate chip-offs, caused by sample cleaning (an ultrasonic bath cleaning). Another
interesting explanation for the small cuboid-shaped precipitates could be the solute atom agglomeration at
dislocations, their dislocation diffusion to the surface of the indentation, and the subsequent precipitation
and coarsening to the observed size [9].

When seeing that all the samples show precipitation at the indentation sites, the question about the phase
structure and composition emerges. EDS spot measurements and EDS line scans were performed on the
samples, but were abandoned as they did not show any conclusive results. They were as inconclusive as the
scans done for the sample presented in Fig. 5.3. Therefore, X-ray diffraction (XRD) was conducted on one of
the materials (the undeformed indented Fe4W sample before and after ageing, Fig. 5.6 and Fig. 5.8). In such
a way, the crystal structure of the precipitated phase could be assessed, which can result in the identification
of the phase composition and structure, if the investigated phase is known. As can be seen in Fig. 5.12 (red
curve), two small peaks at the diffracted angles (2θ) of 37.900◦ and 41.840◦ appeared for the crystallographic
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planes with Miller indices of {110} and {103}, characteristic for a Laves phase Fe2W (with a hexagonal MgZn2

structure) [20]. However, the intensities of the peaks do not match the ones obtained from the data sheets
for Fe2W (marked as α, the characteristic peak for α-Fe). Therefore, the structural data obtained from X-ray
diffraction is not entirely clear and conclusive and nothing can be said with certainty about the composition
and structure of the micro-indentation precipitates. On the other hand, no other phases have been identified
and previous studies on these materials clearly confirm, that only the precipitation of Fe2W is observed after
ageing at 600◦C [20].

Figure 5.12: XRD spectra for the undeformed indented Fe4W sample after ageing at 600◦C for 140 h (red) and for undeformed indented
Fe4W before ageing (black).

5.3. Conclusions and recommendations
It was found that, the solute atoms are able to impede moving dislocations when the dislocation density is
relatively high (after tensile deformation). However, these solute-dislocation interactions are hindered after
ageing for several hours at 600◦C, when the dislocation density is decreased by the dislocation recovery pro-
cess. This observation also confirms the slow tungsten diffusion in bcc-iron [76]. These phenomena were
observed during hardness measurements of the deformed and the undeformed Fe-W alloys, and were con-
firmed by the lack of peak-ageing and the presence of the hardness plateau. The slow diffusion of tungsten
and the big sizes of the grains (see Fig. 4.4) contribute to the constant hardness of the alloys after 200 hours of
ageing. There is no precipitation hardening in the materials, due to the long diffusion paths and the low rate
of the solute transport into the grain boundaries.

The studies on the precipitation at micro-indentations after ageing showed the precipitation of Fe2W
phase at the surface defects induced by local deformation. This results are compliant with the ones obtained
during creep deformation of the Fe-W alloys, where the preferential precipitation sites are the grain-boundary
defects. This observation confirms that the homogeneous precipitation in Fe-W alloys is unattainable.

The influence of the applied stress on the precipitation at the defects cannot be assessed as the SEM
micrographs revealed the second phase particles for both the creep and the aged samples. Understandably,
the amount of the precipitated second phase could not be compared between the creep and the aged alloys,
due to the lack of quantitative analysis on the aged samples. Therefore, the influence applied stress on the
precipitation of the second phase at defects still remains unsolved.
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The following recommendations can be made for future research:

• In order to thoroughly investigate the micro-indentation defects, a more sophisticated characterization
technique is advised (TEM or X-ray tomography). Such a technique could help to reveal the spatial
shapes of the defects and precipitates, which can lead to a more detailed explanation for their presence.

• In order to observe the more extended hardness development of Fe-W alloys subjected to high temper-
ature, a longer ageing of all the samples is advised.

• In order to assess the influence of the subjecting stress on the rate of precipitation, a new research
with quantitative analysis, comparing the precipitation during ageing to the precipitation during creep
deformation is advised.



6
Finite element calculations on the

self-healing of a creep cavity by solute
diffusion

So far, the self-healing effect has been presented and evaluated by means of experimental work. The mech-
anism of nucleation, growth and subsequent filling of creep cavities is not always straightforward, as could
be seen in the previous chapters. Although, the shapes of the nucleated cavities, in the initial stages, do not
always resemble the ideal shape that is the subject of theoretical studies, the ideal representation helps to
understand the possible events taking place, when a (lens-shaped) cavity is created on a grain boundary in a
supersaturated alloy, that is subjected to creep deformation.

The aim of this chapter is to convey the knowledge gained on the diffusional flow of solute atoms (self
healing process) to a lens-shaped creep cavity, by means of finite element modelling. The choice of the
lens-shaped cavity was driven by the fact, that it is the equilibrium shape of a creep-induced intergranu-
lar cavity, that can be usually encountered in creep-resistant steels. Such a defect is frequently nucleated
on grain boundaries oriented transversely to the applied stress and is propagated by diffusive creep cavity
growth mechanisms. The goal of this chapter is to evaluate the diffusional character of solute atoms dur-
ing creep cavity filling, and the time that it takes the solute to fill the entire creep cavity, depending on four
varying parameters: the volume and grain boundary diffusion coefficients, the creep cavity radius and the
distance separating a cavity from a neighbouring one that lies on the same grain boundary. The calculations
do not focus on one particular material (like for instance, the iron-tungsten system), but are more general to
extend their usefulness for future self-healing research on metals. More details are presented in the following
sections. Firstly, the current understanding of cavity filling by diffusional mechanisms is presented. This is
followed by the chosen approach and the results obtained from the computations. The chapter finishes with
conclusions and recommendations for future experimental and modelling research.

6.1. Creep cavity diffusional filling kinetics
The subject of creep cavity nucleation and growth has been outlined at the beginning of this work. This sec-
tion solely focuses on the void filling by volume and grain boundary solute diffusion. Since in the modelling
only one cavity (that has neighbouring cavities along the same grain boundary) is considered, the simplest
case of concentration-driven diffusion was taken into account. The transport of solute by diffusion can be
represented by Fick’s first law of self-diffusion. In order to adjust the equation to a three-dimensional α-iron
matrix, the diffusional flux (an amount solute atoms that diffuses through an unit of surface area in an unit
of time) is defined as follows: [43]:

~J =−D

Ω
~∇c, (6.1)

where D is the diffusivity, Ω is the atomic volume of the solute atoms (in the model: the atomic volume of a
bcc iron atom) and c is the solute concentration in atomic fraction [80].
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Then, the integrated flux of the solute from the bulk material to the cavity can be assessed at the surface
of the cavity edge by using the following equation:

d N

d t
=−

Ó
S

~J · ~dS. (6.2)

where S stands for the surface of the cavity and N for a number of atoms diffusing into the cavity through its
surface over time t .

In the model a continuous diffusion of solute atoms to the grain boundary and the cavity was considered.
The flux into the cavity was determined at the entire cavity edge. This means that, the solute transport from
the volume and the adjoining grain boundary was investigated. Additionally, the volume diffusion towards
the grain boundary was determined. The volume and the grain boundary were supersaturated with solute at
the beginning of every simulation. In reality, the diffusion of solute atoms is driven by the supersaturation and
is assisted by the applied stress, temperature, pressure or other external forces. For simplicity, in the model
only the concentration gradient (~∇c) as the driving force was considered. The kinetic energy that activates the
motion of matter was provided by the applied temperature (included in the diffusivity) and the stress state in
the material was ignored.

In the model the formation of a secondary phase was not taken into account, just the segregation of solute
atoms in the cavity. In reality, the growth of a cavity during creep deformation is inevitable, due to the atomic
transport from the cavity surface and the diffusion of vacancies. However, in the model the cavity propa-
gation was ignored and a fixed volume and shape of the cavity and the grain boundary was assumed. This
approximation is not fulfilled in practice during creep deformation, but strongly simplifies the calculations.

Although, in the FE model several key mechanisms that take place during diffusional void filling were
omitted and most of the phenomena were simplified, the most important and the most contributing mecha-
nism of cavity filling, i.e. the solute volume diffusion, was considered. This made it possible to estimate the
time for the full volume filling of a creep cavity, together with the assessment of the parameters controlling it.

6.2. FE model specifications
As stated before, the model was based on a cavity that is created during creep deformation transversely to an
applied stress. An example of such a defect is presented in Fig. 6.1. On the left-hand side, a real microscopy
image, where a cavities appeared at a grain boundary, can be seen. On the right-hand side, a simplified draw-
ing of a grain with multiple cavities, which are assumed to form in lens-shapes [69]. In the model only one
cavity embedded on a boundary was taken into consideration, but also the existence of neighbouring voids
was considered, as the box radius corresponds to the half of the intercavity spacing (dashed rectangle, Fig.
6.1). Due to the fact, that the cavity is in the form of a lens-shape, the simulation box had to be represented
as a cylinder (Fig. 6.2a). The box shows a rotation symmetry, which is schematically depicted in Fig. 6.2b. In
the cylindrical coordinate system the radius is r and the height is z. When cut in half, the lens-shape is called
a spherical cap (Fig. 6.2b). The shape originates from two phenomena [69]:

1. The surface diffusion, that maintains the uniform curvature during cavity growth, causes the free sur-
faces of the cavity to be spherical segments.

2. The surface tension forces establish the angles between the cavity and cavity-matrix interfaces to satisfy
equilibrium conditions.
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Figure 6.1: Left-hand side: a real optical microscopy picture of the Fe4W alloy’s surface, after interrupted creep (0.75tR ) at 550◦C and
140 MPa, with grain boundaries and cracks, along one of them. Right-hand side: a schematic representation of an exemplary grain with
multiple cavities along the grain boundary. The arrow indicate the direction of the applied stress (σ). The dashed lines indicate a region
of interest used for the FE model.

Figure 6.2: (a)A cylindrical sample volume containing a grain boundary (in red) with a lens-shaped cavity studied in the FE simulation.
(b) Simulation box used in the FE model [80]. The dimensions of the simulation box are presented in Table 6.1.
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Table 6.1: A list of all parameters used to define the simulation box, together with their symbols and values. The height of the spherical
cap h directly scales with its radius a with: h/a = (1−cos(ψ))/sin(ψ) [80].

Parameter Symbol Value

Grain boundary thickness δ 0.5 nm
Height of the spherical cap (half cavity) h 38.5 nm
Height of the simulation box H 2 µm
Radius of the spherical cap a 50 nm
Opening angle of the cavity ψ 75◦
Radius of the simulation box λ adjustable

The volume of the cavity presented in Fig.6.2b was calculated using the following equation,

Vcav = 4

3
πa3

(
1− 3

2
cos(ψ)+ 1

2
cos3(ψ)

)
. (6.3)

This volume at the complete filling is equal to the number of atoms N multiplied by the atomic volume
Ω = 0.0117 nm3:

V f i l l = N ·Ω. (6.4)

With all of the requirements and parameters for the model, the mesh was generated and the boundary con-
ditions were set. The chosen mesh is presented in Fig. 6.3. The different coarsening densities of the mesh are
connected with the fact, that one wants to achieve a better estimation of the solute diffusional flux around
the surface of the cavity (hence, the greater density of mesh blocks) than in the bulk of the material.

Figure 6.3: Mesh used in the FE simulation of the creep cavity filling by solute diffusion.

The two boundary conditions set for the model are:

1. The solute concentration on the inside of the surface of the cavity was set to be constant at a value of
c1 = 0.0001.

2. At the edges of the simulation box the diffusional flux was set to be zero.

Additionally, the starting parameters had to be defined and were as follows:

1. The solute concentration in the material was set to the nominal concentration: c(r Ê a) = c0 = 0.01.

2. The radius of the simulation box, λ, was equal to a half of the intercavity spacing.

Furthermore, the simulation was programmed to stop when a sufficient amount of solute was diffused into
the cavity. At this point, the volume of the cavity was fully filled with solute atoms: V f i l l =Vcavi t y.
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6.3. FE simulation results and discussion
The concentration profile for this model was adapted to be comparable to earlier results for the Fe-Au al-
loys, studied by Zhang [86]. The FE calculation, in case of Fe-Au, were performed in the same manner as
hereby presented ones, but considered a spherical shape of a cavity. By comparing both results, a conclusive
statement on the influence of the cavity shape on solute diffusion healing can be made.

In order to investigate the character of the diffusional solute process for the model, multiple combinations
of diffusion coefficients for the volume (DV ) and the grain boundary (DGB ), as well as, the cavity radius (a)
and the box radius (λ) (which defines the spacing between the other neighbouring cavity) were selected.
The intercavity spacing was varied to evaluate the impact of a proximity of a neighbouring cavity, along the
same boundary, on the diffusional flux of solute. Therefore, the two key variables for the model were: the
intercavity ratio (λ/a) and the diffusivity ratio (DGB /DV ). The character of the diffusional flux and the time
of cavity filling was investigated in terms of diffusivity and size effects. The intercavity ratio took the values
of λ/a = 2, 3, 5, 10, 20, 50, 100, 200, 400, while the diffusivity ratio (DGB /DV ) was varied over 18 orders of
magnitude. Examples of the obtained concentration profiles, at full cavity filling, are shown in Fig. 6.4. Three
different behaviours of concentration profiles could be distinguished, which correspond to three different
diffusion flux fields.

Figure 6.4: FE solute concentration profiles at full cavity filling for (a) λ/a = 2, DGB /DV = 1, (b) λ/a = 20, DGB /DV = 108, (c) λ/a = 20,
DGB /DV = 103 [80]. The data are shown for a supersaturation of ∆c = 0.01.

The three types of concentration profiles observed at the full cavity filling are:

1. 1D diffusion field: as depicted in Fig. 6.4a, takes the character of a planar diffusion field. The so-
lute atoms are fed both to the cavity and the grain boundary at the same rate only from one direction
(z-direction). This phenomenon happens when there is an insufficient amount of solute atoms avail-
able inside the grain boundary. All the solute atoms are immediately diffused into the cavity from the
grain boundary and the cavity, together with the boundary, is filled with the solute atoms from the vol-
ume of the material. This type of diffusion field can be observed for small intercavity ratios (λ/a < 50),
and it is independent of the diffusivity ratio. For the 1D diffusion field the solute transport to the cavity
is solely controlled by the volume diffusion.

2. 2D diffusion field: as depicted in Fig. 6.4b, the concentration gradient is focused on the grain boundary.
This means, that the fast transport of solute through the grain boundary into the cavity is accommo-
dated. This phenomenon happens when the solute in the grain boundary is sufficient to fill the cavity,
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and takes place for high diffusivity ratios (DGB /DV >> 1) and high intercavity ratios (λ/a Ê 50). In 2D
diffusion field the solute transport to the cavity is controlled by the grain boundary diffusion.

3. 3D diffusion field: as depicted in Fig. 6.4c, the concentration gradient is observed from every direc-
tion. This diffusion profile appears when DGB É DV . Then, there is hardly any solute supplied to the
grain boundary. The 3D diffusion occurs as long as the diffusion profile does not reach the box radius
(for λ/a Ê 5). In 3D diffusion field the solute transport to the cavity is controlled by the volume diffu-
sion. The solute is also transported along the grain boundary, but it makes only a small contribution,
thus it does not control the solute transport.

The cross-overs from 1D and 3D (or 3D to 1D) are gradual rather than sharp. Therefore, there are diffusion
fields at full creep cavity diffusional filling that take the character of a quasi-2D profile. The diffusion profiles
can also be analyzed in terms of the cavity filling time (t f i l l ). In Fig. 6.5, the time to full cavity filling is plotted
as a function of DGB and DV for different λ/a ratios. The diffusion profiles were registered at the time when
the cavity was fully filled, at which the simulation was stopped.

Figure 6.5: Cavity filling time t f i l l for intercavity ratios of λ/a= (a) 2, (b) 5, (c) 20 and (d) 400 as a function of the volume diffusivity DV
and the grain-boundary diffusivity DGB [80]. The data are shown for a supersaturation of ∆c = 0.01.

Fig. 6.5a shows, that the volume diffusivity solely controls the filling time over the entire range of dif-
fusivity ratios (1D). Fig. 6.5b shows that the volume diffusivity is still the dominating factor controlling the
filling time for all values of diffusivity ratios. However, for ceratin DGB /DV ratios, there is a transition where
the grain-boundary diffusion has an impact on the filling time (1D to 3D). The same transition takes place
in Fig. 6.5c, with an exception, that it is more pronounced, which shows an even bigger impact of the grain-
boundary diffusion on the filling time (such an impact, which is a short period of 2D behaviour, is regarded
as a gradual transition from 1D to 3D behaviours – quasi-2D). These grain boundary diffusion impacts on
the filling time are the perfect indications of the profile change from 1D to 3D. Such transitions mark the
points when the grain boundary is no longer fully depleted at the beginning of a simulation and contributes
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to the filling of the cavity, without controlling it. Finally, in Fig. 6.5d, a clear transition between 3D behaviour,
controlled by DV , to 2D behaviour, controlled by DGB is observed.

An alternative representation of how grain boundary and volume diffusion influence the time to complete
filling of the cavity is presented in Fig. 6.6. From the graph an influence of the diffusivity ratio (with a fixed
DV = 10−22 m2/s) on the filling time can be described as follows:

• λ/a = 2: Volume diffusion is the primary factor controlling the filling time, so while the grain-boundary
increases (increasing the diffusivity ratio), the filling time stays constant. Meaning, that the grain
boundary diffusion has no impact on the solute diffusion into the cavity. Solute atoms are instantly
depleted from the short grain boundary to the cavity without affecting the diffusion profile and the
filling time. This curve depicts 1D diffusion profile without any transitions.

• λ/a = 5: Volume diffusion is also the primary factor that controls the filling time. However, for interme-
diate diffusivity ratios, there is a short period of a linear decrease in the filling time with the increasing
grain-boundary diffusivity, followed and proceeded by its constant periods. This means, that the dif-
fusion profile changes from 3D to 1D behaviour with a transition (linear decay), which indicates the
impact of the grain-boundary diffusivity (quasi-2D). This curve depicts a profile change from 3D to
quasi-2D to 1D.

• λ/a = 20: Volume diffusion is the primary factor influencing the filling time just for small values of diffu-
sivity ratios (3D). At the end, the time curve shows a linear decrease with the increasing grain-boundary
diffusivity. The linear decrease is associated with a transition at which the grain-boundary diffusivity
impacts the filling time, which is the registered pronounced transition from 3D to 1D (see Fig. 6.5c).
The curve depicts a diffusion profile change from 3D to quasi-2D.

• λ/a = 400: Volume diffusion is again the primary factor influencing the filling time just for small values
of diffusivity ratios (3D). At the end, the time curve shows a linear decrease with the increasing grain-
boundary diffusivity. The linear decrease is this time associated with the grain-boundary control over
the filling time, which is a 2D profile behaviour (see Fig. 6.5d). The curve depicts a diffusion profile
change from 3D to 2D.

In summary, when the time curve shows a linear decay over increasing diffusivity ratio, the time to the full
cavity filling, together with solute transport, is controlled by grain-boundary diffusion (corresponding to ei-
ther quasi-2D or 2D profile). When the time curve is constant, the time to the full cavity filling and solute
transport are controlled by the volume diffusion (corresponding to either 1D or 3D profile). A combined pic-
ture of the influence of changing diffusivity ratio and changing intercavity ratio on the filling time of the cavity
is presented in Fig. 6.7.

From the contour plot in Fig. 6.7, the aforementioned filling time control filling time of specific diffusivity
ratios for specific intercavity ratios can be observed thanks to the color bar depicting the magnitudes of filling
time. The white dots, marked on the figure correspond to the registered cavity filling times for the investigated
diffusivities and intercavity ratios. The diffusion influences were registered at times when the cavity was fully
filled and the simulations stopped. From the figure it can be observed, that the changing diffusivity ratio (i.e.
grain-boundary diffusivity) has little influence on the filling time for small intercavity ratios (λ/a = 2, 5). With
the increasing intercavity ratio, the changing diffusivity ratio begins to contribute to the change of the filling
time. For the intermediate intercavity ratios (λ/a = 10, 20), the varying diffusivity ratio has an influence on
the filling time for its smaller values, while for its larger values it does not significantly change the magnitude
of the filling time. For big intercavity ratios (λ/a = 50, 100, 200, 400), the changing diffusivity ratio has the
most significant influence on the filling time as its changing magnitude changes the magnitude of the filling
time of the cavity. Fig. 6.7 proves, that the dominance of grain boundary diffusion over the solute transport to
the cavity and the filling time of the cavity greatly depends on the length of the grain boundary, along which
the cavity lies on. Furthermore, the grain-boundary diffusion can control the filling of the cavity only when
its diffusivity is much larger compared to the diffusivity of the volume.
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Figure 6.6: Time to complete filling t f i l l as a function of DGB /DV for four different intercavity ratios: λ/a = 2, 5, 20, 400. t f i l l is plotted

at a constant DV =10−19 m2/s. All data are obtained for a supersaturation of ∆c = 0.01.

Figure 6.7: Time to complete filling t f i l l as a function of DGB /DV and λ/a. t f i l l is plotted at a constant DV =10−22 m2/s. All data are
obtained for a supersaturation of ∆c = 0.01
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6.4. Conclusions and recommendations
The FE simulations of diffusional cavity filling have provided a detailed insight in the behaviour of supersat-
urated solute transport into a creep-induced cavity, located on a grain boundary oriented transversely to the
applied stress. One can learn from these calculations that the filling of the cavity is controlled by the volume
diffusion in most of the cases, but is also often affected by the grain-boundary diffusion. The time required
for filling depends on two variables, i.e. diffusivity ratio DGB /DV and intercavity spacing ratio λ/a, which
proves that the diffusion mechanisms show size and solute rate effects. For a relatively fast grain-boundary
diffusivity, the size factor λ/a determines if the solute, needed for a complete filling, has to be provided into
the cavity from the volume or can be entirely drained from the grain boundary.

Moreover, three different diffusion profiles have been distinguished at the diffusive full filling of the grain-
boundary cavity. Namely, 1D diffusion profile, which shows the behaviour of the solute transport for small
intercavity distances, when the amount of solute in the grain boundary is insufficient. This profile appeared
to be independent of the diffusivity. Secondly, 2D diffusion profile, which shows the behaviour of the solute
transport when the grain-boundary diffusion is dominant. This profile is controlling the solute diffusion for
big intercavity distances when the grain-boundary diffusion is significantly faster compared to the volume
diffusion. Finally, 3D diffusion profile, which shows the behaviour of the solute transport when the volume
diffusion is dominant over contributing grain-boundary diffusion. This profile is controlling the solute diffu-
sion for big intercavity distances, when the grain-boundary diffusion and the volume diffusion are of a similar
rate, as well as, when the grain boundary diffusivity is slightly smaller compared to the volume diffusivity.

By comparing this model to the model established by Zhang [86], there is no noticeable effect of the cav-
ity shape on the diffusion profiles or the filling time. Zhang [86] considered only one inetrcavity spacing
(λ/a = 250) over the same values of diffusivity ratios. The observed behaviours for diffusional flux are quanti-
tatively the same.

From the tomographic reconstructions (described in Chapter 4) it has been found that the average inter-
cavity spacing ratio λ/a in the Fe4W alloys, subjected to creep at 550◦C and 160 MPa, is around 2. This is
caused by the fact, that the cavities induced during creep deformation are relatively big in sizes and not that
distantly apart. The diffusion of tungsten in α-Fe matrix is of the order of 10−22 m2/s at 550◦C [76], while
the grain-boundary diffusion in high-purity iron is of the order of 10−17 m2/s [47] at the same temperature
(DGB /DV = 105). These values of intercavity spacing ratio and diffusivity ratio correspond to the 1D concen-
tration profile at full cavity filling (see Fig. 6.4a and Fig. 6.5a). This means, that the solute transport into
cavities in Fe4W alloys, during creep at 550◦C, is solely governed by volume diffusion, which has also been
pointed out in Chapter 4 (Fig. 4.11).

In order to further improve the FE model one can consider the following recommendations. The sim-
ulation would be more realistic if the cavity growth mechanism, together with a descriptive model for the
precipitation inside the cavity, was included. Furthermore, an incorporation of the external factors control-
ling the solute transport into the cavity, i.e. stress fields, would improve the results of the cavity filling time
and its dependence on the size and diffusivity effect. Finally, a representation of a cavity that is located on an
inclined grain boundary (to the applied stress), and an incorporation of the grain boundary sliding effect on
its shape, would give a chance to investigate a different diffusion-based solute transport.
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