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A B S T R A C T   

Refractory high-entropy alloys (RHEAs) are promising candidates for those applications requiring of strong 
materials at high temperatures with elevated thermal stability and excellent oxidation, irradiation, and corrosion 
resistance. Particularly, RHEAs synthesized using mechanical alloying (MA) followed by spark plasma sintering 
(SPS) has proven to be a successful path to produce stronger alloys than those produced by casting techniques. 
This superior behavior, at both room and high temperature, can be attributed to the microstructural features 
resultant from this powder metallurgy route, that include the presence of homogeneously distributed non- 
metallic particles, fine- and ultrafine-grained microstructures, and higher content of interstitial solutes. Never-
theless, the powder metallurgy fabrication relies over a complex balance of several operational variables, and the 
process is no exempt of certain challenges, such as contamination or the presence of pores in the bulk parts. This 
review aims to cover all the peculiarities of the MA + SPS route, the resultant microstructures, their mechanical 
properties, and the strengthening and deformation mechanisms behind their superior performance, as well as a 
brief description of their oxidation resistance.   

1. Introduction 

The current demands of the society for a more sustainable industry 
have guided materials science researchers to develop newer advanced 
materials to fulfill the needs of aerospace, nuclear, chemical, defense, or 
automotive sectors. In the first case, for example, a more efficient 
operation – with less fuel consumption and less CO2 emissions – is 
nowadays limited by the temperature that turbine blades and disk ma-
terials (currently made of Ni-based superalloys) can sustain in terms of 
mechanical performance. The challenge is far from simple: these mate-
rials not only have to possess elevated mechanical strength at extreme 
temperatures but also outstanding oxidation and fatigue resistance as 
well as excellent thermal stability. A significant breakthrough came with 
the publication of the two first works [1,2] introducing the high-entropy 
alloys (HEAs) concept, opening a vast field of candidate alloys with a 
promising but – until that moment – unexplored potential. 

Initially, HEAs were defined as those alloys constituted by at least 
five elements, all of them between 5 and 35 at. % [3]. This unusual 
composition – out of the traditional alloy design paradigm of diluted 

solutions with a clear and well-defined base element – would promote 
elevated values of the entropy of mixing (ΔSm) term at the liquid state; 
hence, after cooling, a single-phase solid solution (SPSS) microstructure 
containing all these components would be stable yet down to room 
temperature. The previous was termed the high-entropy effect, one of the 
four core effects – the other three included high-lattice strain, sluggish 
diffusion, and the cocktail effect – that defined the physical metallurgy 
and performance during the early development of high-entropy alloys. 
However, with the years, it was noted that SPSS microstructures were 
less frequent than multi-phase microstructures, as well some contra-
dictory results were found regarding the rest of core effects. Hence, 
nowadays, the high-entropy alloy concept has evolved into a more 
flexible term – the complex concentrated alloy (CCA) concept – that 
groups all those alloys with a complex composition that lays out of the 
traditional alloy design paradigm, indistinctly of their microstructure [4, 
5]. Despite of that, the high-entropy alloy term continues as the reference 
term for the field, and therefore, it will be used in this review indistinctly 
of the microstructure of the alloy. 

During the first decade of HEA development, the studies were 
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focused on alloys mainly containing 3d transition metals (TM) (and 
hence, termed as 3d TM HEAs): Fe, Ni, Co, and Mn, with the addition of 
other elements such as Cr, Cu, Al, and Ti. These alloys were mainly 
constituted by disordered face-centered cubic (fcc) solid solutions, pre-
senting similar behavior that some austenitic stainless steels. A partic-
ularly interesting case is the equiatomic CoCrFeMnNi, also known as the 
Cantor’ alloy, in recognition of the pioneer work by Cantor et al. [2]. 
This alloy possesses a SPSS fcc microstructure and interesting mechan-
ical behavior, singularly at low temperatures [2,6,7]. It was just in 2010, 
that Senkov et al. [8] opened the frontiers of the field reporting the first 
HEAs entirely constituted by refractory elements, whose 
high-temperature mechanical performance was even superior to that of 
commercial Ni-based superalloys, as illustrated in Fig. 1. These alloys 
presented a disordered body-centered cubic (bcc) solid solution, that 
provided them a superior strength with a reduced ductility, in com-
parison to 3d TM HEAs. However, refractory high-entropy alloys 
(RHEAs) were immediately considered strong candidates with enormous 
potential to solve the previously mentioned high-temperature 
challenges. 

The excellent results of Senkov’s group started a fever to explore this 
new subfield by addressing two critical aspects of the first RHEAs: their 
room temperature brittleness, and their elevated density (the two first 
RHEAs possessed a density over 12 g cm− 3). The first is a challenging 
aspect of the RHEA development, and despite several efforts have been 
done in the area exploring several approaches (the effect of different 
substitutional elements [10–17], doping with interstitial elements 
[18–22], tuning the electronic properties of the alloy [10,23], among 
others) there is no a clear strategy to solve it yet. On the other hand, the 
density issue could have been straightforwardly addressed by priori-
tizing lighter elements, such as Ti or V, using less content of the heaviest 
refractory elements (like W and Ta), and incorporating non-refractory 
but lighter elements, such as Al or Si. Nevertheless, in the case of SPSS 
alloys, an elevated high-temperature strength is directly related to an 
elevated alloy melting point that will result from the melting point of the 
constituent elements [24]; unfortunately, elements that possess low 
density also present lower melting points. Thus, SPSS RHEAs with high 
mechanical strength at elevated temperature will have poor specific 
yield strength (SYS) and vice versa. Additionally, the high-temperature 
oxidation resistance is also a performance property that has to be 
considered in the design of RHEAs, since refractory metals (such as W, 
Mo, and V) intrinsically possess poor oxidation resistance and may be 
subjected to the pesting phenomenon, as well as some of their oxides are 

susceptible of volatilization and sublimation and present poor adher-
ence [25]. In that way, alloying elements such as Cr, Al, and Si may 
contribute to enhance the oxidation resistance of RHEAs. Hence, having 
all that into consideration, the alloy design must be accompanied by 
additional strategies in order to find a superior balance between me-
chanical performance, lightness, and oxidation resistance, not only 
through compositional tunning, but also through the fabrication route, 
in order to obtain superior microstructures. 

Most RHEAs (including the pioneer RHEAs) have been fabricated by 
arc melting, in spite of the undesired casting defects that this route 
causes, such as dendritic microstructures (observed in alloys with 
elevated melting point differences between constituents [26] or 
non-zero enthalpies of mixing (ΔHm) [27]), coarse grain size (attributed 
to the elevated temperatures required to melt elements with high 
melting points such as W or Hf), or the evaporation or sublimation of 
constituent elements. Aiming to produce more homogeneous micro-
structures, annealing and hot isostatic pressing (HIP) post-treatments 
are usually conducted [8,28–33], although with no considerable effect 
over the mechanical properties. A particular exception of 
casting-produced RHEAs is the refractory high-entropy superalloys 
(RHSAs) subfamily [34,35]; these are Al-containing dual-phase RHEAs 
constituted by disordered and ordered (B2) bcc solid solutions forming a 
nanoscale cuboid-like microstructure, that resembles that of Ni-based 
superalloys [35–37]. These alloys are constituted by important 
amounts of light elements (Al, Ti, and Zr) and due to their advanced 
microstructure, a superior SYS is achieved (as represented in Fig. 2), 
showing that advanced microstructures in multi-phase RHEAs conduct 
to a superior performance and balance of strength and density. 

On the other hand, the powder metallurgy (PM) route, particularly 
mechanical alloying (MA) followed by spark plasma sintering (SPS), can 
lead to the obtention of advanced microstructures with excellent me-
chanical behavior at both room and at high temperatures, as has been 
reported in several cases [21,38–47]. MA corresponds to a solid-state 
fabrication technique, in which the alloying is achieved by means of 
the repetitive impact of balls over particles of mixtures of elemental or 
prealloyed powders [48]. After that, the alloyed powder is subjected to 
SPS, in which the simultaneous flow of electric current through the 
particles and the application of stress for tens of minutes produce almost 
fully-dense bulk samples. This route presents strong advantages in 
comparison to casting: i) because the alloy is formed in the solid state, 
the bulk samples will not present a dendritic microstructure nor an 
inhomogeneous microstructure; ii) MA processing avoids strong chem-
ical segregation between elements with very different melting points 
(which is especially relevant in Al-containing RHEAs, where the differ-
ences on melting point may be as high as 1500 ◦C), iii) it may lead to the 
fabrication of fully-dense bulk pieces with fine and ultrafine grain size, 
that enhances the room temperature yield strength (σYS) of the alloy, iv) 
fine and homogeneously dispersed precipitates (oxides, carbides, and 
nitrides) are formed during the sintering stage, pinning grain boundaries 
and inhibiting grain growth during high-temperature exposure, 
strengthening the alloy, among others [49,50]. The microstructural 
features that govern the mechanical properties and deformation mech-
anisms of MA + SPS RHEAs parts are summarized in Fig. 2. 

Nevertheless, PM fabrication is far from being simple and straight-
forward and has its limitations too, so several aspects must be consid-
ered. On the one hand, the MA + SPS route has serious limitations in 
terms of producing large parts as well as industrial-scale production 
(where casting techniques may be more appropriate) and dies are usu-
ally expensive and limited in terms of highly complex shapes (where 
additive manufacturing techniques would be preferred). On the other 
hand, the powder and bulk samples are exposed to several sources of 
contamination, that will affect the composition and microstructure of 
the samples. Additionally, a large number of operational parameters and 
variables are involved during MA that will affect the physical and 
chemical characteristics of the milled powder. All of these, alongside the 
operational parameters of the sintering stage and the alloy composition, 

Fig. 1. Yield strength (σYS) as a function of the temperature of the first RHEAs, 
MoNbTaW and MoNbTaVW, and of two commercial superalloys [9]. Repro-
duced with permission of Elsevier. 

P. Martin et al.                                                                                                                                                                                                                                  



Journal of Materials Research and Technology 30 (2024) 1900–1928

1902

will determine the resulting microstructure and performance of the bulk 
alloys. 

A couple of works have been published reviewing the PM synthesis of 
HEAs [51–53]; nevertheless, since RHEAs are somehow less reported 
than 3d TM HEAs, their peculiarities are not appropriately nor exten-
sively addressed. In the same way, various review manuscripts 
addressing RHEAs have been published too during the last couple of 
years [4,28,54]. Still, none of them particularly focused on those pro-
duced by the PM route (which are less common than those fabricated by 
casting despite their poorer performance). 

Hence, the present review aims to focus exclusively on those RHEAs 
fabricated using the MA + SPS route, the main challenges related to 
powder alloy fabrication by means of MA, as well as the obtention of 
bulk samples through SPS (with a few mentions of samples sintered 
using other techniques for comparison purposes) with a special 
consideration of the particularities of the elemental powders that 
constitute RHEAs. Thus, the first section will be focused on the discus-
sion of how the operational parameters of MA affect the main outcomes 
of the process, such as phase evolution, physical characteristics of the 
powder, powder yield, and contamination. Then, a second section will 
address the effect of sintering conditions and techniques over micro-
structure, keeping an eye on how the powder features (physical char-
acteristics, chemical composition, and chemical homogeneity) affect it 
too. Then, the mechanical behavior of PM RHEAs is discussed, especially 
focusing on the high-temperature performance, addressing how the 
fabrication route, the chemical composition, and the microstructure can 
affect it. Additionally, a discussion addressing the involved softening 
and deformation mechanisms is revised, by means of constitutive and 
microstructural analysis of deformed samples. Lastly, a short description 
of high-temperature oxidation resistance reports of MA + SPS and SPS 
RHEAs will be presented. 

2. Mechanical alloying of RHEAs 

During MA, particles are exposed to various physical phenomenon, 
such as plastic deformation, agglomeration, cold welding, and fracture. 
In the early stage of milling, ductile powders are plastically deformed by 
means of the impacts of balls, acquiring elongated particle shapes; in 
opposition, brittle powders likely suffer fracture, evidenced through 
particle size reduction. With further milling time, the cold welding 
phenomenon may be activated, providing the necessary particle-particle 
contact to allow diffusion – in the case of particles of different compo-
sition – and therefore, the alloying. Fig. 3 illustrates the evolution of the 
particles as well as of the distribution of the elements on them during the 

milling of an Al0.3NbTa0.8Ti1.5V0.2Zr RHEA [55]. As can be appreciated 
from Fig. 3 c (that illustrates the powder in the unmilled state) and Fig. 3 
f (after 1 h of milling), the particle size increased considerably 
evidencing how much cold welding predominated. Fig. 3.2 shows how 
cold-welded particles are constituted by different layers of different 
composition. With further milling time, these layers become finer due to 
the continuous plastic deformation exerted by the balls impacts, up to a 
point in which they become indistinguishable, as displayed in Fig. 3.5. 
Fig. 3 o shows that, after 10 h of milling, the fracture phenomenon ac-
quires a main role, since fine particles can be appreciated. These pro-
cesses will compete during the rest of the milling, up to reaching a steady 
state, from which no considerable changes in the particle size are 
observed. 

The phase and particle evolution during MA results from a complex 
relationship between several aspects, that includes intrinsic character-
istics of the involved elemental powders (hardness, solubility, melting 
point), additional characteristics of the involved elemental powders 
(granulometry, purity, morphology) associated to their fabrication 
processes, and operational parameters (rotational speed, the ball-to- 
powder mass ratio or BPR, milling time, ball sizes, and atmosphere) 
that define the amount of transferred energy [56,57]. Besides, additional 
organic reagents, commonly referred as a process control agents (PCA), 
can be employed to decrease the surface energy of the powder and thus 
to control cold welding [48]. 

In most of the cases, the goals of MA are the same: the desired 
phenomena (e.g. alloying, particle size reduction, amorphization) must 
be achieved in the shortest milling time, producing as much grams of 
powder per batch as possible, with the minimum contamination, at the 
lowest cost. Notwithstanding, the mentioned operational variables may 
contribute positively to some of these goals, but simultaneously, in a 
negative manner to the rest. For example, increasing the rotational 
speed would reduce the milling time required to produce an alloy, but it 
would also promote grinding media wear and contamination of the 
sample. Thus, the election of the operational setting of the MA process 
lays over a delicate balance. 

The laboratory conditions used for the synthesis of RHEA powder 
employing MA are summarized in Appendix A of the Supplementary 
Material. As can be appreciated, most of these works employ planetary 
ball mills, because of their adequate balance of powder production and 
transferred energy for laboratory purposes. The Burgio’ model [58] 
stands out for its simplicity and semi-empirical nature to calculate the 
total energy transferred (Et) to the powders in a planetary ball mill by 
means of the following expression: 

Fig. 2. Summary of the microstructural features and high-temperature mechanical strength of MA + SPS RHEAs, RHSAs, and Casting RHEAs.  
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Et =
f ΔE∗

bnb

wp
t (1)  

where f is the frequency of impact of balls [58,59], ΔE∗
b is the energy 

released by all balls, nb is the number of balls, t is the milling time, and 
wp the weight of powder in the vial. The expressions to calculate both f 
and ΔE∗

b can be found elsewhere in Ref. [60]. Summarizing, these are 
function of the ball size and density, the plate rotational speed, the di-
mensions of the containers, the effective diameter of the mill plate, and 
the speed ratio between the plate and the containers (these last two 
depending on each planetary ball mill). 

Commonly, RHEAs are constituted by bcc solid solutions, attributed 
to the nature of their constituent elements. Nonetheless, the amount of 
energy transferred to the blended powder during MA also plays a role 
regarding phase transformations. For example, an insufficient amount of 
transferred energy can conduct to an insufficient alloying process, and 

the presence of various poorly-alloyed phases will be likely observed, as 
reported by Kang et al. [40]. Alternatively, metastable crystalline solid 
solutions may be formed during MA, which will suffer phase trans-
formations during sintering (in order to shift the system towards lower 
Gibbs free energies). This was described by Zhu et al. [46] studying the 
TiNbMoTaZr RHEA, where a fully fcc microstructure obtained after 30 h 
of MA transformed into a bcc + fcc microstructure after sintering. Lastly, 
metastable non-crystalline solid solutions have been observed after 90 
min of MA of the HfTaTiNbZr, which evolved into different crystalline 
phases after sintering [61], aiming for a lower energetic state. 

The MoNbTaVW RHEA exhibited a SPSS after 6 h of MA, presenting a 
mean particle size lower than 2 μm, using 7 mm-of-diameter WC balls, 
with a BPR of 10:1 and 300 rpm with no PCA reagent in a planetary ball 
mill [41]. The fabrication of a similar alloy, MoNbTaW, was described 
by Roh et al. [62], using an attritor mill (less energetic equipment than 
the planetary ball mill) with 5-mm-of-diameter stainless steel balls in a 

Fig. 3. Scanning Electron Microscopy (SEM) images of the Al0.3NbTa0.8Ti1.5V0.2Zr powders obtained with different milling times, indicated in the left border of the 
image. a), d), g), j), and m) were taken with secondary electrons (SE) detector; the rest were taken with backscattered electrons (BSE) detector. (1–5) Energy- 
dispersive X-ray spectroscopy (EDS) maps of the cross-section of the respective powders. Reproduced from Ref. [55]. 
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BPR of 10:1, using stearic acid as PCA in a 3 wt %, and a rotational speed 
of 500 rpm. In this case, the X-ray diffraction (XRD) patterns evidenced 
that multiphase microstructure is observed, even after 96 h of milling, as 
depicted in Fig. 4. On the other hand, Pan et al. [49] also reported the 
synthesis of a MoNbTaW alloy but using a planetary ball mill with WC 
balls in a BPR of 15:1, a rotational speed of 400 rpm, and acetone as PCA; 
notwithstanding, only after 60 h of processing a bcc SPSS was observed. 
The different outcomes reported in these three latter works give a su-
perficial description of how the different parameters can affect phase 
formation, despite the similar nominal composition. Because of the 
systemic character of the process, and since the enormous number of 
degrees of freedom of the process, most of the operational settings of MA 
are usually fixed based in previous experience of the group or based on 
conditions commonly used in literature. The single exception of the 
previous is the milling time, whose effect is commonly studied in order 
to determine (indirectly) the required transferred energy for desired 
phase transformations. Fig. 5 illustrates the XRD patterns of a 
HfMoNbTaTi RHEA powder prepared with different rotational speeds 
and different BPR, with and without PCA, evaluating the effect of milling 
time. As can be appreciated, the formation of a bcc SPSS microstructure 
(that can be quickly identified when the peak of Mo is no longer 
observed) is obtained at different milling times depending of the rest of 
the milling conditions: in Fig. 5 a is observed at 40 h, in Fig. 5 b is 
observed at 30 h, and in Fig. 5 c is observed at 20 h. In these three cases, 
the BPR was constant but the rotational speed increased from 300 to 
350–400 rpm. 

Milling time affects not only phase formation but also the particle 
size evolution, as described by Wang et al. [64] in their study on a 
MoNbTaTiV RHEA, illustrated in Fig. 6. Elemental powders of the con-
stituent elements were used, all with particle sizes smaller than 74 μm. 
After 10 h of milling, elemental peaks of Mo, V, Nb, and Ta remain 
observable yet. However, after 20 h of milling, peaks corresponding 
uniquely to a bcc solid solution were observed. No remarkable changes 
in the XRD patterns were observed between 20 h and 40 h of milling. On 
the other hand, after 5 h of milling, the powder exhibited an average 
particle size of 343.8 μm. After 10 h and 15 h, the distribution evolved 
into a bimodal one, with one peak around 300 μm and the other around 
30 μm. With further milling time, the particle size distribution turned 
into a unimodal distribution centered in smaller particle sizes: 22.8 μm 
after 20 h and 6.8 μm after 40 h. This particle size evolution suggests that 
the fracture phenomenon predominates during the whole process, 
typical of brittle systems [56]. 

The choice of the appropriate milling time for the subsequent stage is 

also a complex subject. Prolonged milling processes are commonly 
associated with homogeneous distribution of the constituent elements or 
SPSS microstructures; nonetheless, it may also conduct to further 
contamination of the powder, that can end (if uncontrolled) in a poor 
mechanical behavior in the sintered part. In order to attempt this issue, 
certain authors have addressed the optimization of the milling time. 
Kang et al. [40] for example, determined that only 12 h of milling were 
necessary to prepare the Al0.1CrMoNbV RHEA, since after those hours 
the average particle size and the lamellar spacing were saturated and 
further milling time had negligible effect on them. Effectively, and 
despite that the elemental peaks could still be noticed in the XRD pattern 
of the powder, the SPS-ed part only presented a bcc matrix with fine 
Al2O3 precipitates. Moravcikova-Gouvea et al. [55] also determined that 
the optimal milling time for the Al0.3NbTa0.8Ti1.5V0.2Zr RHEA was 10 h, 
aiming for a balance between contamination, grain size of the sintered 
part, and its hardness. 

One of the main challenges that need to be addressed during the MA 
of metals is the (generally undesired) powder contamination. This may 
come from three different main sources: the gaseous atmosphere 
(reactive gases, like O2 or N2, this last in N-sensitive metals), liquid or 
solid reagents used as process control agents (PCAs), and the grinding 
media (such as milling balls and vials). Fig. 7 schematizes an internal 
view of the vial containing powder and milling balls, in a dry milling 
scheme (when a solid PCA is employed) and in a wet milling scheme 
(when a liquid PCA is employed). 

Powder materials have larger area-to-volume ratios than bulk ma-
terials; hence, they are even more prone to oxidation and nitriding. 
Therefore, the MA of metals (including the powder handling and loading 
stages) is typically conducted under inert atmospheres, like Ar, He, (or 
N2, if there is no risk of nitrides formation) using sealed containers. In 
the particular case of RHEAs powder fabrication, refractory metals are 
among the most susceptible elements to form these non-metallic com-
pounds [65]. Therefore, Ar atmosphere has been unavoidable employed 
during most of the works reporting MA of RHEAs [40,41,49,50,62, 
66–72]. In some cases, the authors have preferred employing air or N2 as 
milling atmospheres, either to study their effect or to promote O or N 
uptake for the formation of non-metallic particles in the subsequent 
stage [73–75]. Unfortunately, the formation of oxides and carbides is 
hard to detect in the XRD patterns of milled powders because these 
compounds are usually contained in small amounts (less than 1 wt %) 
and possess nanometric sizes. 

One of the outcomes of MA is the powder yield, defined as the mass 
of powder that is extracted after the milling process in comparison to the 
initial powder loading. The powder yield can be drastically reduced – 
even to 0 % – because of a superior prevalence of cold welding: particles 
are not only cold-weld to other particles during MA, but also to the inner 
walls of the container and to the surface of the milling media. To address 
this issue, a PCA is commonly considered. Hence, Zhan et al. [63] 
observed an increase of the powder yield of 24 % by means of the 
addition of 1 wt % of stearic acid during the synthesis of HfMoNbTaTi 
powder. Stearic acid is precisely the most commonly used solid PCA, 
being employed in most of the dry milling processes of RHEAs in dosages 
between 1 and 4 wt % [45,62,63,67,75–77]. Regarding fully wet milling 
processes of RHEAs, toluene [78,79], n-heptane [46,80], acethone [49], 
and isopropyl alcohol [81] have been employed as liquid PCAs. 

The effect of PCAs over surface energy and cold welding, additionally 
results in a reduction of the alloying rate slugging the phase evolution 
kinetics. Following the previous, Qiao et al. [82] studied the effect of 
stearic acid and liquid PCAs – ethanol and n-heptane – on the alloying 
rate and powder yield of a NbTaTiZr RHEA. According to the authors, a 
powder yield of only 5 % was obtained with stearic acid (with dosages of 
0.3 and 30 wt %) after 30 h of milling. Contrarily, the employment of the 
liquid PCAs increased the powder yield over a 60 %, after 40 and 55 h of 
milling, respectively. On the other hand, no significant difference in the 
alloying rate was observed between using stearic acid as PCA and no 
PCA at all, reaching a maximum value of homogenization degree of 79 % 

Fig. 4. XRD patterns of as-milled powder of a MoNbTaW RHEA as a function of 
milling time [62]. Reproduced with permission from Elsevier. 
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On the other hand, liquid PCAs effectively conducted to slower alloying 
rates; however, after longer milling times (which were possible since 
cold welding was controlled), a homogenization degree of over 97 % 
was observed with n-heptane after 70 h. 

The reader may have in mind that all of these compounds are 
important sources of C, H, and O, and despite of the positive effects of 
PCA over powder yield, these are an important source of contamination. 
For these reasons, a considerable number of authors [39–41,44,47,50, 
64,83–88] have deliberately avoided using a PCA during the RHEAs 
powder fabrication, unfortunately, without reporting the powder yield. 
In other cases, an hybrid process has been employed: an initial pro-
longed stage of dry milling with low dosages of stearic acid [89] or with 

no PCA at all [19,55,90–92] was conducted (aiming to contains most of 
the alloying process) followed by a short wet milling process (aiming to 
recover most of the already alloyed powder). For example, Zhao et al. 
[19] conducted 60 h of milling without PCA, followed by 2 h of wet 
milling using high-purity ethanol, while Lv et al. [89] reported 42 h of 
milling using 0.25 wt % of stearic acid followed by 6 h of wet milling 
using absolute ethanol. It is important to remind that a subsequent stage 
of drying (commonly, between 12 and 24 h at temperatures over 70 ◦C) 
is required in order to eliminate the liquid PCAs. Summarizing, this 
strategy could lead to an optimal balance between contamination (by 
minimizing the dosage of solid PCA during the dry milling stage), 
powder yield, and milling time. 

Fig. 5. XRD patterns as a function of milling time of HfMoNbTaTi RHEA powders produced using a) 300 rpm and 10:1, b) 350 rpm and 10:1, c) 400 rpm and 10:1, d) 
400 rpm and 5:1, e) 400 rpm and 20:1, and f) 400 rpm and 10:1 and stearic acid [63]. Reproduced with permission of Elsevier. 
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It is important to consider at this point, that MA may be conducted 
starting from blended elemental powders (as has been described in all 
the articles reporting RHEAs powder synthesis), or by utilizing blends of 
pre-alloyed powders (that could have been prepared from a previous MA 
step, this usually described as sequential alloying, or by using other 
techniques such as atomization) [93]. This last approach has not been 
employed in the synthesis of RHEAs yet, but there are some reports using 
sequential alloying in the synthesis of 3d TM HEAs [94–98]. In the case 
of MA + SPS route, utilizing pre-alloyed powder may reduce the 
required milling time to obtain a fully-alloyed powder and allows more 
control for the phase and microstructural evolution; hence, the pro-
ductivity may be enhanced at the same time that the exposure time to 
contamination during milling is reduced, potentially conducting to a 
lower presence of secondary phases in the SPS-ed parts. 

In order to avoid contamination from the grinding media, it is rec-
ommended that ideally, both container and milling media are made of 
the same material that will be processed. However, this is not an option 
in HEA fabrication. In the fabrication of RHEAs powder by MA, Fe-based 
alloys containers and balls are commonly used because of their low cost 
and superior availability, despite their low hardness and poor wear 
resistance [62,68–70,92]. For example, Yan et al. [70] and Shkodich 
et al. [99] observed, using stainless steel balls and containers, an 
increment of the Fe content in the solid solution of WMoNbCrTi and 
NbTaTi RHEA powders, respectively. Various authors have used tung-
sten carbide balls and containers to fabricate RHEAs powder, avoiding 
Fe contamination [41,45,49,67,71,78,80,100]. This ceramic material 
presents higher hardness and wear resistance than Fe-based materials 
and is not dissolved in the solid solution lattice, as can Fe be. Besides, 
because of the higher density of WC compared to that of stainless steel, 
each ball impact transfers more energy, so the alloying kinetics is 
enhanced too. Even though all these advantages, WC milling media are 

more expensive than Fe-based milling media, and its unavoidable wear 
during prolonged milling may result in contamination of the powder. 
Even more, its presence may promote the formation of multicomponent 
metal carbides during the subsequent stage [45,71,101]. Another 
strategy considers a pre-milling stage, in which the inner walls of the 
containers and the milling balls are coated by a fine layer of powder of a 
desired composition (or even, a mixture of powders with the nominal 
composition of the alloy to produce) in order to reduce contamination 
[41,102]. 

The BPR parameter correlates the mass ratio of balls and powder. 
Since the number of balls is usually recommended by the mill supplier – 
as a function of the container’ volume and diameter of the balls – the 
BPR will determine the nominal grams of powder produced per 
container per batch. Nonetheless, the parameter is also associated with 
transferred energy: a low BPR may enhance powder mass production, 
but the mill is less energetic, since impacts between powder particles 
and balls will be less frequent. In opposition, a high BPR would promote 
a larger number of collision events, promoting the alloying. Nonetheless, 
the frequency of ball-ball collisions is also enhanced, promoting 
grinding media wear and contamination. For example, Zhan et al. [63] 
reported an Fe content of 0.49, 1.58, and 7.04 at. % in a HfMoNbTaTi 
powder milled using BPR of 5:1, 10:1, and 20:1, respectively. BPR values 
of 10:1 are the most commonly employed in millings using planetary 
ball mills, since this result in an excellent balance between powder 
production and transferred energy, with controlled levels of grinding 
media wear and contamination. 

Rotational speed in a planetary ball mill plays a main role in 
delimiting the nominal kinetic energy of the process. However, an in-
termediate value should be considered just as with the rest of the 
operational parameters. A low rotational speed will require a longer 
milling time since low kinetic energy can be transferred from milling 
media to powder. On the other hand, a high rotational speed may result 
in severe contamination due to milling media wear and an increase in 
the vials’ internal temperature (and then increasing the risk of severe 
cold welding). Shkodich et al. [61] studied the effect of the rotational 
speed during MA on the phase formation of HfNbTaTiZr RHEA powders 
after SPS. After 10 h of MA and using 200 rpm of rotational speed, the 
XRD pattern exhibited a main peak corresponding to a bcc solid solution 
and the remaining peaks of pure elements. Then, after SPS at 1300 ◦C 
and 10 min, a bcc and an hexagonal close-packed (hcp) solid solution 
were observed. On the other hand, after only 90 min of MA but using 
694 rpm as rotational speed, a highly broadened peak was observed in 
the XRD pattern (corresponding to an amorphized bcc solid solution) 
and minor peaks indexed as pure Fe. After SPS, the sample also exhibited 
bcc and hcp solid solutions but accompanied by a Fe-containing Laves 
phase. Then, even though high rotational speed can reduce the required 
milling time, the increased wear and the resulting contamination can 
also influence the phase formation, if not during milling, during 
sintering. 

Collisions and attrition of balls, as well as some exothermic processes 
occurring at the interior of the milling containers, can increase their 
inner temperatures accelerating the alloying but also promoting cold 

Fig. 6. Particle size distribution of milled powders of a MoNbTaTiV RHEA [64]. 
Reproduced with permission from Elsevier. 

Fig. 7. Scheme of dry and wet milling processes.  
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welding (affecting the powder yield) and contamination. In order to 
control it, short milling cycles are followed by pauses (aiming to 
decrease the temperature) in a repetitive manner up to reach the desired 
effective milling time (referred as on/off cycles). In RHEAs synthesis, 
on/off cycles of 2:1 [50,74,84,88,103], 4:1 [104], or 1:4 [55] have been 
employed. Straightforwardly, this strategy conducts to prolonged 
overall milling times. Alternatively, some containers or mills can be 
conducted using water-cooling systems, in order to maintain the vial’ 
inner temperature close to room temperature but without a considerable 
extension of the milling duration. 

A promising strategy, especially recommended for powders highly 
susceptible to suffer cold welding, is cryogenic milling. In these pro-
cesses, the sealed vials are cooled by cryogenic liquids, such as liquid N2 
(that has a boiling point of − 196 ◦C). This will enhance fracture rather 
than cold welding, reducing the resultant particle size and increasing the 
powder yield, dispensing with PCA and hence, preserving the chemical 
purity of the intended alloy. Of course, this technology is associated with 
its own practical challenges beyond the extra precautions associated 
with the handle of cryogenic liquids. Smeltzer et al. [83] reported the 
fabrication of the equiatomic MoNbTaW RHEA by means of cryogenic 
milling in a modified SPEX 8000 M shaker mill for 8 h in liquid N2, using 
tool steel grinding media, with no PCA at all. In the sintered state, the 
sample exhibited complex nitrides in its microstructure, attributed to N 
contamination. 

In a second attempt [105], the authors reported cryogenic milling of 
the same alloy but using liquid Ar, either with tool steel or WC as 
grinding media. In that case, negligible N contamination was observed, 

suggesting that in the first case, liquid N2 leaked during the cryogenic 
milling due to the shrinkage of the O-rings used between the container 
and the lid. One of the drawbacks of the cryogenic milling though, is that 
not only promotes fracture of the alloyed powder, but also of the 
grinding media. In the latter case, the authors observed severe 
contamination of either Fe or WC depending on the grinding media; in 
the case of tool steel grinding media, the contamination of Fe was so 
severe that an equiatomic MoNbTaWFe resulted from the milling 
(despite that, initially, the nominal alloy was an equiatomic MoNbTaW 
alloy). 

3. Sintering of RHEAs 

SPS is employed in most of the cases regarding the consolidation 
processes of RHEA parts as previously advanced: Fig. 8 a illustrates how 
over 80 % of the works addressing PM RHEAs employ SPS as the 
consolidation technique. Then, conventional sintering (CS) and hot 
pressing (HP) have been used in 4 and 6 works, respectively, to 
consolidate RHEAs powder. Lastly, HIP and high-pressure sintering 
(HPS) have been reported in only 1 work each ([66,71], respectively). As 
mentioned before, the extended use of SPS for the consolidation of HEAs 
and RHEAs is associated with low sintering time, high densification, and 
grain growth inhibition, among others [106]. Fig. 8 b, Fig. 8 c, and Fig. 8 
d shows the frequency of observation of different values for sintering 
temperature, uniaxial stress, and holding time employed for the fabri-
cation by SPS of bulk RHEAs parts. First of all, among the operational 
parameters, the temperature effect is the most studied one, meanwhile 

Fig. 8. a) Frequency of the different sintering techniques employed in the PM fabrication of RHEAs; b), c) and d) indicates the frequency of the sintering temperature, 
uniaxial stress, and holding time, respectively, used in the consolidation by SPS of RHEAs. 
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both holding time and stress are maintained in constant values. As 
shown in Fig. 8 b, most of the studies are focused in exploring the 
1200–1700 ◦C range; this corresponds to 0.5–0.7 times the melting point 
(Tm) of Nb as a reference (2477 ◦C). Nonetheless, temperatures as high 
as 1900 ◦C have been utilized too. Regarding the uniaxial stress used 
during the process, two values are mostly employed: 30 and 50 MPa. A 
particular case is that reported by Han et al. [43] using SPS for the 
consolidation of MoNbTaW but without the application of any stress. In 
terms of holding time, an intermediate value of 10 min has been mostly 
employed, followed by 5 and 20 min. A summary of the conditions used 
during the preparation of bulk samples of RHEAs through sintering, as 
well as the main microstructural features of the resulting samples is 
presented in Appendix B of the Supplementary Material. 

One of the challenges of PM parts designed for structural applications 
is the presence of porosity; this is even more relevant and challenging 
when CS is chosen as the consolidation technique [66,106–110]. Cao 
et al. [108] reported densification values of 90 % after CS for 16 h in 
vacuum at a temperature of 1300 ◦C during the preparation of TiNb-
Ta0.5Zr and TiNbTa0.5ZrAl0.2 RHEAs. To reduce it, a longer sintering 
time or higher sintering temperature is recommended, even though both 
alternatives increase the cost of the process, promote coarser grain size 
and expose the sample to more contamination. Malek et al. [109] re-
ported the study of the effect of CS time on the porosity of bulk speci-
mens of a HfNbTaTiZr alloy employing blended elemental powders: a 
residual porosity of ~8.4 % was observed in the sample obtained after 2 
h of sintering, which gradually decreased only up to 5.5 % even after 64 
h of sintering. Nevertheless, the sample obtained after 64 h presented 
oxides that were not observed in samples obtained at 32 h of sintering or 
less. In a subsequent study, Malek and co-workers [66] studied the effect 
of the processing route over the densification of a HfNbTaTiZr RHEA. 
The authors found that powders blended, compacted, and subjected to 
CS at 1400 ◦C for 16 h presented a porosity of 6.5 %. However, when 
they used HIP at 1400 ◦C for 14 h under a pressure of 190 MPa instead, 
porosity of 5 % was found. The application of HIP as a posterior treat-
ment in the CS-ed sample conducted to a porosity of 4.5 %, just slightly 
inferior to that obtained with the single treatments. On the other hand, 
the samples produced either from powders milled for 42 h or from 
atomized powders, subjected to SPS at 1300 ◦C for only 2 min under 80 
MPa, presented a porosity of less than 1 %. 

The latter observations confirm the superiority of the SPS technology 
to produce fully-dense parts, either preceded by a MA stage or not, 
which has been accomplished in various works addressing the SPS 
consolidation of RHEAs [21,78,101]. Naturally, the sintering tempera-
ture plays an important role here too: according to Liu et al. [50], the 
density of SPS-ed MoNbTaTiV RHEA parts increased from 9.22 to 9.45 g 
cm− 3 by increasing the sintering temperature from 1500 to 1600 ◦C; 
further raise to 1700 ◦C did not produce changes in densification though. 
Similarly, Gao et al. [47] reported that the density of a SPS-ed 
TiAlV0.5CrMo incremented from 5.62 g cm− 3 to 5.95 and 5.97 g cm− 3 

when the sintering temperature raised from 1100 to 1200 and 1300 ◦C. 
It is important to highlight though, that in most cases the porosity is 
calculated as the percentual difference between the experimental den-
sity and the theoretical one, this last calculated with a rule of mixture of 
the substitutional constituent elements of the alloy, not considering the 
differences of density of the formed phases. 

Another important feature of the PM route concerns the obtention of 
ultrafine-grained microstructures: several authors have reported 
average matrix grain sizes of 1 μm or less in RHEAs fabricated by MA +
SPS [38–40,50,84,85]. However, there are some works that describe 
MA + SPS RHEAs with coarse grain sizes too [111]. The grain size of the 
matrix phase of MA + SPS samples results from the complex interaction 
between various aspects of the processing, such as the amount of energy 
transferred during the milling stage, the sintering temperature and the 
dwell time, but also, of course, of the alloy composition. Regarding this, 
Xiang et al. [111] reported that increasing the content of Al (an element 
that decrease the melting point of RHEAs) in a SPSS TaNbVTiAlx (with x 

from 0 to 1) caused an increment of the grain size from 69 to 187 μm, 
under the same fabrication conditions. Nonetheless, the opposite effect 
was observed by Zhang et al. [112], who noted that increasing the Al 
content from x = 0.25 to 1 in an AlxCrTiMo resulted in a reduction of the 
grain size, from 48 to 20 μm. 

Particularly, all of the ultrafine-grained RHEAs exhibit ultrafine 
carbides or oxides in their microstructure too: for example, a 3.5 vol % of 
fcc precipitates of 110 nm of size are observed accompanying a bcc 
matrix of 0.35 μm of average grain size in the microstructure of a MA +
SPS Ti0.5VNbMoTa [85]. In the same way, Fu et al. [67] reported that the 
matrix grain size decreased from 47 to 31 μm just due to the presence of 
both coarse and fine TiCxO1-x particles. Similarly, the addition of just 1 
wt % of ZrO2 previous to the milling, caused a reduction of the matrix 
grain size in SPS-ed samples from 5 to 3.4 μm [113]. Hence, non-metallic 
particles may have a fundamental role in inhibiting the grain growth of 
the matrix phases by pinning their grain boundaries. 

Moravcikova-Gouvea et al. [55] studied the microstructure of SPS-ed 
samples of an Al0.3NbTa0.8Ti1.5V0.2Zr RHEA produced from powders 
milled for different milling times (that means, different amounts of 
transferred energy). Hence, the authors found that the grain size of the 
bcc matrix phase decreased with the milling time, from 33 μm (in the 
sample produced from powder milled for 3 h) to 25.2 μm (in the sample 
produced from powder milled for 40 h). Apart from that though, it was 
observed that the fraction of fine precipitates increased with the milling 
time too. As reported in the previous section, prolonged milling time 
promotes the uptake of interstitial elements; hence, MA may promote 
the obtention of fine grain sizes in the microstructure of SPS-ed samples 
not only by means of powder’s microstructure refinement, but also 
through the increase of the content of interstitial elements that form 
non-metallic fine particles. 

The sintering temperature and dwell time, fortunately, have 
monotonical effects over grain and secondary particle size: higher 
temperature and longer times unavoidably promote grain growth [41, 
45–47,50,69,72]. The reduction of surface energy drives grain growth 
and precipitate coarsening, and as diffusion-controlled processes, higher 
temperatures promote faster kinetics. Guo and co-workers [72] reported 
that the grain size of the bcc matrix phase increases from 24 μm to 38 μm 
by increasing the sintering temperature from 1500 to 1700 ◦C. On the 
other hand, Liu et al. [50] reported the coarsening of Ti-rich precipitates 
with the increase of sintering temperature during the SPS of a MA-ed 
MoNbTaTiV RHEAs, as observed from Fig. 9. These increased from 
0.15 to 0.28 μm, although their volumetric fraction slightly decreased 
from 4.9 to 3.9 %. At the same time, the bcc matrix grain size increased 
from 0.42 to 1.33 μm too. When the size of non-metallic particles 
increased, the distance between them increased too; that means, the 
grain boundaries of the bcc matrix can migrates towards larger distances 
until a particle hinder its movement. 

It has been shown that the distribution of the constituent elements in 
the powder used in the consolidation stage will affect the microstruc-
ture, the phase formation, and therefore, the alloy performance. This, in 
spite of the fact that during the sintering stage any metastable phase 
already formed in the MA-ed powder will likely transform into a more 
stable one, because of the effect of the elevated temperatures used 
during the consolidation step. Shkodich et al. [99] reported that the 
SPS-ed samples of blended TaTiNb, TaTiNbZr, TaTiNbZrMo, and 
TaTiNbZrW powder alloys exhibited two bcc solid solutions and an hcp 
solid solution in all cases, but with a non-homogeneous and coarse 
microstructure, exhibiting the precipitation of a hcp phase on the grain 
boundaries of the main bcc phase of the TaTiNbZrMo alloy. The mi-
crostructures of these alloys are presented in Fig. 10. On the other hand, 
all the SPS-ed samples of MA-ed powders of the same alloys (that pre-
sented only bcc phases in the milled powder state) exhibited a main bcc 
solid solution, accompanied by fine oxides precipitates. On top of that, 
notorious differences can be observed in the microstructure of both al-
loys, as shown in Figs. 10 and 11. 

In the previous section, it was reported that intermediate milling 
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times were optimal in terms of microstructural refinement, homogeni-
zation, and controlled contamination. Nonetheless, this can be different 
for those RHEAs containing elements with high melting points such as W 
or Ta. Fig. 12a and Fig. 12 b depict the microstructure of a CrMoNbTiW 
RHEA produced by MA (for 4 h in Ar) and subjected to SPS (at 1500 ◦C 
and 50 MPa for 2 min) [75]. Despite a densification of 97 % was reached, 
W-rich particles were observed in the microstructure, as a signal of a 
deficient alloying process (whether during milling as in the sintering 
stage). Similarly, W-rich particles have been reported in Refs. [70,92, 
100]. Chen et al. [100] found that W-rich particles were observed in 
samples produced from powder milled for 4 h and subjected to 

pressureless sintering at 1250 ◦C for 2 h, as illustrated in Fig. 13 a. 
Increasing the sintering temperature conducted to a more homogeneous 
microstructure with no evidence of W-rich particles (as shown in 
Fig. 13b and Fig. 13 c). On the other hand, samples sintered at 1250 ◦C 
but using powder milled for 16 h presented a totally homogeneous 
microstructure, as can be appreciated in Fig. 13 d. Accordingly, short 
milling stages will have to be balanced with sintering at higher tem-
peratures to obtain homogeneous microstructures. Alternatively, 
incorporating the desired W content by means of pre-alloyed powders in 
the MA stage may also contribute to a more homogeneous microstruc-
ture in these cases. 

Fig. 9. SEM images of sintered MoNbTaTiV RHEAs obtained at a) 1500 ◦C, b) 1600 ◦C, and c) 1700 ◦C, where dark gray precipitates correspond to Ti-rich pre-
cipitates [50]. Reproduced with permission from Elsevier. 

Fig. 10. BSE-SEM images of a) TaTiNb, b) TaTiNbZr, c) TaTiNbZrMo, and d) TaTiNbZrW SPS-ed samples obtained from blended elemental powders [99]. Repro-
duced with permission from Elsevier. 
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On the other hand, Lukac et al. [114] and Akmal et al. [115] reported 
the fabrication through SPS of gas-atomized HfNbTaTiZr and 
plasma-spheroidized MoNbTaTiZr powders, respectively. In both cases, 
the powders presented a dendritic microstructure with two bcc phases, 
one of them corresponding to a Zr-rich phase concentrated in the 
interdendritic regions. After SPS, the two bcc phases and their elemental 
distribution were maintained. In the first case, the dendritic-like 
microstructure was also conserved in samples sintered at 800 and 
1000 ◦C. As well, some pores were observed in these samples, while 
samples sintered at 1200 ◦C presented only equiaxed grains with no 
signal of porosity. In the second case, the sintered samples (at 1400 ◦C) 
maintained the dendritic microstructure but exhibited full densification. 
Malek et al. [66] compared the microstructures of SPS-ed samples of a 
HfNbTaTiZr RHEA prepared from powder milled for 42 h and from 
atomized powders. The authors found negligible porosity in both sam-
ples. Besides, the grain size and O content of the MA + SPS sample were 
~10 μm and 1.07 wt %, respectively, meanwhile those of the atomized 
and SPS-ed sample were ~50 μm and 0.12 wt %. These differences 
ended in hardness values of 548 and 360 HV10, respectively. 

The chemical composition possesses the main role in terms of the 
phase equilibrium of RHEAs. A summary of the microstructural features 
of sintered RHEAs available in literature, as well as their sintering 
conditions, is presented in Appendix B of the Supplementary Material. 
As noted, most RHEAs are constituted by a main bcc solid solution since 
Mo, Nb, Ta, V, W, and Cr (the most common constituent elements) 
exhibit that lattice structure as pure elements. Ti, Zr, and Hf additionally 

seem to promote the formation of hcp solid solutions, associated with 
the fact that those pure elements present bcc and hcp lattice structures at 
high and low temperatures, respectively. The formation of Laves phase 
in RHEAs (the most frequent intermetallic phase in HEAs [116]) is 
commonly triggered by the presence of Cr. Additionally, Fe promotes its 
formation too; this is particularly important to consider when ferrous 
grinding media are used during milling, even if the initial powder 
mixture does not contain this metal, as previously described. All of these 
observations, nonetheless, are not exclusive of PM RHEAs, as reported 
by Miracle and Senkov [4], mostly considering casting RHEAs. 

The sintering temperatures also may have a considerable influence 
over the phase equilibrium. For example, Xin et al. [71] reported that 
MoNbTaVW samples sintered at 800 and 1000 ◦C maintained the SPSS 
bcc microstructure observed in the MA-ed powders, in opposition to 
those sintered at higher temperatures, where a secondary bcc solid so-
lution was observed. Besides, the XRD patterns evidenced the presence 
of carbides in the samples sintered above 1150 ◦C. On the other hand, 
Guo et al. [72] observed that two phases were formed after sintering at 
1500 and 1600 ◦C in a NbTaTiV RHEA, but only one phase was obtained 
after sintering at 1700 ◦C. According to He et al. [102], MoNbTaVW 
samples subjected to HP presented a bcc phase and oxides microstruc-
ture. Increasing the sintering temperature from 1700 ◦C to 1900 ◦C 
reduced the volumetric content of oxides from 20 % to 15 %, as well as 
their size (from 15 nm to 8 nm), while the σYS increased from 2200 MPa 
to 2800 MPa. 

As described previously, one of the features of the bulk samples 

Fig. 11. BSE-SEM images of a) TaTiNb, b) TaTiNbZr, c) TaTiNbZrMo, and d) TaTiNbZrW SPS-ed samples obtained from MA-ed powders [99]. Reproduced with 
permission from Elsevier. 
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fabricated by MA and sintering is the formation of finely dispersed non- 
metallic particles. In RHEAs, the nominal composition of the alloy seems 
to influence the in situ formation of the different species. In Ti-free 
RHEAs, compounds like Ta2VO6 [41,69], Ta oxides [62], complex car-
bides of Nb and Ta [62], and Al2O3 [40] have been observed. On the 
other hand, Ti-rich species are mostly observed in Ti-containing alloys. 
For example, TiO [50,68] was formed because of the presence of O in the 
atmospheres during MA and SPS. According to Fu et al. [67], adding 
stearic acid during MA resulted in the formation of TiCxO1-x. Other au-
thors reported the formation of TiC, formed either with [78,117] or 
without PCA addition [42,118] during the MA stage. Nevertheless, when 
the alloy contains Zr or Hf (or both), these elements preferably react 
with O instead (forming compounds like ZrO and ZrO2 [92] or (Hf,Zr)O2 
[109]); meanwhile, Ti is kept as a constituent of the metallic phases. 

On the other hand, the formation of oxides and carbides in PM 
RHEAs has a collateral effect over phase equilibrium: their formation 
implies a depletion of the affected element in the rest of the phases. 
Hence, Al promotes the B2 formation in casting-produced RHEAs [35, 
119–121]. However, this situation is less common observed in those 
fabricated by MA + SPS since most of the Al will preferentially form 
Al2O3 rather than constitute any solid solution [40]. In the same way, 
the lack of available Al dissolved in the main phase will affect the per-
formance of the alloy. For example, increasing the Al content on RHEAs 
has been proved to enhance the oxidation resistance [122]; this effect 
would be weakened if Al was already oxidized before exposure to 
oxidation conditions. 

Graphite tools widely used in SPS consolidation of metallic powder 

materials have been pointed as C contamination sources by several au-
thors [55,118,123–125]. The role of graphite punches and foils use in 
SPS has been recently analyzed by Smetanina et al. [126] too. Fig. 14 
shows a carburized layer formed at the surface of SPS-ed samples of a 
CrMoNbVW RHEA; this layer seems to be a function of temperature too. 
The extension of the C contamination from graphite tools and foils used 
during SPS is still controversial; some authors have suggested that the C 
uptake is not limited to external carburized layers (as shown in Fig. 14), 
but to the whole volume of the samples [126]. As a measure to prevent 
(or limit) C contamination [127], Mo, Ta, or W foils can be used to cover 
the tooling surfaces that make contact with the powder [66]. 

Other studies have explored the production of reinforced RHEAs 
employing ex situ addition of oxides and carbides followed by chemical 
reactions. Li et al. [129] reported the MA of elemental powders of Hf, 
Nb, Ta, and Zr with TiC particles, the latter as a source of C. After SPS, 
however, Ti was found constituting the bcc matrix, while Hf and Zr 
carbides were formed, similar to the findings of Málek et al. [109]. Fu 
et al. [113] explored the reactive sintering of Nb, Ti, and V elemental 
powders with Al2O3 particles, which led to the formation of TiO particles 
and the dissolution of Al atoms into a bcc matrix. A more complex re-
action was reported by Liu et al. [110]; WC, Mo2C, TaC, NbC, and VC 
powders were milled with Ti elemental powders and then subjected to 
SPS at 1500 ◦C. After sintering, the alloy was constituted by a Mo,W, 
V-rich bcc matrix and coreless carbide grains containing Ti, Nb, Ta, 
and minor V amounts. 

Zhang et al. [127] proposed two alternative routes to prepare RHEA 
composites, using combustion and reduction processes to produce 

Fig. 12. a) BSE-SEM image of the microstructure of a CrMoNbTiW RHEA fabricated by MA and SPS; b) BSE-SEM image of the same sample at higher magnification 
presenting blue, red, yellow, and pink dots that correspond to the BCC1, BCC2, Cr2Nb, and TiO1-xNx phases, respectively; c) phase map of the sintered part; and d) 
SEM-EDS analysis of the phases according to b, showing the elevated content of W in BCC2 [75]. Reproduced with permission of Springer. (For interpretation of the 
references to colour in this figure legend, the reader is referred to the Web version of this article.) 

P. Martin et al.                                                                                                                                                                                                                                  



Journal of Materials Research and Technology 30 (2024) 1900–1928

1912

alloyed powders rather than MA, followed by SPS to consolidate the bulk 
samples. The authors proposed these routes aiming to produce 
non-metallic reinforcement particles in a more controlled way than that 
resulting from using MA. A (MoNbVTaW)2O5 precursor was firstly 
prepared by solution combustion and Mg-thermal reduction resulting in 
a SPSS bcc phase. After SPS, nevertheless, Ta2C and TaO2 were formed 
anyways, accompanying the ultrafine-grained bcc matrix. In a second 
attempt, the oxide precursor was fabricated by combustion followed by 
nitrogenating it in an ammonia atmosphere, resulting in two fcc nitrides. 
After SPS, a W,Mo,Ta-rich ultrafine-grained bcc phase and a Nb,V, 
Ta-rich nitride were formed. 

4. Room temperature mechanical properties 

Fig. 15 represents the room temperature σYS and total deformation 
(εT) values of RHEAs subjected to compression tests, classified by their 
fabrication route, including RHEAs produced by casting techniques 
(Casting RHEAs), the different powder metallurgy techniques, and those 
prepared using additive manufacturing techniques (labeled as AMed in 
the image). Casting RHEAs are located in the lower half of the graph, 
comprehending a vast range of εT (from 0 to over 50 %) and of σYS (the 
only RHEAs with σYS lower than 500 MPa were fabricated using casting 
techniques [130]). PM RHEAs are characterized by higher σYS but 
limited εT: except one, all of these presented εT lower than 30 %. SPSed 
RHEAs are the most common among PM RHEAs; they are clustered in 
the left-top quadrant of the image exhibiting the highest σYS values up to 
εT = 25 % (because no SPSed RHEA sample have achieved a superior 
ductility than that up to the date of this study). Even more, this route 
leads to the only three RHEAs with a σYS over 3500 MPa ([46,89]). 
While CSed and HIPed samples seem to exhibit similar behavior than 
Casting RHEAs, HPed ones are located in the top border of the Casting 
RHEAs cluster, exhibiting the highest σYS in the range 25 % < εT < 40 %. 
Lastly, AMed RHEAs are distributed in a narrow σYS band (between 1000 
and 1700 MPa) but exhibiting a wide variety of εT values. More 
importantly, in the case of alloys with εT ≥ 50 %, those produced by AM 
seem to outstand those prepared by casting. It is important to mention 
that despite compression tests are not so adequate as tensile tests to 

quantitatively compare the ductility of these materials, the different 
tendencies resulting from the fabrication routes in terms of strength and 
ductility are quite clear. 

Focusing on σYS, certain Casting RHEAs overcome the 2000 MPa 
barrier, such as Al0.5NbTa0.8Ti1.5V0.2Zr [15], Al0.5Mo0.5NbTa0.5TiZr 
[131], HfNbTaZr [132], and Mo0.5NbVTi2 [133]. The highest σYS of a 
casting RHEA (2700 MPa) was obtained in a HbNbTaTiZrV RHEA 
reinforced with Al2O3 particles [134]. The addition of these particles 
caused that the grain size of the as-cast part was refined from 80 μm (in 
the sample without Al2O3 addition) to 13 μm (in the sample containing 
4 vol % of reinforcements). Straightforwardly, the εT did not overcome 
the 5 %. Hence, it is possible to obtain the typical microstructural fea-
tures of PM RHEAs through the casting route and with that, get closer to 
their mechanical properties. In the case of the strongest SPSed RHEAs, a 
CrMoNbWTi co-doped with N and O outstand but its impressive σYS of 
4345 MPa [89]. This however, was obtained with null ductility, 
revealing a ceramic-like mechanical behavior. The alloy exhibited a 
multi-phase microstructure containing a bcc matrix (with an average 
grain size close to 1 μm) and a considerable fraction of nitrides and 
oxides particles (comprehending in total 45 vol %). 

The SPSed RHEAs cluster also presents some outliers that escape 
from the strength-ductility trade-off trend exhibited by the majority. An 
Al0.1CrMoNbV RHEA fabricated employing MA and SPS presented a σYS 
of 2544 MPa and εT of 20 %; using the same fabrication route and the 
same alloy but doped with 0.015 at. % of B, exhibited an increment of 
both σYS and εT to 2933 MPa and 26 %, respectively [21]. This is the 
alloy with the best combination of properties at room temperature 
among RHEAs, and despite the B doping did not alter the microstructure, 
it clearly enhances the mechanical performance of the alloy. Other two 
MA + SPS RHEAs also exhibited remarkable combination of properties, 
such as a TiVNbMoTa (2208 MPa and 24.9 %) [85] and a Ti8Nb23-

Mo23Ta23W23 (2377 MPa and 26.3%) [49]. In the case of HPed RHEAs, 
the most remarkable result was obtained with an Al2NbTi3V2Zr0.4 [91]. 
The alloy was fabricated through 12 h of milling followed by HP at 
1250 ◦C for 2 h under a pressure of 40 MPa, resulting in a multi-phase 
microstructure containing a bcc matrix and a 14 vol % of a Zr–Al 
intermetallic compound. Hence, the alloy exhibited the highest εT 

Fig. 13. BSE-SEM images of WMoVTiCr samples produced from powders milled for 4 h and sintered at a) 1250 ◦C, b) 1350 ◦C, and c) 1450 ◦C; BSE-SEM images of 
samples produced from powders milled for 16 h and sintered at d) 1250 ◦C, e) 1350 ◦C, and f) 1450 ◦C [100]. Reproduced with permission of Elsevier. 
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among PM RHEAs (38.2 %) with a more than acceptable σYS value 
(1742 MPa, the highest value in that range of εT). 

Table 1 summarizes the mechanical properties of some RHEAs 
fabricated by both PM and casting routes. In all the cases, the σYS of PM 
RHEAs is superior to those of the casting RHEAs. However, this is 
counterbalanced by a considerable reduction of ductility in most cases. 
Notwithstanding, in the case of extremely brittle as-cast RHEAs, the εT of 
the same alloy produced by PM can be superior. Pan et al. [49]reported 
the fabrication by MA + SPS of a MoNbTaW RHEA. MA-ed powders were 
constituted by a single-phase bcc solid solution. After sintering at 
1600 ◦C for 8 min at 35 MPa, the sample exhibited a bcc solid solution 
with an average grain size of 0.88 μm. Besides, TEM and XRD analysis 
revealed the presence of a secondary bcc Ta,Nb-rich phase, accompanied 
by a minor presence of carbides. Compression tests at room temperature 
resulted in a σYS value of 2460 MPa, overcoming the 1058 MPa of σYS 
observed in the as-cast MoNbTaW RHEA sample; surprisingly, εT also 
increased (from 2.6 %, in the as-cast sample, to 16.8 % in the PM one) 
[9]. 

From the previous analyses, it is clear that the microstructural fea-
tures of MA + SPS RHEAs play an important role in their superior room 

temperature mechanical properties. It is well known that different 
sources can contribute to the strength of a given alloys and metallic- 
based composite materials, identified as the strengthening mecha-
nisms. Since all of them affect the strength independently, the following 
expression can be used for an alloy constituted by a main polycrystalline 
phase with precipitates in it: 

σYS = σ0 + Δσss + Δσiss + Δσgb + Δσorowan + Δσdis (2)  

where σ0 is the intrinsic strength of the matrix phase, Δσss is the 
strengthening contribution from substitutional solid solution, Δσiss is the 
strengthening contribution from interstitial solutes, Δσgb is the contri-
bution from grain size refinement, Δσorowan corresponds to the contri-
bution of fine precipitates, and Δσdis to the contribution of pre-existing 
dislocations. 

In the case of SPSS HEAs, the substitutional solid solution strength-
ening is one of the main sources of strength: since all the different ele-
ments constitute a single phase, their different atomic radii and different 
bonding energies conduct to a superior lattice strain that is translated 
into an elevated σYS [137]. Nonetheless, this is merely function of the 
composition, and the contribution of this term will be the same in those 

Fig. 14. C-rich layers formed at the surface of CrMoNbVW samples subjected to SPS at a) 1200, b) 1300, and c) 1400 ◦C [128].  

P. Martin et al.                                                                                                                                                                                                                                  



Journal of Materials Research and Technology 30 (2024) 1900–1928

1914

produced either by PM or casting techniques. On the other hand, the 
dissolution of small atoms in the interstitial sites of the HEAs lattice can 
cause strain fields that hinders the dislocation glide, increasing the 
strength of the alloy [80]. Their content may differ in function of the 
synthesis route: RHEAs powders produced by MA generally present 
non-negligible amounts of O and C dissolved, as explained in the pre-
vious section, usually higher than those of their as-cast counterparts [50, 
138]. The contribution to strength from interstitial solutes can be 
expressed as follows: 

Δσiss =Qisscc
m (3)  

where Qiss is a material constant, cm is the atomic concentration of 
interstitial solutes in the matrix, and c is an exponent of the model that 
may take the value of 1/2 or 2/3 [41]. Liu et al. [50] studied the 
strengthening mechanisms acting in the elevated strength of a MoN-
bTaTiV prepared by MA + SPS; the sample sintered at 1600 ◦C presented 
an interstitial solid solution strengthening contribution of almost 20 % 
due to its elevated content of N + O, that reached to 4.42 at. %. 

The Δσgb term also is a fundamental source of strength in MA + SPS 
RHEAs due to their fine- and ultrafine-grained microstructures. In these 
cases, the high amount of grain boundaries hinders the dislocation glide, 
increasing the strength of the material according to the Hall-Petch 

relationship [139]: 

Δσgb =KHPd− 1/2 (4)  

where KHP corresponds to the Hall-Petch constant and d to the average 
grain size). Kang et al. [40] reported that the Δσgb term was almost 37 % 
of the total strength of an ultrafine-grained Al0.1CrMoNbV RHEA rein-
forced with 5.5 vol % Al2O3, with a KHP of 811 MPa μm0.5. Fig. 16 a 
illustrates how the grain boundaries limit the movement of dislocations, 
generating pile-ups structures as those indicated with a yellow arrow in 
the image. A wide range of KHP have been reported in PM RHEAs, from 
low values such as 240 MPa μm0.5 [50,67], intermediate values (418 
MPa μm0.5 [47] and 440 MPa μm0.5 [69]), and high values (1462–1774 
MPa μm0.5 [41], 928–1394 MPa μm0.5 [103], 984–1568 MPa μm0.5 [44], 
and 1245 MPa μm0.5 [19]). 

In turns, the Δσdis term can be calculated as follows: 

Δσdis =MαGbρ1/2
dis (5)  

where α is an empirical constant (equals to 0.38 for bcc phases [21,140]) 
and ρdis can be determined experimentally from the broadening of the 
XRD patterns using the procedure described elsewhere in Refs. [141, 
142]. Powders produced during prolonged MA processes usually present 
elevated ρdis because of the plastic deformation exerted through balls’ 
impacts. During sintering, ρdis may decrease considerably because of 
recovery and recrystallization events. Nevertheless, the elevated heating 
rates, the short dwell times, and the rapid cooling used in SPS may result 
in an inefficient dislocation anhilitation, preserving an elevated ρdis even 
after sintering. Hence, according to Kang et al. [39], the Δσdis term 
presented a considerable contribution of 25 % to the strength of a MA +
SPS CrNbMoV RHEA; in opposition, Gao et al. [47] reported a contri-
bution of less than 10 % from this term in the room temperature strength 
of a MA + SPS TiAlV0.5CrMo. 

Orowan strengthening contributes to the strength of multi-phase 
materials, as in the case of intermetallic-containing and non-metallic 
reinforced RHEAs, by means of hard secondary phases that impede the 
dislocation glide, demanding higher stresses to overcome them. This is 
evidenced in Fig. 16, depicting how Al2O3 nanoparticles hinder the slide 
of dislocations in an Al0.1CrMoNbV RHEA. Additionally, this effect is 
even greater when a high fraction of hard fine particles are homoge-
neously dispersed in the matrix (like those observed in PM RHEAs). The 
strengthening contribution from secondary particles (ΔσOrowan) can be 
described by Eq. (6 [143] as follows: 

ΔσOrowan =M
0.4Gb

πλ

ln

(

2
̅̅̅
2
3

√
r
b

)

̅̅̅̅̅̅̅̅̅̅̅
1 − υ

√ (6)  

where M is the mean orientation factor of the matrix phase (that takes a 
value between 2.75 [39] and 2.9 [144] for bcc lattice structures), G is 
the shear modulus of the matrix, b is the Burger’s vector, r is the mean 
radii of the particles, λ is the distance between particles, and υ is the 
Poisson’s ratio. Accordingly, λ is calculated by Eq. (7): 

λ= 2
̅̅̅
2
3

√

r
( ̅̅̅̅̅π

4f

√

− 1
)

(7)  

where f is the volume fraction of secondary particles and r the mean radii 
of the particles. 

Nevertheless, several authors have reported limited contribution of 
these ultrafine secondary particles in the room temperature strength of 
MA + SPS RHEAs [19,21,44,67,85,103]. For example, Kang et al. [41] 
reported that the ΔσOrowan term corresponded only to 1 % of the strength 
of a MA + SPS MoNbTaVW RHEA, that can be attributed to the low 
volumetric fraction of the nanoprecipitates (~0.5 vol %). Nonetheless, 
in the case of a MA + SPS CrMoNbTaVW [69], with a non-negligible 24 
vol % of nanoprecipitates of 370 nm of diameter, the ΔσOrowan term 

Fig. 15. Room temperature σYS and εT of RHEAs subjected to compression 
testing classified by their fabrication technique: Casting RHEAs groups alloys 
fabricated by casting techniques; CSed RHEAs groups alloys fabricated by CS; 
HPed RHEAs groups alloys fabricated by HP; HIPed RHEAs groups alloys 
fabricated by HIP; SPSed RHEAs groups alloys fabricated by SPS, AMed RHEAs 
groups alloys fabricated by additive manufacturing. All the alloys whose εT 
resulted superior than 50 %, or well, whose test was stopped at that deforma-
tion value, are included in the ≥50 %. In the rest of the cases, the εT value 
indicates the deformation at which the sample was fractured. 

Table 1 
Mechanical properties at room temperature of RHEAs fabricated by MA + SPS 
and casting techniques.  

Alloy MA + SPS Casting 

σYS (MPa) εT (%) Ref. σYS (MPa) εT (%) Ref. 

HfNbTaTiZr 2620 4 [129] 929 +50 [29] 
MoNbTaTiV 2208 24.9 [50] 1400 30 [135] 
MoNbTaVW 2612 8.8 [41] 1246 1.7 [9] 
MoNbTaW 2460 16.8 [49] 1058 2.6 [9] 
NbTaTiV 1373 23 [72] 965 +50 [136] 
MoNbTaTiVW 2709 11.4 [68] 1521 14.2 [68]  
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contributed with only 149 MPa of the 3416 MPa of σYS. Despite the poor 
direct contribution of nanoprecipitates in the strength of MA + SPS 
RHEAs, their presence may have a preponderant role in inhibiting grain 
growth [39,145], contributing hence to the alloy strength indirectly 
through the Δσgb term. 

According to other authors [101,146–148], the contribution of sec-
ondary particles σparticles includes more terms that just the ΔσOrowan effect, 
being actually calculated as follows: 

σparticles = σm [(1+ fL)(1+ fD) − 1] (8)  

where σm is the yield strength of the matrix, fL is the factor associated 
with the load-bearing effect, and fD is the factor associated with 
dislocation-related effects; these last two are calculated as Eqs. (9) and 
(10) indicate, respectively: 

fL = f
(L + t)AR

4L
(9)  

where L is the length of the particle (measured in the perpendicular 
direction of the C. A.), t the particle thickness, AR the aspect ratio, and f 
the volume fraction of p particles. In turns fD is described as follows: 

fD =

̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅

(ΔσOrowan)
2
+ (Δσthermal)

2
+ (ΔσGND)

2
√

σm
(10)  

where the Δσthermal and ΔσGND terms correspond, respectively, to the 
stress contribution associated to the mismatch of thermal expansion 
coefficients between matrix and reinforcements, and to the strength 
contribution associated to geometrically necessary dislocations (GND) 
required to accommodate the plastic deformation mismatch between 
matrix and reinforcements. The first term is calculated as follows: 

Δσthermal = 1.25Gb

̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅
12Δα⋅ΔT⋅f
2rb(1 − f )

√

(11)  

where Δα is the difference between thermal expansion coefficients be-
tween matrix and reinforcements, ΔT is the difference between the last 
heat treatment temperature and the testing temperature. And the second 
term is obtained as follows: 

ΔσGND = ξG
̅̅̅̅̅̅̅̅̅̅̅̅̅̅
f εb/2r

√
(12)  

where ξ is a geometric factor and ε is the strain applied in the matrix 
phase. 

5. High-temperature mechanical properties 

Fig. 17 depicts the SYS of RHEAs as a function of the temperature 
classified by the fabrication route; PM RHEAs are individually described 
according to their composition. The SYS is chosen to illustrate the high- 
temperature mechanical performance of RHEAs since it summarizes in a 
single parameter both alloy’s strength and density, fundamental aspects 
for aerospace applications. Just as with Fig. 15, PM RHEAs are located in 

Fig. 16. Bright field transmission electron microscopy (BF-TEM) images of the microstructure of an Al0.1CrMoNbV RHEA in the as-sintered state [40]. Reproduced 
with permission of Elsevier. 

Fig. 17. SYS as a function of the temperature of RHEAs reported in the liter-
ature. All the values presented in the graph were obtained in uniaxial 
compression testing with an initial strain rate of 10− 3 s− 1. 
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the upper part of the graph, confirming their superior behavior at high 
temperatures too. As can be clearly appreciated, a very limited number 
of studies have addressed the high-temperature mechanical perfor-
mance of PM RHEAs in comparison to those of Casting RHEAs. It is 
important to highlight that all these PM RHEAs are indeed fabricated 
through the MA + SPS route. The highest σYS and SYS at 600 and 800 ◦C 
corresponds to an Al0.1CrMoNbV RHEA fabricated by MA + SPS, rein-
forced with Al2O3 particles [40]. The alloy exhibited an outstanding hot 
softening resistance up to 800 ◦C since SYS decreased from 360 
MPa⋅g− 1cm3 (at room temperature) to 253 MPa⋅g− 1cm3 as is observed in 
Fig. 17, or in terms of σYS, from 2863 MPa to 2213 MPa. Notwith-
standing, increasing just 200 ◦C more, the σYS importantly dropped to 
below 1500 MPa. Similarly, a PM RHEA CrMoNbV (reinforced with Nb 
oxide particles) presented a σYS of 1513 MPa at 1000 ◦C (the highest 
value among all the RHEAs at that temperature). Nevertheless, a 
NbTaTiV RHEA reported by Fu et al. [67] and a HfNbTaTiZr RHEA 
prepared by Li et al. [129] presented just average values of σYS and SYS, 
either at room or high temperature, even though they were fabricated by 
MA + SPS too. 

The high-temperature flow behavior is the result of the competition 
between work hardening (increase of the dislocation density) and 
temperature-activated softening mechanisms, such as dynamic recovery 
(DRV) and dynamic recrystallization (DRX), that aim to reduce the en-
ergy stored in the form of dislocations. During DRV, and because of the 
high temperature, dislocations can move easily, so pairs of dislocations 
of opposite signs meet and annihilate each other, decreasing the dislo-
cation density. At the same time, dislocations form a network of high 
dislocation density walls surrounding cells of low dislocation density, 
increasing the fraction of low-angle grain boundaries (LAGB). During 
DRX, on the contrary, fine equiaxial undeformed grains (with very low 
dislocation density) will nucleate in regions of high energy (as grain 
boundaries, for example), reducing the area of the previously deformed 
grains and increasing the high-angle grain boundaries (HAGB) fraction 
[149]. Hence, in both cases, the dislocation density is reduced [150]. 

In metals with low and moderate stacking fault energy (SFE), cross- 
slip is hindered so the annihilation process cannot counterbalance the 
dislocation generation during the deformation process. Thus, a large 
amount of energy is accumulated in the material; if a critical amount of 
deformation is stored (εc), DRX will occur, as is commonly observed in 
fcc alloys like Cu alloys, austenitic stainless steel, and even 3d TM HEAs 
[151–153]. In opposition, metals with elevated SFE, such as bcc metals 
and their alloys, commonly present DRV as the main softening mecha-
nism [154–156]. Notwithstanding, various studies regarding 
high-temperature deformation of bcc RHEAs have reported the occur-
rence of DRX rather than DRV, including those addressing hot defor-
mation of PM RHEAs [84,157–163]. For example, Fig. 18 illustrates the 
microstructure of as-deformed HfNbTaTiZr RHEAs after compression 
test at different strains, evidencing a necklace-like structure of fine 
DRX-ed grains surrounding unrecrystallized grains, typical of discon-
tinuous DRX (dDRX) [162]. Following the previous, Fig. 19 illustrates 
TEM images of the microstructure of deformed samples of a MA + HP 
AlMo0.8NbTiW0.2Zr RHEA. These evidence bulges in the grain bound-
aries, a phenomenon that precedes dDRX; additionally, dDRXed grains 
are observed, as well as some resultant from continuous DRX (cDRX) too 
[164]. All these microstructural features associated with dDRX and 
cDRX were also observed by Liu et al. [84] during the hot deformation of 
a MA + SPS MoNbTaTiV. 

Fig. 20 illustrates the inverse pole figure (IPF) maps of a MA + SPS 
MoNbTaTiV RHEA deformed at various conditions of temperature and 
strain rate [84]. Poor indexation was obtained in samples deformed at 
the higher strain rate and lower temperatures, likely for an elevated 
degree of deformation with high fraction of LAGBs and HAGBs. The rest 
of the images mainly depict equiaxial grains with a low degree of 
misorientation at their interior, suggesting the occurrence of DRX 
events. Besides, a subtle majority of blue grains, associated with the 
<111> fiber, can be appreciated. Fig. 21 depicts the IPF maps of a 

AlMo0.8NbTiW0.2Zr RHEA deformed at different conditions [164]. 
Samples deformed at 1150 and 1250 ◦C and strain rates of 0.01 and 
0.001 s− 1 exhibit considerable misorientation at the interior of the 
grains, as well as an apparent preferred orientation towards <111> and 
<100> directions. In opposition, samples deformed at 1350 ◦C and 
0.0001 s− 1 displayed grains parallel to the <110> directions, indicating 
a potential change in the deformation texture. Of course, the amount of 
grains analyzed in these IPF maps are not enough to establish conclu-
sions regarding the texture of the samples. Unfortunately, no extensive 
analyses of pole figures or orientation distribution functions have been 
done in PM RHEAs. 

Unusual behaviors exhibited by HEAs in comparison to pure metals 
are not uncommon: recent studies have revealed particularly different 
roles of edge and screw dislocations in the deformation of RHEAs 
[165–168]. Commonly, the high-temperature strength of bcc metals and 
their alloys is governed by the hindered glide of screw dislocations. 
Nonetheless, some studies have experimentally shown that the fraction 
of edge dislocations of the bcc phase of RHEAs increased with plastic 
deformation instead of that of screw dislocations [166,169], in opposi-
tion to the conventional ideas extracted pure bcc metals. Hence, it has 
been proposed that edge dislocations face larger barriers for their 
movement, controlling the deformation, and providing the high soft-
ening resistance of RHEAs [165]. In the same way, recent studies have 
proposed that short-range ordering (SRO) may have a role in the me-
chanical behavior of HEAs, affecting (either positively [170,171] and 
negatively [172,173]) the alloy strength. According to Chen et al. [170], 
SRO increase the energy barriers for the glide of both screw and edge 
dislocations in RHEAs, making that the latter ones dominates the 
deformation. On the other hand, the role and values of SFE in HEAs is 
still a controversial topic [174–177]. While in pure metals and con-
ventional alloys, the SFE is a single value, in HEAs the SFE possess a 
localized character associated to the fluctuations of the composition 
throughout the lattice and therefore a distribution of SFE values can be 
obtained. 

In addition to the microstructural and texture analysis of deformed 
samples, the derivation of the constitutive relationships for hot forming 
can be employed to accurately model the flow behavior of metallic 
materials and determine the involved deformation mechanisms and 
their corresponding activation energies [178]. For these purposes, 
various expressions have been proposed: Eqs. (13)–(15) represent the 
exponential law, the power law, and the hyperbolic sinus law, respec-
tively, that correlate the Zenner-Hollomon parameter (Z, also known as 
the temperature-corrected strain rate) with the flow stress, at certain 
conditions of strain and microstructure [179,180]. 

Z = ε̇exp
(

Qapp

RT

)

=A′σn′ (13)  

Z = ε̇exp
(

Qapp

RT

)

=A″ exp (βσ) (14)  

Z = ε̇exp
(

Qapp

RT

)

=A senh(ασ)n (15)  

where Qapp corresponds to the apparent activation energy, R to the gas 
constant, T is the temperature, meanwhile n, β, and n’ are parameters of 
the power, exponential, and hyperbolic sin laws, respectively, α ≈ β/n’, 
and A, A′, and A″ to dimensionless parameters depending on the initial 
microstructure. Meanwhile the power law fits the experimental data at 
low stresses (ασ < 0.8), the exponential law does it at high stresses (ασ >
1.2); instead, the hyperbolic sin law can be utilized to cover both stress 
ranges [180]. 

The steady-state creep equation (Eq. (16) describes the relationship 
between the strain rate and the flow stress, considering additional as-
pects such as the shear modulus (G), the Burger’s vector (b), the initial 
grain size (d), and the diffusion coefficient D (where D = D0 exp(-Q/ 

P. Martin et al.                                                                                                                                                                                                                                  



Journal of Materials Research and Technology 30 (2024) 1900–1928

1917

Fig. 18. EBSD IPF maps of casting-fabricated HfNbTaTiZr RHEA deformed at a) 0.31, b) 0.32, c) 0.33, d) 0.34, e) 0.35, and f) 0.36 of strain, at 1000 ◦C with a strain 
rate of 0.001 s− 1 under compression testing [162]. The crystallographic orientations are parallel to the compression axis (C. A.) indicated in the image. Reproduced 
with permission of Elsevier. 
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RT)): 

ε̇=GbD
kT

(
b
d

)p(σ
G

)m
(16) 

Additionally, it incorporates the p and m coefficients, which have 
specific values for each deformation mechanism, as summarized in 
Table 2. In the same way, depending on the governing deformation 
mechanism, the activation energy may correspond to that of lattice self- 
diffusion (QL), grain boundary diffusion (QGB), pipe or dislocation 
diffusion (QP), or solute interdiffusion (QS). It is evident that the power 
law (Eq. (13) is obtained by rearranging the terms of Eq. (16). Hence, n’ 
becomes equivalent to m, and its value relies on the controlling defor-
mation mechanism just as m does, meanwhile p and the grain size 
dependence are included in the value of A’. 

Table 3 summarizes the results obtained deriving the constitutive 
equations of the flow behavior of RHEAs. As can be observed, scarce 
studies have been done regarding this topic, which are even less frequent 
for PM RHEAs. Most of these report n’ values between 3 and 5, indi-
cating that viscous glide and dislocation climb may be the governing 
deformation mechanism in casting-fabricated RHEAs. In the case of PM 
RHEAs, n’ values inferior to 3 were obtained: 2.2 and 2.51 in the case of 
MoNbTaTiV [84] (fabricated by MA + SPS) and of AlMo0.8NbTiW0.2Zr 
[164] (fabricated by MA + HP), respectively. Hence, the contribution of 

GBS to the hot deformation is much more considerable in these alloys 
than in casting alloys, which is facilitated by the finer grains obtained 
during PM processing. 

On the other hand, the Qapp values range between 119 and 403 kJ 
mol− 1: Eleti et al. [163] found values of Qapp between 232 and 258 kJ 
mol− 1 during the high-temperature deformation of a HfNbTaTiZr 
RHEAs, similar to those found by Senkov et al. [29]. According to them, 
since Qapp was close to the QL of Ti, Hf, and Zr, these may control the 
deformation. However, both groups of authors agreed on the fact that 
the QL of these pure metals will not necessarily be the Q values for the 
lattice diffusion of these non-traditional alloys, and it may not be as 
straightforward as in traditional alloys. In traditional alloys, in those 
cases where lattice diffusion is associated to the controlling deformation 
mechanism, is the base element that plays the main role in terms of 
diffusivity, despite the presence or not of solutes. However, in equia-
tomic SPSS HEAs, it is not possible to make the solute-solvent distinc-
tion, and various species (if not all) are involved in the mass transport. 
Of course, the analysis is even more complex in multi-phase HEAs. On 
the other hand, there has been some controversy regarding the slug-
gishness of the diffusion in HEAs [187–191]; even more, some authors 
have reported an anti-sluggish diffusion in HEAs [190]. In any case, 
more research is required in this topic to clarify the mass transport 
behavior of species in HEAs. 

Fig. 19. BF-TEM images of a MA + HP AlMo0.8NbTiW0.2Zr RHEA subjected to deformation at various temperatures and strain rates [164]. Reproduced with 
permission of Elsevier. 
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Returning to deformation mechanisms, ultrafine-grained metals and 
alloys are commonly deformed through GBS. According to Langdon 
[192], this is defined as “the relative displacement of adjacent grains where 
the grains retain essentially their shape but they become visible displaced with 
respect to each other.” This mechanism requires accommodation by 
intragranular dislocation glide at the interior of the displaced grains. 
Hence, GBS predominance can be determined by means of the deriva-
tion of the constitutive equations and a resultant n’ ≈ 2, but also through 

some microstructural hints: retention of equiaxial grain shape (despite 
the large applied strains) and random textures. The phenomenon is 
facilitated at elevated temperatures and low strain rates, while all those 
features that obstacle grain boundary mobility (coarse grain size, pres-
ence of secondary particles, grain boundary segregation, etc.) make GBS 
less favorable. 

Thus, hot deformation by means of GBS has been reported in some 
PM RHEAs; in the case of a PM MoNbTaTiV, the occurrence of this 

Fig. 20. EBSD IPF maps of a MA + SPS MoNbTaTiV RHEA subjected to deformation at different temperatures and strain rates [84]. Reproduced with permission 
of Elsevier. 

Fig. 21. EBSD IPF maps of a MA + HP AlMo0.8NbTiW0.2Zr RHEA subjected to deformation at various temperatures and strain rates [164]. Reproduced with 
permission of Elsevier. 
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phenomenon is in agreement with n’ close to 2 found through the 
constitutive relationships derivation. Nevertheless, GBS has not only 
been reported in ultrafine-grained RHEAs: Eleti et al. [162] reported the 
GBS had a fundamental role during the high-temperature deformation of 

HfNbZrTaTi, despite the alloy was fabricated by arc melting and the 
initial grain size was between 150 and 400 μm. The authors experi-
mentally proved the occurrence of the GBS mechanism (employing 
marker grids on the sample’s surface lately subjected to hot compres-
sion) in DRX-ed grains located at the boundaries of coarse unrecrystal-
lized grains. Additionally, they found that the texture of DRX-ed grains 
evolved into a randomized one with further strain, in agreement with 
the findings reported by Bai et al. [185], in opposition to unrecrystal-
lized grains that presented the typical textures of bcc metals and alloys 
(<001> preferred orientations parallel to the compression axis) as well 
as an elongated shape (as observed in Fig. 18f). Secondly, a strain rate 
sensitivity index (m) of 0.33 was obtained. Although GBS is commonly 
associated with m values over 0.5, a lower value was expected since the 
fraction of DRX-ed grains was only a 20 vol % Other studies regarding 
hot deformation of RHEAs have reported the occurrence of GBS under 
similar testing conditions [29,193]. 

On the other hand, the effect of secondary particles over the hot 
deformation of RHEAs has been studied by Li et al. [129], reporting the 
high-temperature deformation of (Hf,Zr)C-reinforced HfNbTaTiZr 
RHEA fabricated by PM. After compression testing, the samples pre-
sented σYS values of 2620, 1351, 508, and 105 MPa at 25, 800, 1000, and 
1200 ◦C, respectively. Figs. 22 and 23 show the microstructure of 
samples after deformation at 800 and 1200 ◦C. The first sample 
exhibited inhomogeneous deformation, so three regions were observed 
according to the microstructural changes: region A, in which no changes 
were observed (Fig. 22b); region B, in which some cracks were produced 
in the carbides (Fig. 22c and Fig. 22 d); and region C (that corresponds to 
a shear band), in which several cracks were produced inside the carbides 
(Fig. 22e and f). Besides that, the grains of the matrix phase did not 
suffer any visual modification. The sample deformed at 1200 ◦C pre-
sented homogeneous deformation and hence, exhibited two regions: 
region A, in which no variation was detected (Fig. 23b), and region B, in 
which no cracks were observed (neither in the carbide nor in the matrix) 
although some pores appeared in the matrix-carbide interfaces (Fig. 23c 
and Fig. 23 d). According to the authors, the elevated σYS obtained at 
800 ◦C was attributed to the load-bearing effect, which was confirmed 
due to the formation of microcracks in the carbide grains aligned with 
the compression direction. At 1200 ◦C, the load-bearing effect is no 
longer relevant since the elevated temperature gives dislocations 

Table 2 
High-temperature deformation mechanisms and their corresponding p, m, and Q 
values [181].  

Deformation mechanism p m Q 

Nabarro-Herring creep 2 1 QL 

Coble creep 3 1 QGB 

Lattice-diffusion controlled GBS 2 2 QL 

Pipe-diffusion controlled GBS 2 4 QP 

GB-diffusion controlled GBS 3 2 QGB 

Solute drag creep 0 3 QS 

Dislocation climb creep 0 5 QL  

Table 3 
Summary of constitutive equations parameters for the hot deformation of 
RHEAs. RHEAs fabricated my PM techniques are clearly indicated in brackets.  

Alloy T (◦C) and ε̇ 
(s− 1) range 

Qapp 

(kJ⋅mol− 1) 
n’ n Ref. 

MoNbHfZrTi 1100–1250 
10− 3 – 0.5 

326.1 3.96 2.88 [182] 

AlNbTi3VZr1.5 1100–1250 
10− 3 – 1 

228.1 – 1.63 [183] 

TaNbHfZrTi 1000–1200 
10− 2 – 10− 4 

232–258 3.03 – [163] 

TaNbHfZrTi 800–1200 
10− 5 – 10− 3 

226 3.3 – [29] 

Ti2ZrHfV0.5Ta0.2 900–1100 
10− 3 – 10− 1 

119–144 3.25 2.38 [184] 

AlMo0.8NbTiW0.2Zr 
(MA + HP) 

1150–1350 
10− 4 – 10− 2 

293–323 2.51–2.84 – [164] 

TiAlVNb2 1000–1200 
10− 3 – 10− 1 

375–401 4.95 – [185] 

NbZrTiTa 900–1200 
10− 3 - 1 

336–403 4.31–4.71 – [161] 

MoNbTaTiV (MA +
SPS) 

1100–1300 
10− 4 – 10− 1 

291 2.2 – [84, 
186]  

Fig. 22. SEM images of a (Hf,Zr)C-reinforced HfNbTaTiZr RHEA after compression test at 800 ◦C taken at a) low magnification of the sample, b) low magnification of 
region A, c) low magnification of region B, d) high magnification of region B, e) low magnification of region C, and f) high magnification of region C [129]. 
Reproduced with permission of Elsevier. 
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enough mobility to overcome them through other mechanisms. Hence, 
no cracks in the carbide grains were observed. In opposition, the pres-
ence of pores at the matrix-carbide interfaces suggests that GBS becomes 
the dominant deformation mechanism, which would also explain the 
considerable softening suffered at those temperatures. 

It is important to highlight that the presence of secondary particles 
may affect the derivation of the constitutive equations, resulting in 
considerably higher n’ and Qapp values [194,195]. This approach has not 
been employed yet in PM RHEAs, but some authors have considered this 
issue in multi-phase HEAs [196–198]. In order to determine the effective 
stress acting over the deformable matrix, an internal stress (σ0, or 
threshold stress) is considered, as Eq. (17) describes [195,199,200]: 

Z = ε̇exp
(

Qapp

RT

)

=A senh(α(σ − σ0)
n (17) 

According to Cabrera et al. [200], σ0 may arise from the interaction 
between dislocations and secondary particles, either from remaining 
Orowan loops or attractive forces between them. Nevertheless, in the 
case of the previously mentioned PM RHEAs, the resultant n’ and Qapp 
are not considerably superior to the values obtained with the rest of 
RHEAs. Even though this may be associated with the ultrafine-grain 
character of PM RHEAs (and the similar size scale of bcc grains and 
secondary particles), more studies are needed to conclude it. 

6. High-temperature oxidation behavior 

Waseem et al. [42] reported the mass gain in isothermal treatment at 
1000 ◦C in air of the WTaVCr and Ti7(WTaVCr)93 RHEAs fabricated by 
SPS of blended elemental powders. The authors reported parabolic 
oxidation kinetics, with a mass gain of 75 mg cm− 2 and 30 mg cm− 2, 
respectively, after 3 h of exposure. In both cases, a complex oxide layer 
was formed, constituted by several oxidized species; in terms of thick-
ness, the addition of Ti caused a thinning of the oxide later from 1.16 

mm to 0.22 mm. 
In a similar way, Kanyane et al. [201,202] reported the oxidation 

behavior of equiatomic TiAlMoSiW and non-equiatomic Ti0.25Al0.2-

Mo0.2Si0.25W0.1 RHEAs, prepared by SPS of blended elemental powders 
employing different sintering temperatures (800, 900, and 1000 ◦C). An 
heterogeneous microstructure was obtained in all the cases, indistinctly 
of the sintering temperature or the nominal composition, presenting W- 
and Si-rich bcc phases, as well as Ti-rich and Mo-rich silicides. The 
oxidation behavior was studied through thermogravimetry subjecting 
the samples to temperatures between 45 and 900 ◦C, using a heating rate 
of 10 ◦C/min in air. In all the cases, the mass gain started around 500 ◦C; 
nevertheless, different mass gains were obtained according to the sin-
tering temperature. In both alloys, it was observed that increasing the 
sintering temperature conducted to a reduction of the total mass gain 
(from ~2 wt % in samples sintered at 800 ◦C to ~0.9 wt % in samples 
sintered at 1000 ◦C). 

On the other hand, Yan et al. [203] studied the high-temperature 
oxidation behavior of an equiatomic WTaNbTiAl RHEA prepared by 
MA + SPS. The initial microstructure presented a main bcc phase with 
an average grain size of ~29 μm, accompanied by W- and Ti-rich phases, 
as well as alumina particles. Thermogravimetric studies in air were 
performed to study the oxidation mechanisms, subjecting the samples to 
an isothermal treatment at 1000 ◦C for different times (0.5, 12, 24, 36, 
and 48 h), characterizing the oxidation layers of each of the oxidized 
samples. The authors reported a two-step oxidation process, with loga-
rithmic and linear rates between 0 and 0.5 h and beyond 0.5 h, 
respectively. Hence, after 48 h of exposure, a total mass gain of 31.83 
mg cm− 2 was obtained, located in the intermediate range of mass gain 
among RHEAs, as can be appreciated in Fig. 24. 

In terms of the oxide layer structure, three regions were distin-
guished in all the samples: an outer layer, an internal oxidation front, 
and a transition zone, as schematized in Fig. 25. It was observed that the 
total thickness of the oxide layer increased from 120 μm after 12 h of 

Fig. 23. SEM images of a (Hf,Zr)C-reinforced HfNbTaTiZr RHEA after compression test at 1200 ◦C taken at a) low magnification of the sample, b) low magnification 
of region A, c) low magnification of region B, and d) high magnification of region B [129]. Reproduced with permission of Elsevier. 

P. Martin et al.                                                                                                                                                                                                                                  



Journal of Materials Research and Technology 30 (2024) 1900–1928

1922

exposure to 400 μm after 48 h. TEM analyses were conducted on samples 
extracted from each of the oxide layers of the samples oxidized for 36 h. 
Hence, for the outer layer, it was observed the major presence of 
AlNbO4, followed by Ti-rich oxides, and Ta1.5Nb1.5O3; in the case of the 
internal oxidation front, only the Ta8W9O47 and Ti-rich oxides were 
observed, with Al homogeneously distributed in this layer. Lastly, the 
inner side of the internal oxidation front presented multiple complex 
oxides, including W,Ta- and Al,Ti-rich oxides. Based on all their ana-
lyses, the authors concluded that the oxidation process can be modeled 
as diffusion-controlled growth of multilayer oxide scale, with the outer 
layer acting as the protective layer, meanwhile the internal layer acted 
as a path for the diffusion of Al, Ti, and Nb cations towards the surface. 

7. Concluding remarks, challenges, and future directions 

The goal of producing RHEAs employing MA + SPS with null 
contamination seems unachievable since many contamination sources 
can be found during the entire process, added to the high reactivity of 
refractory elements with O, C, and N. Certain strategies could be 
employed to control or minimize the contamination issue. For example, 
the utilization of hydrogen in the sintering atmosphere (commonly 

diluted in Ar) may contribute to reducing the oxygen content of the 
powder and with that, the formation of oxidized particles. This approach 
has not been applied in the preparation of RHEAs parts yet, and despite 
of the potential of the strategy, several issues must be considered too 
(such as safety and risks issues, as well as the formation of hydrides and 
its effect on the alloy’s performance). 

It has been observed that prolonged milling times cause higher 
contents of contaminant elements; the first strategy could be optimize 
the milling time then, in order to mill for the shortest time that results in 
a sintered sample with the appropriate microstructure or performance. 
This, despite that the system has not entered yet in the steady-state stage 
or that the alloying was not fully accomplished in such short milling 
period. Of course, this strategy may be expensive since it requires 
extensive trial and error analysis, as well as the characterization of both 
powder and sintered samples for each iteration. However, experiences 
from previous authors have shown that despite of the heterogeneous 
composition of powders milled for short times, an homogeneous 
microstructure is obtained after SPS processing. Hence, the efforts may 
be focused on optimizing SPS conditions (mainly sintering temperature) 
for shortly milled powders at typical laboratory conditions, rather than 
explore the multiple variables of MA besides of those of the sintering 
stage. 

Alternatively, powders can be alloyed in a sequenced manner: that is, 
certain elemental powders can be produced in a first stage (either by MA 
or atomization processes), and the resulting alloyed (or semi-alloyed) 
powder can then be milled with a more time-sensitive elemental pow-
der to obtain the final alloy. This could be especially helpful when 
ductile powders (such as Ni, Fe, or Al) are considered in the composition 
of a RHEA (commonly constituted by brittle elemental powders, that are 
less prone to cold weld to the milling media and container) in order to 
reduce the dosage of the PCA, and with that, the contamination levels of 
C and O. In a similar line, the combination of dry and wet milling pro-
cesses have resulted in successful cases in which the PCA dosage is 
controlled, at the same time that the powder yield is adequately 
elevated. 

The PM route is an extremely versatile process, since MA gives the 
possibility to produce powders with different characteristics (particle 
size, dislocation density, homogeneity, contamination degree, etc) that 
can be blended and used for the consolidation stage. Hence, for example, 
mixing powders milled for different times (and therefore, with different 
dislocation density, crystallite size, and interstitial elements content) 
and subject them to sintering, may produce heterostructured RHEAs. 
These will exhibit at least two series of regions with different features, 
such as different grain size, different content, size, or distribution of 
precipitates, etc. Thus, these heterostructured RHEAs can present a su-
perior combination of strength and ductility, which may be especially 
interesting to provide some ductility to those brittle alloys with 
extremely high yield strength. Up to the date of this work, a few het-
erostructured RHEAs have been reported with promising results, but 
there is no study producing heterostructured RHEAs employing powder 
metallurgy approaches yet. 

In terms of mechanical properties, there is a considerable lack of 
studies reporting tensile test results of RHEAs prepared by MA + SPS, 
either at room as at high temperature, that may be considered as one of 
the most urgent aspects in the research of these alloys. There is an 
effervescent number of articles reporting tensile test mechanical prop-
erties in the field of RHEAs, but all of these were made on samples 
produced by either casting or additive manufacturing techniques. In this 
way, the difficulties in producing large parts (large enough to cut tensile 
specimens from them, for example) have limited the exploration of 
tensile properties of MA + SPS RHEAs, but certain alternatives, such as 
micro-tensile tests, can contribute to solve this issue. 

As described, ultrafine grain sizes and finely dispersed precipitates 
are commonly observed in the microstructure of RHEAs produced by 
MA + SPS, which seems to be the characteristic features that provide 
them with the superior mechanical performance. While the first 

Fig. 24. Mass gain of different RHEAs reported in literature subjected to 
exposure in air at 1000 ◦C [203]. Reproduced with permission of Elsevier. 

Fig. 25. Scheme of the 1000 ◦C oxidation process of the WTaNbTiAl RHEA 
prepared by MA + SPS [203]. Reproduced with permission of Elsevier. 
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considerably contributes to the room temperature strength, the contri-
bution of fine precipitates may not be as relevant as expected. Addi-
tionally, their contribution to the strength through other mechanisms 
beyond Orowan strengthening have been scarcely considered. Still, their 
role in suppressing grain growth and providing elevated thermal sta-
bility may be fundamental for the superior performance of MA + SPS 
RHEAs. On the other hand, when interstitial elements remain dissolved 
in the lattice of the matrix phase they considerably enhance the me-
chanical performance. Instead of that, researchers may consider addi-
tional strategies to take advantage of oxide and carbide formation, 
controlling their fraction, size, and distribution, in order to enhance and 
optimize mechanical properties of PM RHEAs. 

It has been showed that RHEAs exhibits uncommon behaviors under 
hot deformation, presenting DRX in conditions that bcc metals and their 
alloys commonly exhibit DRV. In traditional alloys the competition of 
DRX and DRV is determined by the SFE, but as briefly described in this 
work, HEAs do not exhibit a single SFE value, but a distribution of values 
based in the surrounding atoms in each position of the lattice. Hence, the 
role that SFE in the deformation and softening mechanisms of HEAs 
must be revisited yet. Additionally, the character of the controlling 
dislocations and their propagation mechanisms of bcc RHEAs is different 
than that of bcc metals too, recently attributed to the effect of SRO 
increasing the energy barrier for dislocation glide. Hence, the superior 
mechanical performance may be explained by other factors beyond the 
typically considered strengthening mechanisms. The exciting results 
obtained in these subjects are expected to promote further studies, in 
both computational and experimental fields, to fully understand the 
foundations behind the performance of not only RHEAs, but of HEAs in 
general. 

Despite the outstanding performance in terms of high-temperature 
mechanical properties of PM RHEAs, very few studies have addressed 
their constitutive modelling, their microstructural evolution, and the 
texture evolution to have a better comprehension of their deformation 
and softening mechanisms. In order to enhance the high-temperature 
mechanical performance of these alloy, is fundamental to understand 
the principles behind them, and only after that, it will be possible to 
efficiently tailor the alloy composition and its microstructure in the 
adequate directions. 

Unfortunately, the derivation of the constitutive equations demands 
a lot of compression samples since a large set of tests at different 
deformation conditions may be required to adequately explore the hot 
deformation of RHEAs. At the same time, to adequately approach the 
microstructural evolution of these alloys, an exhaustive characterization 
of the quenched samples deformed at different temperatures, strain 
rates, and strains is necessary, too. 

On the other hand, a considerable lack of literature addressing the 
high-temperature oxidation resistance of PM RHEAs can be noticed. 
Most of the studies in this subject but done in as-cast RHEAs already 
establishes relationships between composition and performance, but the 
role of microstructure (especially those particular features of MA + SPS 
RHEAs, such as ultrafine-grained microstructure and the presence of 
oxide and carbides) has not been properly addressed yet. Hence, it 
would be interesting to study the oxidation behavior of those MA + SPS 
RHEAs that presented the best high-temperature mechanical properties, 
in order to advance into determining the guidelines for the alloy design 
and microstructural tunning of these subfamily of alloys. 

One of the pending tasks of the HEAs field, in general, is the diffu-
sional behavior of the constituent elements: contradictory results have 
been presented in the subject, reporting both sluggish and anti-sluggish 
tendencies. This issue is particularly relevant for high-temperature ap-
plications, since the activation energies of the diffusion of the species 
involved will determine the hot softening resistance of the alloy. Be-
sides, in traditional alloys, it is pretty clear that the activation energies 
associated with the diffusion of the base element (either on its own bulk 
lattice or in the grain boundaries, depending on the mechanism) are 
those that will determine the softening resistance. In the case of single- 

phase HEAs though, with five species sharing the same lattice, there is 
no clarity yet of what species control the deformation (whether those 
with higher or lower diffusivity) or if the complex composition of the 
lattice plays an unexpected role too. In order to reveal that, more 
experimental and modelling studies are necessary to address the actual 
diffusional behavior of HEAs and their influence on the high- 
temperature mechanical performance. 
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